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The present work offers both a complete, quantitative model and a conser-
vative acceleration factor expression for the life span of SnAgCu solder joints
in thermal cycling. A broad range of thermal cycling experiments, conducted
over many years, has revealed a series of systematic trends that are not
compatible with common damage functions or constitutive relations. Com-
plementary mechanical testing and systematic studies of the evolution of the
microstructure and damage have led to a fundamental understanding of the
progression of thermal fatigue and failure. A special experiment was devel-
oped to allow the effective deconstruction of conventional thermal cycling
experiments and the finalization of our model. According to this model, the
evolution of damage and failure in thermal cycling is controlled by a contin-
uous recrystallization process which is dominated by the coalescence and
rotation of dislocation cell structures continuously added to during the high-
temperature dwell. The dominance of this dynamic recrystallization contri-
bution is not consistent with the common assumption of a correlation between
the number of cycles to failure and the total work done on the solder joint in
question in each cycle. It is, however, consistent with an apparent dependence
on the work done during the high-temperature dwell. Importantly, the onset
of this recrystallization is delayed by pinning on the Ag3Sn precipitates until
these have coarsened sufficiently, leading to a model with two terms where
one tends to dominate in service and the other in accelerated thermal cycling
tests. Accumulation of damage under realistic service conditions with varying
dwell temperatures and times is also addressed.
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INTRODUCTION

In the absence of avoidable defects, the ultimate
life span of many microelectronics products is
limited by failure of the solder joints due to
overstress or fatigue. Portable applications of high-
end microelectronics are becoming ever more com-
mon, but thermal fatigue remains a common con-
cern. Traditionally, thermal fatigue life in service

concerns have most often focused on the solder joint
configurations associated with area array assem-
blies such as ball grid arrays (BGAs), chip-scale
packages (CSPs), land grid arrays (LGAs) and
sometimes flip chips, although other assembly types
may fail faster in a particular product.1 The assess-
ment of thermal cycling performance is commonly
done by accelerated testing together with model-
based interpretation of the results in terms of the
effects of thermal excursions in long-term service.
Importantly, this is also the implicit assumption
behind a reliance on industry consensus or stan-
dards to ensure sufficient reliability. We have,
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however, shown the most common acceleration
factor expressions and damage functions for ther-
mal cycling to deviate systematically from observed
dependencies on cycling parameters2,3 and we argue
that they are not mechanistically justifiable when it
comes to tin-silver-copper (SnAgCu) solder joints.

Most current models were developed for tin-lead
(SnPb) solder joints and more recently adapted to
lead-free solders, usually by ‘fitting’ the predictions
to accelerated test data to extract new values for the
various constants. The problem with this, when it
comes to extrapolating accelerated test results to
‘life in service’, is that most available data sets
contain only a very limited number of data for a
specific combination of component, printed circuit
board (PCB), pad design and finishes, and process
parameters. We may, therefore, end up with a
reasonably good empirical fit to dependencies on
these factors under accelerated test conditions.
However, the dependencies on cycling parameters,
which are what we need for the extrapolations to
service conditions, cannot actually be validated by a
comparison between life in, say, two accelerated
tests. We have therefore taken the opposite
approach of varying cycling parameters across
ranges as broad as possible for specific combinations
of components, PCBs, pad design and finishes, and
process parameters.

A preceding paper3 relied primarily on different
sets of thermal cycling data that show the effects of
varying the dwell times while keeping design,
materials, process and remaining test parameters
fixed. The inability of the most common thermal
cycling models to account for the systematic effects
of dwell time shows that there cannot be a valid
mechanistic justification for any of them when it
comes to SnAgCu solder joints, and indeed they are
not compatible with our current mechanistic under-
standing of damage evolution and failure. The
models considered included the so-called Engel-
maier model and modifications of the Norris–
Landzberg acceleration factor expression as well
as damage functions based on scaling with the rate
of inelastic energy deposition (work) or the entropy
change.

The present work documents a mechanistic
understanding based on detailed studies of the
microstructural evolution in cycling together with
a variety of systematic test results from both
thermal and isothermal cycling experiments. This
is focused on SnAgCu solder joints with either a
single Sn grain or a cyclically twinned ‘beach ball’
structure (Fig. 1). Each realistic area array joint is
invariably the result of a single solidification event
during cool-down from reflow, leading to a cyclically
twinned Sn structure with no weak, high-angle
grain boundaries.4 The twin boundaries in Fig. 1
are not preferred paths for crack propagation.
Instead, failure in thermal cycling almost always
occurs by recrystallization of the Sn to form a
network of high-angle grain boundaries across the

joint5–10, followed by cracking along these bound-
aries.11–13 It is our belief that the general picture
below can be extended to explain the superior
performance of a so-called interlaced twinning
structure,14 but that may require more work.

The most credible approaches to quantitative
modeling rely on the finite element modeling
(FEM)-based calculation of stresses and strains,
and often other factors derived from these (work,
entropy, etc.), versus time and temperature in
cycling.15–19 The results are combined with a dam-
age function to predict the ongoing evolution of
damage and failure. Our overall work is focused on
this kind of approach. We emphasize that our
damage function is intended for use in conjunction
with accelerated test results to extrapolate these to
a value for ‘life in service’. It is, of course, critical for
this kind of approach that damage mechanisms be
the same in the accelerated test as in service. A
recent paper20 reported an absence of significant
recrystallization in a particular assembly after
failure under sufficiently low-strain cycling condi-
tions. On the other hand, an International Elec-
tronics Manufacturing Initiative (iNEMI) project
cycled different assemblies for 2 years under condi-
tions representative of realistic service conditions,
and failure was clearly preceded by major recrys-
tallization.21 As argued below, we believe this to be
a result of a competition between two different
damage mechanisms that depend extremely differ-
ently on cycling parameters, and work is ongoing to
address the first case based on our evolving under-
standing of transgranular crack growth in isother-
mal cycling. The present work is focused on all the
cases where failure involved recrystallization.

A practical model is presented, allowing the
application of accelerated thermal cycling test

Fig. 1. Cross-polarizer microscopy image of an Sn3Ag0.5Cu solder
joint with a typical ‘beach ball structure’.
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results to life span in long-term service. At the
present stage, this requires a number of approxi-
mations, each of which is discussed. The strong
anisotropy of the Sn grain structure has, for exam-
ple, major effects on the life of individual joints.22–24

There is no reason why these couldn’t be incorpo-
rated into future versions of our mechanistic model,
but for now, we shall focus on the average or
‘typical’ behavior, i.e., the prediction of 50% or
63.2% failure. As implicitly done in any other model
until now, we shall treat effects of Sn grain orien-
tation like statistical scatter.

Our discussion below relies on previously pub-
lished results (as referenced), together with accel-
erated thermal cycling results now generated to
complement these results, as well as results of a
unique experiment that effectively deconstructs
thermal cycling to allow for independent control of
individual parameters.

EXPERIMENTS

The present effort involved conventional thermal
cycling and an experiment combining loading in a
micromechanical tester and thermal excursions.
After cycling, solder joints were cross-sectioned
and the microstructure characterized by cross-po-
larizer microscopy. Selected samples were further
analyzed by electron backscatter diffraction
(EBSD).

Thermal Cycling

The thermal cycling experiments employed sets of
simplified (model) BGA assemblies designed to
control specific parameters. Each package consisted
of a 0.5-mm-thick silicon ‘die’ sandwiched between
two identical 0.4-mm-thick FR4 substrates using
thin layers of a rigid flip chip underfill to attach and
extend up the edges to fully encapsulate the die.3 In
each case, the die is almost as large as the sub-
strates and thus covers a larger area than the solder
pad array, so that all pads are located in the die
region. This fully balanced construction led to an
effective coefficient of thermal expansion (CTE) of
5.5 ppm/�C, i.e., much lower than for commercial
components. The corresponding large mismatch
with the PCB was compensated for by keeping the
distances to the neutral point (DNPs) in the designs
low enough to limit the nominal shear strain ranges
to one or a few percent in cycling. The components
were attached to four-layer FR4-based PCBs.
Soldering was conducted using a reflow profile with
a peak temperature of 243�C and a total time of 40 s
above 217�C.

One set of components included three different
designs. Each component had an 8 by 8 array of
0.38-mm-diameter solder mask-defined copper pads
(Fig. 2) on a constant pitch of 1.0 mm, 1.4 mm, or
1.8 mm. SAC305 spheres with 0.508 mm diameters
were reflowed onto the pads using a no-clean flux,
and residues were removed with isopropyl alcohol

(IPA) afterwards. SAC305 type III no-clean solder
paste was printed onto the pads through circular
apertures with 0.38-mm diameter, the same size as
the solder mask openings, in a 0.125-mm-thick
stencil before placement. These assemblies were
tested in 0/100�C and � 40/125�C cycling with
heating and cooling rates of 10�C/min. Dwell times
were varied from 10 min to 120 min (same time at
both temperature extremes).

Another set of components had 0.508-mm-diame-
ter SAC305 solder spheres in a conventional 256
input/output (I/O) partially depleted area array
with a 1.0-mm pitch (Fig. 3). SAC305 type III no-
clean solder paste was printed onto the pads
through circular apertures with 0.406-mm diame-
ter, the same size as the solder mask openings, in a
0.125-mm-thick stencil before placement. These
assemblies were tested in 0/80�C, 0/100�C and
�40/125�C thermal cycling. In this case, the dwell
time at low temperature was kept fixed at 15 min,
while two different high-temperature dwell times
were considered, 15 min and 60 min.

Yet another set of 256 I/O components (Fig. 3) had
3 different combinations of pitch, non-solder mask-
defined (NSMD) pad size and solder ball diameter.
These parameters were varied together to ensure
that solder joint shapes remained the same and the
nominal strain ranges in thermal cycling did too.
One design had 0.41-mm-diameter solder balls on
0.3-mm-diameter pads a 0.8-mm pitch. Another had
0.51-mm balls on 0.41-mm pads on a 1.0-mm pitch.
The last one had 0.76-mm balls on 0.56-mm pads on
a 1.27-mm pitch. The assemblies were cycled
between 0�C and 100�C with dwells of either
15 min or 60 min at both extremes.

Finally, one such experiment employed one addi-
tional combination of pitch, pad size and solder ball
diameter ensuring the same nominal strain ranges
in thermal cycling: 0.3-mm balls on 0.24-mm pads
on a 0.5-mm pitch. In this case, the assemblies were
cycled between 0�C and 100�C with dwells of 60 min
at both extremes.

Components and PCBs were all daisy-chained to
allow in situ monitoring with an Anatech 256 STD
event detector which was programmed to poll
samples every 2 s and record resistance increases
surpassing 300 ohms for more than 200 ns, in
accordance with IPC-9701. Results were fitted by
Weibull distributions to extract values for the
characteristic life or scale parameter, N63.

‘Deconstructed Thermal Cycling’

A different experiment relied on a combination of
isothermal loading and temperature variations.
Both bumps on pads and full assemblies were
tested.

Solder bumps on pads were prepared by reflow
soldering 0.75-mm-diameter spheres onto 0.55-mm-
diameter Cu pads on typical BGA component
substrates. Soldering was accomplished by first
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printing a tacky flux through a stencil onto the
substrate pads and then placing individual spheres
through apertures in a separate ‘bumping’ stencil.
Reflow was done as above.

A row of 18 joints was first annealed for 48 h at
100�C in order to coarsen and stabilize the sec-
ondary precipitates, then loaded simultaneously in
shear in an Instron tensile tester (Fig. 4). Individual
joints were loaded to the designated creep load at a
rate of approximately 0.3 MPa/s after which the
load was maintained for 5 min. In one version of the
experiment, the loading was then reversed to bring
the joints back to the original position over a period
of about 5 min, and this was followed by a 1-h
anneal at 100�C. In another version of this exper-
iment, the joints were heated to 100�C and the
loading reversed during the 1-h anneal. In either
case, the loading-annealing sequence was repeated
multiple times (cycles).

The assemblies tested were designed to have no
CTE mismatch. For this purpose, 0.75-mm-diameter
SAC305 solder spheres were soldered between
0.4-mm-thick FR4 substrates with 0.55-mm-diameter

copperpads.The substrateswere similar to thoseused
to make the model components above, but no silicon
chip was attached to any of them. Attachment was
done as above using a tacky flux.

These assemblies were annealed for 72 h at 125�C
to coarsen and stabilize the secondary precipitates.
The assemblies were then cut to sections containing
a total of 16 joints in order to stay within the load
limit of the load cell on the Instron micro-mechan-
ical tester. The top and bottom substrates were
glued to the Instron fixtures and the assemblies
cycled in shear.

The use of assemblies meant that the tester was
in contact with the samples during all stages of a
cycle. In this case, samples were sheared at a rate of
1 lm/s to a selected maximum load at room tem-
perature. At that point, the displacement was fixed
and maintained for 5 min, during which he load
dropped. The load was then returned to zero, after
which the temperature was raised to 100�C. Both
substrates were heated, keeping temperature dif-
ferences at a minimum so that, in the absence of a
CTE mismatch, there were no stresses on the joints.
The thermal expansion of the fixtures and machine
were automatically compensated for by adjusting

Fig. 2. Model component bottom (a) and side view (b).

Fig. 3. Model component bottom view.

Fig. 4. Sketch of shear loading of solder bump.
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the displacement to maintain a negligible mechan-
ical load during heating. Once the temperature was
stabilized at 100�C, the assembly was sheared in the
opposite direction to an extension calculated, taking
creep into account, to ensure symmetry of the entire
cycle. This extension was then maintained for
15 min at 100�C, allowing for significant load
relaxation. The load was finally reduced to zero
and the assembly then cooled to room temperature
while again maintaining a negligible mechanical
load. Figure 5 shows the entire load history in a
cycle.

This is clearly not an exact replication of the
temperature, stress and strain versus time profiles
experienced by solder joints in a real assembly in
thermal cycling. Not only are the joints not loaded
during heating and cooling, joints in a real assembly
will undergo a combination of continuous load
relaxation and creep during the dwells. However,
the important features are well-represented.

The Instron offers displacement control through
the use of a preloaded ballscrew drive system
equipped with both a rotary encoder and a 20-nm-
resolution linear glass-scale encoder. Displacements
by the linear encoder do, of course, include load cell,
and load frame deflections, as well as test specimen
deflection. The electromechanical (non-hydraulic)
drive system has a stiffness (without specimen)
between 600 gf/lm and 2000 gf/lm, depending on
the cross-head position. The fixturing does, how-
ever, lead to a reduction in this. The overall
machine stiffness was measured to exceed that of
our solder joints by a factor of about 3. This is by no
means negligible, but we have chosen not to correct
for this. The values for work per cycle should not
depend on the machine stiffness and are believed to
be accurate.

Microstructure Analysis

Assemblies were mounted in epoxy and cross-
sectioned, then ground on silicon carbide polishing
paper with grid sizes 240–4000, followed by finer
polishing with 3-lm, 1-lm and 0.5-lm-diamond
suspensions. After each step, the samples were

rinsed in water and gently cleaned with a cotton
applicator. Final polishing was performed with an
0.02-lm colloidal silica solution.

Cross-sections were inspected for grain structure
by cross-polarizer microscopy and EBSD.

MECHANISMS

Our model, first of all, relies on the evolution of
damage and failure of typical SnAgCu solder joints
in thermal cycling being governed by a ‘continuous’
recrystallization process. Like others, we have
previously referred to this as dynamic recrystalliza-
tion, but work is now being undertaken to specifi-
cally address whether the actual process is in fact
‘dynamic’, rather than akin to multiple alternations
between cold working and annealing. This has
significant consequences for the formulation of a
quantitative model. Based on previously published
work, we first argue for the recrystallization being
continuous and dynamic, but sensitive to the spac-
ing (coarsening) of the secondary Ag3Sn precipi-
tates. Direct experimental evidence of the
predominantly dynamic nature is presented in the
next section, allowing for the formulation of a
quantitative damage function.

Damage and Failure

It has long been recognized that the failure of
area array solder joints of SnAgCu in accelerated
thermal cycling involves recrystallization within the
Sn grains.5–10 A modification of the conventional
dye-and-pry technique allowed the measurement of
very small fatigue cracks and, contrary to popular
belief, the crack initiation stage was found to be
negligible in thermal cycling.11 Crack growth did,
however, remain quite limited until a continuous
network of high-angle grain boundaries had been
established across the high-strain region in the
joint.11,13 At that point, fatigue cracks started to
propagate much more rapidly through the region
(Fig. 6).

Yin et al.12 conducted a set of thermal cycling
tests on model BGA assemblies with 0.5-mm-diam-
eter SAC305 solder balls between Ni/Au pads on the
components and Cu pads on the PCB. Systematic
variations in strain rates and ranges, cycling tem-
peratures and dwell times led to differences of up to
an order of magnitude in the number of cycles
before electrical failure, but the number of cycles to
completion of the recrystallized band across a corner
joint was always roughly 1/3 of the total life span.12

It is, of course, highly unlikely that crack propaga-
tion during the remaining 2/3 of the life span would
vary in the same, non-trivial way with strain range,
dwell times, and temperatures as recrystallization
unless the mechanisms are closely linked. Bieler
and co-workers suggested that crack evolution is
controlled by the ongoing rotation of subgrains until
they reach a particular orientation.23,25 More work
is needed to fully understand the actual mechanism,

Fig. 5. Load versus time in a single cycle of de-constructed thermal
cycling of assemblies.
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but that is not important for our model at the
present stage.

What is of practical consequence is the empirical
indication that we can predict the time to failure of a
particular set of solder joints if we can predict the
rate of recrystallization. At an extreme of very small
strain ranges, short dwell time at high temperature,
and low maximum temperature, crack growth may
conceivably proceed without extensive recrystalliza-
tion. However, thin-chip BGAs (CTBGAs) and chip
array BGAs (CABGAs) survived 10,000 cycles
(24 months) or more in 20/80�C with 30-min dwells
and still failed by recrystallization followed by crack
growth along the high-angle grain boundaries.21 We
therefore base our model on the assumption of a
correlation with recrystallization.

As we shall see below, the life span is in fact often
less than 3 times the number of cycles required to
complete the network of grain boundaries across the
joint. This is because recrystallization at lower
strain ranges, including at those typical of long-
term service, tends to be delayed until the sec-
ondary precipitates have coarsened somewhat. This
complicates the prediction of life span in long-term
service.

Recrystallization

Our model relies on the recrystallization being a
so-called ‘continuous’ process, i.e., one that does not
involve a nucleation step. By far, the most common
recrystallization processes are those that involve
both a nucleation and a growth step. However,
nucleation of a new grain is only stable if the
misorientations are large enough, so high-angle
grain boundaries must occur abruptly.26 In con-
trast, continuous recrystallization is a recovery-
dominated process leading to ongoing increases in
boundary misorientation and conversion of low-
angle boundaries into high-angle ones by coales-
cence and rotation.

The stacking fault energy does not appear to have
been measured for the SnAgCu solder alloys, but it
has been argued that it must be high.27 This would
tend to favor continuous, rather than discontinuous,
recrystallization.26 Also, the misorientation of the
Ag3Sn precipitates is by nature high. Indeed,
detailed studies have shown thermal cycling of
SnAgCu joints to first lead to the formation of new
subgrains within the individual b-Sn dendrites12),
and eventually between the densely spaced precip-
itates as well, after which these subgrains then
continue to rotate during ongoing cycling.8,12,23,25 In
fact, while the extent of the recrystallized region
does not seem to change much beyond the stage
shown in Fig. 6, the subgrains continue to rotate
towards ever greater degrees of misorientation.12,23

Aside from the fact that new grains first observed
after a limited number of cycles all had small
misorientations12,23 and that larger angles tended
to evolve gradually, we shall see below that further
systematics support the assumption of a continuous
recrystallization process as well.

Furthermore, important for our model is whether
the major part of the recrystallization process is in
fact dynamic. Dynamic recrystallization occurs
simultaneously with the creation of dislocations;
by an ongoing coalescence and rotation of the
dislocation cells, the recovery is accelerated by the
excess vacancies.26 However, this excess tends to
disappear within seconds after the loading stops.26

It is actually not easy to cause extensive recrystal-
lization within a typical SnAgCu solder joint. Sn has
a very large number of different slip systems so it is
not surprising28 that it tends to form three-dimen-
sional dislocation cell structures during inelastic
deformation.27,29 However, systematic isothermal
cycling experiments led at most to very limited,
local recrystallization near the crack tip.24,30–34 In
fact, Korhonen et al.34 conducted isothermal cycling
experiments on single-crystal Sn3.8Ag0.7Cu sam-
ples at different temperatures ranging from � 25�C
to 125�C, reproducing the strains and dwell times
common in thermal cycling, without creating sig-
nificant recrystallization. Recrystallization occurred
more readily in solder joints with lower Ag concen-
trations, and thus greater average spacing between
the Ag3Sn precipitates.24,30,31 Pre-annealing
Sn3Ag0.5Cu joints to coarsen the precipitates before
cycling allowed for more recrystallization as
well.30,33 Nevertheless, none of the experiments
came close to reproducing the extent of recrystal-
lization common in thermal cycling.

We suggest that a relatively low temperature is
required for the establishment of a reasonably
stable dislocation cell structure, while a higher
temperature is needed for the cells to coalesce and
rotate. We found cycling between 25�C and 100�C,
and between �40�C and 60�C, as well as between
20�C and 80�C to all lead to the usual level of
recrystallization of Sn3Ag0.5Cu joints before fail-
ure,35,36 suggesting that a low temperature of 25�C

Fig. 6. Effects of thermal cycling. (a) Recrystallized region with a
small crack in the SnAgCu solder joint; and (b) fatigue crack through
the recrystallized region.
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is low enough to stabilize the initial structure while
a high temperature of 60�C is high enough to allow
for coalescence and rotation. However, repeated
temperature variations (cycling) are definitely
needed.

Indeed, following isothermal cycling at room
temperature with annealing at an elevated temper-
ature such as 100�C led to more recrystallization.
Alternating instead between isothermal cycling and
annealing up to three times, ending up with the
same total number of cycles and total annealing
time, was found to enhance the recrystallization
significantly.30 The effect did, however, still remain
very limited,30 and it was questioned whether the
much more extensive recrystallization in thermal
cycling can simply be ascribed to the larger number
of temperature excursions.

There is no doubt that a ‘steady-state’ dislocation
cell structure is established during the low-temper-
ature dwell. Our ‘deconstructed thermal cycling’
experiment showed the stress in each low-temper-
ature dwell to drop quickly during the first few
minutes after which the strain rate became almost
constant.37 That measurement was conducted at
room temperature, and the establishment of a near-
steady-state dislocation cell structure may take a
little longer during a lower-temperature dwell, but
the structure is still expected to become almost
constant after less than 10 min at 0�C. Indeed, an
increase in low-temperature dwell time from
0.5 min to 15 min led to a significant reduction in
solder joint life span, while extensions beyond that
had little or no effect.1

The absence of significant recrystallization in
isothermal cycling at a temperature like 100�C or
125�C34 suggests that dislocations created there are
annihilated too quickly, or that a sufficiently dense
cell structure on which dislocations can continue to
multiply is never established. However, we suggest
that a pre-existing dislocation structure established
during the low-temperature dwell can help multiply
and stabilize the high-temperature dislocations long
enough for them to coalesce and rotate as well. If so,
this might be the reason that thermal cycling leads
to so much more recrystallization.

The formulation of an actual damage function will
require us to first resolve whether the recrystalliza-
tion is dominated by the dislocations generated at
low or high temperature, i.e., whether the dominant
recrystallization process is dynamic or not.

Effects of Precipitates

Recrystallization may be inhibited by Zener pin-
ning of subgrain boundaries at precipitates.38 In the
case of thermal cycling of the SnAgCu alloys, this is
dominated by the secondary Ag3Sn precipitates. As
we shall argue below, initial precipitate spacings in
SAC305 tend to be small enough to prevent the
coalescence and rotation of the dislocation cells
unless the strain ranges, and thus the stresses, are

quite high. This means that a relatively high
dislocation density is rapidly established, but noth-
ing further happens until cycling-induced precipi-
tate coarsening39 leads to a sufficiently large
spacing.

DAMAGE FUNCTION

Based on the above, we seek a comprehensive
damage function to predict the rate of recrystalliza-
tion based on the generation of dislocations during
both the low- and high-temperature dwells together
with the coalescence of the resulting cells during the
latter. This can be viewed as a combination of a
(semi-) static and a dynamic recrystallization pro-
cess. As we shall see, this is complicated by effects of
precipitate spacing and thus coarsening.

Discontinuous dynamic recrystallization has been
modeled based on the fraction of the overall defor-
mation energy (work) stored in dislocations.40–44

However, the steady-state dislocation structure
generated during the low-temperature dwell
remains stable after a few minutes37 even though
the work there continues to increase. Anyway, as we
shall see, it appears that the contribution of the low
temperature to the overall rate of recrystallization
is in fact minor. As for the dynamic part of the
present continuous process, we suggest that contri-
bution may scale with the amount of work done
during the high-temperature dwell.

Dominant Recrystallization Process

Comparing the life span in �20/100�C cycling to
that of the same assemblies in 0/100�C cycling for 5
different CSP assembly designs, the effect of lower-
ing the minimum temperature by 20�C was found to
be very weak, on the order of 10% or less.37 We
would expect the steady-state dislocation density to
be considerably higher at the lower temperature, so
this does not seem to support a major effect of that
density. Indeed, a ‘deconstructed thermal cycling’
experiment conducted on rows of SAC305 joints as
described above shows much stronger effects of
dislocations generated during the high-temperature
dwell.

Figures 7, 8 and 9 show EBSD images of typical
SAC305 joints after 100, 115, and 130 ‘decon-
structed thermal cycles’. In this case, each ‘cycle’
first maintained an average shear stress of 8 MPa
on the joints for 5 min, after which the loading was
then reversed to bring the joints back to the original
position over another period of about 5 min. This
was all done at room temperature and followed by a
1-h anneal at 100�C. The joint-to-joint variation is
significant, but, overall, it is clear that without
contributions from dislocations generated at the
high temperature simultaneously with the coales-
cence and rotation, the recrystallization is signifi-
cant but limited.

Figure 10 shows similar images of 7 joints after
94 cycles except that in each of these the reversed
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load was applied at 100�C instead. The degree of
recrystallization is again seen to vary quite strongly
from joint to joint, something which can be ascribed
to the different Sn grain orientations. Bieler
et al.22,23 have shown the rate of damage in thermal
cycling to vary strongly with orientation, and a
forthcoming publication will show how the rate of
recrystallization varies with the loading direction
relative to the orientations and number of multiple
slip planes in the Sn. Anyway, overall, it is clear
that the additional contributions of dislocations
generated during the high-temperature dwell pro-
vide for much more recrystallization, i.e., the dom-
inant process is dynamic.

We argue below (constitutive relations) that the
inelastic work during the high-temperature dwell is
dominated by diffusion along the cycling-induced
dislocation structures and thus offers a relative
measure of the density of these. This leads us to

suggest that the rate of recrystallization may scale
with the high-temperature work per cycle for a
given value of that temperature. Indeed, prelimi-
nary results appear to support this.

Scaling with Work

In this experiment, the special assemblies,
designed to have no CTE mismatch between sub-
strate and ‘component’, were first annealed for 72 h
at 125�C to coarsen and stabilize the secondary
precipitates. The assemblies were then subjected to
two different ‘deconstructed thermal cycling’ exper-
iments. In each case, they were sheared at room
temperature, followed by a 5-min dwell there, and
then sheared in the opposite direction at 100�C,
followed by a dwell there.

Figure 11 shows the inelastic work done during
each high-temperature dwell versus cycle number

Fig. 7. EBSD images of the high-strain regions in two SAC305 joints after 100 cycles with no dynamic recrystallization contribution. (a and c)
Color maps showing different Sn orientations in two different joints; (b and d) lines indicating boundary misorientations (red 2–5�, green 5–10�,
blue> 10�) in the same joints (Color figure online).

Fig. 8. Like Fig. 7, but two other joints after 115 cycles. (a and c) Color maps showing different Sn orientations; (b and d) lines indicating
boundary misorientations (red 2–5�, green 5–10�, blue> 10�) (Color figure online).

Fig. 9. Like Fig. 7, but two other joints after 130 cycles. (a and c) Color maps showing different Sn orientations; (b and d) lines indicating
boundary misorientations (red 2–5�, green 5–10�, blue> 10�) (Color figure online).
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for two different strain ranges. The upper curve
corresponds to an experiment where the low-tem-
perature dwell started out with a nominal shear
stress of 12 MPa, while the lower curve corresponds
to an initial stress of 10 MPa in each cycle. The low-
temperature strain ranges differed accordingly and,
notably, so did the high-temperature strain ranges.
Cycling was terminated when the stiffness dropped
rapidly, indicating the failure of most of the joints.
The high-temperature work per cycle varied by
about a factor of 2 as did the number of cycles to
failure, 34 and 60, respectively. The total work to
failure differed by less than 1%. Only one assembly
was tested in each case. However, unlike in con-
ventional thermal cycling, where failure is defined
by the first joint to fail and only (near-) corner joints
are subject to the maximum stress/strain ampli-
tude, our ’deconstructed thermal cycling’ experi-
ment subjects all the 16 joints in an assembly to the
same conditions. To some extent, the results can
thus be viewed as reflecting averages over 8–16
joints each. Cross-polarizer microscopy confirmed
extensive recrystallization in spite of the low num-
ber of cycles.

For now, we thus propose a scaling of the amount
of recrystallization with the amount of work done

during the high-temperature dwell. We are free to
do that because we do not actually associate a
measurable microstructural quantity with ‘recrys-
tallization per cycle’. All that we rely on is a
definition of 100% recrystallization. We take this

Fig. 10. EBSD images of the high-strain regions in 7 SAC305 joints after 94 cycles including dynamic recrystallization contribution. (a, c, e, g, i, k,
and m) Color maps showing different Sn orientations in the seven joints; (b, d, f, h, j, l, and n) lines indicating boundary misorientations (red 2–5�,
green 5–10�, blue> 10�) in the same joints (Color figure online).

Fig. 11. Inelastic work during the 100�C dwell of each cycle until
failure in ‘deconstructed thermal cycling’ experiment with initial
nominal shear stresses of 12 MPa (top) and 10 MPa (bottom) at
room temperature.
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to denote the completion of a continuous network of
grain boundaries across the high-strain region. As
discussed above, this and the subsequent crack
growth to failure can be viewed as a single process
which takes three times as many cycles, Nrecr. The
inverse of this, 1/Nrecr, is then proportional to the
average value of the inelastic work done during the
high-temperature dwell, DW.

Precipitate Coarsening

In the above experiment, assemblies were first
annealed for 72 h at 125�C to coarsen and stabilize
the secondary precipitates. This may be the reason
why the onset of recrystallization was not delayed
by Zener pinning of dislocation cells at the Ag3Sn
precipitates. Also, the strain ranges were unusually
high, as evidenced by the very short life span. In
general, the ‘pinning pressure’ increases with pre-
cipitate size and decreases with the average spac-
ing, making it proportional to the volume fraction
Fprec divided by the average size dp.

26 Indeed, as
mentioned above, recrystallization occurs more
readily in solder joints with lower Ag concentrations
and/or after pre-annealing to coarsen the precipi-
tates.24,30,31,33 In the absence of pre-annealing and/
or for lower strain ranges, in particular, those
typical of long-term service conditions, quantitative
predictions will require pinning to be accounted for.

Below we shall propose, as an initial approxima-
tion, that the coalescence and rotation of dislocation
cell structures can be assumed to continue during
the high-temperature dwell as long as the stress is
high enough to ensure a driving pressure that is
higher than the Zener pinning pressure.45 The
stress keeps dropping with time during a given
dwell (below), but the pinning pressure drops (with
Fprec/dp) from cycle to cycle as the precipitates
coarsen. For sufficiently low-strain ranges and
initial precipitate sizes, the rate of recrystallization
remains strongly reduced until after significant
coarsening.12,13,30,33 Since the initial precipitate
size is sensitive to the degree of undercooling after
reflow, this leads to systematic effects of solder joint
dimensions and pad finishes on acceleration
factors.46

Clearly, failure to account for effects of precipitate
coarsening on the damage function would lead to
conservative extrapolations of test results to life
span in milder cycling. As for the actual life span in
long-term service, the resulting error may be coun-
teracted somewhat by the much longer times avail-
able for coarsening there.

Constitutive Relations

Before turning to the formulation of a practical
approximation for a damage function, we need to
face another complication. In short, as demon-
strated in a recent conference paper, constitutive
relations currently used in modeling may be seri-
ously misleading.47

Keeping all other parameters constant, the life
span of an area array assembly in thermal cycling
tends to scale with the inverse of the DNP of the
most stressed joints, typically but not always the
corner joints, to a power of 2 or more,2,3 a trend also
found for our BGA assemblies below (Fig. 16).
Assuming common constitutive relations, FEM of
representative assemblies did, however, show the
work done during the high-temperature dwell (only)
to vary as DNP0.6.3 This is a result of the strong
dependence assumed for the inelastic strain rate on
the stress. Current constitutive relations for solder
typically predict inelastic rates of deformation that
vary with the stress to a power of 6 or more.48–55

However, simple calculations (‘‘Appendix’’) show
how this cannot lead to work during the high-
temperature dwell that varies faster than the DNP.
Only a linear dependence of the inelastic strain rate
on the stress is compatible with a variation of the
life span with DNP�2. As discussed in detail below,
such a dependence is also consistent with observed
dependencies on dwell times, and separate mea-
surements of load relaxation during the high-tem-
perature dwell of a ‘de-constructed thermal cycling’
experiment pointed to the same.47

A linear relationship between the stress and the
steady-state creep rate suggests the dominance of
the diffusion of individual vacancies rather than
dislocation creep as commonly assumed, and forth-
coming publications present systematic evidence to
support the assumption that such diffusion is
enhanced by cycling-induced dislocation structures.
We suggest that, for a given high temperature and
dwell time, the work during that dwell offers a
relative measure of the density of these. This would
be of relevance for a complete mechanistic under-
standing, but it has no consequences for our model
at the present stage.

General Damage Function

As discussed above, Yin et al.12 reported a pro-
portionality between the total number of cycles to
failure, N63, and the number of cycles required to
complete a continuous network of high-angle bound-
aries across the high-strain region. This ratio
remained constant across an order of magnitude
variation in N63, and thus presumably a significant
variation in stresses, suggesting that a delay due to
Zener pinning on the precipitates was not a signif-
icant factor in this case. However, pinning did
appear to be significant for smaller joints in milder
cycling. In fact, variations in acceleration factors
with joint dimensions1,46 were consistent with the
assumption of a threshold precipitate size, dthr,
which decreases with increasing strain range.46

This assumption is, at best, a major simplifica-
tion. Even a low-strain range may lead to a high
enough stress for the resulting driving pressure for
recrystallization to overcome the Zener pinning at
the very beginning of the high-temperature dwell.
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On the other hand, a long enough dwell time will
eventually lead to a stress that is too low to continue
doing that. For intermediate values of strain range
and initial precipitate size, the contribution of the
first cycles to the overall recrystallization may,
therefore, be limited to early parts of the dwell,
whereas the contributions of subsequent cycles
increase as the precipitates coarsen. As an approx-
imation, once the precipitates reach a size where the
stress remains large enough for the driving pres-
sure to overcome the pinning during most of the
dwell, we define that size as the threshold size
associated with the strain range, and thus with the
stress, ro, at the beginning of the dwell, i.e., dthr(ro).

This then leads to an approximation for the
characteristic life span at any strain range/rate

N63 ¼ Nini þNrecr ð1Þ

whereNini is the number of cycles for the precipitate
spacing to grow from do to dthr(ro). This term is
negligible in highly accelerated testing, but domi-
nant under long-term service conditions, complicat-
ing quantitative extrapolations.

PRACTICAL APPROXIMATIONS

At the present stage, the formulation of a prac-
tical damage function will require further simplify-
ing assumptions. It would be the hope that future
research will lead to improvements on some of
these, but the first set of assumptions are expected
to stand for a while. We base our damage function
on the approximation in Eq. 1.

Recrystallization

As discussed above, we take 1/Nrecr to be propor-
tional to the average value, per cycle, of the inelastic
work done during the high-temperature dwell, DW.
Of course, the number of cycles required to complete
recrystallization and crack growth must also
depend on the cross-section of the joint in the
high-strain region. Figure 12 shows the life span of
SAC305 joints in 0/100�C thermal cycling with 15-
min and 60-min dwells versus the diameter of the
solder mask-defined pads on the component. In this
case, differently sized solder balls were mounted on
corresponding contact pads with a pitch scaled so
that the shear strain ranges on them were the same
in a given cycle. It follows that the high-tempera-
ture work was roughly the same as well. The life
span is seen to vary linearly with the pad diameter
and thus with the cross-section, L, of the joint in the
high-strain region near it.

For a given temperature and dwell, DW is, as
argued above, assumed to be proportional to the
density of the dislocation structures, but the rate of
recrystallization must also vary with the rate of
coalescence and rotation of the cells, i.e., it must
increase with temperature for a given DW. We thus
propose an expression

Nrecr ¼ Uo � L= DW � f Tmaxð Þf g ð2Þ

where Uo is a constant and f(Tmax) is approximated
by an Arrhenius function. Even though DW�1

increases with temperature, with an activation
energy equal to that of diffusion (‘‘Appendix’’),
experiments invariably show Nrecr to decrease, so
the effective activation energy in f(Tmax) must be
significantly higher.

In the absence of quantitative constitutive rela-
tions that account properly for the apparent dom-
inance of diffusion creep in thermal cycling, further
approximations are required. As outlined in the
‘‘Appendix’’, the assumption of steady-state diffu-
sion creep alone leads to a DWss that starts out
varying linearly with the dwell time

DWss ¼ _Wss � td

� �

; but, in reality, the rapid reduc-

tion of the nominal strain rate to zero at the
beginning of the high-temperature dwell must
provide for a transient creep stage during which
the inelastic strain rate is higher than predicted by
the steady-state expression (Eq. 12). For now, we
therefore express the total work in the dwell as the
sum of a contribution from the transient creep
during the first few minutes and a separate contri-
bution from near-steady-state creep. This means
that the rate of recrystallization per cycle can be

approximated as proportional to DWtr þ _Wss � td

� �

,

where DWtr accounts for the ‘excess’ work done
during the first minutes. A scaling of the average
damage rate with an expression like this, i.e.,

1=N63 ¼ b þ a � td ð3Þ

was shown to be in excellent agreement with the
observed dwell time dependence for 4 different
SnAgCu based alloys in 0/100�C cycling.2 Figure 13
shows the same for the present full-area array
(Fig. 2) 95.5Sn3Ag0.5Cu-based BGA assemblies
with three different distances to the neutral point
(DNP), and thus three different strain ranges, on
the corner joints.

Table I lists the parameters a and b extracted
from the fits to Eq. 3 in these figures. Both, of
course, increase significantly with the DNP, but
their ratio b/a = n (also included in the table) does

not. The ratio DWtr= _Wss can thus be approximated
as independent of the DNP and we can express the
average damage rate function as

1=N63 ¼ a � n þ tdf g ð4Þ

It follows from Eq. 22 (‘‘Appendix’’) that this
approximation must start to break down at suffi-
ciently high values of the dwell time, td, the
effective stiffness, Eeff, and/or the creep factor
K(T). Indeed, Fig. 14 shows results for the same
assemblies in –40/125�C cycling where K(T) is
significantly larger. Fits through the data points
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at 10-min dwells with n = 32 min here tend to
overestimate the average rate of damage, 1/N63,
with a 60-min dwell. We also measured the
characteristic life span, N63, of a different set of
model assemblies (Fig. 3) in �40/125�C, 0/100�C,

and 0/80�C. In this case, the nominal strain
ranges were significantly higher. The representa-
tive error bars are large but, as in Fig. 14, there is
a tendency for the fits through the 15-min data
points with n = 32 min to overestimate the 60-min

Fig. 12. Characteristic life span in 0/100�C cycling versus pad diameter for SAC305 joints with sizes and pitch scaled so that the shear strain
range was the same. (a) Dwells of 15 min at both temperature extremes; (b) dwells at 60 min.

Fig. 13. Inverse of N63 values for BGA assemblies with SAC305 joints in 0/100�C thermal cycling versus dwell time for three different DNP
values: (a) 8.9 mm; (b) 6.9 mm; and (c) 5 mm.

Table I. Parameters extracted from fits to Eq. 1

Parameter DNP = 8.9 mm DNP = 6.9 mm DNP = 5 mm

a (10�5 min�1) 2.0 1.2 0.5
b (10�5) 69 32 17
n (min) 34 26 33
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dwell points (Fig. 15), i.e., the damage rate here is
also starting to level off as expected.

On the other hand, the linear relationship would
be expected to hold up to longer dwell times at lower
temperatures where K(T) is lower, so Eq. 4 with
n = 32 min is expected to apply to the extrapolation
of common accelerated test results to many long-
term service conditions.

Figure 16 shows the a values in Table I and those
extracted from the fits in Fig. 14 versus the DNP of
the corner joints in each assembly. Separate fits to
the �40/125�C and 0/100�C data both suggested a
variation with DNP2.2, independently of the maxi-
mum dwell temperature Tmax. This is in excellent
agreement with the trends discussed above. Any-
way, ignoring effects of the minimum temperature,
the difference between the fits when Tmax increases
from 100�C to 125�C would be consistent with an
effective activation energy on the order of 0.5 eV. A
more accurate estimate was achieved for the three
temperatures in Fig. 15. The variation of the a
values with Tmax would be consistent with an
activation energy of 0.37 eV. This would also be
consistent with a previously reported ratio of 2 in

lifetimes for cycling of 3 smaller solder joint sizes in
�40/125�C and 0/100�C.49

Preliminary results published elsewhere47) sug-
gest an activation energy on the order of 0.45 eV
for diffusion creep in thermally cycled SAC305
joints, so we expect DW to vary as e0.45/kT in the
linear regime and slower beyond that (Eq. 22). An
effective activation energy of 0.37 eV for DW *
f(Tmax) thus points to an actual activation energy
of about 0.82 eV for f(Tmax). This is within the
range of reported activation energies of 0.62–
0.88 eV for dislocation creep and thus for increase
of dislocations,29,50,56,57 which may be the rate-
limiting mechanism for dislocation cell and sub-
grain rotation.

All of this leads us to a final approximate
expression for the damage function contribution in
Eq. 2:

Nrecr ¼ U1 � L � eDEr=kT=DW ð5Þ

where DEr = 0.82 eV and U1 is a constant.

Precipitate Coarsening

As mentioned above, the rate of recrystallization
is assumed to be zero whenever the driving pressure
falls below the Zener pinning pressure.45 The
driving pressure is proportional to the density of
mobile dislocations38 which varies with the square
of the stress.58 The pinning pressure is proportional
to the volume fraction, Fprec, and inversely propor-
tional to the average precipitate size, dp

26, i.e., it
decreases as the precipitates coarsen. It follows that
the threshold size above which recrystallization
commences can be approximated as

dthr roð Þ ¼ U2 � r�2
o � Fprec ð6Þ

where ro(Tmax) is the stress at the beginning of the
high-temperature dwell and U2 is a constant.

If the initial size, do, of the Ag3Sn platelets is
smaller than this, the number of cycles, Nini,
required for it to reach dthr can be estimated based

Fig. 14. Inverse of N63 values for BGA assemblies with SAC305
joints and 3 different DNP values in �40/125�C thermal cycling
versus dwell time. n = 32 min.

Fig. 15. Inverse of N63 values for BGA assemblies with SAC305
solder joints in 0/80�C, 0/100�C, and �40/125�C thermal cycling with
15-min dwell at low-temperature versus high-temperature dwell time.
Fits with n = 32 min.

Fig. 16. a values from Table I and fits in Fig. 14 versus distance to
neutral point (DNP). Broken curve fits both show variation with
DNP2.2.
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on a conventional expression for two-dimensional
coarsening

d2
thr ¼ d2

o þK 0 � CAg �DAg �
teff

T
�Nini ð7Þ

where the ‘effective dwell time’, teff, includes a term,
tramp � 1þ /o � _einð Þ, to account for strain-enhanced
coarsening during the heating and cooling
ramps.39,48,50 Here, _ein is the inelastic shear strain
rate in the ramp, CAg is the equilibrium solubility of
Ag in the solder, DAg is the diffusivity of Ag in the
fastest direction in Sn, T is the absolute tempera-
ture, and K’ and uo are constants. Kumar et al.50

calculated the effective ramp time, tramp, from an
integral over the dependent coarsening rate in the
ramp.

This means that the number of cycles until the
onset of the recrystallization process (dislocation
cell coalescence and rotation) can be approximated
as

Nini ¼

U
2
2�F

2
prec�r

�4
o �d2

o

K 0CAg�DAg
� T

td þ tramp � 1þ /o � _einð Þ
ð8Þ

Like Nrecr, this term increases with decreasing
temperature, but whenever the inelastic deforma-
tion is dominated by diffusion, the temperature
dependencies of ro and DW are the same
(‘‘Appendix’’), so ro

�4 varies much faster and Nini

eventually starts to dominate for the lower maxi-
mum temperatures and strain rates typical of most
service conditions. One indication of significant
contributions of Nini to the characteristic life span,
N63, is thus a stronger dependence on DNP. As
shown and discussed above and in a recent paper,59

the number of cycles to recrystallization, Nrecr,
varies with DNP�n, where n is near 2. However,
Joshi et al.60 reported a value of about 2.8 for 0.4-
mm-diameter joints on 0.375-mm pads. In their
experiments, the lowest DNP values gave N63 in
excess of 4000 in 0/100�C cycling, so it is indeed
reasonable to assume that Nini is a significant factor
there.

Another indication of significant contributions of
Nini to the characteristic life span is, of course, an
effect of the initial precipitate size, do. Our final
experiment was similar to the ones leading to the
results in Fig. 12, but included smaller (12 mil)
solder balls and pads. The 4 different designs all
had 256 joints in a partially depleted area array, but
different solder ball sizes were mounted on corre-
spondingly sized contact pads with a pitch scaled so
that the shear strain ranges and rates on them were
the same in a given cycle. Figure 17 shows the
lifetimes in 0/100�C cycling with 60-min dwells.
Like in Fig. 12, the life span increases linearly with
pad diameter above 0.3 mm, consistent with the
assumption of a negligible delay in recrystallization.
However, the smallest pad diameter, 0.24 mm, led
to a disproportionately high characteristic life span.

We conclude that do< dthr(ro) for this pad diameter
while do> dthr(ro) for the 0.3-mm pad.

This allows for an estimate of the threshold
precipitate size. The initial precipitate sizes and
spacings varied systematically with the solder ball
and pad size, with the smaller balls undercooling
more before solidification after reflow. The average
densities within the pseudo-eutectic regions
between the Sn dendrites were quantified using a
scanning electron microscope. The values varied as
the inverse of the pad diameter to a power of 1.3
(Fig. 18) and were readily converted to values for
the average spacings, k.46 Ignoring Ag in solution,
the volume fraction, Fprec, of Ag3Sn in the solder
was calculated to be � 4% based on a measured
volume fraction of 4.7% in Sn-3.5%Ag.61 Finally,
image analysis suggested a volume fraction, Feu, of
eutectic in the solder of about 50%. Assuming the
precipitates to be arranged in a cubic array within
the eutectic, the average precipitate sizes were then
estimated from

d3 ¼
p

6

Fprec

Feu

k3 ð9Þ

This leads to initial precipitate sizes of 0.32 lm and
0.27 lm for the 0.3-mm and 0.24-mm pads, respec-
tively, and we conclude that the threshold

Fig. 17. Characteristic life span versus pad diameter.

Fig. 18. Number of Ag3Sn precipitates per lm2 within pseudo-eu-
tectic regions versus pad diameter. Curve: fit to power dependence
on diameter.
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dthr � 0.32 lm for this temperature and strain
range.

We should, however, not put too much faith in the
absolute values at this point. A growth of the
average precipitate size from 0.27 lm to 0.32 lm
over 100–200 cycles with 60-min dwells at 100�C is
less than that observed for lower strain rates in
previous work. Yin et al. measured average precip-
itate sizes versus number of 0/100�C cycles with 10-
min dwells12 for full-area array packages with 0.5-
mm balls on 0.375-mm pads. The initial precipitate
size was about 0.4 lm, in good agreement with the
fit in Fig. 18. Sahaym et al.62 showed precipitate
coarsening to slow down or even reverse temporar-
ily after completion of recrystallization, and most of
the data of Yin et al. cover cycling beyond that.
However, one small component with a DNP of only
5 mm did not reach that stage until 2000 cycles.
After 1000 cycles, the average precipitate size had
grown to 0.53 ± 0.05 lm. In the absence of strain-
enhanced coarsening, Eq. 7, using literature values
for the parameters,48 would predict a size of 0.51 lm
in that experiment and growth from 0.27 lm to
0.37 lm within 100 cycles in our experiment.

Better constitutive relations would be required47

for quantitative predictions of ro(Tmax) and
attempts to match these to measured precipitate
sizes.

DAMAGE ACCUMULATION
AND ACCELERATION FACTOR

EXPRESSION

When it comes to the quantitative extrapolation of
accelerated test results to ‘life in service’, significant
work remains to calibrate our expression for Nini.
Until that has been accomplished, the best we can
offer is a conservative acceleration factor expression
based on ignoring that term. How conservative the
result is, will of course depend strongly on which
parameters were accelerated and by how much.
Even rough estimates of the effect, along the lines of
the above, usually require constitutive relations and
current ones are seriously misleading.47

Focusing on Nrecr, until better constitutive rela-
tions have been established we cannot calculate the
work, DW, directly. Instead, as in the previous

section, we approximate it as _Wss � ðn þ tdÞ, where
n = 32 min, and take the steady-state rate of work
to be proportional to the square of the distance to
the neutral point. In extracting an activation energy
for the function f(Tmax) we ignored any effects of the
minimum temperature, Tmin, on the work done at
Tmax. However, Tmin does have a minor effect on the
stress at the maximum temperature and it may also
affect the density of dislocations established there
as a basis for the ongoing recrystallization at the
high temperature. Empirically, we approximate this
by an Arrhenius function. Previous work showed
life span in –20/100�C cycling to be roughly 10%
shorter than life span in 0/100�C, pointing to an

effective activation for this function of
DElo = 0.03 eV. Using this to correct for the effect
of Tmin in Fig. 15 finally leads to an Arrhenius plot
of the effect of Tmax on the a values from the fits
(Fig. 19), and a corrected activation energy for the
variation of 1/Nrecr with Tmax of DEap = 0.42 eV.

The resulting preliminary approximation.

Nrecr ¼U� eDEap=kThi � e�DElo=kTlo �L= DNP2 � nþ tdð Þ
� �

ð10Þ

where L is the joint diameter, n = 32 min, and U is a
constant, requires, among others, that the stress
reaches a maximum during the heating ramp before
reaching the maximum dwell temperature (‘‘Ap-
pendix’’). This assumption breaks down for suffi-
ciently high minimum temperatures so
extrapolations to cycles with minimum temperature
much above 0�C may be conservative. Also, this
extrapolation will be conservative (a) for high
maximum temperatures when extrapolating to
longer dwell times, and (b) when extrapolating to
lower strain ranges where precipitate coarsening
becomes increasingly important.

Acceleration Factor

Equation 10 leads us to an expression for the ratio
between the number of cycles to failure under
simplified use conditions and under accelerated test
conditions:

Nuse

Ntest

¼ e
DEap=k�

1
Tuse
hi

� 1

Ttest
hi

� �

� e
�DElo=k�

1
Tuse
lo

� 1

Ttest
lo

� �

� nþ ttestd

� 	

= nþ tused

� 	

ð11Þ

where both use and test conditions are character-
ized by fixed cycling parameters.

Damage Accumulation

Of course, realistic service conditions invariably
involve major and ongoing variations in cycling
amplitude or, in the case of thermal cycling, in dwell
times and temperatures. In the case of isothermal

Fig. 19. Arrhenius plot of empirically corrected a values from Fig. 15
suggesting activation energy DE = 0.42 eV.
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cycling, say in vibration, the resulting accumulation
of damage and eventual failure cannot be predicted,
even approximately, based on results of fixed ampli-
tude cycling tests alone.63–65 That is a result of long-
term effects (‘memory’) of amplitude on the mate-
rial’s properties. Ignoring these leads to overesti-
mates of life in service. In the case of thermal
cycling,66 challenges arise from the dependence of
the threshold precipitate size on the stress (Eq. 6).
Except for the lack of quantitative parameters, the
complete picture established above lends itself
readily to the assessment of damage accumulation
under any kind of thermal cycling with varying
dwell times and temperatures. Future publications
will discuss the use in the definition of accelerated
test protocols and the interpretation of test results.
Meanwhile, to the extent that Nini can be ignored,
Miner’s rule of linear damage accumulation should
apply; so, Eq. 10 is still conservative.

DISCUSSION AND SUMMARY

Mattila and co-workers have proposed a picture
involving only one crack growth mechanism.21

According to this, the rate of crack growth is
strongly accelerated by the formation of a network
of grain boundaries (recrystallization), but at suffi-
ciently low stresses, recrystallization does not occur
and a crack eventually progresses through the Sn
lattice instead. In contrast, we propose two compet-
ing mechanisms. Isothermal cycling does not lead to
extensive recrystallization, and failure does even-
tually occur by the growth of a crack through the
lattice.64,65 The same mechanism is also active in
thermal cycling, leading to an almost immediate
initiation of a transgranular crack.11 However, the
dominant mechanism is the formation and ongoing
rotation of new grains leading to ever greater
misorientation and eventually crack growth.24,26

The transgranular crack growth mechanism may
involve local recrystallization near the crack tip, but
from a modeling perspective, at least it is completely
different. In isothermal cycling, failure by trans-
granular crack growth can be predicted based on the
total inelastic work per cycle,64,65 whereas inter-
granular crack growth in thermal cycling clearly
cannot. The very different dependencies on cycling
parameters may explain why one thermal cycling
test under conditions approaching those typical of
long-term service led to major recrystallization,22

while another did not.21 Work is ongoing to address
transgranular crack growth in combinations of
thermal cycling and vibration, but the present work
is focused on recrystallization.

According to Mattila and co-workers as well as
Bieler and co-workers, the evolution of the
microstructure in thermal cycling starts with grad-
ual coalescence and rotation of dislocation struc-
tures, but eventually the stored deformation energy
becomes high enough to allow for discontinuous
recrystallization.20,67 Together, these two

mechanisms account for the observed continuous
ranges of misorientation angles, but the energy
deposition and storage is much greater at low
temperatures, whereas we have shown (above) that
the rate of recrystallization is dominated by the very
small part of the overall work done during the high-
temperature dwell.

We thus propose that the life span of realistic
SnAgCu solder joints in thermal cycling can be
predicted based on the rate of continuous recrystal-
lization of the Sn grains. The completion of a
continuous network of high-angle grain boundaries
across the high-strain region in a joint requires the
repeated alternation between a ‘high’ and a ‘low’
temperature. The low temperature allows for the
establishment of a somewhat stable dislocation cell
structure. This structure approaches a steady-state
after, for example, 10–15 min at 0�C and the fatigue
life span is not very sensitive to extensions of the
low-temperature dwell beyond that. Loading during
a subsequent high-temperature dwell leads to the
ongoing multiplication and stabilization of disloca-
tions on this structure and the simultaneous coa-
lescence and rotation of the cells. While the low-
temperature structure is critical for the temporary
stabilization of the dislocations generated at the
higher temperature, the latter dominate the overall
recrystallization per cycle. The effective rate of
dynamic recrystallization at any time during the
high-temperature dwell is controlled by a balance
between the creation of dislocations and the coales-
cence and rotation of the resulting cells. Indications
are that the amount of recrystallization per cycle
scales with the inelastic work done during the high-
temperature dwell.

The onset of the coalescence and rotation of the
dislocation structures is delayed by pinning on the
secondary precipitates until their spacing has
increased, through cycling-enhanced coarsening, to
a threshold value that is higher for lower-strain
ranges.

Over the years, Bieler and co-workers have
conducted a range of microstructural studies, in
several cases characterizing the same solder joint
after different levels of thermal cycling.23,67–69 As
expected, the behavior of the highly anisotropic
joints is seen to vary strongly with orientation. Most
recently, an experiment also including long periods
of room-temperature aging between cycling seems
to cast doubt on the assumption of a simple corre-
lation between the general level of recrystallization
and cracking.67 The coarsening of precipitates in
aging led to easier recrystallization in continued
cycling afterwards. The resulting grains were
smaller and less stable but crack growth was faster.
This is in contrast to previous experiments in which
we interrupted cycling of 95.5Sn3Ag0.5Cu-based
BGA assemblies at regular intervals and annealed
them for 50 h at 70�C before continuing, leading to
major delays in both recrystallization and crack
evolution.70 Anyway, the emerging picture still
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appears to point to a direct correlation between
cracking and the formation of high-angle bound-
aries. It is, however, not obvious to which extent
this picture is going to be consistent with the
observed strong effects of the high temperature
and the dwell there, the much weaker effect of the
low temperature and the dwell there, and the even
weaker effect of heating and cooling rates.

CONCLUSION

The proposed mechanistic picture leads to an
approximation for the characteristic life span of
typical SnAgCu solder joints in thermal cycling as
the sum of two terms. The number of cycles, Nini, for
the precipitate spacing to reach the threshold
dominates at the low strains is typical of long-term
service conditions, but is negligible in highly accel-
erated testing. Approximate expressions for this
and the number of cycles, Nrecr, to completion of
recrystallization and crack growth offer a solid
mechanistic basis for the understanding of what
determines the thermal fatigue life span of a
SnAgCu solder joint, including effects of solder
volume, pad sizes and finishes, and process param-
eters.46,59 This leads to recommendations with
respect to thermal cycling test protocols and the
interpretation of test results for different types of
applications.3

Further work is required to calibrate the expres-
sion for Nini, and the quantitative prediction of Nrecr

is inhibited by the lack of appropriate constitutive
relations for SnAgCu in thermal cycling. Until these
limitations have been resolved, we offer a practical
but conservative acceleration factor expression. Use
of this together with Miner’s rule of linear damage
accumulation should also provide for conservative
predictions of life span under realistic service
conditions where dwell times and temperatures
vary on an ongoing basis.
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APPENDIX

Rather than a large number of FEM-based sim-
ulations with different potential constitutive rela-
tions, highly simplified calculations were employed
in order to illustrate and predict generic trends. For
this purpose, we first of all consider the evolution of
representative stress and strain in a corner solder
joint during a thermal cycle after ‘stabilization’, i.e.,
after the first 4–5 cycles. At any given time, the total

(nominal) strain is the sum of the inelastic strain in
the solder and the combined elastic strains in the
solder, component and PCB. Assuming an effective
stiffness Eeff of the latter combination, the total
elastic strain is eel ¼ r=Eeff and ignoring primary or
transient creep, the rate of inelastic deformation of
the solder joint is simply expressed as

_ein ¼ K Tð Þ � rn ð12Þ

where r is the stress, K(T) is only a function of
temperature, and the exponent ‘n’ is a constant.
This means that the total inelastic strain rate

_etot ¼
_r

Eeff

þ K Tð Þ � rn ð13Þ

We ignore any cycling-induced evolution of the
deformation properties and define the stress during
the high-temperature dwell to be positive, which
means that it is negative during the low-tempera-
ture dwell. During the heating ramp, the stress
then increases, going through zero and rapidly
reaching a level where the inelastic deformation
dominates completely, i.e.,

r Tð Þ ¼
_etot rampð Þ

K Tð Þ


 �1
n

ð14Þ

This is because K(T) increases with temperature the
stress decreases after that.

This includes the stress, ro, at the beginning of
the high-temperature dwell. For a given heating
rate, the total strain rate is proportional to the
DNP, so the stress at the end of a given heating
ramp

ro ¼
H �DNP

K Tð Þ


 �1
n

ð15Þ

where H is a constant. The nominal inelastic strain
rate during the dwell is of course zero, so Eq. 13 now
gives

_r ¼ �K Tð Þ � Eeff � r
n ð16Þ

Current Constitutive Relations

Most current expressions are consistent with a
value of n = 6, in which case Eq. 16 to

r tð Þ ¼ r�5
o þ 5K Tð Þ � Eeff � t

� 	
�1
5 ð17Þ

during the high-temperature dwell. The correspond-
ing inelastic work follows by integrating r � dein,
where dein ¼ K � r6 � dt:

DW ¼
5

6
5

2E
r2o � r�5

o þ 5K � Eeff � td
� 

�2
5

n o

ð18Þ

Here, td is the duration of the high-temperature
dwell. Taylor expansion of this and insertion of ro
(Eq. 15) finally leads to
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DW ¼ 5
1
5K

�1
6 DNP

7
6 � td � 17:5K

1
6 � Eeff �H

2 �DNP2 � t2d þ � � �
n o

ð19Þ

and thus a variation of the high-temperature work
with the DNP that starts out slightly faster than
linear for very short dwells but rapidly becomes
weaker. FEM calculations reported elsewhere led to
a power of about 0.63 for a similar value of n.

New Constitutive Relations

As discussed above, recent47 and forthcoming
publications argue for dominant contributions from
a different creep mechanism leading to a variation
of inelastic strain rates with the stress to a power of
n = 1. Inserting that into Eq. 16 and solving leads
first to

r tð Þ ¼ ro � e
�K �Eeff �t ð20Þ

and then

DW ¼
r2o
2E

� 1� e�2K �Eeff �td
� �

ð21Þ

Taylor expansion of this and insertion of ro (Eq. 15)
then leads to

DW ¼ K�1 �H2 �DNP2 � td � K � Eeff � t
2
d þ

2

3
K2 � E2

effvt
3
d�...

:

� �

ð22Þ

The scaling with DNP2 for all dwell times and
temperatures is in excellent agreement with exper-
imental observations.2

We note for later use that (1) DW starts out as a
linear function of dwell time and (2) the tempera-
ture dependence of DW is contained in K(T), i.e., the
effective activation energy is that of diffusion.
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