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A Study of Diffusion- and Interface-Controlled Migration
of the Austenite/Ferrite Front during Austenitization
of a Case-Hardenable Alloy Steel

ERIC D. SCHMIDT, E. BUDDY DAMM, and SEETHARAMAN SRIDHAR

Migrating austenite/ferrite interfaces in the ferrite regions of an alloy steel, containing
0.20 wt pct C, 0.87 wtpctMn, and0.57 wt pct Cr,with a ferrite/pearlitemicrostructure havebeen
observed during austenitization by a high-temperature confocal scanning lasermicroscope in order
to determine themechanisms of transformation. The sampleswere subjected to isothermal (790 �C
to 850 �C) and nonisothermal (0.5 �C to 20 �C/s) temperature profiles. The kinetic rates extracted
from the observations were compared to models for long-range diffusion-controlled and interface
reaction-controlled migration. The transition between the two mechanisms was found to occur at
T0, which defines the temperature and composition atwhich a partitionless phase transformation is
possible. Occurrence of the partitionless, interface-controlled transformation was confirmed by an
analysis of carbon distribution and microstructure before and after a sample was subjected to a
particular thermal profile. Themobility of such interfaces was found to be in the range 1.6Æ10)13 to
2Æ10)12 m4ÆJ)1Æs)1, which is consistent with previous studies on interface-controlled migration of
the reverse reaction, a to c, during cooling of dilute substitutional iron alloys. The diffusion-
controlledmigration, at temperatures belowT0,was found tooccur in two stages: an initial stage, at
which the growth rate can be predicted by a semi-infinite diffusion model; and a second stage, at
which the growth slows more rapidly, possibly due to the overlap of diffusion fields.

DOI: 10.1007/s11661-006-9029-x
� The Minerals, Metals & Materials Society and ASM International 2007

I. INTRODUCTION

THE austenitization of medium to low-alloy carbon
steels is an important part of many industrial heat
treating procedures. It has not, however, received the
more rigorous treatment that has been accorded to
austenite decomposition into its several products (e.g.,
References 1 through 6). This lack of detailed analysis
can be explained through a number of prohibitive
reasons, rooted in the nature of the ferrite-to-austenite
transformation. The austenitization may proceed too
rapidly in many cases for classical investigative methods,
which may involve soaking a sample for various times
and then evaluating a partially transformed microstruc-
ture through sectioning, polishing, and optical or
electron microscopy. Even if this were not the case,
the austenite simply cannot be retained for character-
ization in many circumstances, as it decomposes upon
cooling. Due to the significant difficulty and expenditure
of resources that might be dedicated to studying it,
industrial practices mostly ignore the details of this
process and simply use the fact that it does occur (i.e.,
solution annealing) when designing heat treating proce-

dures. As a result, one could argue that there has not
been a strong driving force for research and analysis of
the topic. It is, however, the opinion of the present
authors that a fundamental understanding of the for-
mation of austenite in alloy steels, in terms of kinetics,
morphology, and mechanism, can significantly benefit
thermal processing technology by improving the perfor-
mance of the heat-treating and quenching process of
alloy steels, reducing the number of steps and especially
increasing the predictability of the final microstructure.
Furthermore, the procedures used in the analysis con-
tained here can certainly be applied in a study of other
phase transformation phenomena.

There have been sporadic studies of austenite forma-
tion in iron and low-alloy steels during the last 40 years.
These include experimental studies on the influence of
starting microstructures on the transformation
kinetics,[7–10] dilatometry,[9,11,12] and modeling of the
transformation during continuous heating at varying
scales of complexity.[13–16] As a result of these studies,
there is some understanding of the austenite nucleation
and growth process under limited conditions. For pure
iron, austenite is assumed to nucleate at ferrite grain
boundaries and the interface migration rate is controlled
by the interface reaction (i.e., the rate at which atoms
jump across and are incorporated into the crystal on the
opposite side of the interface).[7] When carbon is added
to the iron, the growing austenite precipitates have a
much higher concentration of carbon than the ferrite
matrix, and thus carbon must be provided to the
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austenite/ferrite interface in order for it to remain at
thermodynamic equilibrium as it proceeds into the
ferrite. Long-range diffusion of carbon has been shown
to be the rate controlling mechanism during austeniti-
zation of spheroidized ferrite-carbide aggregates.[10] In
this case, isolated spherical carbide particles, several
micrometers in diameter, act as the source of carbon as
an austenite/ferrite interface proceeds outward from the
carbide while the austenite/carbide interface proceeds
inward until there is no carbide remaining. In a plain
carbon eutectoid steel, there are extensive nucleation
sites for austenite in lamellar eutectoid colonies due to
the large number of ferrite/cementite boundaries in these
regions. The rate of interface migration here is con-
trolled by long-range diffusion of carbon along the
interface (perpendicular to the lamellae) and will be
determined by interlamellar spacing in the eutectoid
colonies.[8] In steels exhibiting a microstructure contain-
ing both eutectoid colonies and ferrite grains, the
eutectoid regions will initially transform during heating
into regions of carbon-rich austenite, surrounded by
untransformed carbon-poor ferrite grains. In order for
the transformation to continue into the ferrite regions as
the temperature increases, with the interface remaining
at equilibrium, long-range diffusion of carbon (and, in
some cases, other alloying elements) in the growing
austenite toward (or away from) the interface must be
considered.[9,13] For very slow austenite growth, i.e.,
during intercritical annealing just above the eutectoid
temperature, this mechanism has been confirmed by
quenching the samples at different times and determin-
ing interface migration rates from the thickness of
martensite (previously austenite) regions.[9] However,
during continuous heating or at higher soaking temper-
atures, this method becomes unsuitable due to much
faster transformation rates. For these conditions, other
methods, such as dilatometry, must be used to experi-
mentally measure transformation rates. Studies using
this technique have relied upon assumptions about the
starting microstructure (i.e., ideal shape and uniform
size of ferrite grains and eutectoid colonies) as well as
the location and saturation of nucleation sites in order
to compare proposed models of the transformation
with the dilation data.[8,9,11,13–15] Previous studies by
the present author[17,18] have confirmed some of the
mechanisms proposed in the earlier work, specifically
Roosz et al.[8] (austenite formation in lamellar eutectoid
colonies) and Speich et al.[7] (austenite formation in pure
iron) through the employment of in-situ confocal
scanning laser microscopy (CSLM). However, one
recently presented article[19] employing the same tech-
nique suggests near-linear growth behavior for austenite
fronts, under certain isothermal conditions, within the
ferrite grains of low-alloy carbon steels with mixed
ferrite/eutectoid starting microstructures. These results
appear to suggest that a long-range diffusion-controlled
growth mechanism (e.g., References 9 and 15) may not
be accurate, at least for the temperatures investigated
therein. A previous investigation by the current
authors[20] used results from dilatometry to compare
with the surface observations obtained in CSLM exper-
iments, and suggested that the possibility of nonpara-

bolic austenite front migration was consistent with the
bulk transformation data.
The benefits of hot-stage CSLM microscopy have

been discussed thoroughly in the literature (e.g., Refer-
ences 17 and 21 through 23). With specific regard to the
current investigation, the technique has been chosen
because of the ability to resolve very slight topograph-
ical changes to a polished steel surface at elevated (up to
1600 �C) temperatures. The furnace that is employed in
conjunction with the particular CSLM being used has
the added capability of rapid heating, up to 40 �C/s. In
order to ensure the accuracy of temperature measure-
ments in the hot-stage CSLM system,[24] careful cali-
bration of the temperature measurements, relative to the
melting temperature of pure silver and copper metal,
and the ferrite-to-austenite transition in pure iron, has
been carried out. As a case study, 4118 carburizable steel
with a starting microstructure consisting of ferrite and
pearlite has been used in this investigation. Because the
structure of this steel has well-defined ferrite grains and
eutectoid regions with a normal lamellar structure
(pearlite), a detailed analysis of the austenitization
behavior with respect to the location of carbon in the
structure can be obtained.
The objectives of this investigation are as follows:

first, to further ensure the accuracy and usefulness of
hot-stage confocal microscopy as a technique for
analyzing solid-state phase transformations; second, to
undergo a detailed investigation of the kinetics of
austenite front migration during an important industrial
process; and third, to use this kinetic analysis to discern
the possible mechanisms of austenite front migration in
the ferrite grains of mixed ferrite/eutectoid microstruc-
ture steels. This final objective will be considered in light
of the possible interface-controlled and diffusion-con-
trolled interface migration mechanisms (e.g., References
25 through 27) and supported by the effect of carbon
distribution on microstructural evolution during aus-
tenite decomposition after the austenitization.

II. MATERIALS AND EXPERIMENTAL
METHODS

The 4118 steel that has been selected for this inves-
tigation is industrially produced, typically carburized,
and used in power transmission applications such as
gears or bearings. The composition and micrographs of
the initial microstructure are provided in Table I and
Figure 1, respectively. The initial (normalized) micro-
structure contains about a 70/30 mixture of ferrite and
eutectoid colonies, and the eutectoid colonies exhibit a
lamellar structure typical of pearlite, as shown in
Figure 1(b). The samples were polished, using a Struers
TegraSystem automatic polisher, by a sequence consist-
ing of the following: a 220 grit resin-bonded diamond
grinding disc, a 9-lm diamond suspension on a fine
grinding disc, a 3-lm diamond suspension on a satin-
woven acetate polishing cloth, a 1-lm diamond suspen-
sion on a synthetic short-nap velvet polishing cloth, and
a 0.25-lm diamond suspension on another synthetic
short-nap velvet cloth. Samples were thoroughly cleaned
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between polishing steps using precision, nonabrasive,
residue-free detergent solution. A 1 pct nital solution
was used to reveal ferrite/eutectoid structure as well as
ferrite/ferrite grain boundaries. The samples were sub-
jected, in the hot-stage CSLM, to a variety of thermal
profiles in order to observe austenitization. A schematic
of the hot-stage CSLM is shown in Figure 2. The details
of its operation are widely available (e.g., References 19,
21, and 23). For the current study, argon or helium gas
was used (initial purity 10)5 atm O2) as the atmosphere.
The gas passed through an oxygen removal system
composed of heated magnesium chips and copper
turnings. An oxygen sensor has previously measured
the pO2 of the argon gas obtained from this system to be
no more than 10)14 atm. To begin an experiment, the
furnace chamber is filled with argon, evacuated using a
rotary vacuum pump (minimum chamber pressure of
1 in Hg/39 mbar/0.03 atm) for 10 minutes, refilled,
evacuated, refilled, etc. for at least three cycles. After
the final cycle, the argon is allowed to flow for at least
1 hour. The furnace chamber can be programmed to
follow a specific thermal profile; this is specified in

Table II. The chosen thermal cycles were similar to that
practiced in industry for intercritical (i.e., within a two-
phase ferrite/austenite region) annealing, which may be
used to produce a dual ferrite/martensite microstructure

Table I. Chemical Analysis Data for 4118 Steel Used in This Study (Weight Percent)

Sample C Mn S Ni Cr Mo Si Cu Al

4118 0.20 0.87 0.030 0.10 0.57 0.09 0.30 0.23 0.042

Fig. 1—Starting microstructure (etched with Nital) of the 4118 steel investigated in this study, showing (a) the overall mixed ferrite/eutectoid
structure and (b) a eutectoid colony with lamellae oriented in a fairly uniform direction.

Table II. Thermal Profile Data for CSLM Experiments

Heating Rate Isothermal Hold Quench

0.5 K/s — He gas
2.5 K/s — Ar gas
5 K/s — Ar gas
10 K/s — He gas
20 K/s — He gas
20 K/s 790 �C, 10 min He gas
20 K/s 800 �C, 10 min He gas
20 K/s 810 �C, 10 min He gas
20 K/s 820 �C, 5 min He gas
20 K/s 830 �C, 5 min He gas
20 K/s 840 �C, 5 min He gas
20 K/s 850 �C, 3 min He gas
20 K/s 860 �C, 3 min He gas
20 K/s 870 �C, 3 min He gas
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Fig. 2—Schematic of (a) confocal optics, where reflections from the surface can only be detected if the position of the surface is at the correct
focal depth and thus ‘‘out of focus’’ features appear black rather than blurry; (b) elliptical furnace used as hot stage in CSLM, and (c) expanded
view of sample holder used in the furnace chamber.
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upon quenching,[9] or, heating to higher soaking
temperatures, for complete austenitization prior to a
variety of cooling steps. The ability of the microscope to
reach and hold an isothermal temperature is indicated in
Figure 3. The data points in this figure represent indi-
vidual measurements of the migrating austenite/ferrite
front; while the majority of the isothermal experiments
reach a steady temperature for a significant portion of the
transformation, it is apparent that at higher temperatures
(>850 �C), the temperature is not able to stabilize before
the transformation is complete. The dashed line indicates
the start of a strict regime, beyond which the temperature
stays within one degree of the desired temperature; the
majority of measurements below 840 �C fall beyond this
line. However, in order to include the 840 �C and 850 �C
experiments for analysis as isothermal experiments, all
measurements obtained once the temperature stayed
within about ±5 �C, which represents points beyond the
dotted line in the figure, have been used. At the highest
temperatures, at which this is not possible, a polynomial
equation representing the temperature profile is used for
analysis where possible. During constant heating rate
experiments, the measured temperatures follow a linear
slope with time, withR2 greater than 0.99 in all cases. The
surface of the sample is recorded onto SVHS tape, at 30
frames per second, during the entire heat treating
sequence. The video is digitized, using VIDEOWAVE*

software, for subsequent analysis. Video is analyzed by
toggling back and forth through a video and measuring
the location of a front relative to where it first appeared
on the screen. In order to ensure consistency, the furthest
point on an austenite front from its starting location is
used for each measurement. Great care has been taken to

ensure accuracy of the data collected from the CSLM
videos; each of the experiments has been analyzed
repeatedly to ensure that the data are accurately repre-
sented. In order to ensure the accuracy of the temperature
measurements, a set of calibration experiments were
carried out using the known transformation temperature
of pure materials. Small particles of silver and copper (a
few milligrams each) were placed on the surface of a pure
iron (99.995 pct) sample and heated slowly (~10 �C/min)
to observe the melting of the silver and copper and the
ferrite-to-austenite transformation of the iron. The aus-
tenite-to-ferrite transformation occurs before the parti-
cles have become liquefied, while the solid particles are
not flat and only contact with the samples at particle
edges; thus, it is not expected that any significant alloying
occurs before the ferrite-to-austenite transformation. The
relatively slow heating rate was used for the calibration
tests in order to avoid any delay between the onset of
melting in the silver and copper and the formation of a
liquid metal pool; temperature measurements obtained
during faster heating rates are consistent with those for
the observed ferrite-to-austenite phase change for pure
iron only. This calibration test was run several times and
the temperature difference between the measured and
expected thermodynamic temperatures was noted. The
error in calibrated temperaturemeasurement, determined
by the range of measured temperatures compared to the
averagemeasured value for each calibration temperature,
was determined to deviate by a maximum of ±5 �C due
to slight differences in the position of the sample relative
to the thermocouple during each experiment. Micro-
graphs of selected CSLM samples, before and after heat
treating experiments, were obtained using a PHILIPS�
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Fig. 3—Actual temperature vs time during isothermal CSLM experiments, based on measured points of austenite front migration in ferrite
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*VIDEOWAVE is a trademark of Sonic Solutions, Novato, CA
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XL-30FEG scanning electron microscope. In select cases
in which samples were quenched in helium immediately
following austenitization, the resulting decomposition
microstructure was etched and tinted, and a light optical
method was used to produce micrographs.

III. RESULTS AND DISCUSSION

A. CSLM Observations and Basis for Analysis

In previous CSLM studies, interface migration has
been observed for a range of transformations in steels
(e.g., References 17, 19, 21, and 24). In many of these
cases, the surface structure is not preserved after the
transformation, due to either rapid surface diffusion at
high temperatures or subsequent transformations upon
cooling. Therefore, the exact nature of the relief cannot
be quantified and a general mechanism has not yet been
proposed. Keeping this in mind, it appears quite reason-
able to relate the surface relief fronts to the migration of
interface boundaries.[22,23] An example of austenite front
migration in a ferrite grain for the mixed ferrite/pearlite
initial microstructure of 4118 steel, which is the subject of
the current investigation, is shown in the series of images
in Figures 4(a) through (d). A schematic that illustrates
typical observations has been provided in Figure 5. The
appearance of fronts in the CSLM can be explained by
topographical changes caused by surface deformation
due to the displacive[6,28,29] or dilatometric nature of a
phase transformation. The appearance of a sharp con-
trast change at an interface may be adversely affected by
surface diffusion, which can lead to smoothing of the
surface,[30] especially for very slow growth rates. Other
phenomena, such as the formation of nonmetallic phases

(liquid or solid oxides, sulfides, etc.) on the surface, can
also be observed. While in some cases (e.g., References 17
and 18) second-phase particles at or near the surface
have been observed to act as nucleation sites, excessive
surface oxidation will negatively affect the ability to
elucidate the position of a front.

B. Thermodynamic Considerations and the Massive
Transformation

In order to provide a framework within which kinetic
data can be analyzed, it is necessary to know what
phases may exist under a given set of conditions, the
expected composition of these phases, and what kinds of
interface dynamics are possible at the phase transfor-
mation boundary. As with most industrially obtained
samples, the number of components in the 4118 steel
prevents a simple, straightforward analysis, and suitable
computer modeling software that can provide an accu-
rate representation of thermodynamic data must be
used. In addition, certain metastable equilibrium states
have also been considered. Specifically, the temperature
limit above which a partitionless transformation may
occur in a two-phase equilibrium[26] is defined as T0, the
temperature at which two phases, at identical compo-
sitions, have the exact same free energy and can exist at
metastable equilibrium at an interface. In multicompo-
nent systems where an interstitial solute (e.g., carbon in
iron) has a diffusion coefficient several orders of
magnitude larger than the substitutional solute ele-
ments, a situation of paraequilibrium may exist where
only the interstitial element may vary in composition
across the interface; the composition of the remaining
elements remains constant in both phases. This is a
useful condition for steel systems where long-range

Fig. 4—(a-d): CSLM still image sequence of austenite formation in 4118 ferrite grains. Surrounding eutectoid regions have already transformed
to austenite. Arrows indicate regions of austenite with moving interface boundaries relative to labelled ferrite regions. This sample was heated at
10 K/s during the transformation.
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diffusion of carbon is often the rate controlling step
during interface migration. THERMO-CALC� has been

used to construct a carbon isopleth diagram, shown in
Figure 6, for the chemistry of interest; T0 and paraequi-
librium lines have been included and are labeled
accordingly.

In order to use this diagram for analysis of on-heating
experiments, we must make a few assumptions about the
conditions during the decomposition of austenite when
our samples were created. At temperatures below
800 �C, where the proeutectoid ferrite is precipitated,
the diffusion coefficients of the alloying elements such as
chromium and manganese are known to be at least four
to six orders of magnitude lower than that of carbon
(10)6 to 10)8 for carbon and 10)12 to 10)14 for Cr and
Mn).[31,32,44,45] Based on an approximate (t = x2 Æ D)1)
estimate of diffusion time for the substitutional ele-
ments, at the distance scale in these samples (ferrite
grain size of 10 to 40 lm), it would require days to years
for decomposition to complete under full equilibrium
conditions, vs seconds to minutes for paraequilibrium
conditions. It is thus expected that paraequilibrium
conditions existed at this time. Thus, the composition of
substitutional alloying elements in the proeutectoid
ferrite grains will be nearly identical to the bulk
composition, and we can assume the same paraequilib-
rium lines will apply during austenitization of the ferrite.
This also supports the validity of the T0 line relative to
proeutectoid ferrite, as it is determined by varying only
the carbon composition to determine the T0 tempera-
ture. This is supported by the fact that T0 and
paraequilibrium lines approach the same temperature
at nil concentration of carbon. We will assume that any
intergranular carbide precipitates that may have formed
in the proeutectoid ferrite regions upon additional

cooling (these can be seen as tiny specks of white in
the ferrite regions of Figure 1(b)) have dissolved during
heating, before austenitization, and that due to the small
size and even distribution of these carbides, the resulting
carbon gradients in the ferrite are rapidly homogenized.
It is difficult to know the exact composition of carbon at
which the eutectoid transformation would commence
during a paraequilibrium decomposition of austenite,
but the carbon concentration of proeutectoid ferrite
should be given by the paraequilibrium line near the
eutectoid temperature. The T0 temperature at this
composition has been labeled ‘‘PF’’ (proeutectoid
ferrite) in Figure 6.
Two kinds of partitionless phase transformations

have been widely recognized, termed massive and
martensitic.[27] The conservative motion of interfaces
under these conditions has been detailed extensively by
Sutton and Balluffi.[33] The driving force for the move-
ment of such an interface is simply the bulk free energy
difference of the parent and precipitate phases at a given
composition. If the interface proceeds by the uncorre-
lated (civilian) motion of atoms across the interface, the
boundary will be only partly coherent, or altogether
incoherent, and because these interfaces have few or no
bonds across them that must be broken in order for the
interface to migrate, transformation by this mechanism
can occur very close to T0. Such boundaries are
generally planar in nature, although some curvature or
faceting is usually observed and can proceed at a
uniform velocity in any direction. These types of
interfaces have been associated with massive transfor-
mations.[34,35] The overall starting microstructure of
4118 steel, prior to austenitization, is not uniform as is
usually specified in a definition of the massive transfor-
mation.[26] However, if long-range diffusion is not a rate
controlling step for migration of an interface in a
particular ferrite grain in the present material, it seems
reasonable to consider that grain, isolated from the rest
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of the microstructure, to have the uniform, homogenous
microstructure required by such a definition. In other
words, an austenite front proceeding by a partitionless
mechanism in a ferrite grain would be identical to an
interface proceeding without diffusion in steel with a 100
pct ferrite starting microstructure. If a particular inter-
face within a ferrite grain is migrating by the same
mechanism, and meets all of the other requirements
associated with a massive transformation, it follows that
this term may also be used in the current investigation.
This would occur above the temperature indicated by
PF in Figure 6, and thus this temperature should
represent a critical point with regard to the kinetic
behavior of a migrating interface.

C. CSLM: Nonisothermal Front Migration

A set of CSLM images, for the 2.5 deg/s heating rate,
is provided in Figures 7(a) through (e). An interesting
observation from this set of images is that an austenite
front actually appears to nucleate and then grow from
an already existing austenite/ferrite interface within a
ferrite grain. This front proceeds much more rapidly
than the front from which it nucleated. This is a unique
event within the set of experiments performed in this
study, but makes an interesting statement about the
non-necessity of austenite fronts to nucleate at carbon-
rich (prior eutectoid) austenite grains. The front position
has been plotted with respect to temperature for five
heating rates in Figure 8. The temperature is propor-
tional to time and the slope of the curves is therefore a
rate. The curves are displayed in the context of the
important thermodynamic condition T0, such that one
may see where a partitionless transformation is possible.
At the slowest heating rate, 0.5 K/s, the observable
transformation appears complete before T0 is reached.
This is consistent with the fact that, as indicated in

Figure 6 by point A, a 100 pct austenite microstructure
is possible (only via long-range diffusion of carbon) at
any temperature above 800 �C for the bulk alloy
composition of 0.2 wt pct carbon. For the remaining
heating rates, however, the curves display a significant
change as the temperature increases past T0, with a
relatively constant slope before and an increase in slope
with temperature beyond. At temperatures below T0, an
approximately linear slope (constant velocity) is
observed. In this temperature region, it is expected that
parabolic decay of the long-range diffusion-controlled
growth rate[27] and a constant increase in temperature,
and therefore diffusion coefficients, are working diver-
gently—resulting in the apparently constant velocity
that is observed. Above T0, when diffusion is no longer
required for the front to migrate, the growth rate
increases drastically and thus an interface reaction-
controlled growth mechanism is expected to exist. This
mechanism has been described, for pure iron, by the
relationship[7]

v ¼ dm
kT

� �
exp

DS�

k

� �
exp

�DH�

kT

� �
Dga!c ½1�

where v is the velocity of the interface; d is the
boundary width, assumed be 5 Å;[7] m is the jump
frequency; DS* and DH* are the activation entropy
and enthalpy for migration of an atom across the
interface, respectively; and Dga fi c is the driving force
for the reaction (per atom). The activation enthalpy
for atoms across the boundary was approximated by
the activation enthalpy for grain boundary diffusion in
pure iron, as suggested by Shewmon;[36] Speich and
Szirmae[7] used a value of 2.76 · 10)19 J/atom (166 kJ/
mole). This value is consistent with that suggested by
Brown and Ashby[37] for grain boundary diffusion in
c-iron. Because the jump frequency and activation

Fig. 7—(a-e): CSLM still images showing an austenite front (white dotted line) which originates from a migrating ferrite/austenite grain bound-
ary during austenitization of a ferrite grain.
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entropy are not well known, the term m Æ exp (DS*/k)
was determined experimentally from data for pure
iron; a maximum interface velocity of 1.6 cm/s was
reported for 950 �C, where the driving force is
4.18 · 10)23 J/atom, and so this term is approximated
to be 1.65 · 1017 s)1.[7] The driving force for the
transformation in the 4118 steel was assumed to be
equal to that for pure iron, with the temperature of
transformation equivalent to T0. Thermodynamic
calculation of free energy for Fe-Mn alloys at Mn
concentrations varying between 0.05 and 0.50 wt pct
and carbon less than 0.01 wt pct confirm that Mn
additions may decrease the temperature of transfor-
mation but that the free energies relative to that
temperature are nearly identical.[11] Therefore, this
should be a reasonable approximation for fitting the
experimental data, especially as the exponential term
is influenced much more strongly by temperature than
the driving force term.

In order to compare with position vs temperature
curves produced by the CSLM data, this relationship
has been integrated numerically, with respect to time,
using the midpoint rule, with each time-step equal to
0.002 of the total time. Because time is directly propor-
tional to temperature (T = Kt, where K is a constant
equal to the heating rate), this result can be used to
produce the desired relationship between position and
temperature. The integration was done backward from
the end of the transformation back to T0. This was done
because the early stages of interface-controlled growth
may actually overlap with the long-range diffusion-
controlled growth regime, as the driving force is
relatively small just above T0 and long-range diffusion
may still dominate the growth rate. The resulting curves
(denoted ‘‘IRC’’ for interface reaction control) are
plotted in Figure 8 and show that Eq. [1] describes the
interface migration quite well. The fronts that appeared
to nucleate at existing austenite/ferrite interfaces are
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represented by this model as well, although at a
somewhat higher mobility. The increased mobility could
indicate that there may have been an impurity drag
environment building up at the prior migrating inter-
face, which does not initially affect the new interface.
Although the analysis supports the inference of a newly
nucleated front, it cannot be absolutely ruled out that
the appearance of the nucleating front results instead
from an existing front that was growing from below the
surface. For the highest temperature isothermal
attempts (both above T0) in which austenitization also
proceeds under nonisothermal conditions, results were
analyzed for consistency with the interface reaction
control model. In this case, because the temperature
profile was not linear, a polynomial fit of temperature vs
time for the measured points at temperatures above T0

was used in the integration. Figure 9 shows position vs
time plots for these experiments and also shows excellent
agreement between experimental data and the model.
Once again, the curves denoted IRC represent the
interface control model in Eq. [1]. The curves in all
nonisothermal cases were fit to the data by varying the
activation enthalpy until a good match was achieved.
The value of this experimentally determined activation
enthalpy varies between 232.6 and 248.8 kJ/mole, as
indicated in Table III. These enthalpies are well within
the range of recent measurements of activation energy
for migration of high-angle grain boundaries in a-iron
(200 to 400 KJ/mole), where the values vary significantly
with the character of the boundary.[38] Even if most of
the boundaries in the present investigation were very
similar in character, it does not seem unreasonable to
expect some slight variation in this value from front to
front. Just above T0, the calculated curves underestimate
the growth rate (the rate is indicated by the slope), which
suggests that carbon diffusion control exists until the
driving force for the massive transformation (related to

T – T0) is sufficiently large. The temperature at which
this seems to occur correlates well with the upper limit of
paraequilibrium; this also suggests that some compo-
nent of diffusion-controlled interface migration is still
affecting the velocity of the interface in the range of
paraequilibrium above T0. Nonetheless, the rest of the
data is well represented by the interface control model
for these experiments. It is also expected that the long-
range carbon diffusion-controlled front migration would
only occur within the two-phase paraequilibrium region,
as the low-temperature phase would become unstable
(at any carbon concentration) above this temperature
region, and the results for all constant heating rate
experiments are consistent with this expected behavior.
It should be noted, however, that the extracted values
for activation enthalpies are to a good degree dependant
on the choice of values that constitute the pre-exponen-
tial factor in Eq. [1],[18] and there is significant uncer-
tainty regarding the magnitude of the pre-exponential
factor.[39] Until more careful evaluation of this value can
be undertaken, it seems prudent to consider the overall
mobility of interface reaction-controlled moving
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Table III. Experimentally Determined Activation Enthalpy

for Several Experiments in Interface Reaction Control Regime

(Temperature above T0)

Experiment

Activation
Enthalpy, DH* (kJ/mole)

0.5 K/s —
2.5 K/s (numbers 1–3) 248.8
2.5 K/s (number 4) 235.8
5 K/s 247.3
10 K/s 245.7
20 K/s 241.0
860�C 232.6
870�C 241.2
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boundaries in iron and iron alloys in comparing the
present work to previous results (rather than activation
enthalpies and pre-exponential factors). Mobility can
been determined from the following type of relationship:

M ¼ v � Vm

Dg � NA
ðm4 � J�1 � s�1Þ ½2�

where v is the velocity of the migrating interface, M is
the mobility, Dg is the free energy change associated
with the transformation (per atom), NA is Avogadro’s
number, and Vm is the molar volume (~7 · 10)6 m3/mol
for Fe). The results of these studies, along with the
present results, are contained in Figure 10. More
detailed information about the regions indicated in this
figure are contained in Table IV, including alloy con-
tent, the transformation that was studied, the method
used, and any interstitial impurities that were known to
exist in the studied samples. Studies of three different
kinds of migrating interfaces have been included: ferrite/
ferrite during grain growth and recrystallization,[25,40,41]

ferrite/austenite during heating,[7,18] and austenite/ferrite
during cooling.[42,43,44] Despite the relatively large range
of data that has been reported, the current results do
appear to compare favorably to results that have been
reported for Fe-1Mn alloys, and fall into the same
general range as other dilute substitutional alloys.

D. Metallographic Observations of Carbon
Redistribution

As a confirmation of the mechanism of transforma-
tion during nonisothermal growth, an analysis of the
microstructure and carbon distribution before and after

heat treating has also been investigated. The concentra-
tion of carbon in austenite has a strong influence on the
decomposition products during quenching; austenite
with more carbon dissolved in it would decompose into
bainite, martensite, and/or pearlite (depending on the
cooling rate). Thus, if the transformation occurred
solely by the long-range diffusion of carbon, the
austenite would have a relatively even distribution of
carbon and the resulting microstructure would be
unrelated to the prior microstructure. On the other
hand, if there is an uneven distribution of carbon in the
austenite before quenching—as would be the case if the
ferrite regions transformed to austenite by a partition-
less, interface-controlled mechanism—there should be a
distinct difference between the resulting microstructure
in what were ferrite and pearlite regions before heat
treating. To test this hypothesis, experiments were
carried out by marking samples in various locations so
that the microstructure of a particular region could be
examined before and after heat treating in the CSLM.
The same regions were observed in the CSLM as well, to
ensure that the samples were quenched (in Helium)
immediately after the transformation was complete and
therefore no homogenization could occur in the austen-
itized state. The distance that carbon would be able to
travel behind a migrating interface must be considered
in order for this assumption to be accurate. This
distance can been approximated by (Dt)0.5; for austenite
at the ferrite eutectoid composition (D = 6.3 ·
10)8 cm2/s at 900 �C, according to Reference 46), which
it would have immediately after a partitionless trans-
formation from ferrite, a carbon diffusion distance of
~5 lm would occur during the <5 seconds of transfor-
mation. This is a significant value, but still less than the
25 to 40 lm growth distance of the observed fronts.
Before each experiment, a nital-etched sample was
observed in the SEM, as shown in Figures 11(a) and
12(a). The SEM images elucidate ferrite regions as dark
gray and pearlite regions as white. After the heat
treatment, the samples were lightly repolished with a
0.05-lm alumina slurry to ensure minimal removal of
material. This surface was also etched with nital, to
expose the size and shape characteristics of the resulting
austenite decomposition microstructure. In order to
enhance the appearance of carbides in this microstruc-
ture, an alkaline sodium picrate (picric acid in a sodium
hydroxide solution) stain was used to color carbon-rich
areas with an orange or blue color. Images of the
resulting structures were then observed with an optical
microscope. This sequence of steps was carried out for
samples transformed nonisothermally at 0.5 and 20 deg/s
heating rates. The prior and resulting microstructures,
as well as the evolving microstructures during the heat
treatment, of the exact same regions of the surface for
both heating rates have been presented in a series
(Figures 11(a) through (f) and 12(a) through (f)) starting
with (a) the SEM images, then (b) through (e) four
CSLM stills, and finally (f) the optical micrographs. In
these micrographs, the following features should be
noted: (1) large ferrite and pearlite regions in the starting
microstructures; (2) dark needlelike shapes in the
evolving microstructure formed during decomposition;
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(3) black lines indicating boundaries between any
combination of ferrite, bainite, or martensite features
in the optical micrographs; and (4) orange and blue
tinting, which indicate the presence of carbon. Because
the needlelike structures observed to form in the CSLM
correlate with high carbon (orange/blue) in the optical

micrographs, it follows that these must be bainite or
martensite laths/plates. This is further supported by the
temperatures in which these structures have been
observed to form, between 550 �C and 250 �C. Needle-
like shapes that are not strongly colored suggest
Widmanstätten ferrite laths. For the 0.5 K/s heating

Table IV. Selected Information about Mobility Data Contained in Figure 10; HTME Means That a Heat Treatment Followed by

Metallographic Examination was Used as an Experimental Method; Mobilities are Given as Log (m4/JÆs), and Impurities are in

Mass Parts per Million

Reference Material (Wt Pct)
Phase

Change Studied Method
Temperature
Range (�C)

Experimental
Mobility
(Log M)

Known
Interstitial

Impurity (ppm)

7 zone-refined iron a fi c HTME 950 8.34 C(4)
40, 25 zone-refined iron a fi a (grain growth) HTME 737 to 890 8.16 to 9.02 C(<10), N(<20)
41, 25 zone-refined iron a fi a (grain growth) HTME 604 to 851 9.30 to 12.1 C + N (<30)
18 99.995 pct Fe a fi c CSLM 914 to 920 8.86 to 8.97 N(2), C(<1)
18 IF steel a fi c CSLM 914 to 932 8.76 to 9.18 C(50±10), N(60)
44 Fe-1Co c fi a DTA 896 to 905 10.19 to 10.23 C(20), N(1)
44 Fe-2.1Co c fi a DTA 898 to 907 10.45 to 10.50 C(20), N(2)
44 Fe-0.9Cu c fi a DTA 844 to 883 11.48 to 11.70 C(20), N(10)
44 Fe-1.88Cu c fi a DTA 807 to 831 12.08 to 12.23 C(20), N(28)
42 Fe-1Co c fi a dilatometry 881 to 895 11.00 to 11.13 C(20), N(1)
42 Fe-2.1Co c fi a dilatometry 899 to 905 10.90 to 11.05 C(20), N(2)
42 Fe-0.9Cu c fi a dilatometry 854 to 858 11.22 to 11.47 C(20), N(10)
42 Fe-1.88Cu c fi a dilatometry 794 to 818 11.72 to 11.80 C(20), N(28)
42 Fe-0.8Mn c fi a dilatometry 847 to 849 11.02 to 11.33 C(30), N(7.5)
42 Fe-1.9Mn c fi a dilatometry 731 to 738 12.88 to 13.21 C(11), N(110)
42 Fe-0.5Al c fi a dilatometry 947 to 951 10.97 to 11.25 C(11), N(75)
42 Fe-1.8Cr c fi a dilatometry 830 to 836 11.91 to 12.32 C(11), N(103)
43 Fe-0.86Mn c fi a DTA 817 to 842 13.02 to 13.17 C(<45), N(<25)
43 Fe-1.94Mn c fi a DTA 727 to 767 13.39 to 13.68 C(<45), N(<25)

Fig. 11—(a-f ): Series of micrographs for same location in a 4118 sample: (a) starting microstructure, etched with nital, as observed in the SEM;
(b-c) austenitization of ferrite grains during 0.5 K/s heating, (d) completion of austenite to ferrite/bainite transformation, (e) completion of aus-
tenite to martensite transformation as observed in CSLM; (f) optical micrograph of resulting structure etched with nital to show structure and
tinted orange and blue to indicate carbon rich areas. Sample was quenched in He gas immediately after the completion of austenitization.
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rate, the microstructure after heat treating consists of
small ferrite grains, lath ferrite, lath martensite, and
bainite (carbon-rich needle-shaped regions). The size
distribution of the ferrite grains and martensite laths is
fairly uniform, and the carbon is evenly distributed with
the exception of a few areas where larger ferrite grains
exist. It is quite apparent that no correlation exists
between the carbon poor areas of the heat-treated
microstructure in Figure 11(f) and the location of the
large ferrite grains seen in Figure 11(a) before the heat
treatment. This means that the ferrite regions in the
starting microstructure do not end up containing more or
less carbon than the pearlite regions. Thus, all of the
austenite must have transformed by a long-range diffu-
sion-controlled mechanism that resulted in austenite that
had a uniform distribution of carbon throughout before
decomposition. For the 20 K/s heating rate (Figure 11),
the same features in the heat-treated structure are present,
but here, there are some regions where the ferrite grains
are much larger, and regions where the lath martensite
and bainite are much finer with a deeper blue/orange tint,
than for the 0.5 K/s experiment (Figure 10(f)). The
carbides are more concentrated in the martensite/bainite
regions as well. The locations of the larger, carbon-poor
ferrite grains—labeled (X, Y, Z)—in Figure 12(f) corre-
late well with the location of prior ferrite grains—also
labeled (X, Y, Z)—in Figure 12(a), while the surrounding
fine, carbon-rich martensite/bainite regions match the
white prior pearlite colonies. Based on the ~5-lm
diffusion distance of carbon behind a migrating interface
previously mentioned, the smaller size of the carbon poor
areas in Figure 12(f), compared to Figure 12(a), is

expected. This also explains why smaller ferrite grains
in Figure 12(a) do not correlate at all to Figure 12(f).
Also, there is the appearance of more martensite
between Figures 12(d) and (e), the small needlelike
structures, as indicated by the arrows in Figure 12(e),
that form at the lowest temperatures (between 250 �C
and 400 �C, a typical martensite growth range)—in the
regions that were initially pearlite. These structures
appear within one frame (less than 1/30th of a second),
which also supports the assumption that they are
martensite. This is especially noticeable in what was the
large pearlite region in the left of the micrographs near
the fiducial mark. This is consistent with the fact that
there must have been more carbon in these regions
than in those regions that were initially ferrite grains
once the entire sample had been austenitized. Thus, at
the 20 K/s heating rate, it is apparent that the austenite
that decomposed did not have a uniform distribution
of carbon; austenite in prior ferrite grains formed by a
partitionless mechanism and remained at a very low
carbon concentration, while surrounding austenite in
prior pearlite colonies maintained a near-eutectoid
composition. These micrographs further support the
hypothesis that a partitionless, interface-controlled
transformation occurs during sufficiently rapid heating
at temperatures above T0. One possible implication of
this result is that a dual-phase (ferrite + martensite)
microstructure could be achieved through a very rapid
heat treating procedure incorporating a rapid heating
followed by a rapid quench, and would not require an
extended intercritical annealing step. Grain refinement
would occur by the process as well, as each initial

Fig. 12—(a-f): Series of micrographs for same location in a 4118 sample: (a) starting microstructure, etched with nital, as observed in the SEM;
(b) completion of austenitization of ferrite grains during 20 K/s heating, (c-d) austenite to ferrite/bainite transformation, (e) completion of aus-
tenite to martensite transformation as observed in CSLM; (f) optical micrograph of resulting structure etched with nital to show structure and
tinted orange and blue to indicate carbon rich areas. Sample was quenched in He gas immediately after the completion of austenitization.
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ferrite grain would result in several smaller ferrite
grains, while the initial eutectoid regions would result
in a very fine martensite/bainite structure.

E. CSLM: Isothermal Front Migration

If there is a transition from long-range diffusion
control to interface reaction control, a set of isothermal
experiments that spanned a suitable temperature range
should support this hypothesis by resulting in distinct
differences in the time dependence of interface migration
rates above and below T0. In Section D, it has already
been demonstrated that the attempted isothermal exper-
iments at 860 �C and 870 �C, despite the nonuniform
temperature, behave in a manner consistent with the
interface reaction control model. Although the temper-
ature is not constant here, the interface reaction-
controlled model curves in Figure 9 are very close to
linear, with a slight upward curvature, even while the
heating rate is slowing rapidly during the transforma-
tion. During nonisothermal experiments in Section D, at
temperatures below T0, there was an approximately
linear slope at constant heating rates, and one would
expect that if the heating rate was slowing during this
regime, that slope would deviate negatively from linear,
not the other way around. It seems reasonable then that
if the desired temperature above T0 could be reached
very quickly and held constant at these temperatures,
there would be no upward curvature—the slopes would
be linear and therefore consistent with interface reaction
control.

Figures 13(a) through (d) are a series of CSLM stills
showing isothermal austenite formation at 790 �C,
followed by a subsequent quench in He gas. It is quite
apparent from (d) that the fronts observed in (b) and (c)
are the boundaries between austenite and ferrite, as the
decomposition products that appear during the quench

do not appear in the untransformed ferrite regions.
Figure 14(a) shows an example of a set of isothermal
front migration curves at a temperature below T0, also
at 790 �C, as observed in the CSLM. There is significant
decay of the migration rate with time. As indicated in
Figure 14(b), an excellent fit of precipitate thickness to
t1/2 in an initial growth period is observed; deviation
from the model at later times will be discussed subse-
quently. The calculated slopes for the initial parabolic
regime, determined in the same way for all of the
isothermal experiments, have been listed in Table V.
Sekerka and Wang[45] have presented a solution to the
semi-infinite moving boundary diffusion-controlled
growth situation consistent with the observations of
the present study. The boundary position can be related
to time by the following relationship:

n ¼ K
ffiffiffiffiffiffiffiffiffiffi
4Dct
p

½3�

where n is the interface position (equivalent to the
austenite precipitate thickness, d, in the present inves-
tigation); D is the rate-controlling diffusion coefficient,
in this case, that of the austenite; t is the time of
transformation; and K is a dimensionless constant
determined by solving

K ¼� 1ffiffiffi
p
p

ffiffiffiffiffiffiffiffiffiffiffiffiffi
Da=Dc

p
QaSa exp �K2Dc=Da

� �
1� erf K

ffiffiffiffiffiffiffiffiffiffiffiffiffi
Dc=Da

p� �

þ 1ffiffiffi
p
p QcSc exp �K2

� �
1þ erf Kð Þ ½4�

The carbon diffusion coefficient in austenite used in
Eqs. [2] and [3] was calculated according to Ågren[46]

and in ferrite according to Reference 47. The Sa and Sc

are supersaturations, given by

Fig. 13—(a-d): CSLM still images show (a) initial structure, (b-c) austenite front migration during isothermal 790 �C transformation, and (d) the
resulting austenite decomposition microstructure in the transformed regions during a quench in helium gas, with the untransformed ferrite
remaining unchanged throughout the quench. This supports the hypothesis that the fronts visible in (b-c) are austenite/ferrite interfaces.
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Sa ¼
Ca
interface � Ca

1
� �

Cc
interface � Ca

interface

� �
and

Sc ¼
Cc
1 � Cc

interface

� �
Cc
interface � Ca

interface

� � ½6�

The interface concentrations are determined from the
paraequilibrium lines in the phase diagram in Figure 6,
and the semi-infinite initial carbon concentrations are
assumed to be near the eutectoid compositions. It has
already been established that this is a reasonable
approximation for the ferrite, as the paraequilibrium

composition of carbon in the proeutectoid ferrite is very
close to the equilibrium composition. The initial carbon
concentration of the austenite that formed from the
pearlite regions is more uncertain; it will be assumed,
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Fig. 14—(a): Front migration data from a 790 �C isothermal CSLM experiment, compared to the diffusion model for a moving austenite/ferrite
boundary in semi-infinite medium. Other isothermal results are similar in appearance. (b): Front position squared vs. time data from a 790 �C
isothermal CSLM experiment; the slope is used to determine the experimentally measured K (diffusion-controlled growth model constant), and
indicates the critical thickness, d*, at which boundary migration rate deviates from the semi-infinite extent diffusion model.

Table V. Slopes, in (lm2
/s), of Initial Parabolic Regime

during Isothermal Austenite Front Migration

Experiment Front 1 Front 2 Front 3 Front 4

790 �C 1.12 1.35 1.83 —
800 �C 0.39 0.41 1.67 —
810 �C 3.12 4.05 4.78 —
820 �C 5.08 — — —
830 �C 15.00 13.53 7.97 —
840 �C 33.73 32.75 32.45 16.00
850 �C 21.48 9.41 31.62 11.68
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however, that the deviation will not be so great as to
disrupt the general trend of these calculations. TheQ’s in
Eq. [3] refer to volume changes associated with the phase
change and have been disregarded in this analysis. The
calculated lines, according to Eqs. [2] through [5], are
shown in Figure 14(a) and designated ‘‘SDGM’’ (semi-
infinite diffusion-controlled growth model). Figure 15
shows the relationship between the calculated K using
the preceding method and the experimentally measured
K, using the slopes in Table IV and Eq. [2]. There is good
agreement between the two values for most of the fronts,
with the exception of a few outliers, especially at 850 �C.
One possible explanation for the outliers at this temper-
ature is that, because a significant portion of the
transformation occurs before the temperature is isother-
mal and stable, these fronts have already entered the
stage of the transformation where the diffusion fields are
no longer semi-infinite in nature and thus have already
deviated from the initial semi-infinite solution growth
regime. The general trend is for the model to underpre-
dict the value of K. This is most likely the result of the
uncertainty in the carbon concentration in the austenite,
which had initially formed from the eutectoid regions of
the starting microstructure. An increase in this concen-
tration would result in a larger Sc and a larger K, and
would more closely match the experimental data. How
much deviation there is cannot be directly known (the
austenite cannot be preserved for compositional analy-
sis), but overall the mechanisms in both regimes would
remain consistent.

A simplified model, using an approach similar to
Zener[48] for the diffusion-controlled growth of austenite
in prior ferrite regions, has been proposed by Caballero
et al.,[13] which suggests that two stages of diffusion

control do exist. The model considers that growth will
occur with a boundary layer in the growing austenite
and a constant composition of carbon in the ferrite.
During the first stage, the edge of the diffusion field has
not yet depleted the center of the prior eutectoid colony
(now austenite) of carbon, and the composition at the
end of the boundary layer remains constant at the
eutectoid composition and could be considered as a
semi-infinite configuration. At later times, the diffusion
field will begin to impinge upon that of an austenite
front that is growing from the same eutectoid colony, or
with an edge of the prior eutectoid colony, and the
carbon concentration at the edge of the boundary layer
must start to decrease. When this happens, the migra-
tion rate will be expected to decrease at a more rapid,
nonparabolic rate.[45] An analysis of the effect of
microstructure size features was carried out to verify
this mechanism. In the course of determining the cutoff
where the initial parabolic regime is satisfied, as in
Figure 14(b), the critical austenite precipitate thickness,
d*, can be compared to the adjacent prior eutectoid
colony size (measured perpendicular to the front migra-
tion direction) from which that front grows. These two
values should be closely related, as a larger eutectoid
austenite region would mean that the semi-infinite
solution should be valid over a longer distance before
overlap with another diffusion field will occur. As an
initial estimate, it is suggested that this critical thickness
will occur when it is equal to the half-thickness of the
adjacent prior eutectoid colony. A plot relating these
values is provided in Figure 16. The thickness at which
the semi-infinite diffusion model breaks down, relative
to the adjacent pearlite thickness, seems to increase with
temperature. There is significant scatter in the data, even
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at a single temperature; this may be due to the three-
dimensional nature of the eutectoid colonies, which
makes it difficult to determine the actual size of the
eutectoid colonies based on their appearance in the
plane of the surface. Some of the points that deviate
significantly could therefore result from a much larger or
smaller eutectoid colony below the plane than that
which is observed. This indicates that a more compre-
hensive finite diffusion model that incorporated the
initial size of the austenite precipitates upon dissolution
of the eutectoid regions might not be useful in this case.
Thus, future work with such a diffusion model would
require a microstructure with fewer or smaller eutectoid
colonies, or perhaps with large spheroidized carbide
particles, as in Reference 10. Nonetheless, Figure 16
does show some agreement and at least supports the
possibility that a model sensitive to the size features of
the initial microstructure would be useful.

IV. SUMMARY AND CONCLUSIONS

The kinetics of austenitization inmixed ferrite/eutectoid
steel have been studied through the use of confocal
scanning laser microscopy, dilatometry, and electron
microscopy. The following conclusions can be drawn
from the combination of results of these experimental
methods.

1. Austenite front migration in the ferrite regions of a
mixed microstructure, ferrite/eutectoid steel appears
to be controlled by long-range diffusion of carbon
at temperatures below T0, and by an interface reac-
tion, proceeding through a massivelike mechanism,
at temperatures above. This has been confirmed in
both nonisothermal and isothermal experiments.

2. Nonisothermal experiments are consistent with an
interface reaction control model developed for pure
iron in the expected temperature range. The inter-
face mobility reported compares favorably to previ-
ous studies of austenite-to-ferrite transformation in
dilute, substitutionally alloyed iron.

3. For temperatures below T0 and prior to expected
diffusion field impingements, the diffusion-con-
trolled rate constants corresponding to measured
front migration under isothermal conditions com-
pare quite favorably to those calculated by a semi-
infinite, moving boundary diffusion model.

4. The diffusion-controlled growth during isothermal
heat treating conditions below T0 occurs in two dis-
tinct stages; this corresponds to the time before and
after the carbon diffusion fields in the austenite that
had formed in the prior eutectoid regions impinge
with each other or with the edge(s) of the austenite
grain, as has been suggested by previous investiga-
tions.

5. Carbon distribution in a sample that appears to
have transformed partially by long-range diffusion
of carbon and partially by a massive transformation
is consistent with such a mixed mechanism. When
subjected to a fast heating rate, the carbon-rich and
carbon-poor regions remain roughly in the same

locations, resulting in a unique microstructure. This
correlation is not observed for a slow heating rate
where the transformation occurs entirely in the dif-
fusion-controlled regime.
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