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Abstract

Rechargeable batteries are being intensively investigated in an attempt to solve the

energy issues while meeting the environmental demands. Even though Li-ion batteries

(LIB) with high energy and light weight have been commercialized within the last 20

years, these devices currently require higher energy density, output power and sustain-

ability characteristics. The atomic behavior of Li ion that determines LIB’s performance

is hardly characterized by transmission electron microscopy (TEM) owing to its weak

electron-scattering power. In this sense, annular bright-field (ABF) scanning TEM

(STEM), in which the contrast has a low scaling rate with the atomic number, has been

proven to be a robust technique for simultaneous imaging of light and heavy elements.

The s-state model, in which electron channeling along the atomic column allows the

intensity to be focusing in the forward direction, has successfully explained the theory

of ABF contrast. Furthermore, the detector angle range, the defocus–thickness depend-

ence and the accelerating voltage (among other parameters) were discussed for opti-

mized imaging conditions. ABF-STEM has shown powerful capabilities in resolving the

atomic structure and the chemistry of electrodes (e.g. Li-ion occupation and diffusion,

phase transformation and interface reaction), thereby providing critical insights into the

physical properties, the battery performance and the design guidance of LIB. The future

directions of ABF imaging for the characterization of LIB materials were also reviewed.
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Introduction

With the aim to meet the ever-increasing energy demands
of the growing global population and to overcome the
pressing climate change and environmental protection
challenges, renewable energy production and efficient

energy storage with minimum emission or pollutant are
hot topics worldwide. There are various renewable energy
sources including wind, solar, tidal, biomass and geother-
mal. However, they are inherently intermittent and
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generally dispersed as compared to the isolated, large-scale
facilities that currently supply the vast majority of the elec-
trical energy [1]. With the aim to make the best use of
these energy sources, proper energy storage systems are
needed. Rechargeable batteries combining high energy,
light weight and low-cost characteristics are highly desir-
able and find numerous applications in a variety of fields
(e.g. portable electronic, transportation and load-leveling,
among others) [2].

The fast development of Li-ion batteries (LIB) has
increased the demand for electrode materials having high-
energy density, abundance, scalability and sustainability
characteristics [3,4]. Thus, a deep understanding of the
relationship between the microstructure and the battery
performance as well as guidelines for designing better elec-
trode materials are inevitably required [5]. Among various
characterization tools, transmission electron microscopy
(TEM) is a superior technique that provides information of
localized structure and chemistry. In particular, the suc-
cessful introduction of spherical aberration correctors
[6,7], as originally suggested by Scherzer [8], has made it
possible to reach sub-angstrom resolution [9–11].

Although the atomic behavior of Li ions often deter-
mines the electrochemical activity of LIB, these species are
hardly detected by TEM owing to their weak electron-
scattering power [12]. Yang et al. indirectly observed Li
and oxygen from a LiCoO2 cathode by experimental focal
series of high-resolution TEM (HRTEM) images at 300 kV
[13]. However, this method based on exit-surface wave
reconstruction is not suitable for analyzing a wide range of
cathode materials as it involves a series of complicated
operation and simulation steps while having stringent spe-
cimen requirements [14].

With the aim to overcome the issues of HRTEM using a
phase-contrast method, Pennycook et al. proposed a chem-
ically sensitive high angle annular dark-field (HAADF)
imaging technique for a scanning TEM (STEM) and
obtained atomic number (Z) contrast [15]. STEM is a time-
reversed form of TEM, as shown in Fig. 1 [16]. According
to the principle of reciprocity in electron microscopy, the
elastic-scattering amplitude from a source (Point A) to a
detector (Point B) is equal to that from a source at B and
detector at A. The direction of the rays is reversed from the
TEM situation, with the elastic-scattering mechanism pro-
viding the same image contrast in both cases. However,
when the specimen contains both heavy and light elements,
the contrast derived from light elements (e.g. Li) may be
overwhelmed by heavy elements during HAADF imaging as
the image contrast is proportional to Z1.7 [15,17].

By analogy with the hollow-cone illumination (HCI)
technology in TEM, Okunishi et al. achieved direct visual-
ization of light elements in 2009 by employing a novel

imaging mode for aberration-corrected STEM in which an
annular detector was located within a bright-field momen-
tum range [18]. As shown Fig. 2a, HCI employs selective
rays within certain incident beam angle ranges instead of
conventional axial illumination. HCI is known to

Fig. 1. Ray diagram of TEM and STEM showing the principle of reci-

procity in electron microscopy. Reproduced with permission [16].

Fig. 2. (a) Ray diagram for HCI-TEM and ABF-STEM and (b) PCTF of

HCI-TEM. Reproduced with permission [19].
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significantly improve the resolution and the signal-to-noise
ratio of a phase contrast by eliminating the chromatic
aberration (Cc), which is the major factor limiting the reso-
lution of HRTEM. Compared with axial illumination,
HCI doubled the resolution at optimized conditions
derived from the phase-contrast transfer function (PCTF).
Similar to TEM and STEM, HCI-TEM can be reciprocally
reversed by locating an annular detector within the bright-
field region in STEM. The optimized hollow-cone condi-
tion (i.e. 11mrad ≤ θc ≤ 22mrad) derived from the
aberration-corrected parameters shows that the informa-
tion transfer can be extended to 22.5 nm−1 (Fig. 2b), which
corresponds to a spatial resolution of ~44.4 pm [19]. This
mode, termed as annular bright-field (ABF) imaging, is in
accordance with the well-known HAADF imaging.

ABF imaging theory

Based on the HCI-TEM technology, the contrast transfer
in reciprocal ABF imaging is expected to have better reso-
lution than conventional bright-field STEM (BF-STEM),
and, unlike BF-STEM, its non-oscillating nature provides
easily interpretable images [18]. ABF imaging has received
extensive attention after the first ABF imaging work, and
plenty of experimental and theoretical evidences have fur-
ther demonstrated that this technique allows reliable and
simultaneous visualization of light and heavy elements
over a range of specimen thicknesses [19–21]. With the
aim to illustrate its advantages, the theory framework of
ABF imaging will be presented with respect to its quantita-
tive description and parameters optimization.

The s-state channeling model

With the aim to understand the contrast formation mech-
anism during ABF imaging, it is necessary to understand
the electron-scattering phenomenon inside the specimen
and its influence on the distribution of electrons reaching
the detector plane. However, the scattering behavior of the
electron probe inside the crystal can be very complex as it
involves multiple elastic and inelastic scattering. While
HAADF images are dominated by electrons undergoing
thermal diffuse scattering (TDS), BF images tend to be
dominated by coherent and elastic scattering. For simpli-
city, the effect of TDS is neglected as it represents a minor
factor during ABF imaging of light elements [21].
Although the phase object approximation is a simple mod-
el that satisfactorily describes the elastic scattering, it has
been shown unsatisfactory to explain ABF theory [21] and
the s-state channeling model [22,23] was considered
instead. By analogy with the ‘s-state’ in the Bloch wave
method, once the STEM probe locates well above the

atomic column, the total wave function can be divided into
two contributions: (i) the s-state contribution which is
highly localized around the atomic column; and (ii) the
remainder contribution which could be included in the
background term by using suitable simulations. When
the incident electron probe is located above a column, the
reciprocal space wave function can be expressed as a func-
tion of the propagation distance z inside the specimen as
follows [24]:

⎡
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⎤
⎦α π

α πλ

Ψ ( ) ≈ Φ ( ) − + [ ( )

− Φ ( )] [− ] ( )

λ
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where Φ s1 is the s-state wave function, α is the s-state exci-
tation amplitude, E00 is the s-state Eigen energy (negative),
E is the accelerating energy, A is the reciprocal space
probe-forming aperture function, λ is the electron wave-
length and u is the two-dimensional reciprocal vector.
Figure 3a shows the radial distribution of the diffraction
pattern intensity as a function of the scattering angle β

and the specimen thickness, as calculated from Eq. (1).
Figure 3b shows the results calculated using the full multi-
slice method. Although quantitative differences were found
between both methods, the results were qualitatively well
reproduced thereby validating the predictions of the s-state
model. With the aim to define the detector range, Fig. 3c
plots the wave functions of αΦ s1 , A and A−αΦ s1 as a func-
tion of the scattering angle β as it appears in Eq. (1). The
results can be roughly divided into three regions: (i) 0 ≤ β ≤

10mrad, where A−αΦ s1 is negative; (ii) 10 ≤ β ≤ 22mrad,

Fig. 3. Radial distribution of the diffraction pattern intensity as a func-

tion of the scattering angle and the sample thickness using (a) the

s-state model and (b) full multi-slice simulation. (c) Plots of the quan-

tities αΦ1s, A and A−αΦ1s in Eq. (1) as a function of the scattering angle.

A 200 kV, aberration-free STEM probe with a probe-forming semiangle

of 22mrad was positioned upon the O column in SrTiO3. Reproduced

with permission [20].
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where A−αΦ s1 is positive and (iii) β ≥ 22mrad, where A

−αΦ s1 is negative again. In the first and third of the three
regions, the two terms of αΦ s1 and A−αΦ s1 start perfectly
out of phase (a phase shift of π) and their interference can
only increase the total amplitude thereby resulting in a net
increase of the electron density in these regions. However,
the two terms start perfectly in phase (a phase shift of 0) in
the middle region. When propagation changes the relative
phase between these two terms, they inevitably go more out
of phase. Thus, the interference can only reduce the total
amplitude thereby resulting in a net reduction of the electron
density in this region. This explains the deficit and absorp-
tive image contrast of the ABF detector [20].

With the aim to summarize the above model into a
simple picture, Fig. 4 shows the scattering from a light-, a
heavy-element column, and the region between columns
and their intensity locations on the ABF detector. When
the probe is positioned right above the space between col-
umns (Fig. 4a), the probe is largely unaffected by the
interaction with the specimen thereby accounting for the
background signal for reference. Figure 4b represents the
probe positioned on the top of a light-element column. As
the s-state model describes, channeling along this column
consistently leads to a focus of the intensity in the for-
ward direction which is blocked by the beam stopper in
the ABF detector. Accordingly, the intensity reaching the
ABF detector is reduced and the atomic column has a
dark contrast appearance in the ABF imaging. Figure 4c
shows the probe positioned atop a heavy-element column.
A large portion of the probe is scattered to the high angle
region thereby significantly reducing the signal reaching
the ABF detector. Thus, the heavy-element atomic column
appears even darker as compared to that of a light elem-
ent. The absorption produced by TDS is the main cause
accounting for the dark contrast of heavy elements in
ABF imaging.

Detector range

With the aim to simulate the distribution of electron inten-
sity on the ABF detector plane, the diffraction imaging
method (DI, Gatan Inc.) at atomic columns was performed
on a SrTiO3 sample orientated along the [001] zone axis.
Figure 5a–c and e shows the high-resolution STEM images
reconstructed from the 4D data cubes of the diffraction
patterns. The Sr and Ti+O columns showed dark contrast
(Fig. 5a), which corresponds to a BF-L image reconstructed
from Area 1 shown in Fig. 5d. Conversely, these columns
exhibited bright contrast in Fig. 5e corresponding to an
HAADF image reconstructed from Area 3. The BF-S image
(Fig. 5b) reconstructed from Area 4 showed bright spots at
the O columns. The ABF image (Fig. 5c) reconstructed
from Area 2 showed additional weaker dark spots at O
columns apart from the Sr and Ti+O columns. Figure 5f
shows the intensity line profiles of BF-L, BF-S and ABF
images from the rectangle regions represented in Fig. 5a–c.
At the oxygen position, dull peaks (BF-L), relative sharp
peaks (BF-S) and valleys (ABF image) were observed. Thus,
the intensity of ABF is a residue after the subtraction of the
BF-S intensity from that of the BF-L image. The above
results illustrated that the electron passing through a col-
umn of light elements converged to the central area of a
direct beam disk, as explained by the s-state model [25].

Specifically, detailed simulations have revealed βmax = α

(i.e. probe-forming aperture semiangle) as a good choice of
outer detector angle. On the contrary, it appears that hav-
ing βmin = βmax/2 is advantageous for balanced contrast
and signal strength [21]. As a rough rule of thumb, the
ABF contrast is approximately proportional to Z1/3.
However, this relation is not clear-cut and varies with the
detector range and the probe-forming aperture semiangle,
among other parameters [24].

Defocus–thickness dependence

Figure 6a–d shows the atomic resolved HAADF and ABF
images for TiO2 [001] and SrTiO3 [110]. While the location
of the O columns was not evident in the HAADF images,
they were clearly visible in the ABF images exhibiting dark
contrast. ABF images allowed for clearer visibility while
enhancing the strength and contrast of light elements as
compared to the corresponding HAADF images. Figure 6e
shows a simulated defocus–thickness map for SrTiO3 [110].
The ABF signal possessed an absorptive contrast as pre-
dicted by the s-state model. Thus, the simulated ABF images
showed high contrast in the useful defocus range of ± 3 nm
and over a wide range of sample thicknesses. Experimental
studies on ABF imaging using aberration-corrected STEM
further revealed atomic columns with dark contrast over a

Fig. 4. Schematic of the electron probe scattering through an atomic col-

umn and onto an ABF detector (black dumbbells) with the probe posi-

tioned: (a) between the columns, (b) upon a light-element column and

(c) upon a heavy-element column. Reproduced with permission [24].
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wide range of thicknesses (10−70 nm) and defocus (–20 to
+20 nm) [25].

The above results can also be applied to Li imaging. In
this sense, higher accelerating voltage (e.g. 300 kV) is pre-
ferred for lithium contrast [26]. Further enhanced ABF
imaging, generated upon subtraction of the middle-angle
bright-field (0–9.4 mrad collection angle) from the ABF

signal, has shown enhanced detectability and contrast of
light elements [27,28]. Moreover, it is noted that the ABF
detector geometry is generally implemented using a BF
detector and a beam stop. Although ABF-STEM cannot be
acquired together with EELS, it could be simultaneously
acquired with the atomic resolution EDX spectrum
imaging [21].

Fig. 6. HAADF and ABF images of (a) and (b) TiO2 [001], (c) and (d) SrTiO3 [110]. The simulated images and atomic structures are given in the

insets. (e) Defocus–thickness map for the ABF imaging of SrTiO3 [110]. The microscope used was an aberration-corrected JEOL ARM200F operat-

ing at 200 kV with a probe-forming aperture semiangle of 22mrad. Reproduced with permission [20].

Fig. 5. HR-STEM images (a–c, e) and the corresponding intensity line profiles (f) reconstructed from the diffraction

patterns of all scanned pixels stored in the four-dimensional data cube using signals from different areas of the dif-

fraction plane as illustrated in (d). Reproduced with permission [25].
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Li insertion electrodes

Current commercial LIB uses electrode materials exhibiting
an insertion redox reaction mechanism for both cathode
and anode electrodes. While the chemistry of any electrode
material determine the voltage range in which it is electro-
chemically reactive, the crystal structure of the electrode
material often plays a critical role in determining the shape
of the voltage profile as a function of the Li concentration.
While the relationship between the voltage profile and the
crystal structure of intercalation compounds is well
known, the kinetic behavior of these materials (e.g. Li dif-
fusion, phase transformation and interface reaction, among
other parameters) is largely unknown because these pro-
cesses are hardly distinguished by experimental work [29].
Since the pioneering works on ABF visualization of Li ions
[30–34], ABF imaging has evolved into an powerful tool
for analyzing the atomic structure and the chemistry of Li
ions in cathode materials categorized by their Li transport
behavior [35].

1D transport

Polyanionic compounds, containing large polyanions
(XO4)

y− of earth abundant and environment-friendly ele-
ments (X = S, P, Si, As, Mo, W, among others), are being
explored as alternative materials in replacement of transi-
tion metal (TM) oxides commonly used in modern port-
able devices. The (XO4)

y− framework, having strong X−O
covalent bonds, increases the potential owing to the strong
polarization of the oxygen ions toward the X cation [36].
One typical example of this class of compounds is olivine
LiFePO4. This material has received considerable attention
as a positive electrode since the pioneer work from Padhi
et al., who demonstrated that Li ions can be extracted
reversibly at a high voltage (~3.5 V vs Li+/Li) via a two-
phase mechanism involving Li-poor (LixFePO4) and Li-rich
(Li1−xFePO4) phases [37].

The good characteristics of LiFePO4 as an electrode
material has prompted many reports and debates on its
physical properties including ionic and electronic conduct-
ivities, aliovalent cation doping, phase transition, size effect
and surface coating [36]. The crystal structure of olivine
LiTMPO4 (TM = Fe, Ni, Mn or Co, among others) is
shown in Fig. 7a [38]. Layers of octahedral TMO6 (yellow)
are corner shared in the bc plane, while linear chains of
octahedral LiO6 (green) are edge-shared along the b axis,
thereby creating Li tunnels in this direction. It has been
shown that Li-ion transport along the b axis is preferred
[39,40]. Further modeling showed that the migration
between adjacent Li sites in the [010] direction take place
along a curved pathway in LiFePO4 rather than by linear

hopping [41]. Diffusion of Li ions through a 1D channel
can be impeded by immobile point defects such as antisite
defects [42,43]. This brings out a unique phenomenon in
which the diffusion constant depends on the particle size
with the diffusion being slower in the bulk as compared to
nanoparticles [44]. The benefit of nanosizing LiFePO4 does
not only arise from offering shortened transport paths but
also from having enhanced diffusion constants. Thus, the
characteristics of 1D Li-ion transport in LiFePO4 are the
key to understand its physical properties and the corre-
sponding battery performances.

Intensive efforts were devoted to unravel the phase tran-
sition mechanism of LiFePO4 as it exhibits ultrahigh dis-
charge rates (even comparable to that of supercapacitors
[45]) by optimized nanosizing and coating. Various two-
phase mechanisms such as the domino-cascade model [46]
have been proposed to explain the high-rate cycling cap-
ability of this material. Acquiring direct images at atomic
resolution of partially delithiated Li1−xFePO4 is essential to
clarify this question. Gu et al. [32] first observed Li staging
in partially delithiated LiFePO4 and found that the remain-
ing Li ions preferably occupied every second layer. Such
findings challenged the previously proposed two-phase sep-
aration mechanism.

Figure 8c shows an ABF image of partially delithiated
Li1−xFePO4 (x = ~0.5) acquired from the [010] direction.
When compared with the pristine material (Fig. 8a, yellow

Fig. 7. Crystal structure of (a) olivine LiTMPO4 illustrating the 1D Li-ion

diffusion channels along the [010] direction, (b, c) layered cathode

materials LiTMO2 and Li2MnO3, (d) 3D spinel framework along the

[101] direction. The Li atoms are in green, the O atoms are in red, the P

atoms are in purple and the TM atoms in yellow. Structure visualization

using the VESTA software [38].
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circles indicate Li ions), the Li ions in the delithiated mater-
ial remained in the lattice occupying every other row
(Fig. 8c). The Li extraction sites are indicated by red
arrows. The crystal structures of LiFePO4 and Li0.5FePO4

phases are shown in the insets of Fig. 8a and c, respect-
ively. In the unit cell of Li0.5FePO4 (a fraction of Li ions is
extracted) the upper nearby Fe−P columns (as indicated by
cyan arrows) showed a fuzzy contrast, thereby indicating a
local disordering of the structure. Consequently, a faint
contrast corresponding to diffused O columns is observed
close to the vacant sites in the rows where Li ions are
extracted. The ABF image corresponding to fully charged
FePO4 (Fig. 8b) revealed that the distortion of the Fe−P
columns disappeared with a more diffused distribution of
O contrast around the pre-existed octahedral LiO6.

Zhu et al. observed an ordered LiFePO4–FePO4 inter-
face in partially delithiated LiFePO4 by ABF-STEM
imaging. Figure 9a shows the ABF image of partially
delithiated LiFePO4 at the [010] zone axis. Three different
phases appeared in Fig. 9a: (i) a pristine LiFePO4 phase
(cyan region, enlarged in Fig. 9b); (ii) FePO4 phase (green
region, enlarged in Fig. 9c); and (iii) an intermediate phase
with a Li staging structure as shown in Fig. 8c (red region,
enlarged in Fig. 9d). From the analysis of the ABF intensity
profiles (the valleys of dark dots were inverted as peaks,
Fig. 9e, f), the intensity of Li columns was significantly dif-
ferent in three regions. Thus, in the interface region (as
separated by curved dashed lines), the intensity of the Li
columns in Lines 1 and 3 was lower than that in Lines 2
and 4, thereby revealing a feature of Li staging structure. It
is important to note that the interface frontier was a curved
line and the occupancy of Li did not decrease from the
LiFePO4 to the FePO4 region. It seems that the phase tran-
sition between LiFePO4 and FePO4 was propagated via an
intermediate Li staging structure rather than by the two-

phase mechanism [47, 48]. The above direct observation of
the interface structure strongly supported a solid-solution
transformation mechanism of LiFePO4 [49].

The phenomenon of Li staging in LiFePO4 with differ-
ent sizes (i.e. 70 and 50 nm) was also investigated. In lar-
ger crystals, the staging phase occurs at the interfacial zone
(~15 nm width), whereas staging is found in smaller crys-
tals throughout the matrix with a decrease of order from
the center to the surface [48]. These findings further
explain the benefit of nanosizing LiFePO4 electrode materi-
als in getting high-rate charging and discharging
characteristics.

2D transport

Li ions in layered structures are generally thought to move via
a 2D transport mechanism. There are many types of layered
intercalation compounds such as graphite, TiNb2O7 [50],
Li3NbO4 [51], LiCoO2, LiNi1/3Co1/3Mn1/3O2, Ni-rich
LiNi0.8Co0.15Al0.05O2 and Li- and Mn-rich electrode mate-
rials [4]. LiCoO2 and its derivatives are widely used as
cathode materials in mobile electronic devices. They have
an ordered layered structure in which the Li and the TM
slabs are alternately repeated in the cubic close-packed
(ccp) frame of O atoms (Fig. 7b). Li and TM ions are posi-
tioned at the octahedral sites within the corresponding
slabs. Most intercalation compounds undergo a variety of
first-order phase transformations while changing the Li
concentration. Thus, Li insertion into LiCoO2 takes place
with a change of the O stacking sequence from O3 (ABC)
to O2 (ABAB) and O1 (AAA) types. The least energetic-
ally hindered hop path for Li diffusion between neighbor-
ing octahedral sites of a close-packed anion sublattice is
along a curved path passing through an adjacent tetrahe-
dral site via o–t–o diffusion. A Li-ion passing through a

Fig. 8. ABF micrographs showing the Li ions location every row for partially delithiated LiFePO4: (a) pris-

tine state with the atomic structure of LiFePO4, (b) fully charged state with the atomic structure of FePO4

shown for comparison and (c) half charged state showing the Li staging structure. Li sites are marked by

yellow circles while the delithiated sites are marked by orange circles. Reproduced with permission [32].
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tetrahedral site could also hop into a single vacancy or
divacancy site. The energy of the intermediate tetrahedral
site depends on its coordination extent by neighboring
cations [29]. For example, the activated tetrahedral Li ion
shares faces with four octahedral sites of Li, TM or
vacancy sites. The energy of the intermediate state is
largely determined by the electrostatic repulsion between
the activated Li ion and its face-sharing species. Thus, the
energy of the intermediate state depends on (i) the valence
of the face-sharing species and (ii) the available space for
relaxation between the activated Li ion and the face-
sharing species. Cation-disordered structures have not
been considered as cathodes because Li-ion diffusion tends
to be blocked by its neighboring TM ions in Li slabs (i.e.
1-TM channel inactive). However, 0-TM channels become
percolating above the Li content threshold in Li-excess
cation-disordered materials [51,52]. Understanding 2D
Li-ion transport may enable the design of both layered
and Li-excess materials with high capacity and high-
energy density characteristics.

The visualization of Li ions in LiCoO2 using TEM was
first reported elsewhere [13], and then clearly achieved by
ABF-STEM [31]. The phase diagram during electrochem-
ical cycling is complex and involves a variety of phases
such as O3- and O2-types. The phase transitions are
strongly related with the rearrangements of Li ions and Li

vacancies [53–55]. Lu et al. [56] employed STEM techni-
ques to investigate the structural evolution of nanosized
O3-Li1−xCoO2 (0 ≤ x ≤ 0.5) cathodes including (i)
arrangement of the Li ions and Li vacancies; (ii) distortion
and (iii) phase transition. When the LiCoO2 electrode was
charged to 4.5 V (i.e. ~0.52mol of Li extracted, Fig. 10b),
O3-LiCoO2 transformed into O1-LiCoO2, as revealed by
the Co columns arrangements. In Fig. 10b and c, the con-
trast of Co columns is alternately varied, which is signifi-
cantly different from the black line obtained for the ABF
micrograph of pristine LiCoO2. The Co columns can be as
Co1 and Co2, thereby indicating different chemical envir-
onments of Co ions in the Co-contained (003) plane after
Li-ion extraction at high voltage. In Fig. 10d, the Li-ion
columns (blue line) were also found to be different from
the black line of pristine LiCoO2. The Li-ion columns also
showed a periodically varying contrast, in agreement with
the simulated ABF image based on the Li ion and vacancy
model (Fig. 10a). The O1-LiCoO2 model shows that Li
ions occupy every other (101) plane to form a staging
structure.

Li2MnO3 is the parent compound of the next emerging
cathode materials xLi2MnO3-(1−x)LiTMO2 for high-
energy density LIB. This Li-excess cathode material has a
very high capacity for extracting more than 1 Li per
formula. Compared with LiCoO2, the TM plane of the

Fig. 9. (a) ABF images of a partially delithiated Nb-doped LiFePO4 material along the [010] direction, and (b–d) magnified images and correspond-

ing (e–g) atomic structures for different regions denoted by dashed rectangles. (h) Colored ABF intensity profiles from the corresponding dashed

lines shown in (a). In the ABF line profiles, image contrast of dark dots was inverted and showed as peaks, same as below. Reproduced with per-

mission [48].
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Li-excess cathode contains additional Li columns. The
Li2MnO3 structure can be written as Li[Li0.33Mn0.66]O2 in
which the LiMn2 planes have an ordering within the cation
arrangement (Fig. 7c). When viewed along the [110] zone
axis, the LiMn2 planes appear as a repeating sequence of 2
Mn and 1 Li columns, as shown in Fig. 11a. After delithia-
tion, the line profiles of the LiMn2 planes only showed the
repeating sequence of 2 Mn columns (Lines 1 and 3 in
Fig. 11b), thereby indicating that the Li ions at 2b site have
been completely extracted. After discharge, the line profiles
(Line 1 in Fig. 11c) revealed that the 2b site was again
occupied by the reinserted Li. The Li planes consisted of Li
atoms at the 2c and 4 h sites in Li2MnO3. From Line 2
along the Li plane (Fig. 11a), the contrast of Li columns
was nearly similar, thereby indicating uniform occupation
of Li at these sites. After delithiation (Lines 2 and 4 in
Fig. 11b), some gray spots marked by blue circles appeared
just in the middle of the two consecutive Mn columns (i.e.
above: Line 1, below: Line 3). These spots were at octahe-
dral sites previously occupied by Li ions. Therefore, Mn
should migrate into these sites after delithiation. After
relithiation (Line 2 and Fig. 11c), it is interesting to note
that the contrast along the Li plane was nearly similar,
thereby indicating that the totality of Li was restored. This
implies that the cation mixing of Mn into the Li planes
seems reversible during the first cycles [57]. The above
structural characterizations clearly reveal the Li extraction
process and explain the high capacity obtained in
Li2MnO3 and Li-excess cathode materials.

3D transport

Although Li ions can move within a ccp structure of
layered oxides, these 2D Li diffusion materials have a
degree of freedom along the c axis. The LiTM2O4 spinel
structure (Fig. 7d), which also has a ccp frame of O atoms,
presents fast Li transport in 3D. In the spinel oxide, the O
anions occupying the 32e sites form a ccp framework,
while TM cations reside in octahedral 16d sites and Li ions
are located in tetrahedral 8a sites. After the first attempt to
insert Li into the Fe3O4 spinel, it was described that Li ions
pushed all Fe tetrahedral 8a sites into octahedral 16c sites
leading to a phase transformation from ccp to a rock-salt
phase [58]. Since then, other spinel structural oxides such as
LiMn2O4 [59–61], LiNiyMn1-yO4 [62,63] and Li4Ti5O12

[64–66] have been widely investigated on their microstruc-
ture and properties relationship.

LiMn2O4 is a promising electrode material that has
become an attractive alternative to layered LiCoO2 owing
to its high power capability, excellent safety, low-cost and
environmental benign characteristics [60,67]. Nevertheless,
it suffered from severe capacity fading, especially at the ele-
vated temperatures associated with surface Mn2+ dissol-
ution [68] in which Mn2+ is formed via disproportion
(2Mn3+→Mn2+ + Mn4+) under acidic conditions. In this
sense, partial element substitution was effective in stabiliz-
ing LiMn2O4 since the shortage of one metal can be offset
by the advance of another metal species. Thus, Li
(Ni0.5Mn1.5)O4 has been extensively studied as a kind of
high-voltage cathode materials [69–71].

Fig. 10. (a) Simulated ABF micrographs of O1-type Li0.5CoO2 with ordered Li occupancies/vacancies arrangements at the [010] zone axis. (b)

ABF-STEM image of a LiCoO2 electrode charged to 4.5 V at the [010] zone axis. The corresponding line profiles of (c) Co and (d) Li columns as

arrowed in (b), where the black line was acquired from the ABF micrograph of pristine LiCoO2. Reproduced with permission [56].
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Li4Ti5O12, a spinel anode material, is the anode candi-
date with the greatest potential for being used in LIB owing
to its intrinsic advantages [64,72]. Compared with commer-
cial graphite (below 0.2 V vs Li/Li+), Li4Ti5O12 has a higher
lithiation voltage plateau (1.55 V vs Li/Li+) which can bring
better safety of LIB while avoiding the formation of solid
electrolyte interphase films [65,73]. Additionally, Li4Ti5O12

exhibits excellent reversibility as a ‘zero-strain’ insertion
material [74]. The structural formula of Li4Ti5O12 can be
described as (Li)8a[Li1/3Ti5/3]16d(O4)32e during lithiation in
which the Li ions at the 8a sites and inserted Li ions are
cooperatively moved to the neighboring 16c sites to form
the (Li2)16c[Li1/3Ti5/3]16d(O4)32e (Li7Ti5O12) ordered rock-
salt phase through a two-phase mechanism. Although the
two-phase reaction mechanism for this Li4Ti5O12 material
has been well studied and clearly revealed [75,76], it is
necessary to directly observe the phase transformation and
the two-phase interface at atomic-scale. Lu et al. used ABF
imaging to unambiguously reveal the Li storage mechanism
in the Li4Ti5O12 lattice at atomic-scale and to directly
observe the two-phase interfacial structure for the first time
[77]. As shown in Fig. 12, the phase boundary along the
yellow curve revealed the coexistence of the two phases (i.e.
Li4Ti5O12 in Region 1 and Li7Ti5O12 in Region 2), thereby
verifying the two-phase reaction mechanism for the spinel
Li4Ti5O12. Comparing the profiles of the different regions
in Fig. 12b and c, it can be clearly seen that Li is displaced
from 8a to 16c sites, thereby demonstrating the Li diffusion

pathway in this spinel oxide. Figure 12d and e shows that
the sharp coherent heterophase is consistent with the first-
principles calculation and may be reasonably understood
considering the ‘zero-strain’ characteristics of the lithiation/
delithiation process of Li4Ti5O12.

Perspectives

In summary, ABF-STEM has evolved into a powerful tool
to visualize Li ions in rechargeable batteries. The weak
electron scattering and contrast (overwhelmed by heavy
elements) characteristics of Li atoms make this element dif-
ficult to be imaged by HRTEM or HAADF-STEM. Based
on the s-state channeling mode, ABF imaging of light ele-
ments yields an absorption type of gray contrast as com-
pared to the dark contrast of heavy elements. Under
optimized conditions, it is possible to provide easily inter-
pretable images with non-oscillating nature over a wide
range of sample thicknesses and defocus. This promising
imaging mode has shown robust capabilities in recharge-
able batteries where the atomic behavior of Li ions is key
to resolve their electrochemical properties. The electrode
materials are divided into three categories according to
their Li diffusion channel mechanism. ABF imaging has
been revealed as a technique able to characterize the
kinetic behavior (e.g. Li diffusion, phase transformation
and interface reaction) of these intercalation compounds,
which was previously difficult to be captured by experiments.

Fig. 11. ABF micrographs and the corresponding line profiles of Li ions in Li2MnO3 after the electrochemical lithiation and delithiation: (a) pristine

Li2MnO3, (b) Li2MnO3 charged to 4.8 V and (c) Li2MnO3 discharged to 2 V after being charged to 4.8 V. Reproduced with permission [57].
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Solid-state batteries with high-energy density, high power
and rigid safety advantages are under intensive investigation
as near future storage devices [78]. The mechanism for ion
diffusion in solid electrolytes is key to determine the kinetics
of the electrochemical process [79]. Gao et al. [80] showed
that ABF and EELS analyses can provide critical insights
into the atomic structure and chemistry of solid ionic con-
ductors. On the contrary, great efforts are needed to charac-
terize the structure of the surface and the grain boundary as
these interfaces contribute to the main resistance of ion con-
ductivity [81–84]. Quantitative imaging of Li ions deserves
further investigations to develop the ABF theory. Since the
ABF contrast is nearly proportional to Z1/3, the Li atoms in
columns are countable and their intensity show a linear scal-
ing with the number of unit cells [85]. Thus, it is promising
to obtain atomic-scale information of the concentration of
Li ions during battery operation.
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