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Chapter 1 
 

 

 

Introduction 
 
 
 
1.1. Steel and its phases 

 
One of the most abundant metals on our planet is Iron. It forms up to 35 % of the 
mass of the Earth as a whole [1]. Due to its rather easy accessibility and 
manufacturing, iron is the most used of all the metals. Its combination of low cost and 
high strength makes it irreplaceable, especially in applications like automobiles, 
structural components for buildings etc.  

The best-known alloy of iron is steel [1]. Iron and Carbon are the basic 
elements of all steels, but depending on the application of the steel product, other 
alloying elements can be added to improve the properties and meet the requirements 
for a certain application. Changing the chemical composition of the steel by adding 
alloying elements is not the only way to influence the properties of the final product. 
The other possibility to influence the properties - heat treatment - is related to the fact 
that at different temperatures iron in equilibrium has different crystallographic 

lattices, i.e. the arrangement of atoms that repeats periodically in three dimensions. 
Depending on the material composition, up to the transition temperature A3 (see Fig. 
1.1) and at very high temperatures (between 1400 °C and 1539 °C) iron has the body 

centered cubic (bcc) structure, named ferrite, and at intermediate temperatures iron 
has the face centered cubic (fcc) atomic structure, named austenite [1]. Carbon is a 
relatively small interstitial atom that tends to fit into the octahedral voids of the iron 
lattice.  It strengthens steel and gives it the ability to harden by heat treatment. Ferrite 
at equilibrium contains a maximum of 0.025 wt. % (0.116 at. %) carbon at 727 °C and 
0.008 wt. % (0.037 at. %) carbon at room temperature. Austenite can contain up to 2.0 
wt. % (9.0 at. %) of carbon. 

Another phase, which is quite often present in steels, is cementite (Fe3C). 
Unlike ferrite and austenite, cementite is a very hard intermetallic compound 
consisting of 6.7 wt. % (25 at. %) of carbon [1]. Cementite is very hard and therefore 
can act as the strengthening phase in steel.  

An important structural constituent to mention is pearlite. Pearlite is not a 
single phase, but a mixture of alternating lamellae of ferrite (α) and cementite (Fe3C) 
in a single grain [1].  Pearlite forms by an eutectoid reaction when austenite is slowly 
cooled below 727 °C. The eutectoid composition of austenite is approximately 0.8 wt. 
% (3.7 at. %) carbon; steel with less carbon will contain a corresponding portion of 
ferrite that does not participate in the eutectoid reaction.  

The last two phases that have to be mentioned are martensite and bainite. 
They are not stable phases and thus not shown on the phase diagram. Martensite is 
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formed by rapid cooling (quenching) of austenite, which traps carbon atoms that do 
not have time to diffuse out of the crystal structure. It is a rather hard phase and is 
formed by displacive transformation below the martensite start temperature (Ms). The 
difference between martensite and austenite is that martensite has a body centered 
tetragonal crystal structure, whereas austenite has a face centered cubic structure. 
Bainite is another decomposition product that may form when austenite is cooled past 
a critical temperature of 727 °C, but normally forms in the range 250-450 °C. A fine 
non-lamellar structure, bainite commonly consists of ferrite and cementite or other 
carbide. It is in constitution similar to pearlite, but with the ferrite forming by a 
displacive mechanism similar to martensite formation, usually followed by 
precipitation of carbides from the supersaturated ferrite or austenite. The temperature 
range for transformation to bainite is between those for pearlite and martensite. When 
formed during continuous cooling, the cooling rate to form bainite is higher than that 
at which pearlite forms, but lower than that to form martensite, in steel of the same 
composition. 

 
 

1.2. Phase diagram 

 
The most widely-used way to represent the existence of the different phases in 
equilibrium depending on temperature and carbon content is by means of a phase 
diagram. A phase diagram is a type of graph that shows the equilibrium conditions for 
the thermodynamically distinct phases. The Fe-C phase diagram is shown in Fig. 1.1 
[2]. Depending on the carbon concentration in the steel, the diagram is divided into 
four parts:  
   
a) hypo-eutectoid  steels, which contain less than  0.80 wt. % of carbon; 
b) eutectoid  steel, which contains  0.80 wt. % of carbon; 
c) hyper-eutectoid steels, which contain more than  0.80 wt. % of carbon; 
d) cast irons, which contain more than 2 wt. % of carbon. 
 

In this thesis only the hypo-eutectoid part of the diagram, where the carbon content is 
less than 0.80 wt. %, is considered. Typical hypo-eutectoid steel at room temperature 
has a pearlite-ferrite microstructure with different phase fractions, which are 
determined by the amount of carbon in the steel. In order to influence the properties of 
the steel, some alloying elements other than carbon, like manganese, chromium, 
vanadium, tungsten etc. can be added. In general, two types of alloying elements can 
be distinguished in accordance to their solubility in the iron matrix. Interstitially 
dissolved elements, like carbon and nitrogen, and substitutionally dissolved elements, 
like manganese, chromium etc. Interstitial elements are usually located in the 
octahedral voids; whereas substitutional elements are located at the same lattice sites 
as iron atoms. 

http://en.wikipedia.org/wiki/Pearlite�
http://en.wikipedia.org/wiki/Martensite�
http://en.wikipedia.org/wiki/Pearlite�
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Figure 1.1. Fe-C Phase diagram, indicating the thermodynamically stable phases as a 

function of carbon concentration and temperature [2]. 

 
 
1.3. Austenitization 

 
In the process of steel making, in order to obtain the desired mechanical and physical 
properties of the final product, almost always suitable heat treatment(s) must be 
performed. The first step in a heat treatment process is austenitization [3], which has a 
strong influence on the final properties of the structure of the material. In order to 
induce austenitization the material is heated from room temperature, where a hypo-
eutectoid steel typically has a ferrite+pearlite microstructure, through the two-phase 
region (ferrite+austenite) to the one-phase austenite region. The main features of 
austenitization are: 
 
a) constant increase in atom mobility and driving force with increasing temperature. 

With increasing overheating the phase transition accelerates due to the increased 
nucleation and growth rates; 
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b) formation of a one-phase structure (austenite) with homogeneous carbon 
distribution from a two-phase mixture (ferrite-pearlite). The transformation of bcc 
structure into fcc structure is complicated by the carbon redistribution between the 
phases. 

 
A major interest in austenitization was raised during the present development 

of Dual-Phase (DP) and Transformation Induced Plasticity (TRIP) steels. These new 
generations of multiphase steels promise a strip material for automotive applications 
with an optimum combination of high strength and ductility. At present, the principal 
factor used to tailor the properties of DP steels is the total volume fraction of 
martensite in the final microstructure. TRIP steels are more complex, but final 
properties are largely manipulated using the bulk chemistry and cooling cycles to 
provide a complex phase mixture containing retained austenite. In both cases little 
control of the size distribution, spatial distribution and geometry of the 
microstructural constituents is exercised. This is in part due to the practical limitations 
imposed by existing production lines, but is also due to a shortfall in the 
understanding of the evolution of the microstructure during austenitization and 
parameters that control it. Optimization of multiphase products will be much more 
efficient with this understanding. 
 
 
1.4. This thesis 

 
The aim of the thesis is to develop knowledge and to gain better understanding of the 
formation of the austenite microstructure in steel during heating, e.g. austenite 
nucleation kinetics, austenite growth modes and morphologies, redistribution of 
carbon between the phases during the transformation. Although the phase 
transformations that take place during cooling from austenitic temperatures have 
extensively been studied, the transformation during heating has drawn little attention. 
Nevertheless, it is during this process that the blueprint for the eventual 
microstructure is being formed, like the phase fractions and the spatial and size 
distribution of the ferrite and the martensite, bainite grains.  

The content of the thesis is arranged as follows: 
Chapter 2 gives an overview of the literature on the austenite formation from 

different initial microstructures (ferrite, pearlite, ferrite+pearlite), both in 
experimental studies and simulations.  

Chapter 3 describes the alloys used in this project as well as the 
characteristics of different techniques used for the experimental research presented in 
this thesis: optical and scanning electron microscopy (OM and SEM) [4, 5]; electron 
probe micro analysis (EPMA) [6]; dilatometry [7] and three-dimensional X-ray 
diffraction microscopy (3D-XRD) [8].  

In chapter 4 the microstructural features of austenite formation are studied 
using OM, SEM and EPMA. It is shown that formation of the austenitic phase upon 
heating is possible in pearlite as well as in ferrite regions; however in the second case 
it proceeds at a much lower rate, as carbon has to diffuse from the carbon-rich regions 
(former pearlite, acting as a source of carbon). The character of the pearlite-to-
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austenite transformation is shown to be dependent on the heating rate. The formation 
of metastable austenite (containing 0.27 wt. % C) on the ferrite-ferrite grain 
boundaries is described and a possible explanation, which is based on thermodynamic 
considerations, is given. It is also shown that carbon inhomogeneities are responsible 
for some specific phenomena observed in the α/γ structure. The formation of a finger-
type austenite, a specific growth morphology, occurs on the pearlite-ferrite grain 
boundaries and coincides with the position of cementite plates. In locations where the 
direction of the cementite lamellae is not perpendicular to the grain boundary, the 
formation of a “black” phase, bainite, takes place. 

Chapter 5 presents the results on the austenite nucleation and growth 
measured on the level of individual grains using 3D-XRD microscopy. The unique 
experimental data on austenite nucleation show two different nucleation regimes: 
initial fast nucleation, most likely on pearlite colonies, and slower nucleation on the 
ferrite/ferrite grain boundaries. Chapter 5 also presents the kinetics of individual 
austenite grains growing during ferrite+pearlite decomposition into austenite. A 
quantitative model interpretation of the nucleation and growth data is given. 

Chapter 6 presents a model for the ferrite+pearlite-to-austenite 
transformation, which is based on the phase-field approach. The model is able to 
describe qualitatively and quantitatively the pearlite+ferrite-to-austenite 
transformation during continuous heating. The pearlite phase is considered to be a 
single phase with a uniform composition. Nucleation is described by the Classical 
Nucleation Theory (CNT) [9]. The interface mobility, governing the growth rate, is 
used as a fitting parameter to fit the experimental and the simulated austenite volume 
fraction curves. A good agreement in the development of the simulated and 
experimental microstructure is observed.  The derived carbon profiles show the 
development of strong carbon gradients with increasing heating rate. The refinement 
of the microstructure with increasing the heating rate is also captured by the model. 

In chapter 7 the redistribution of carbon during austenitization is studied in 
detail using the model developed in chapter 6. It is shown that the character of the 
phase transformation indicated by the concentration of carbon in austenite on the 
austenite-ferrite interface, strongly depends on the heating rate. A transition from the 
diffusion-controlled mode to interface-controlled mode with increasing heating rate is 
thus observed and analyzed. The well-established assumption of the diffusion-
controlled mode for the ferrite-to-austenite transformation upon heating is only 
applicable for a relatively narrow range of low heating rates. For most heating rates 
that are of interest to the industry a mixed-mode approach will give a better 
representation of the transformation. 

Finally, in chapter 8, different austenite nucleation sites, near the source of 
carbon (pearlite-ferrite boundary) and away from the source of carbon (ferrite-ferrite 
boundary) are analyzed by means of phase-field modeling. It is shown that austenite 
grains on the pearlite-ferrite grain boundary grow almost 10 times faster than the ones 
growing on the ferrite-ferrite grain boundary. This is directly related to the carbon 
concentration profiles. A highly inhomogeneous carbon distribution develops during 
the transformation, both in ferrite and austenite, and some time is necessary to obtain 
a homogeneous (in carbon) microstructure. Carbon gradients that develop during the 
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isothermal holding in the ferrite phase play a crucial role in the austenite 
transformation kinetics. 
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Chapter 2 
 

 

 

Background 
 
 

Abstract 

 
 
In the first part of this chapter the experimental evidence that is available on the 
austenitization of ferrite, pearlite and ferrite+pearlite microstructures, will be presented.  
The investigators in the literature pointed out the complexity of the austenite formation, 
in that the austenite is nucleating and growing from different sites in the initial 
microstructures consisting of different phases (ferrite and pearlite, which is a mixture of 
ferrite and cementite), with different degrees of stability. Pearlite-to-austenite 
transformation is a much faster process than ferrite-to-austenite transformation [1]. 
Possible nucleation sites in a ferrite-pearlite structure are claimed to be the grain 
boundaries, edges and corners.  

In the second part of this chapter modeling methods that are used for modeling 
solid phase transformations will be presented. Among all the models and techniques, 
phase-field theory will be addressed in particular as the modeling part of the thesis is 
based on this approach.   
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2.1. Experimental 
 
2.1.1. The formation of austenite in pure iron: ferrite 

 
In pure iron, the rate of formation of austenite from ferrite is quite rapid, and even the 
use of a very high (i.e. 10,000°C/s) heating rate cannot suppress the transformation to a 
great extend [2]. Figure 2.1 shows some data illustrating this effect. There is only a very 
small change in the transformation temperature (~ 50 ºC) over the heating rate range of 
0-20,000 °C/s [3]. Such data show that the nucleation and growth of austenite in pure 
iron is very rapid. 
 
 
 
 
 
 
 
 
 
 

 

 

 

 

 

Figure 2.1. The effect of heating rate on the temperature at which ferrite transforms to 

austenite in pure iron (upper curve), after [3]. The symbols show two different sets of 

data.   
 
 
2.1.2. The formation of austenite in steels 
 
The situation for forming austenite is different from the transformation process during 
cooling. As the temperature is raised into the austenite region, the free energy change 
increases (this is the difference in the free energy of the product phase, austenite, and 
the parent phases, such as pearlite or ferrite). Thus, the rate of formation of austenite 
should increase with increasing temperature. Also, with increasing temperature the 
atomic mobility increases. Thus both the thermodynamic driving force for the formation 
of austenite and the atomic mobility become larger with higher temperatures, and 
therefore the rate of nucleation and the rate of growth will continuously increase with 
increasing temperature.  

 
 

0
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2.1.2.1. The formation of austenite from lamellar pearlite in eutectoid steels  
 

Once a suitable temperature has been reached, and this needs to be only slightly above 
the A1 temperature (see Fig. 1.1), austenitization of eutectoid steel proceeds by four 
distinct steps [4], namely:  
 

a) pearlite remains unaffected for a short incubation period; 
b) transformation of “pearlitic” ferrite to austenite, which occurs by nucleation 

followed by growth;  
c) transformation of cementite into the newly formed austenite; and  
d) diffusion of carbon away from the cementite-austenite interface into the 

austenite.  
 
As an austenite region grows in pearlite, at the austenite-pearlite interface the 

eutectoid reaction of ferrite+carbide→austenite occurs. The possible sites for nucleation 
of austenite in this case are [4, 5]:  

 
a) the interface between the cementite and ferrite plates in the pearlite colony 

(site 1 in Fig. 2.2).  
b) the grain boundaries (site 2 in Fig.2.2). 

As was mentioned by several authors [4-9], the second site is the most 
favorable. Nucleation of austenite within the pearlitic structure occurs preferentially at 
the intersection of pearlite colonies (grain boundaries) (see Fig. 2.3a, b). New grains of 
austenite nucleate at the boundaries and a pearlite colony can contain more than one 
new austenite grain (see Fig. 2.3b).  

 
 
 
 
 
 
 

 

 

 

 

 

 

Figure 2.2. Possible nucleation sites for austenite in the pearlite structure. 1) the 

interface between the cementite and ferrite plates in the pearlite colony, 2) the pearlite-

pearlite grain boundaries. α=ferrite, θ=cementite, γ=austenite [4]. 

 

 

α1 

α2 

θ2 

θ1 γ 

γ 
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a) 

 
 

b) 

 

Figure 2.3. Formation of austenite from lamellar pearlite in 0.8 wt. % C steel, heated  

at 730 °C for a) 20 s and b) 40 s. Arrows indicate three individual austenite grains 

initiated in a single pearlite colony. Etchant: a) picral, b) bisulfite. P=pearlite, 

M=martensite (austenite at higher temperatures) [9]. 
 
 
According to Mehl [6], the density of potential nucleation sites in pearlite is 

much higher than the experimentally observed density of austenite grains formed. 
Careful examination of the microstructure of austenite, which has formed from pearlite, 
shows that the austenite grains preferentially nucleate at the interface between pearlite 
colonies (on the pearlite-pearlite grain boundaries). At this location, the boundaries 
separating the ferrite in one pearlite colony from that of the other and that between the 
carbide in the two colonies, both are high angle boundaries. 

Similar observations were made by Speich et al. [4]. They observed that the 
nucleation rate of austenite in the pearlite structure was not very high, in spite of the 
large amount of interfacial area on which nucleation can occur. The surface energy is 
known to be a function of the lattice mismatch between two crystals and a high angle 
boundary would favor nucleation. This appears to be the reason for the lack of 
nucleation on the ferrite-carbide interfaces of pearlite. Nucleation occurs at the high 
angle boundary between pearlite colonies, where the surface energy is more favorable. 

The new grains of austenite grow laterally along the plates of ferrite in a 
pearlite colony and expand to replace the ferrite in the colony. An interesting 
observation was made by Speich et al. [4]. They noticed that the austenite growth front 
is not planar and the pearlite-austenite interface is considerably deformed. The 
cementite plates dissolve in this austenite, but the austenite grains grow at a faster rate 
than that at which the cementite plates dissolve (Fig. 2.3a; 2.4a, b). This residual 
cementite is first plate-like, then breaks up (Fig. 2.4a–c) and completely dissolves (Fig. 
2.4d). This sequence can be well advanced in some regions, while other regions of a 
parent pearlite colony are still unaffected (Fig. 2.4b). 

Indications of the previously existing cementite plates usually are visible for a 
short period after the cementite itself has disappeared (Fig. 2.4c) due to the in-

M 

P 

P

M

10 μm 40 μm 
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homogeneous distribution of carbon in the austenite during this period, but these traces 
also disappear in time (see Fig. 2.4d) [9].  

 
 

 
 

a) 

 
 

b) 

 
 

c) 

 
 

d) 

 

Figure 2.4. Formation of austenite from lamellar pearlite in 0.8 wt. % C steel, annealed  

at 730 °C for a) 26 s, b) 30 s, c) 60 s and d) 300 s. Etchant: picral. P=pearlite, 

M=martensite (austenite at higher temperatures) [9]. 
 
 
Figure 2.5 shows data of the carbon content of austenite as a function of 

austenitizing time for a 1.27 wt. % C steel [10]. The austenitizing temperatures are all in 
the two-phase austenite+iron carbide region. The carbon content of the austenite at 
equilibrium is given by the solubility limit at the temperature of interest. The time for 
the disappearance of ferrite is marked by the arrows. For example, at 800 °C, the ferrite 
is transformed after about 1 s, at which time the carbon content of the austenite is about 
0.6 wt. %. This continuously increases with time as more carbide is dissolved, attaining 
the equilibrium value of about 0.8 wt. % in about 1 h. (Note that the final carbon content 
from the figure is slightly different from that obtained from the iron-carbon phase 
diagram because the steel used in this study contains 0.36 % Mn and 0.19 % Cr). 

M 

P 

P

M 

M M 

10 μm 10 μm 

10 μm 10 μm 
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Figure 2.5. Carbon content of austenite as a function of austenitizing time and 

temperature for a 1.27 % C steel. The arrows mark the time for the disappearance of 

ferrite [10]. 
 
 
Studies on the austenite growth rates [4, 7, 11, 12] into pearlite showed that the 

dissolution process is controlled by the diffusion of carbon in the growing phase, and it 
was assumed that the effective diffusion distance is approximately equal to the 
interlamellar spacing of pearlite. Roósz et al. [2] studied the isothermal formation of 

austenite in eutectoid steel and suggested that the austenite growth rate, G& , in general 
form can be expressed as: 

 

2

0

1

σ
∝G&    (2.1)      

 
where σ0  is the interlamellar spacing of pearlite. 

Caballero et al. [13], studying the effect of the initial microstructure on the 
austenitization, concluded that the austenite formation starts at a higher temperature for 
coarser pearlite. Also, the transformation rates are slower for a coarser initial pearlite 
microstructure. The same effect was previously observed by Mehl [6]. 

Summarizing, the following sequence of events occurs during austenitization 
of pearlitic structure after the steel reaches the austenitizing temperature: 
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1. The pearlite remains unaffected for a short incubation period. 
2. Nucleation of austenite takes place preferentially at the colony boundaries 

(pearlite-pearlite grain boundaries). 
3. The ferrite begins to transform to austenite; cementite dissolves in this 

austenite, but at a slower rate. The structure during this stage consists of a mixture of 
pearlite, austenite and cementite. 

4. Some undissolved cementite remains when all ferrite in a pearlite colony has 
transformed to austenite. The structure during this stage consists of a mixture of 
austenite and cementite. 

5. The cementite dissolves completely but the austenite is inhomogeneous in 
composition, the carbon content being highest at the location of pre-existing cementite 
plates. The structure during this stage consists of inhomogeneous austenite. 

6. Homogeneous austenite is produced by diffusion of carbon away from the 
original sites of the cementite plates. 

 
 
2.1.2.2. The formation of austenite from pro-eutectoid ferrite and pearlite in hypo-

eutectoid steels  

 
Transformation of the pearlitic regions at temperatures above the A1 temperature occurs 
by the same processes as mentioned for the lamellar pearlite (see section 2.1.2.1). Upon 
heating, the pearlite regions, which contain about 0.8 wt. % C, become unstable above 
the eutectoid temperature and transform to austenite. Nucleation takes place 
predominantly on the pearlite-ferrite grain boundaries [7]. The pearlite phase is the first 
one that transforms to austenite [1]. After the pearlite-to-austenite transformation is 
completed, the structure consists of regions of austenite, replacing the original areas of 
pearlite, and regions of unaffected pro-eutectoid ferrite (see Fig. 2.8a and 2.8b). The 
pro-eutectoid ferrite is continuously reduced with increasing austenitizing temperature 
(Fig. 2.8c) and disappears completely after the A3 temperature is exceeded (Fig. 2.8d) 
[9]. Simultaneously, carbon in the austenite regions (formed from pearlite colonies) is 
diffusing to the austenite formed from the ferrite regions. It is adopted that solution of 
pro-eutectoid ferrite is a diffusion-controlled process, for which the rate-controlling 
factor is the diffusion of carbon in austenite [9].  

Dykhuizen et al. [14], who studied the austenitization in low carbon steel, 
suggested some overlap between the pearlite-to-austenite and ferrite-to-austenite 
transformations. The authors estimated that the transformation of ferrite does not start 
until 10 % of pearlite is transformed to austenite. They argued that ferrite cannot 
transform at temperatures slightly above the eutectoid temperature until carbon is 
available from the pearlite regions. The transformation process is limited by the 
diffusion of carbon in austenite. The transformation of ferrite proceeds at a much lower 
rate than the transformation of pearlite.  
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a) 

 
 

b) 

 
 

c) 

 
 

d) 

 
Figure 2.8. Formation of austenite from pearlite and pro-eutectoid ferrite in 0.4 wt. % 

C steel, heated for 15 min at a) as reseaved, b) 740 °C, c) 770 °C and d) 795 °C. 

Etchant: picral. F=ferrite, P=pearlite, M=martensite (austenite at higher temperatures) 

[9]. 
 
 

Recently, Schmidt et al. [15, 16] who studied the austenite formation from a 
ferrite-pearlite microstructure during continuous heating using hot-stage confocal 
microscopy, observed that at low heating rates the formation of austenite is controlled 
by the long-range diffusion of carbon. However, at higher heating rates under certain 
conditions (above the T0 temperature) the growth rate increased drastically and the 
interface-controlled reaction growth mechanism was claimed to be responsible for the 
transformation. Thus, results appear to suggest that assuming long-range diffusion of 
carbon to be determining for different heating conditions might not be accurate and a 
change from diffusion-controlled to interface-controlled transformation can be expected 
during austenitization of steels with a pearlite-ferrite microstructure. 

 Figure 2.9 shows the fraction of austenite as a function of temperature for 
three heating rates [14]. The initial pearlite-to-austenite transformation proceeds faster 
that the subsequent ferrite-to-austenite transformation. As expected, the reaction is 

F 

P 

F

M

M 

M

F 

40 μm 40 μm 

40 μm 40 μm 



Chapter 2 

 

15 

shifted to higher temperatures for the higher heating rates. The main difference is in the 
slopes of the curves after the transition from pearlite dissolution to proeutectoid ferrite 
dissolution.  

 

 
 

Figure 2.9. Austenite fraction formed as a function of temperature for the heating rates 

of 50, 100 and 200 °C/s [14]. 

 
 

Datta et al. [1] carried out a quantitative microstructural analysis of the 
austenitization kinetics from a pearlite/ferrite initial microstructure at different 
intercritical annealing temperatures in low-carbon steel, containing 0.15 wt.% C. They 
pointed out that at all tested temperatures the pearlite-to-austenite transformation was 
completed in less than one second. The kinetics of the ferrite-to-austenite transformation 
at higher temperatures (T ≥ 870 °C, above A3) was found to be different from those 
tested at lower temperatures (T < 870 °C, below A3). At higher temperatures, in the 
single-phase region, the growth kinetics approaches a constant level at longer times. 

After the ferrite/pearlite transformation to austenite is completed, and that has 
to be above the A3 temperature, the carbon concentration gradients remain in austenite for 
a certain time. In the regions of the former pearlite grains there is an excess of carbon, 
whereas in the regions of the former ferrite grains there is a lack of carbon. These 
concentration gradients, which are to great extend determined by the heating rate, can 
remain for some certain time but eventually vanish and a homogeneous in carbon content 
austenitic structure is formed.  

Summarizing, the austenitization of the ferrite-pearlite structure proceeds in 
three major steps: 

 
1) pearlite dissolution and growth of austenite into pearlite (fast process); 
2) ferrite-to-austenite transformation, which is primarily controlled by the diffusion 

of carbon in austenite (slow process). Some overlap between steps 1 and 2 can 
take place. 

3) carbon homogenization in the structure. 
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2.2. Modeling  

 
In the previous section a review on the experimental observations of ferrite-, pearlite- 
and pearlite/ferrite-to-austenite transformation was given. Besides the experimental 
studies, various scientific methods/models were developed to describe the 
transformation kinetics, each having different strengths and weaknesses [17-24]. A 
major motivation behind the modeling is that an accurate model provides information 
on the actual microstructural processes that cannot directly be obtained from the 
experiments. 

Austenitization, as most of the solid state transformations, consists of two 
major steps: nucleation and growth. Before a model can be build several 
questions/assumptions have to be answered/adopted.  

 
1. How the nucleation process will be modeled: 

 - no nucleation; 
- instantaneous nucleation; 
- constant nucleation rate; 
- using Classical Nucleation theory. 

2. How the growth part of the transformation will be modeled: 
 - diffusion-controlled;  

- interface-controlled;  
- mixed-mode approach. 

3. How the microstructure will be modeled: 
 - no microstructural input; 

- schematic/simplified microstructure; 
 - Voronoi assumption; 
 - realistic microstructure. 

 
In general, all models that are available in the literature are based on two major 

calculation methods, those based on the solution of a set of equations, so-called 
Deterministic models, and those that introduce stochastic variables into the calculation 
process, so-called Probabilistic models.  

Deterministic models are based on the time-integration of a set of equations for a 
system consisting of a number of volume elements. At the end of calculation, the 
microstructure is described on the length scale of the features of interest, such as grain 
size or particle spacing etc. Roósz et al. [7] described the nucleation and growth during 
austenitization using Avrami’s equation. This approach was used for isothermal 
conditions and later extended by Garcia de Andrés and Caballero [24] to non-isothermal 
conditions. The developed model includes the effects of nucleation and growth rates, 
which depend on the activation and interfacial energies, the overheating and structure 
parameters, such as the pearlite colony size and interlamellar spacing. A big 
disadvantage of this approach is that it requires an extensive experimental database and 
the visualization of the microstructure is not possible. 
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Another type of the deterministic models that were developed are based on the 
solution of the diffusion equation [19, 20]. These models assume that local equilibrium 
conditions are present at all interfaces and carbon diffusion in ferrite is ignored. The 
assumption of the local equilibrium condition implies that the transformation is a 
diffusion-controlled process, which might not necessarily be the case; and neglecting 
carbon diffusion in ferrite might lead to a misunderstanding of the kinetics of the 
transformation.  

Probabilistic models were introduced to account for the stochastic character of 
the nucleation processes in the microstructure evolution. There are several well-known 
techniques, such as Monte Carlo (MC) [25, 26] and the Cellular Automata (CA) [26] 
techniques, which allow implementation of a probabilistic behavior based on a pre-
defined set of rules. Probabilistic (stochastic) models use statistical or stochastic 
distributions for the nucleation features, taking into account the crystallographic 
anisotropy and preferential growth directions.  Very few models in the literature use 
Monte Carlo simulation [18]. These models give a good qualitative representation of the 
microstructure, however in some cases suffer from numerical anisotropy, for example, a 
diffusion equation for an isotropic medium formulated with a cubic grid becomes 
orthotropic (diffusion along a diagonal does not occur at the same speed as along the 
axis of the grid). 

During the last several decades the Phase field model became one of the most 
powerful methods for modeling many types of microstructure evolution processes. 
Phase field models can be combined with diffusion calculations, in order to incorporate 
both diffusion processes and the finite rate of the interface reaction, which avoids the 
assumption of the transformation being diffusion- or interface controlled. The model 
can in principle also incorporate the effects of anisotropic boundary energies and 
mobilities, and the effect of boundary plane orientation. A big advantage of the phase-
field over other models is that it allows different morphologies to form, depending on 
the nucleation and growth conditions. A useful contribution to the above advantages is 
that in addition to modeling the kinetics of phase transformation, it can also generate 
characteristic microstructures, which represent potentially useful prototypes for the 
microstructures resulting from nucleation and growth processes in materials. Also, the 
phase field model can be linked with thermodynamic and kinetic databases, such as 
Thermo-Calc, Dictra, CALPHAD. Main disadvantages of phase field approach are first 
of all the assumption of the diffuse interface, which is not physical, and secondly, it is 
computationally very demanding. 

So far, the phase-field model was applied to simulate grain growth [27-29], 
anisotropic grain growth [30], spinodal decomposition [31] and solidification [32-34]. A 
number of reviews appeared on this method [35, 36]. Application of the phase-field 
approach to model the metallurgical processes in steel was extensively studied in the 
European project VESPISM [37]. 

The phase field model was first introduced for modeling solidification of a pure 
melt to avoid tracking of a solid-liquid interface during solidification by replacing the 
sharp solid-liquid interface by using an artificial, continuous, non-conserved phase field, 
which describes a diffuse interface. Instead of defining a moving boundary condition at 
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the solid-liquid interface, the interface movement is described by the temporal evolution 
of this phase variable, which can vary between two extremes: usually 0 and 1 in the 
bulk regions; and changes continuously over a diffuse interface.  

Many of the phase-fields models are based on the classical phase-field 
approach proposed by Wheeler, Boettinger and McFadden [33] for binary alloys. In this 
approach a continuous composition field is defined through the interface and the free 
energy density is extrapolated as a composition-weighted mixture of the free energy 
densities of the pure materials. A disadvantage of this approach is that the parameters 
depend on the interfacial thickness, which is usually significantly thicker than in reality. 

Steinbach et. al. [38] proposed a multi-domain model with a different 
definition of the free energy density in the interface. In their model, the interfacial 
region is assumed to be a mixture of phases with different compositions, however 
constant in their concentration ratio. Besides the general advantage of being able to treat 
complex microstructures, the big advantages of the multi-domain model are: 

 
a) the Classical Nucleation Theory can be rather easily incorporated in the model. 
This gives a more realistic representation of the nucleation process. 
b) the interface mobility and the carbon diffusion are both incorporated in the 
model. This allows the different growth modes (diffusion-controlled, interface-
controlled or mixed-mode) be reproduced within one formulation.  

 
At the moment it is the most elaborate model that is available for modeling 

different microstructures and therefore will be used as a base tool to model the 
austenitization process. A more detailed description of the model and its adaptation to 
model ferrite/pearlite-to-austenite transformation will be given in the Modeling part of 
the thesis.  

 
 

Summary 

 
In this chapter, a review on the available experimental evidence on the formation of 
austenite from ferrite, pearlite and ferrite/pearlite initial microstructures is given (in 
section 2.1) together with the description of the models available to simulate the 
austenitization process (in section 2.2).  
 The kinetics of the austenite formation is largely determined by the initial 
microstructure and in particular by the phases present in it. If only ferrite phase is 
present, then the ferrite-to-austenite transformation is a very fast process and proceeds 
by a massive transformation mechanism. There is only a slight change in transformation 
kinetics with increasing heating rate and it is an interface-controlled process.  

If the microstructure consists of a ferrite-pearlite mixture, the austenite 
formation process proceeds in two steps: 

1. Pearlite-to-austenite transformation. This is a rather rapid process and 
proceeds within a narrow temperature range. The nucleation takes place at the pearlite-
pearlite grain boundaries, where the crystal mismatch energy is maximum. The phase 
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transformation proceeds in the following way. After nucleation the transformation of 
pearlite/ferrite-to-austenite takes place. In a later stage, the cementite plates dissolve in 
this austenite and after a sufficiently long time a homogeneous austenite is formed. The 
growth of newly formed austenite regions is not planar and is faster if the interlamellar 
spacing is smaller. The kinetics is controlled by carbon diffusion (in austenite) and the 
effective diffusion distance, which is approximately equal to the interlamellar spacing.  

2. Ferrite-to-austenite transformation. This is a much slower process compared 
to the pearlite-to-austenite transformation. It starts after a delay and is more strongly 
affected by the heating rate. Higher heating rates delay the transformation to higher 
temperatures. By the end of the transformation the formed austenite structure is not 
homogeneous in carbon content and some time is necessary for the diffusion processes 
to take place and homogenize the structure. 

Phase-field modeling is a powerful tool that is capable to model phase 
transformations in steels. The phase-field approach offers a number of advantages. First 
of all, with the phase-field model it is possible to model the evolution of arbitrary 
morphologies and complex microstructures without tracking the position of the 
interfaces. Secondly, it can be applied to essentially all types of microstructures. 
Thirdly, a priory assumption on the transformation mode (diffusion-, interface- or mixe-
mode) is not necessary. And finally, Classical Nucleation Theory can be incorporated to 
model the nucleation process.   
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Chapter 3 
 

 

 

Material and experimental techniques 
 
 

Abstract 

 
 
In this chapter, the material and the experimental techniques used in this study are 
described. A standard method that was for a long time used in determining the 
kinetics of transformation is optical microscopy. In spite of the great amount of work 
done using this technique [1-5], there are some drawbacks that prevent this method 
from being able accurately characterize the transformation (examples will be given 
later in this chapter). To overcome the difficulties associated with studying the 
austenitization process, it is desirable to use techniques that continuously measure the 
progress of the transformation. Among those, dilatometry is an alternative and 
possibly the most popular method in determining the overall transformation kinetics. 
A number of studies have been done using this technique [6-9]. While dilatometry is a 
very powerful and convenient method for studying the phase transformations, there 
are some cases when its applicability is limited. For example, the pro-eutectoid ferrite 
and pearlite simultaneously transform into austenite on heating, and the two processes 
are not easily distinguished by dilatometry. Another disadvantage of the dilatometric 
method is that it does not give information on the nucleation and growth rates. To 
overcome the challenges mentioned above a new technique was developed recently 
[10]: diffraction experiments with synchrotron radiation give in-situ information on 
both the fraction transformed and the number density of the grains. 
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3.1. Materials 
 
The materials used in the current research are C22, C35, C45 and C60 alloys. The 
chemical compositions of the experimental alloys are shown in Table 3.1. Typical 
micrographs of the initial microstructures for the studied alloys are shown in Fig. 3.1. 
The microstructures consist of a ferrite and pearlite mixture with different phase 
volume fractions, given in Table 3.2. 
 
 

 
 

a) 

 
 

b) 

 
 

c) 

 
 

d) 

Figure 3.1. Optical micrographs of the initial microstructures for a) C22, b) C35, c) 

C45 and d) C60 alloys. F = ferrite (light) and P = pearlite (dark). 
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Table 3.1. Composition of the experimental alloys in weight percent. 
 

 
Table 3.2. Volume fractions of the phases in the initial microstructure. 
 

 
 
 
 
 
 
 
 
 
 

 
 
3.2. Experimental techniques 

 
3.2.1. Optical and scanning electron microscopy (OM and SEM) 

 
Optical microscopy [11] is the simplest method for studying the formation of 
austenite from different initial microstructures. It gives information over the general 
view of the microstructure and its morphology.  

Samples for metallographic examinations were ground, polished and etched 
with a 2 % Nital cleaning agent. Using optical microscopy, the phases present in the 
sample were identified; the grain size and volume fraction of each phase were 
measured using a commercial image analysis package “Qwin” from Leica. In order to 
get statistically reliable data, measurements were performed in 5 randomly selected 
fields, 700x550 μm2 each, for every sample. The disadvantage of this technique is the 
image resolution, which is limited to 0.2 μm. So, to reveal the internal pearlite 
structure with optical microscopy is quite difficult. To overcome this difficulty, 
scanning electron microscopy was used. Electron microscopes [12], which use beams 
of electrons instead of light, are designed for very high magnification usage.  In the 

Alloy C Mn Si Cu Cr Ni Mo Sn P S Al 

C22 0.214 0.513 0.200 0.086 0.021 0.049 0.003 0.003 0.019 0.031 - 

C35 0.364 0.656 0.305 0.226 0.177 0.092 0.016 0.017 0.014 0.021 - 

C45 0.468 0.715 0.257 0.231 0.193 0.144 0.017 0.013 0.002 0.031 - 

C60 0.66 0.69 0.30 0.17 0.19 0.09 0.02 - - 0.03 0.14 

Alloy Ferrite, % Pearlite, % 

C22 79 21 

C35 44 56 

C45 32 68 

C60 7 93 
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current study, the secondary-electron images were produced with a LEO 438VP 
scanning electron microscope fitted with a Tungsten filament. Samples for SEM 
measurements were first mechanically polished to 1 μm and then electrolytically 
polished using electrolyte that contained 400 ml 99 % 2-Bytoxyethanol with 20 ml 
HClO4.  

 
 

3.2.2. Electron probe microanalysis (EPMA) 
 
Electron probe microanalysis (EPMA) is an analytical tool used to non-destructively 
determine the chemical composition of small volumes of solid material [13]. It works 
similarly to an electron microscope, in which the sample is bombarded with an 
electron beam. In EPMA, however, the resulting X-ray radiation is analyzed (as 
opposed to the reflected electrons analyzed in EM).  

In the current study, the composition profiles of the samples were determined 
using EPMA. On the cross-sections prepared of the samples, 0.5 μm equidistant 
points were selected along lines defined in backscattered electron images. The 
measurements were performed with a JEOL JXA 8900R wavelength-
dispersive/energy-dispersive (WD/ED) combined micro-analyzer, operated with a 
focused electron beam of 15 keV and 25 nA. These electron beam conditions were an 
optimum between sufficient spatial resolution and intensity of C-Kα radiation (the 
spot size was less than 0.2 μm). Wavelength Dispersive Spectrometry (WDS) was 
employed to record the C-Kα, Si-Kα, Cr-Kα, Mn-Kα, and Cu-Kα intensities 
simultaneously. A W/Si X-ray reflective multilayer with a 2d-spacing of 9.80 nm was 
used for selecting the C-Kα radiation, a (100)-TAP was used for selecting Si-Kα, 
(002)-PET for Cr-Kα and a (200)-LiF crystal for Mn-Kα and Cu-Kα  radiation. The 
peak intensity for a single spot on the specimen was determined from measuring the 
number of counts during 4 minutes. The background intensities for C-Kα, Si-Kα, Cr-
Kα, Mn-Kα, and Cu-Kα were determined similarly at the same location. The 
background intensity of C-Kα was measured separately on a pure α-Fe reference. The 
surface of the specimen was decontaminated 30 seconds prior to and during each 
measurement using an air-jet. This procedure removes any carbonaceous surface 
contamination at the measurement location. The composition at each analysis location 
of the sample was determined using the X-ray intensities of the constituent elements 
after background correction relative to the corresponding intensities of reference 
materials, i.e. θ-Fe3C [14] for C and the pure elements for Si, Cr, Mn and Cu. The 
thus obtained intensity ratios were processed with a matrix correction program 
CITZAF based on the Φ(ρz)-method [15].  Fe was taken as balance to compute the 
composition with the matrix element. The carbon concentrations determined are 
accurate within 0.03 wt. % including the background error [14]. 
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3.2.3. Dilatometry 
 

The applicability of dilatometry [9] in studying transformation kinetics is based on the 
changes of the volume of a sample during a phase transformation. During this 
transformation the lattice structure of the existing phases is changing, which is leading 
to a change in the specific volume. The values for the lattice parameters of ferrite, 
austenite and cementite are given in Table 3.3.  
 
Table 3.3. Lattice parameters of ferrite (α), orthorhombic cementite (θ) and austenite 

(γ) as a function of temperature T and the atomic fraction carbon ξ [9]. 

 

Phase Lattice parameters (Å) 

α aα=2.8863 × (1+17.5×10-6 K-1×{T-800 K}) 
for 800 K<T<1200 K 

θ aθ=4.5234 × (1+{5.311×10-6 – 1.942×10-9 K-1×T+9.655×10-12 K-2×T
2}×m) 

bθ=5.0883 × (1+{5.311×10-6 – 1.942×10-9 K-1×T+9.655×10-12 K-2×T
2}×m) 

cθ=6.7426 × (1+{5.311×10-6 – 1.942×10-9 K-1×T+9.655×10-12 K-2×T
2}×m) 

where m= K-1{T-293 K}) 
for 300 K<T<1000 K 

γ aγ=(3.6306+0.78×ξ) × (1+{24.9-50×ξ)×10-6 K-1×{T-1000 K}) 
for 1000 K<T<1250 K; 0.0005<ξ<0.0365 

 
 

For the dilatometric measurements cylindrical samples, 5 mm in diameter 
and 10 mm in length, were prepared. The samples were heated by a high-frequency 
induction coil with different heating rates (the detailed description of applied heating 
rates will be given in relevant chapters). A thermocouple, spot welded on the sample, 
was used to control the temperature during the tests. During the testing the samples 
were protected from oxidation by a vacuum of order of 10-5 mPa. 

 The dilatation signal from the dilatometric measurements was recalculated 
into austenite volume fraction curves as a function of temperature in two steps. In the 
first step, the lever rule method was used to obtain the pearlite+ferrite-to-austenite 
fractions curves. The thermal expansion was determined by extrapolation of the linear 
regions of the dilatometer curve as shown in Fig. 3.2. 

The lever-rule based austenite fraction (fL 
γ) at a certain temperature is 

calculated as: 
 

3 1

2 1
L

L L
f

L L

γ −
=

−
                 (3.1) 
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 where (L1-L2=L) is the hypothetical total length change of the sample at a certain 
temperature, L1 the length of the sample with the ferrite+pearlite microstructure and 
L2 the length of a 100 % austenitic sample at the same temperature, and L3 is the 
actual length of the sample at that temperature. 

 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 

 

 

 

 

 

Figure 3.2. The scheme for the determination of the fraction transformed from a 

dilatometer signal using the lever rule method. 
 
 

In the lever-rule method the fraction transformed is determined from the 
measured length change, without taking into account the differences between the 
specific volumes of different phases or the possible carbon enrichment of them. Errors 
of measurement result from the fact that more than one phase is involved in the 
transformation (the specific volume of ferrite is actually not equal to that of pearlite), 
and it is not taken into account that the dilatation (lattice parameter) of austenite is 
strongly dependent on its carbon content as well as on the temperature [9]. In reality, 
the pearlitic volume is much larger than the ferritic volume and so the effect of the 
pearlite-to-austenite transformation in the lever-rule approach is underestimated and 
the effect of ferrite-to-austenite transformation is overestimated (compare magnitudes 
a, measured, and b, equilibrium, in Fig. 3.3). This difference increases with 
decreasing carbon content in the alloy. To correct for this inconsistency, in the second 
analysis step, the estimated austenite transformation curves were recalculated using 
the information on the equilibrium austenite volume fraction development as obtained 
by MTData® thermodynamic database. The transition point from pearlitic (steep) to 

Temperature 

Dilatation 

L2 

L1 

L 

L3 



Chapter 3 

 

27 

ferritic (gently sloping) part of the transformation curve from equilibrium calculations 
was taken as a reference point (see Fig. 3.3). On the next step, each point of the 
pearlitic part of the estimated transformation curve was shifted proportionally to the 
higher austenite volume fraction values according to Eq. (3.1a).  In a similar way, 
each point on the ferritic part (gently sloping) was shifted proportionally to the higher 
values according to.  

 

for T<TR : L

b
f f

a

γ γ ⎛ ⎞= ⎜ ⎟
⎝ ⎠

,       (3.1a)  

for T>TR : ( ) 1
1 1

1
Lff b
a

γ
γ ⎛ ⎞−

= − − ⎜ ⎟−⎝ ⎠
,     (3.1b) 

where TR is the reference temperature (see Fig. 3.3), 
a and b are the points on the austenite volume fraction curve, that indicate 
transition from steep (pearlite-to-austenite) to generally sloping (ferrite-to-
austenite) part of the transformation (see Fig. 3.3). 
 

In spite of some disadvantages and challenges in interpreting the data, 
dilatometry gives quick in-situ information about the overall transformation kinetics.  

 

 
 

Figure 3.3. Example of the dilatometric-measurement correction of the austenite 

volume fraction curves as a function of temperature during continuous heating for 

C22 alloy at 3 °C/s heating rate. Measured data (solid triangles), corrected data 

(open circles) and equilibrium, as calculated with the thermo-dynamic 

databases(dash-dot). TR is the reference temperature. 
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3.2.4. Three dimensional X-ray diffraction microscopy (3DXRD) 
 
The three dimensional X-ray diffraction experiments described in this thesis were 
performed at beam line ID11 of the European Synchrotron Radiation Facility (ESRF) 
in Grenoble, France [10]. The schematic representation of the experimental set-up and 
a more detailed description can be found in [16]. In order to limit decarburization 
during the experiments, the samples were covered with a thin nickel coating and 
placed in a furnace with a helium flow. The samples were heated to 900 ºC at a 
heating rate of 10 ºC/min. In order to study the evolution of individual grains during 
the phase transformations, a small volume of the material was illuminated with a 
monochromatic beam of hard X-rays from the ESRF synchrotron source [16-18]. For 
this purpose the 3DXRD microscope is used in transmission geometry. The energy of 
the monochromatic X-rays is 80 keV (wavelength of 1.55×10-2 nm). The beam size is 
63×70 μm2 and the thickness of the samples is 400 μm for the C22 and 1 mm for the 
C35 samples. By rotating the sample around an axis perpendicular to the beam over 
an angle of 0.5º, a number of grains give rise to diffraction spots on a 2D-detector. 
The exposure time is 1 s. Studying the appearance and the change of intensity of these 
individual spots as a function of temperature during heating gives information about 
the austenite nucleation kinetics, the overall transformation behavior as well as the 
growth rates for individual grains. At the given experimental conditions the smallest 
radius of a detectable austenite grain is about 2 μm. Once every six exposures the 
beam size is expanded to 90×90 μm2 in order to check if the total volume of the grain 
is illuminated. In order to check if the total integrated intensity from a specific grain is 
obtained by rotating the sample over a small angle Δω0, additional exposures are 
taken during rotation over small angles of 0.5 º just before and after the central 
rotation. The intensity of each individual spot is normalized with respect to the total 
intensity of the diffraction ring at the end of the transformation. By repeated 
acquisition of images the nucleation and growth of individual grains is studied with a 
typical resolution of a few seconds, or, equivalently, less than 1 K. The average 
austenite fraction during heating is obtained from the {200} and {220} powder rings 
obtained with the large beam size of 90×90 μm2, in order to have better statistics. The 
nucleation data are derived by extrapolating the growth curves to the moment when 
nucleation takes place.  

To determine the temperature during the experiments, a thermocouple was 
placed under the sample in close vicinity to it. This gave rise to a difference in the 
temperature of the sample and the temperature measured using the thermocouple. The 
measured start and end temperatures of the transformation (A1 and A3 temperatures 
respectively) were more than 100 °C lower than the equivalent temperatures from the 
para-equilibrium phase diagram calculated with MTData®. In order to calibrate the 
temperature measurement obtained during the 3DXRD experiment, additional 
dilatometric measurements were made.  The dilatometric samples, cut from the same 
materials, were heated with a 10 ºC/min heating rate to 900 ºC. On the basis of the 
dilatometry results the 3DXRD measurements were shifted in temperature, such that 
the start of the austenite formation measured by the dilatometer and using 3DXRD 
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microscope coincided. Even though a rather large difference between the measured 
thermocouple temperature and the sample temperature was present during the 
3DXRD experiments, due to the quite small area that was illuminated during the 
experiments, the temperature gradient within the sample is not expected to be more 
than a few degrees. 
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Abstract 

 
The microstructural evolution during continuous heating experiments has been 
studied using optical and scanning electron (SEM) microscopy and Electron probe 
microanalysis (EPMA). It is shown that the formation of the austenitic phase is 
possible in pearlite as well as in ferrite regions and a considerable overlap in time of 
ferrite-to-austenite and pearlite-to-austenite transformations is likely to be occurring.  

Another observation that was made during the experiments is that depending 
on the heating rate, the pearlite-to-austenite transformation can proceed in either one 
or two steps. At low heating rates (0.05 ºC/s) ferrite and cementite plates transform 
simultaneously. At higher heating rates (20 ºC/s) it is a two-step process: first ferrite 
within pearlite grains transforms to austenite and then the dissolution of the cementite 
lamellae takes place. 

Several types of growth morphologies were observed during the experiments. 
The formation of a finger-type austenite morphology was noticed only for low and 
intermediate heating rates (0.05 and 20 ºC/s), but not for the heating rate of 300 ºC/s. 
The formation of this finger-type austenite occurs on the pearlite-ferrite grain 
boundaries and coincides with the direction of cementite plates. The carbon 
inhomogeneities in the microstructure affect the formation of martensitic/bainitic 
structures on cooling. 
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4.1. Introduction 
 
The major interest towards austenitization was drawn after Dual-Phase (DP) steels 
were developed. DP steels are most commonly used in structural applications where 
they have replaced more conventional High Strength Low Alloy (HSLA) steels. They 
were developed to provide high strength formable alloys and offered a significant 
weight reduction of the final products. 

Speich et al. [1], who studied the intercritical annealing of DP steels, 
distinguished several stages in the ferrite-to-austenite transformation. According to 
ref. [1], the first step of ferrite-to-austenite transformation consists of the nucleation of 
austenite (γ) at the ferrite-pearlite interfaces and growth of austenite into pearlite 
(α+θ) until the pearlite dissolution is complete. The nucleation of austenite is argued 
to occur instantaneously, with essentially no nucleation barrier. The rate of growth in 
this stage is controlled primarily by the rate of carbon diffusion in austenite between 
adjacent pearlitic cementite (θ) lamellae, but may also be influenced by diffusion of 
substitutional elements at low temperatures [2]. At the end of this first step, a high-
carbon austenite has been formed, which is not in equilibrium with ferrite (α). The 
second step of the transformation consists of the growth of this austenite into ferrite to 
achieve partial equilibrium with ferrite. The lower growth rate of austenite in this step 
is controlled either by the carbon diffusion in austenite over larger distances or by the 
manganese diffusion in ferrite. In the final step, very slow final equilibration of ferrite 
and austenite is achieved by manganese diffusion through austenite. Jayaswal and 
Gupta [3], who studied in detail the second and third stages of transformation in 
HSLA steel, observed that in addition to the growth of austenite from regions of prior 
pearlite, austenite was also observed to form at the α-α grain boundaries. They were 
not able to give explanations for this phenomenon, but indicated that the possible 
reason could be the presence of retained austenite in the starting microstructure. On 
the other side, Garcia de Andres et al. [4] in their study of the pearlite dissolution in 
Dual-Phase steel reported a clear differentiation between the pearlite dissolution 
process and the α-γ transformation. 

An interesting observation that is often reported in relation to the ferrite-to-
austenite transformation is the formation of acicular structures. Zel’dovich et al. [5] 
distinguished three different mechanisms of austenite formation depending on the 
heating rate. At a very low heating rate (a few degrees per minute) or at a very rapid 
heating (thousands degrees per second) newly formed austenite grains have an 
acicular structure, and a structural heredity (the original austenite grain is recovered 
both in size and crystallographic orientation) is present. It is said that the phenomenon 
of structural heredity must indicate an ordered mechanism of austenite formation, that 
is, diffusionless during rapid heating and what is known as the homogeneous 
mechanism of diffusional transformation during slow heating. Heating at a certain 
intermediate range results in loss of ordering and in grain refinement. The newly 
formed austenite grains have more of a rounded shape [5]. 

The formation of acicular structures during the ferrite-to-austenite 
transformation was also observed by Jayaswal and Gupta [3]. They noticed that the 
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austenite phase, instead of growing with a planar or nearly planar front, changed into 
a Widmanstätten structure on both the ferrite-ferrite grain boundaries and on well-
advanced ferrite-pearlite (now austenite) interfaces. Law and Edmonds [6] performed 
studies of the morphology and crystallography of austenite precipitates in Fe-0.2%C-
1%V alloy. They noticed that austenite formed on grain boundaries is idiomorphic or 
allotriomorphic, while that formed on lath boundaries can become acicular by 
inheriting the lath dimensions. Grain boundary austenite was proven to nucleate in 
low carbon ferrite with the Kurdjumow-Sachs orientation relationship with one ferrite 
grain, and to grow predominantly into an adjacent grain with which it was not related.  
Based on this observation and the general absence of planar facets or sideplate 
morphologies, they proposed that austenite grows by migration of incoherent 
interfaces. 

This chapter presents experimental observations obtained during continuous 
heating experiments of C35 and C45 alloys, using optical and scanning electron 
(SEM) microscopy and Electron probe microanalysis (EPMA). The alloys were 
heated up with two different heating rates: 0.05 and 20 ºC/s to different temperatures 
of the intercritical region and directly quenched. The effect of the extreme heating 
rates on the microstructure evolution was studied by heating the samples with 300 
ºC/s to different temperatures within and above the intercritical region. The results of 
experimental studies for different heating rates on the development of the 
microstructure during ferrite-to-austenite transformation focusing on austenite 
nucleation and growth morphologies are presented and analyzed in this paper. 
Experimental observations to support the idea of probable overlapping of pearlite-to-
austenite and ferrite-to-austenite transformations as observed by Jayaswal and Gupta 
[3] are presented together with a possible explanation for this phenomenon. 
 
 
4.2. Theoretical background 
 
4.2.1. Driving force for nucleation in hypo-eutectoid steel  
 
On heating a hypoeutectoid steel from room temperature to a single-phase region a 
phase transformation occurs, which consists of two stages, namely nucleation and 
growth. The essential driving force behind this transformation is the difference in the 
Gibbs free energy, GΔ , between the initial and final states [7]. For a transition from 
phase i to phase j to occur, the condition: 
 

0<−=Δ ij GGG ,        (4.1) 
 

must be satisfied ( iG and jG  are the free energies of the parent and the new phase 
respectively). 

A schematic representation of the Gibbs free energy G as a function of the 
carbon concentration is shown in Fig. 4.1a at a temperature above the eutectoid 
temperature of the Fe-C system. In this temperature range two phases: α (ferrite) with 
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composition Ceqxαγ (see also Fig. 4.1b point 1) and γ (austenite) with composition Ceqxγα  

(point 2), are in equilibrium.  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 

a) 

 

 
 
 
 
 
 
 
 
 
 
 
 

 

 

 

b) 

 
Figure 4.1. Schematic representation of the a) Gibbs free energy G as a function of 

the carbon concentration in ferrite (α), austenite (γ) and cementite (θ) at a 

temperature above A1 and b) metastable Fe-C phase diagram, indicating notations for 

the carbon atomic fractions used throughout the text. Numbers in brackets correspond 

to figurative points (1)-(5) in Figs. 4.1, 4.2. The solid thin lines in Fig. 4.1a represent 

the common tangent lines between α-θ and α-γ. 
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The formation of the γ phase with the mentioned equilibrium composition leads to a 
maximum gain in Gibbs free energy (ΔG

max).  In this case the newly formed austenite 
grains have a different composition from the original ferrite phase and a significant 
enrichment in carbon must take place. From Fig. 4.1a it also follows that even though 
the maximum gain in free energy is achieved for a large carbon enrichment of the γ 

phase (equilibrium condition), some decrease in the Gibbs free energy, even though of 
a smaller value, is also realized with the formation of the γ phase with lower carbon 
content (see for example ΔG

1, a situation in which the system departs from the 
thermodynamic equilibrium). Thus, even though with the formation of low-carbon 
austenite the gain in Gibbs free energy is smaller comparing to the equilibrium value 
(ΔG

1
<ΔG

max), this process is nevertheless thermodynamically possible. By low-
carbon austenite, the austenite with a carbon content less than equilibrium according 
to the phase diagram is understood, and not a carbon-free austenite. Some degree of 
enrichment does have to take place and the nucleation and growth will be stimulated 
in carbon-rich areas or in their vicinity. 
 
 
4.2.2. Temperature range 1: A1<T<A3  
 
The changes in the microstructure of steel on heating can in part be understood in 
terms of the Fe-C phase diagram (see Fig. 4.1b). At room temperature and atmosphere 
pressure, the microstructure of carbon hypo-eutectoid steel after slow cooling consists 
of ferrite and pearlite. Upon heating the steel from room temperature to the A3 
temperature two different situations can be distinguished. The first one is related to 
the formation of austenite within the pearlite phase at the α/θ interface, as the one 
schematically represented in Fig. 4.2b, and is described as:  
 

Ceq Ceq Ceqx xx αγ γααθ
α θ α γ+ → +        (4.2a) 

 

where  Ceqxαθ  and Ceqxαγ  are the equilibrium carbon concentrations in ferrite, changing 

with temperature according to lines QP and PG respectively (see Fig. 4.1b); 

 Ceqxγα  is the equilibrium carbon concentration in austenite, changing according 

to line SG. 
 θ  is cementite and is considered to be of a constant composition. 
 

It is known that the velocity of the phase boundary can be considered in first 
approximation inversely related to the carbon concentration difference on it [8]. For 
the value of this difference the concentration should change to form a new phase. The 
carbon difference on the α-γ grain boundaries is much less than on the γ-θ grain 
boundary, thus austenite can be expected to grow much faster in the ferrite phase than 
in the cementite phase. 
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a) 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 

b) 
 
 
 
 
 
 
 
 
 
 
 

c) 

 
 

Figure 4.2. Schematic view of the microstructure (a) and variation of the carbon 

content across: (b) the cementite-austenite-ferrite and (c) the ferrite-austenite-ferrite 

boundaries. F = ferrite, A = austenite and P = pearlite. 
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Figure 4.2b is a 1D representation of the planar geometry. In this case the 
interface movement is controlled by the diffusion of carbon through the austenite 
phase. The situation at a triple line between cementite, ferrite and austenite is not 
considered as the diffusion distances become negligible and it will not be a limiting 
factor for the transformation. 

The second situation is related to the possible formation of austenite on 
ferrite-ferrite grain boundaries, see Fig. 4.2c, and can be described as: 

 

Ceq Ceq Ceqx xx αγ γααθ
α α γ→ +              (4.2b) 

 
 From the Fe-C phase diagram (as the one shown in Fig. 4.1b), it is seen that 

the maximum carbon concentration in ferrite decreases with increasing temperature. 
This will lead to austenite nucleation at the α-α grain boundaries. Thus, not only the 
carbon of cementite plays a role in the formation of austenite, but also the carbon 
rejected from the α-solid solution. On the other hand, due to the difference in carbon 
solubility at the α/θ and α/γ grain boundaries, a concentration gradient within the 

ferrite phase is present ( Ceq Ceqx xαθ αγ> , Fig. 4.2c). This creates the driving force for 

carbon diffusion towards the α-γ grain boundary. The subsequent growth of the 
austenite nuclei involves the removal of carbon from cementite with its diffusion into 
the not-transformed ferrite in order to “feed” carbon to austenite at the α/γ interface. 
The velocity of the α-γ grain boundary movement depends on how fast the carbon is 
supplied to it and consequently on the diffusion path length. This leads to the notion 
that ferrite within the pearlite will transform much faster than pro-eutectoid ferrite. 
Taking all the above-mentioned into account, it is possible to assume that the 
nucleation of austenite grains in pearlite and in pro-eutectoid ferrite can both occur, 
however the transformation will proceed at a much higher rate in the pearlite phase 
than in pro-eutectoid ferrite due to the shorter diffusion distances and the surplus of 
carbon that is available from the dissolving cementite plates. 
 
 
4.2.3. Temperature range 2: T>A3 

 
The transformation that takes place at temperature  T>A3 can be described as: 
 

0Ceq Ceqx x xαγ γα
α γ γ+ →              (4.3) 

 
where  0x

γ  is the average carbon concentration in the alloy, and therefore also the 

austenite composition under equilibrium conditions after the transformation is 
completed (above A3). 

 
Upon further heating of the sample in the temperature range A1<T<A3 the α 

→ γ transformation at conditions close to equilibrium proceeds most probably by 
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diffusional growth. The transformation completes above the A3 temperature. In alloys 
with low carbon content and thus a low amount of pearlite present, nucleation on the 
ferrite-ferrite grain boundaries can take place. For the alloys with high pearlitic 
volume fractions, transformation proceeds via the growth from the already existing 
austenitic areas (mainly former pearlite grains) into pro-eutectoid ferrite. 

 
 

4.3. Experimental procedure 
 
In order to examine the evolution of the microstructure during continuous heating in 
C35 and C45 steels, a set of interrupted heating experiments was performed using a 
Bähr 805A/D dilatometer (a detailed description of the dilatometric measurements is 
given in chapter 3.2.3). Typical micrographs of the initial microstructures for C35 and 
C45 alloys are shown in Fig. 3.1. Chemical compositions of the experimental alloys 
are shown in Table 3.1. For the results that will be presented in this chapter, the 
differences in chemical compositions between studied alloys do not play a significant 
role.  

The samples were heated with heating rates 0.05 and 20 ºC/s to different 
temperatures within the ferrite+pearlite-to-austenite transformation region and 
directly quenched with cooling rates in the rage of 700-750 ºC/s. A detailed 
description of the sample preparation for metallographic studies using optical and 
scanning electron microscopes is given in chapter 3.2.1. The description of the EPMA 
analysis and sample preparation for it is given in chapter 3.2.2. 

In order to study the effect of the extreme heating rate on the microstructure 
evolution, the samples were heated up with 300 ºC/s heating rate to 770 ºC, held at 
this temperature for 1, 10 and 60 s and to 900 ºC for 1 s and quenched with gas with 
cooling rate app. 800 ºC/s. In order to minimize the temperature gradients within the 
sample, a hole inside the cylindrical sample of C45 alloy of app. 3 mm in diameter 
was cut. The evolution of the microstructure was studied using optical microscopy as 
mentioned in chapter 3.2.2. 

 
 

4.4. Results 
 

4.4.1. Nucleation 
 
Figures 4.3 and 4.4 show typical optical and SEM images from the interrupted heating 
experiments. In these down-quenched samples martensite islands reveal the locations 
of the austenite grains. Two interesting observations can be made. The first 
observation is related to the nucleation of the new austenite grains, which takes place 
predominantly in pearlite areas that are rich in carbon (see Fig. 4.3a, b). Depending on 
the heating rate this process can take place in one or two steps. At a very low heating 
rate, 0.05 ºC/s, there is no essential delay between the ferrite-to-austenite 
transformation and the cementite dissolution within the pearlite grain. Figures 4.3a 
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and 4.4b show that no inhomogeneities are present in the martensite phase that was 
austenite prior to cooling.  
 

 
 

a) 

 

b) 

Figure 4.3. Typical micrographs from the interrupted heating experiments.  

a) Optical micrograph of the C35 alloy heated with the heating rate of 0.05 ºC/s to 

745 ºC (close to the end of the pearlite-to-austenite transformation) and b) SEM 

micrograph of the C45 alloy heated with the heating rate of 20 ºC/s to 765 ºC 

(middle of the pearlite-to-austenite transformation). 

The arrow indicates the pearlite grain that was transformed into austenite on heating 

and subsequently into martensite on cooling. In this grain the cementite plates are 

still visible and in some cases partially dissolved. F = ferrite, M = martensite and P = 

pearlite. 
 

 
 

a) 

 

b) 

Figure 4.4. SEM micrographs of the C35 alloy, heated with 0.05 ºC/s to: a) 740 ºC 

(start of the pearlite-to-austenite transformation) and b) 745 ºC (close to the end of 

the pearlite-to-austenite transformation). The arrows indicate the nucleation of 

austenite at the triple point (a) and the ferrite-ferrite grain boundary (b). F = ferrite, 

M = martensite and P = pearlite. 
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Figure 4.4a (see area marked with oval) shows an austenite grain nucleated on the 
ferrite-pearlite grain boundary. The growth of the newly formed austenite grain is not 
planar and the position of austenite “fingers” coincides with the direction and position 
of the cementite lamellae, which are rich in carbon. 

A completely different situation was observed in the case when the heating 
rate was 20 ºC/s. A clear delay in the cementite dissolution in comparison to the 
ferrite-to-austenite transformation resulted in a time-step difference between the two 
processes [4]. A closer look using SEM (see Fig. 4.3b) reveals a partially transformed 
pearlite grain in which the cementite is not completely dissolved in martensite, which 
was austenite at high temperatures prior to quenching. 

 The second interesting observation is related to the nucleation of austenite 
on the ferrite-ferrite grain boundaries: at a triple point (see arrow in Fig. 4.4a) and a 
grain boundary (see arrow in Fig. 4.4b). The austenite nuclei have a classical cup-like 
shape and appear at the very early stages of the transformation.  Thus, two 
transformations, pearlite-to-austenite and ferrite-to-austenite, appear to overlap. The 
degree to which the two processes overlap cannot be established from the present 
experiments.  

Figure 4.5 shows the distribution of the alloying elements across the 
austenite nuclei on the ferrite-ferrite grain boundary similar to the one shown in Fig. 
4.4b. The carbon concentration across the austenite nucleus region varies 
significantly: from approximately 0.01 wt. % in the ferrite phase and up to 0.27 % in 
the austenite nucleus. Other alloying elements (Si, Cr, Mn, and Cu) do not show any 
significant variations in concentrations. 

 

 
Figure 4.5. Alloying elements distribution across austenite nuclei formed on ferrite-

ferrite grain boundary (C35 alloy). The maximum of the carbon concentration 

corresponds to the middle of austenite nuclei. The low level of the carbon 

concentration corresponds to the ferrite phase. 
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4.4.2. Growth morphologies 

 
Several types of growth morphologies were observed during the experiments. 
Acicular (finger) type growth is spotted on the pearlite-ferrite grain boundaries (see 
Fig. 4.6). New austenite grains nucleate on the grain boundary and grow into the 
neighboring ferrite grain, most likely inheriting the lath dimensions. This type of 
growth is only detected on pearlite laths being perpendicular to the ferrite/pearlite 
grain boundary and is not present if the laths are parallel to it. In the latter case the 
formation of a bainitic structure on cooling takes place (see Figs. 4.6, 4.7). This 
bainite was austenite at higher temperatures prior to quenching. Bainite is clearly 
visible in the vicinity of former pearlite grains (martensite after quenching), is black 
in color and lies along the grain boundaries.  

 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 

 

 

 

 

 

 

 

 

Figure 4.6. Examples of acicular growth morphologies as found in C35 and C45 

alloys. The arrow (S-S) indicates the direction of EPMA measurement  (see Fig. 4.8). 
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Figure 4.7. SEM micrograph of the bainite structure. 
 
 
Figure 4.8 shows the distribution of the alloying elements across the fingers 

as determined by EPMA. Similar to Fig. 4.5, the only diffusing element is carbon, the 
other elements (Si, Cr, Mn, and Cu) show no or negligible variations in 
concentrations. The carbon content varies from app. 0.2 wt. % between the fingers till 
approximately 0.8 wt. % inside the finger. 

 

 
Figure 4.8. Alloying elements distribution across the “fingers” in C45 alloy (see Fig. 

4.6). The maximum of the carbon concentration corresponds to the “fingers” and 

minimum between them. 
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The micrographs showing the effect of the extreme heating rate (300 ºC/s) 
and different holding times on the microstructure evolution are shown in Fig. 4.9. At 
770 ºC and holding time 1 s the microstructure is highly inhomogeneous and consists 
of ferrite (white areas), bainite (black areas) and martensite matrix (grey areas). The 
black areas form a continuous network and reproduce the original grain size. The 
ferritic phase lies along these black lines, presumably the former grain boundaries. 

Figure 4.10 shows the distribution of alloying elements along the line T-T 
(see Fig. 4.9a). Alloying elements (Si, Cr, Mn, and Cu) do not show significant 
variations in concentrations. In contrast, the carbon concentration in the black phase is 
remarkably low: around 0.2 wt. %. In the rest of the sample the carbon content is 
approximately 0.4 wt. %, which is about the average carbon content in the sample. 

 
 

 
 

a) 770 ºC, 1 s 

 
 

b) 770 ºC, 10 s 

 
 

c) 770 ºC, 60 s  

 
 

d) 900 ºC, 1 s 

Figure 4.9. Typical micrographs from the interrupted heating experiments of the C45 

alloy heated with 300 ºC/s to a) 770 ºC, 1 s; b) 770 ºC, 10 s; c) 770 ºC, 60 s; d) 900 

ºC, 1 s. The arrow (T-T) indicates the direction of EPMA measurement  (see Fig. 

4.10). Ferrite = white, Martensite = grey and Bainite = black. 

 

T 
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With increasing the holding time to 10 s (Fig. 4.9b), the structure tends to 
become more homogeneous and the amount of ferritic phase first decreases and 
eventually almost disappears at holding time of 60 s (Fig. 4.9c). The temperature of 
770 ºC corresponds to the austenite area in the Fe-C phase diagram. At higher 
overheating (900 ºC) and short holding time (1 s) the microstructure is as well highly 
inhomogeneous and consists of a martensitic matrix (grey areas) and bainite (black 
areas) forming a continuous network (Fig. 4.9d). 

 
Figure 4.10. Alloying elements distribution along the line T-T in C45 alloy (see Fig. 

4.9a). The minimum of the carbon concentration corresponds to the position of the 

black phase (bainite). 

 
 

4.5. Discussion 
 

It has been known for long that the situation during forming of austenite is much 
different from the transformation upon cooling. As the temperature is raised into the 
austenite region, the driving force for transformation increases (this is the difference 
in the free energy of the product, austenite, and the starting microstructure, such as 
pearlite or ferrite). Also, with increasing temperature the atomic mobility increases. 
Thus, the rate of austenite formation increases with increasing temperature. Since 
both the thermodynamic driving force for the formation of austenite and the atomic 
mobility become larger with higher temperatures, both the rate of nucleation and the 
rate of growth continually increase with increasing temperature. 
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4.5.1. Nucleation 
 
Above the A1-temperature the ferrite+pearlite phase mixture, which was stable at 
lower temperatures, becomes unstable. The system will try to decrease its free energy 
by creating austenite, and consequently an austenite-ferrite interface is formed. The 
essential driving force behind this transition is the difference in the Gibbs free energy 
between the initial and final states. As was already shown in chapter 4.2, maximum 
gain in free energy is achieved for a large carbon enrichment of the γ phase. Some 
decrease in the Gibbs free energy, even though of a smaller value, is also possible 
with the formation of the γ phase with a lower than equilibrium carbon content (see 
for example ΔG1 in Fig 4.1a). In both cases nevertheless the nucleation and growth is 
stimulated in carbon-rich areas or their vicinity, as some enrichment of austenite 
phase has to take place. There are two possible sources of carbon. First of all these are 
the pearlitic areas, which have lamellar structures, consisting of alternating ferrite 
(low in carbon) and cementite (high in carbon) plates (see Fig. 4.2a, b). The second is 

the pro-eutectoid ferrite itself since Ceqxαγ (1) < Ceqxαθ  (5) (see Fig. 4.2c). Hence, it 

follows that, for the austenitic nucleus formed on the boundary of ferrite grains, 
contact with cementite is not necessary. The decreasing equilibrium C-content with 
increasing temperature in the ferritic phase is in itself a direct source of carbon. After 
supplying carbon to austenite, ferrite is, in its turn, re-supplied with carbon by the 
dissolution of cementite plates, thus creating a constant driving force for the carbon 
diffusion towards the austenite-ferrite interface (see Fig. 4.2). 

During the experiments both types of nucleation were observed for the 0.05 
°C/s heating rate and only one type of nucleation (near the pearlitic areas) for the 20 
°C/s heating rate. The EPMA measurements show a significant variation in carbon 
content in austenite nucleated on the ferrite-ferrite grain boundaries (about 0.27 wt. 
%, low-carbon austenite) and the one nucleated on pearlite-ferrite boundaries (around 
0.8 wt. %, high-carbon austenite, which is close to the equilibrium value at 
temperature just above A1). The possible presence of carbides on the ferrite-ferrite 
grain boundaries prior to transformation, which could stimulate the austenite 
nucleation, is doubtful. First of all, they were not observed in the initial 
microstructures and second, their presence on the ferrite-ferrite grain boundaries 
would lead to austenite nucleation on them for all heating rates, which was not the 
case. This observation indicates the importance of carbon diffusion during the 
transformation to the growing austenite phase. At the higher heating rates there is not 
enough time for carbon to diffuse so the austenite nucleation takes place only on the 
ferrite-pearlite boundaries, in the vicinity of the carbon source. 

Obviously, the diffusion of carbon is not an infinitely fast process. The 
indication of the delay in cementite dissolution comparing to the austenite formation 
is clearly seen in Fig. 4.3b (see the grain indicated by an arrow). The pearlitic ferrite 
undergoes the transformation to austenite at higher temperatures and upon further 
quenching it transforms into martensite. At the same time the cementite plates are still 
visible within martensite. Similar observations were made by [9-12]. They noticed 
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that new grains of austenite grow along the plates of ferrite in a pearlite colony and 
expand to replace the ferrite in the colony.  The cementite plates do dissolve in this 
austenite, but the austenite grains grow into ferrite at a faster rate than that at which 
the cementite plates dissolve. This residual cementite is eventually first thin, then 
spheroidizes and dissolves completely in austenite, depending on the carbon content 
and temperature. This points out the time difference between austenite formation and 
cementite dissolution. Thus the main difference between the pearlite formation on 
cooling and pearlite transformation on heating is that on cooling the ferrite and 
cementite plates grow together whereas on heating it is a two-step process and thus 
pearlite should be considered as consisting from two different phases – ferrite and 
cementite.  

 
 

4.5.2. Growth morphologies 
 

The carbon diffusion process, the rate of which increases with temperature, plays an 
important role in the occurrence of growth morphologies. As was indicated above, 
several types of growth morphologies were observed. The finger-type austenite 
growth morphologies (see Fig. 4.6) were spotted growing from the former pearlitic 
areas into neighboring proeutectoid ferrite grains. The average carbon concentration 
within the fingers is around 0.8 wt. % indicating that the fingers grow from the 
carbon-rich areas. Thus, it can be argued that the formation of the fingers coincides 
with the position of former cementite plates that were perpendicular to the grain 
boundary. After pearlite transformation to austenite is completed, the newly formed 
“pearlitic” austenite is inhomogeneous in composition, the carbon content being 
highest at the location of pre-existing cementite plates [9, 13]. Thus, the driving force 
at these grain boundaries is highly inhomogeneous. At low heating rates, which 
correspond to a low degree of overheating, the driving force for ferrite-to-austenite 
transformation is not high and it is energetically more favorable for austenite nuclei to 
grow with minimum surface energy. Minimal surface energy is secured by an 
orientation relationship between austenite and ferrite. In the case of finger-type 
growth the coherent broad sides should have a relatively low interfacial energy, 
whereas the incoherent tip would have a much higher interfacial energy. The presence 
of an orientation relationship between ferrite and austenite was shown by Law and 
Edmonds [6], who determined that the austenite was always within 15 º of a 
Kurdjumow-Sachs orientation relationship: 

 

(110)bcc//(111)fcc, [ 111 ]bcc//[ 110 ]fcc 

 
For the bcc-fcc phase combination these are the only planes that are more or 

less identical in each crystal, and by choosing the correct orientation relationship it is 
possible for a low energy coherent or semicoherent interface to be formed. There are, 
however, no other sets of planes of good matching and the austenite plate is thus 
bounded by the incoherent interface. It is known that an incoherent interface has a 



Chapter 4 

 

47 

much higher mobility than a coherent one [14]. The incoherent interface will move as 
fast as diffusion allows and the growth will take place under diffusion-controlled 
mode. At the very fast heating rates, as the ones shown in Fig. 4.9, “fingers” of 
austenite were not formed. This can be explained by the lack of time for the diffusion 
to proceed because of the relatively high driving forces for ferrite-to-austenite 
transformation. In the places, where the cementite plate direction is not perpendicular 
to the grain boundary, the formation of a “black etching” structure on cooling was 
observed (see for example Figs. 4.6, 4.9). The EPMA measurements (see Fig. 4.10 
and Fig. 4.9a line T-T) show that the black phase has lower carbon content (around 
0.2 wt. %) comparing to the rest of the sample, which is around 0.4 wt. %, and is 
bainite (see Fig. 4.7). It is well known that steels with lower carbon content require 
higher cooling rates in order to obtain a martensitic structure. Thus in the structure 
with the carbon inhomogeneities, for the same cooling rate during the quenching of 
the sample it is possible to obtain martensite in the areas rich in carbon and bainite in 
the areas with lower carbon content. The formation of the “black” phase was noticed 
only on the former pearlite (which is austenite oversaturated with carbon) and pro-
eutectoid ferrite (low in carbon) grain boundaries. Hence, the formation of bainite on 
cooling is possible. 

 
 

4.6. Conclusions 
 

1. Formation of the austenitic phase upon heating is possible in pearlite as well 
as in ferrite areas, however in the first one it proceeds at a much faster rate due to the 
shorter diffusion distances. The carbon content of the austenite nuclei formed on the 
ferrite-ferrite grain boundary is about 0.27 wt. %, which is much lower than the 
equilibrium value determined by the metastable phase diagram. A possible 
explanation is proposed based on thermodynamic considerations for the formation of 
low-carbon austenite (on the ferrite-ferrite grain boundaries) and high-carbon 
austenite (on the pearlite-ferrite grain boundaries). 
2. Depending on the heating rate, the pearlite-to-austenite transformation can 
proceed in either one or two steps. At low heating rates (0.05 ºC/s) the ferrite and 
cementite plates transform simultaneously. At higher heating rates (20 ºC/s) a two-
step process is observed: first ferrite within the pearlite grain transforms into austenite 
and then the dissolution of the cementite lamellae takes place.  
3. Carbon inhomogeneities give rise to specific phenomena in the α/γ structure. 
The formation of finger-type austenite occurs on pearlite-ferrite grain boundaries and 
coincides with the position of cementite plates. In places where the direction of 
cementite lamellae is not perpendicular to the grain boundary, the formation of the 
“black” phase, which is believed to be bainite, takes place. 
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Chapter 5 
 

 

 

Austenite nucleation and growth on the level of individual 

grains observed by 3DXRD microscopy 
 
V.I. Savran, S.E. Offerman,  J. Sietsma, Metall. Mater. Trans. A,  (submitted) 

 
 

Abstract 

 
In this chapter austenite nucleation and growth during continuous heating was studied 
using three-dimensional X-ray diffraction (3DXRD) microscopy at beam line ID11 of 
the European Synchrotron Radiation Facility (ESRF) in Grenoble, France. Unique in-
situ observations of austenite growth kinetics were made for two of the studied alloys: 
C22 and C35. The measured austenite volume fraction as a function of temperature 
shows a two-step behavior for both alloys: it starts with rather fast pearlite-to-
austenite transformation, which is followed by a more gradual ferrite-to-austenite 
transformation. The austenite nucleus density exhibits similar behavior, with a sharp 
increase during the first stage of the transformation and a more gradual increase in 
nucleus density in the second stage for the C22 alloy. For the C35 alloy no new nuclei 
form during the second stage. Three different types of growth of austenite grains in 
the ferrite/pearlite matrix were observed. Together with the observed austenite 
nucleation behavior it gives detailed quantitative observations of the phase 
transformation kinetics during heating, i.e. austenite formation from ferrite and 
pearlite. 
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5.1. Introduction 
 
As was already shown in the previous chapters, austenite formation from an initial 
microstructure of ferrite and pearlite consists, as most of the phase transformations, of 
two stages – nucleation and growth. Based on the previous work [1-4] it is possible to 
establish the sequence of events constituting the ferrite/pearlite-to-austenite phase 
transformation. Austenite nucleates first on the ferrite-pearlite grain boundaries and 
grows rapidly into the pearlite phase. Just above the A1 temperature these austenite 
grains form with nearly the eutectoid carbon concentration, according to 
thermodynamic equilibrium. The formation of austenite on the ferrite-ferrite grain 
boundaries at the early stages of the transformation (when only pearlite is expected to 
transform to austenite) was described in chapter 4. In this case, austenite with a low 
carbon concentration compared to the equilibrium is formed. In the second stage of 
the phase transformation, when it is primarily ferrite that transforms to austenite, the 
transformation slows down. In both cases, the transformation of pearlite to austenite 
and of ferrite to austenite, the redistribution of carbon has to take place. There is 
however a distinct difference in the scale at which this takes place for the two 
transformations. Once the transformation of ferrite/pearlite-to-austenite is completed, 
carbon redistribution in austenite and austenite grain growth take place. 

In this chapter the nucleation and growth of austenite from ferrite/pearlite 
structures is studied with the three-dimensional X-ray diffraction (3DXRD) 
microscope employing high-energy synchrotron radiation [5]. The advantage of this 
technique is that it offers the possibility of time-resolved measurements of the growth 
of individual austenite grains in the bulk of the material on a scale of micrometers at 
high temperatures, which is not possible with any other technique. The observation of 
individual grains provides a unique possibility of a quantitative in-situ measurement 
of the nucleation and growth rates in the bulk of the material. 
 
 
5.2. Background  

 

5.2.1. Nucleation 

 

There are two main types of sites for austenite nucleation – near the areas rich in 
carbon, acting as a source of carbon (pearlite-pearlite and pearlite-ferrite grain 
boundaries or within the pearlite colonies) and away from them (on ferrite-ferrite 
grain boundaries). As was mentioned by several authors [6-9], in the areas rich in 
carbon, nucleation on the pearlite-pearlite and pearlite-ferrite grain boundaries is the 
most favored mechanism compared to nucleation on the ferrite-cementite interfaces 
within the pearlite grains. The interface energy is known to be a function of the lattice 
mismatch between two crystals, and high-angle boundaries favor nucleation. This 
appears to be the reason for the lack of nucleation on the ferrite-cementite interfaces 
within the pearlite colonies, which have a specific orientation relation and therefore 
are likely low-energy interfaces.  
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Among the two possible types of sites for austenite nucleation, the first type 
(pearlite-pearlite, pearlite-ferrite grain boundaries) comprises the most favorable 
places for austenite nucleation [1, 10, 11]. The presence of a high-carbon phase 
(pearlite) stimulates austenite nucleation, since a certain degree of enrichment of the 
austenite phase with respect to the ferrite phase has to take place to make the newly 
formed nucleus thermodynamically stable. In addition, the ferrite-pearlite interface 
will generally be a high-energy interface, and the ferrite-austenite interface can be a 
low-energy interface due to the possible specific orientation relations between ferrite 
and austenite. On the other hand, the presence of austenite nuclei on the ferrite-ferrite 
grain boundaries was observed in chapter 4. It was argued that the direct contact with 
a carbon-rich phase is advantageous, but not required for the formation of austenite 
nuclei. The decreasing equilibrium concentration of carbon in the ferritic phase with 
increasing temperature is in itself a source of carbon.  

In the views on nucleation, the Classical Nucleation Theory (CNT) [12] is 
the most widely used approach to estimate the nucleation rate in terms of parameters 
like the activation energy for nucleation, ΔG*, the Zeldovich non-equilibrium factor, 
Z, a frequency factor (the rate at which atoms are added to the sub-critical nucleus), 
β*, and the density of available nucleation sites, Nn. It was widely used to describe the 
heterogeneous nucleation of ferrite grains in an austenite matrix [13-18]. The CNT 
predicts that the steady-state nucleation rate per unit of volume is given by: 

 
*

*
,(1 ) expγ β

⎡ ⎤Δ
= − ⋅ −⎢ ⎥

⎣ ⎦
i i

n i i i

dN G
f N Z

dt kT
,     (5.1) 

 
where i indicates austenite nucleation from either pearlite or ferrite, 

(1−f 
γ) takes into account the decrease in the number of potential nucleation 

sites with increasing austenite volume fraction, with f 
γ
 the austenite volume 

fraction; 
 Nn is the number of potential nucleation sites; 

Z is the non-equilibrium Zeldovich factor. It takes into account the reduction 
in the equilibrium concentration of sub-critical nuclei due to the fact that some 
sub-critical nuclei become supercritical during the nucleation. In our analysis 
we assume Z to be constant. 
T is the temperature; 
k is the Boltzmann constant; 
β*

 is the frequency factor, expressing the rate at which single atoms are added 
to the critical nucleus, which is given by [19]: 
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where  D0 is the pre-exponential factor of the diffusion constant; 
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Q is the activation energy for atom transfer across the nucleus-matrix 
interface. It is approximated by the activation energy for diffusion of iron 
atoms in ferrite and is taken to be 3.93×10–19 J [20]; 

S
* is the area of the nucleus which can accept atoms. 

a is the average lattice parameter of ferrite. 
ΔG* is the activation energy for nucleation. In general, it can be written as 
[13]: 
 

2
*

V

i
i

g
G

Δ
=Δ

ψ
,         (5.3) 

 
where ψ contains all the information about the shape of the nucleus (geometrical 

factors) and the energies, σi, of the interfaces that are involved in the 
nucleation process, i.e. the newly formed interfaces and matrix interfaces 
where the nucleation took place; 
ΔgV is the difference in Gibbs free energy per unit volume between parent and 
forming phase (driving force for nucleation). 
 
Among all the variables used to calculate the nucleation rate, the ψ-parameter 

is the most difficult to establish. This parameter contains the information on the shape 
of the critical nucleus as well as the interfacial energies; parameters that are difficult 
or even impossible to measure experimentally even with the modern techniques. 
Nevertheless, there have been several theoretical and experimental attempts to 
estimate them. Clemm and Fisher [21] proposed a model for the grain-corner 
nucleation of a nucleus that has an incoherent interface with the parent phase. In this 
model four spherical caps form the nucleus at a grain corner and grow simultaneously 
into four parent grains. The ψ value related to this type of grain-corner nucleation 
with incoherent phase boundaries between the nucleus and the matrix is predicted to 
be 3.3×10–3 J3/m6, with values for the interface energy taken from the literature. 
Another model, which was used by Lange et al. [18], assumes that ferrite nuclei 
mainly form on a grain face. In this case, the nucleus forms with coherent and 
partially coherent interfaces and thus requires smaller activation energy for 
nucleation. The ψ value found by Lange et al. for ferrite nucleation on 
austenite/austenite grain boundaries is 2.1×10–6 J3/m6, based on their experimentally 
deduced values for the energy of the interfaces involved in the nucleation process. In 
a recent study on ferrite nucleation in an austenite matrix performed by Offerman et 

al. [13], the value for ψ is experimentally found to be 5×10–8 J3/m6, which is much 
lower than the previously found model values. The underlying reason might be found 
in the formation of a nucleus that has a specific orientation relationship with one of 
the parent grains and that has nucleated at a grain corner, since Huang and Hillert [22] 
experimentally found that grain corners are the most effective places for nucleation in 
carbon steels. It should be noted that in the experiment of Offerman et al. the position 
of the ferrite nuclei was not determined, but the experimental results show that one 
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ferrite grain forms for each austenite grain, which suggests that the ferrite nuclei are 
likely appeared at austenite grain corners. According to van Dijk et al. [16], the 
steady-state assumption for the CNT holds only for certain conditions. An important 
criterion that has to be fulfilled is that the energy barrier for nucleation, ΔG*, is larger 
than the kinetic energy of the atoms, kT. In case the activation energy for nucleation is 
smaller than kT, but larger than zero, the cluster size distribution of the sub-critical 
nuclei and the resulting nucleation rate are intrinsically time-dependent. The 
nucleation rate should then be described by the basics of the nucleation theorem, i.e. 
the cluster dynamics (CD). One of the important differences between the situation that 
ΔG* is larger than kT (classical approach) and the situation that 0 < ΔG* < kT is in the 
values for n* (the amount of atoms in a critical nucleus) and n+ (the amount of atoms 
in a super-critical nucleus, i.e. a nucleus that is stable with respect to thermal re-
dissolution). In the CNT the relative difference between n* and n+ is negligible, but in 
the case that 0 < ΔG* < kT, the difference between n* and n+  can be large.  

 
 

5.2.2. Growth 

 

Once the austenite nucleus is formed on a pearlite-ferrite grain boundary, it starts to 
grow relatively rapidly into the pearlite grain. Pearlite is a phase that consists of two 
interpenetrating single crystals of ferrite and cementite (Fe3C) that are locally ordered 
as alternating plates. Due to the peculiarity of its morphology (a high density of 
surface area) and the high carbon content the driving force for transformation into 
austenite is relatively large. Following Gaude-Fugarolas and Bhadeshia [23] it is 
possible to estimate the average velocity of the austenite interface within the pearlite 
colony under diffusion-controlled growth, assuming that the growth rate is determined 
by the diffusion of carbon in austenite. At 740 ºC  for Mn steel the para-equilibrium 
carbon concentrations in austenite on the austenite-cementite and the austenite-ferrite 

interfaces are 0.76Ceqxγθ =  wt.% and 0.65Ceqxγα =  wt% respectively; whereas the para-

equilibrium carbon concentration in ferrite on the ferrite-austenite interface is 

0.011Ceqxαγ =  wt. %. The diffusivity of carbon in austenite is 1310246 −⋅= .γD  m2/s 

[24]. For a typical value of the interlamellar spacing in pearlite 5.0=L  μm, the 
growth rate is estimated to be 1.4 μm/s. 

The other possible type of nucleation site, as was already mentioned earlier, 
is formed by the ferrite-ferrite grain boundaries. In this case there is no direct contact 
with the source of carbon, the pearlite phase, so during growth carbon will be supplied 
from areas that are rich in carbon (for instance austenite formed from pearlite) 
through the ferrite matrix (see Fig. 5.1). Under the assumption that the growth is 
controlled by the diffusion of carbon in ferrite, the flux of carbon atoms can be 
expressed as: 
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       (5.4) 

 
where  DCα

  is the temperature dependent carbon diffusion coefficient in ferrite 
[25]; 

'
Cxαγ  is the carbon concentration in ferrite on the grain boundary of ferrite with 

carbon-rich austenite (austenite formed in pearlite regions); 
zγα  is the position of the austenite-ferrite interface and is equal to the 

carbon diffusion distance from the source of carbon (former pearlite phase) to 
the austenite nucleus. For the estimation of the typical growth rate a value of 
30 μm is taken. 

 
 
 
 
 
 
 
 
 

 

 

 

 

Figure 5.1. Variation of the carbon content across the austenite-ferrite boundary. α = 

ferrite, γ = austenite formed on ferrite-ferrite grain boundary, γ’ = carbon-rich 

austenite formed in pearlite regions. 

 
 

The interface movement for the austenite grain growth on the ferrite-ferrite 
grain boundary can then be calculated as: 

 

( )Ceq Ceq

dz J

dt x x

α
γα

γα αγ

= −
−

        (5.5) 

 
Taking the average diffusion distance equal to 30 μm and solving Eqs. (5.4, 

5.5), it is possible to estimate the austenite-ferrite interface velocity. The average 
velocity of the austenite-ferrite interface for C22 alloy at 750 °C is expected to be 
0.03 μm/s. 
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5.3. Results and discussion 

 
5.3.1. Volume fraction 

 

Figure 5.2a, b shows the measured austenite volume fractions for the C22 and C35 
alloys as a function of temperature compared to the para-equilibrium fractions as 
obtained from MTData®. There are remarkable similarities in the curves of Fig. 5.2.  

 

 
a) 

 
b) 

 

Figure 5.2. Austenite volume fraction as measured by 3DXRD (solid rectangles) and 

calculated using MTData
®

 (open circles) for a) C22 and b) C35 alloys. 

 
 

All curves initially display a fast increase in austenite fraction, which 
corresponds to the pearlite-to-austenite transformation, as was observed earlier [1, 2, 
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11]. It is then followed by a slower increase in austenite fraction, corresponding to the 
ferrite-to-austenite transformation. It is seen that the transition coincides with the 
austenite fraction as calculated by MTData®.  

From Fig. 5.2 it can also be seen that the formation of austenite starts around 
15°C higher for the C22 alloy and around 20°C higher for the C35 alloy compared to 
the A1 temperature as calculated with MTData®. This overheating can be due to two 
causes. First, it is necessary to keep in mind that there is an uncertainty in the 
measured start temperature (the austenite volume fraction curve that was measured 
using the 3DXRD microscope was shifted to a higher temperature to coincide with the 
start of the austenite formation as determined using dilatometry, see section 3.2.4). 
Dilatometry is a technique that measures the relative length change of the sample with 
respect to the temperature. A few percent of austenite has to be formed first in order 
to give rise to a signal on the dilatation curve. 

On the other hand, the observed overheating can, to some extend, be 
explained by the incubation (or induction) time for nucleation. As was described by 
Kashchiev [26] after the initial supersaturation of the old phase, some time, called 
induction time, may elapse prior to the formation of an appreciable amount of the new 
phase. This time is experimentally observable. The different experimental techniques 
detect the first formation of the new phase with a different resolution. In the present 
case, as was mentioned earlier, the detection limit of 3DXRD microscopy is 2 μm. 
From the growth rate of the austenite nuclei in the initial stage (which is 
approximately 0.03 μm/s as will be described later in section 5.3.3) the estimated time 
for the nuclei to be detected is approximately 70 s. For the given heating conditions 
(heating rate is 10°C/s) this will lead to a delay of about 12 °C. 

 
 

5.3.2. Nucleation 

 

Figure 5.3 shows the measured nucleus density for C22 and C35 alloys as a function 
of temperature during continuous heating to the one-phase austenite region. The 
number of nuclei is determined from the number of austenite spots on the 2D detector 
and is taken as an accumulative number. A more detailed description of the procedure 
can be found in [14]. Two different stages in the nucleation behavior are observed. 
Just after the beginning of the pearlite/ferrite-to-austenite transformation, there is a 
very fast increase in the number of austenite grains. Pearlite-ferrite (or pearlite-
pearlite) grain boundaries are the most favorable places for the austenite nucleation 
for two reasons: the presence of the incoherent high-energy interface stimulates the 
heterogeneous nucleation, and the availability of carbon makes the newly formed 
nuclei stable. The nucleus density also depends on the number of potential nucleation 
sites. This is related to the density of the pearlite-pearlite or pearlite-ferrite grain 
boundary area and the shape and size of the grains. Taking into account that both 
studied alloys have approximately the same average grain size, for the C22 alloy the 
average pearlite volume fraction is lower than for the C35 alloy. Thus, even though 
both alloys feature a very sharp increase in the nucleus density in the initial stage of 
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the transformation, the C35 alloy in total has a higher nucleus density in comparison 
to the C22 alloy. 
 
 

 
 
Figure 5.3. Austenite nucleus density as the function of temperature for C22 (solid 

rectangles) and C35 (open triangles) alloys. 

 
 

After the first stage of very sharp increase, which is related to the nucleation 
at the pearlite-ferrite or pearlite-pearlite grain boundaries, in the second stage of the 
transformation, when nucleation at the ferrite-ferrite grain boundaries takes place, the 
nucleus density continues to increase more gradually for the C22 alloy. About 25% of 
the nuclei are formed in this range. For the C35 alloy no new nuclei appear to form, 
so the transformation proceeds further via the growth of already existing austenite 
grains into pro-eutectoid ferrite.  

In order to apply Eqs. (5.1-5.3) to the experimental data and to characterize 
the nucleation behavior by the ψ value, the fraction of austenite nuclei formed on the 
ferrite-ferrite grain boundaries is taken from the measured data (see Fig. 5.4). This is 
only done for the C22 alloys, since the experimental data for nucleation on the ferrite 
grain boundaries in the C35 alloy is not enough to perform further analysis. The 
driving force for nucleation is calculated using MTData® thermodynamic database. It 
is determined through the parallel-tangent construction under the assumption of the 
para-equilibrium condition (only carbon is considered to redistribute).  The driving 
force for nucleation, ΔgV, which is the change in Gibbs free energy due to the 
formation of an austenite nucleus in the ferrite matrix, is not trivial to find. The major 
challenge here is that the exact carbon content of the parent transforming phase 
(ferrite) at the interface is not known. The equilibrium phase diagram gives only the 
average carbon content in ferrite in equilibrium with austenite. If two phases (like 

Site saturated nucleation

Continuous nucleation 
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ferrite and austenite) both have equilibrium carbon values there is no driving force for 
the transformation. In our analysis we assume that the transforming ferrite phase has 
the equilibrium concentration of carbon in ferrite at the eutectoid temperature and that 
it does not change during the transformation. This is a reasonable assumption since 
the change in the carbon concentration in ferrite is rather small during the whole 
transformation range. Although the resulting value for ψ can be affected by this 
choice, the direct influence of the choice for the carbon concentration in ferrite on 
ΔG* is very small. The austenite fraction is determined from the 3DXRD 
measurements, as shown in Fig. 5.2a. 

 
 

 

Figure 5.4. Experimental and calculated values for austenite nucleation density on 

the ferrite-ferrite grain boundaries and kT and ΔG* values as a function of 

temperature for the C22 alloy. The ferrite nucleus density is scaled to the maximum in 

the experimental nucleation density.  

 
 
The normalized austenite nucleus density is determined only for the second 

part (nucleation at ferrite) of the nucleus density curve, since there is insufficient data 
to perform the analysis for the first part (nucleation at pearlite). Figure 5.4 shows the 
measured austenite nucleus density normalized to the maximum nucleus density as a 
function of temperature. The best fit of the experimental data to Eq. (5.1) gives ψf = 
4.8±1.0×10–8 J3/m6 for nucleation in the ferrite-to-austenite part of the transformation. 
In order to test the influence of the experimental uncertainty in the temperature scale, 
we also calculated ψf for the case, when the measured nucleus density was shifted to 
coincide with the A1 temperature as calculated using thermodynamic databases. Then 
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we obtained a ψf value of 1.1±0.5×10–8 J3/m6. The two ψf values are of the same order 
of magnitude as the value of ferrite nucleation from austenite determined by Offerman 
et al. (5×10–8 J3/m6 [13]) and much lower than the models predictions (see section 
5.2.1). Such a low value gives information about the specific nucleation conditions, 
such as that nucleation occurs in places that are high in energy (for example, triple 
and quadruple points) and that austenite nuclei form with relatively low interfacial 
energy. For the nucleation near the pearlite phase, as was already mentioned before, 
we do not have sufficient data to quantify the parameter ψp. However qualitatively we 
can expect it to be even lower than ψf.  It is worth to mention that by varying the 
activation energy of diffusion, Q, by a factor of 2 we get ψf of the same order of 
magnitude.  

Figure 5.4 also shows that, except for the first several degrees, for most of 
the transformation range the calculated ΔG* values lay below kT, since with the 
increasing temperature the driving force (ΔgV) increases and the energy barrier (ΔG*) 
decreases. Regardless of the uncertainty in the value of ψf , it is clear that the 
activation energy for austenite nucleation is very small. The reason for the small 
activation energy for nucleation could be that the energy needed to form a new 
interface is largely compensated by the energy that is removed from the system by 
eliminating the grain boundary of the parent phase where nucleation takes place. 
Following [16] it is possible to establish that for the given ψf values we get into the 
regime in which the activation energy for nucleation is smaller than kT, but the critical 
nuclei are larger than a few atoms. Thus, only for the first several degrees of the 
transformation the CNT approach can be applied, but very little nucleation takes place 
in this regime. For most of the transformation range, however, application of the 
cluster dynamics approach (CD), as described by [16], is more appropriate. The 
derivation of the effective values for the activation energy enable the determination of 
the parameter γ*, defined in ref. [16] by γ* = ΔG*/kT, for which three different 
regimes can be identified: 

 
• γ* > 1. This regime corresponds to the small overheating values. The 

critical nucleus size n* is then on the order of 10,000 atoms, including 
several hundred carbon atoms. If we assume a similar value for ψp as 
was found for ψf, it is clear that in this range only nucleation at pearlite 
colonies can take place. 

• γ* ≈ 1. This regime corresponds to the intermediate range. For this 
regime the size of the critical nucleus is in the range of 300~800 atoms. 

• γ*  << 1. This regime corresponds to the large overheating values, e.g. 
ΔT = 25°C and higher, in which more than 90% of the nucleation takes 
place. The critical nucleus size is about 100~200 atoms. With such a 
size only a few carbon atoms are necessary to form the right 
composition. With increasing overheating the critical nucleus size as 
well as the required carbon atoms in a nucleus will decrease. 
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The rather large size of the critical nuclei in the first degrees of the 
transformation gives insight in the differences of nucleation behavior of austenite 
grains nucleated near the source of carbon (pearlite-pearlite or pearlite-ferrite grain 
boundaries, stage 1 in Fig. 5.3) and away from the source of carbon (ferrite-ferrite 
grain boundaries). In both cases the ψ values, and therefore the activation energy for 
nucleation, are very low, but the necessity of C atoms present in the nuclei makes the 
nucleation and further growth, necessary to observe the grains, near the source of 
carbon more favorable. 

 
 

5.3.3. Growth types of individual grains 

 

Figure 5.5 shows three types of austenite grain growth as observed during the 
experiments. Each individual growth type exhibits one or several of the following 
growth kinetics:  
 

I. fast growth (austenite growth in pearlite); 
II. slow growth (austenite growth in ferrite); 
III. extremely fast growth (massive growth). 

 
The growth type A (see Fig. 5.5a) is similar to the overall transformation curves 
(compare with Fig. 5.2a, b). Due to this similarity it is possible to suggest that the 
transformation starts with the fast growth of austenite grains into the pearlite colonies 
(growth kinetics I) and continues as a slow ferrite-to-austenite transformation (growth 
kinetics II). The derived average pearlite-austenite interface (growth kinetics I) 
velocity, recalculated from the volume fraction of individual grains assuming that the 
austenite grains grow spherically, is about 0.03 μm/s. This is more than an order of 
magnitude lower than the estimated value (see section 5.2.2). Two possible reasons 
for this deviation can be thought of. The first one is related to cementite 
decomposition. Molinder [27] estimated the activation energy for cementite 
decomposition to be about 838 kJ/mol. This is much higher than the activation energy 
for the carbon diffusion in austenite, which is about 147 kJ/mol. A consequence of 
this is that the rate at which cementite decomposes is not sufficient to keep the carbon 
content in austenite at the equilibrium value and this leads to strong carbon 
concentration gradients in the former pearlite (now austenite) areas. Indeed, a faster 
growth of austenite grains comparing to the cementite dissolution is often observed 
after etching [1, 2] (see also chapter 4) and obtained the name “pearlite ghosts”. The 
second possible explanation for the lower transformation rate can be related to the 
pearlite-to-austenite transformation not being a purely diffusion-controlled 
transformation, but having rather a mixed-mode character [28]. Diffusion-controlled 
transformation, the classical description of which is given by Zener [29], assumes that 
the diffusivity of an element (in this case carbon) is finite, whereas the rate of 
transformation of the crystallographic lattice, which is described by the interface 



Chapter 5 

 

61 

mobility [12], is infinitely large. In mixed-mode transformations both the diffusivity 
and the interface mobility are finite, which leads to slower transformation kinetics. 

Once all pearlite has been consumed by austenite, the same austenite grains 
continue to grow further into the ferrite phase with the same crystallographic 
orientation, following growth kinetics II. 
 
 

 
Figure 5.5. Growth types a) fast, possibly nucleated on pearlite-ferrite and b) slow, 

possibly nucleated on ferrite-ferrite grain boundaries; c) and d) are similar to a) and 

b) respectively, but with a growth acceleration in the last stages of the 

transformation. Open triangles are for C35 and solid rectangles for C22 alloys. I, II, 

and III indicate different growth kinetics. 

 
 

Growth type B consists only of growth kinetics II, and is attributed to the 
nucleation and growth of new grains on the ferrite-ferrite grain boundaries (see Fig. 
5.5b). It was shown earlier in chapter 4 that at the very early stages of the 
transformation the formation of austenite on the ferrite-ferrite grain boundaries (at 
quadruple points, grain edges and grain boundaries) can take place. In this case there 
is no direct contact with the source of carbon, the (former) cementite phase, so carbon 

 

a) 
 

b) 

 

c) 
 

d) 
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will be supplied from the areas rich in carbon through the ferrite matrix. The average 
austenite-ferrite interface (growth kinetics II) velocity derived from the 3DXRD 
measurement is approximately equal to 0.002 μm/s. Similar to the austenite growth 
from pearlite, this is an order of magnitude lower than the estimated value (see section 
5.2.2). The cause for the lower growth rate could be related to the change in the 
transformation mode from diffusion-controlled to mixed-mode transformation. The 
slow decrease in carbon content in the carbon-rich grains (austenite formed in the 
pearlite regions) due to slow carbon diffusion in austenite in combination with the 
longer diffusion distance slows down the transformation kinetics. 

The peculiarity of the growth type C (see Fig. 5.5c, d) is that at the final 
stages of the transformation there is a strong acceleration of the process (growth 
kinetics III). The initial stages of the growth are similar to the growth types A and B – 
growth from the pearlite-ferrite grain boundaries (similar to the growth type A, 
growth kinetics I, II) or from the ferrite-ferrite grain boundaries (similar to the growth 
type B, growth kinetics II). However, the acceleration of the transformation at the last 
stage of the transformation is remarkable. A possible explanation for such a behavior 
is a change of transformation mode – from partitioning (below the T0 temperature of 
the Fe-C system) to massive transformation (above T0). In the latter type of 
transformation the original phase transforms to a new one with the same composition. 
In this case the transformation proceeds rather fast, since the redistribution of 
elements (in this case carbon) is not necessary. For the C22 alloy the observed 
transition in growth behavior occurs at T = 850°C. At this temperature the carbon 
content in ferrite (xα) and austenite (xγ) for which both phases have the same Gibbs 
free energy, is equal to 0.022 wt.%. Correspondingly, for the C35 alloy at T = 823 °C 
the equivalent carbon content is equal to 0.044  wt.%. These are values that are only 
slightly higher than the equilibrium carbon content of the ferrite. The ferrite phase can 
actually have a carbon content that is higher than the equilibrium value when it is in 
contact with austenite that also contains more carbon than the equilibrium [30, 31]. It 
is necessary to mention that acceleration of the growth is observed when both alloys 
are above the A3 temperature. At this temperature the austenite phase has more carbon 

than the equilibrium value (see Fig. 5.6 where Ceqxγα (2)<x
0
(6) ). This leads to a higher 

carbon chemical potential in austenite in respect with equilibrium. In order to 
equilibrate the carbon chemical potential in both phases (ferrite and austenite), carbon 
will be pushed to the ferrite phase, enriching it to a higher (than equilibrium) values, 
thus creating necessary conditions for the massive transformation.  Since austenite can 
form with the same carbon content as the parent ferrite phase, the character of the 
transformation then changes to the interface-controlled. The approximate interface 
velocity increases to 0.015 μm/s in the regime of growth kinetics III.  

The change in transformation mode from diffusion-controlled to massive was 
observed by Schmidt et al. [32, 33], who studied the austenite formation from ferrite-
pearlite microstructure during continuous heating using hot-stage confocal 
microscopy. During the experiments, under conditions above the T0 temperature, the 
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growth rate increased drastically and the interface reaction-controlled growth 
mechanism was claimed to be responsible for the transformation. 

 
 

 
 
 
 
 
 
 
 

 

a) 

 

 
 
 
 
 
 
 
 
 
 

 

 

 

b) 

 

 

 

 

 

 

 

 

 

 

 

Figure 5.6. Schematic representation of the a) Gibbs free energy G as a function of 

the carbon concentration in ferrite (α), austenite (γ) and cementite (θ) at a 

temperature above A3 and b) metastable Fe-C phase diagram. diagram, indicating 

notations for the carbon atomic fractions used throughout the text.  
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5.4. Conclusions 

 

1. The austenite nucleus density as a function of temperature exhibits a two-stage 
behavior. It starts with very sharp increase during the first degrees of the 
transformation, which is likely related to the austenite nucleation on the pearlite-
ferrite grain boundaries. In the second stage, there is a more gradual increase in the 
austenite nucleus density for the C22 alloy and no increase for the C35 alloy. This 
stage is likely related to austenite nucleation on the ferrite-ferrite grain boundaries. It 
is found that within the framework of the classical nucleation theory the ψf value, 
which represents the balance between the energy that is released by the elimination of 
the interfaces and the energy that is required for the formation of new interfaces, is 
much lower than literature models predict, and the resulting activation energy for 
nucleation is actually smaller than kT. This shows the need for the further 
development of theory describing nucleation for ΔG*<kT, which is beyond the scope 
of the current work. 
2. Three different austenite grain-growth types were observed. Type A is similar to 
the overall transformation behavior, with fast pearlite decomposition into austenite 
and slow ferrite-to-austenite transformation. In this case, once an austenite grain 
consumed all pearlite, it continues to grow further into pro-eutectoid ferrite with the 
same crystallographic orientation. Growth type B is related to austenite nucleation and 
growth on ferrite-ferrite grain boundaries, away from the source of carbon. In this 
case, the formation of low-carbon austenite, compared to the growth type A, as was 
observed in chapter 4, can be expected. For growth type C, an acceleration of the 
transformation at the last stages of the transformation is likely to be related to a 
change in transformation mode – from partitioning to massive. 
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Chapter 6 
 

 

 

Two-dimensional phase field model for the pearlite+ferrite-

to-austenite transformation during continuous heating 
 
 
 
 

Abstract 

 
In this chapter a model to describe the pearlite+ferrite-to-austenite transformation is 
built using the phase-field approach. The model is tested and validated for two heating 
rates: 0.05 and 3 °C/s. The model provides qualitative information on the 
microstructure that develops during continuous heating, and quantitative data on 
pearlite, ferrite and austenite volume fractions as well as carbon redistribution during 
the transformation. Pearlite phase is considered to be one phase with a uniform 
composition. Nucleation is described by the Classical Nucleation theory (CNT). 
Interface mobility is used as a fitting parameter to fit the experimental and the 
simulated austenite volume fraction curve. A rather good agreement in the 
development of the simulated and experimental microstructure is observed. 
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6.1. Introduction 
 
In the recent years there have been numerous efforts in developing various 
microstructural models to describe the microstructural evolution during the heat 
treatment process [1, 2]. One of the models, which has received great attention, is the 
phase-field approach [3-9]. The phase-field method describes a microstructure using 
one or more field parameters, which are continuous functions of space.  The big 
advantage of the phase-field method is that it is able to model the evolution of an 
arbitrary morphology without explicitly tracking the position of the interface.  

Very few studies are presented in the literature to simulate transformation on 
heating using the phase-field approach. Thiessen et al. [10] simulated phase 
transformation of ferrite to austenite and the reversion back to ferrite during welding 
of low-carbon steel. The heating rates used during the welding are hundreds to 
thousands degrees per second, which is much higher comparing to the heating rates 
used during the convectional heat treatment process of low-carbon steels (a few 
degrees per second). During such fast heating carbon does not have time to 
redistribute, so a highly inhomogeneous austenitic structure is formed.  

In this chapter a model to describe the ferrite+pearlite-to-austenite 
transformation during austenitization is formulated on the basis of the phase-field 
approach. The model is validated against the dilatometric measurements for two 
different heating rates: 0.05 and 3 °C/s and for four studied alloys. The interface 
mobility was used to fit the experimental results.  A good agreement between the 
actual and the modeled microstructures as well as austenite fraction curves was 
obtained. 
 
 
6.2. Model formulation 

 
Modeling transformation on heating from the ferrite-pearlite initial microstructure 
using a phase-field approach is not a trivial task. A distinct difficulty in tackling this 
problem is the representation of the pearlite, which has a layered structure, consisting 
of alternating ferrite (low in carbon) and cementite (high in carbon) plates. To model 
pearlite lamellae explicitly will require a very fine grid, in the order of 10-7 m 
depending on the interlamellar spacing. On the other hand, the grid necessary to 
represent the microstructure on the micro scale is in the order of 10-5-10-4 m. Such a 
variation in grid sizes would require not only significant calculation times, but due to 
the memory size limitations of computers, it would be difficult or even impossible to 
carry out calculations. To overcome this difficulty, in the current approach pearlite is 
assumed to be one uniform phase with eutectoid composition.  
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6.2.1. Phase field concept 

 
In the present work, the multi-phase formulation proposed by Steinbach et al. [3, 11] 
is employed to describe the ferrite (α) plus pearlite (p) to austenite (γ) on-heating 
transformation kinetics. The α/p to γ transformation kinetics can be described by an 
appropriate phase field parameter φi(i=1, ….., N). Inside the grain i, φ i is equal to 1 
and outside the grain it is equal to 0. Within an interface between two grains i and j, 
φ i+φ j = 1 and φ I < 1, φ j < 1. In general, the requirement must be fulfilled everywhere: 
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r tφ
=

=∑  ,         (6.1) 

 

where  N is the total number of grains involved in the simulation, 
 i is the grain number. 

 
The rate of change of each phase field parameter with time is given by 

pairwise interaction with neighboring grains [4]: 
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where ijμ   is the interfacial mobility, 

 ijσ  is the interfacial energy, 

 ijη  is the interfacial thickness, 

 ijGΔ  is the driving pressure, 

 i and j are the numbers of the neighboring grains. 
 

The interface mobility ijμ  is temperature dependent, according to [12]: 
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kT

Qij

ijij exp0μμ ,        (6.3) 

 

where 0
ijμ  is the pre-exponential factor describing the mobility of the interface, 

 ijQ  is the activation energy, 

 k is the Boltzmann constant, 
T is the temperature. 

  
The pre-exponential factor can be expressed as [10]: 
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where νD is the Debye frequency, 
dij is the jump distance of an atom, which can be expressed as an average 

interatomic distance as: 
 

( )1/3 1/31

2
ij i jd V V= + ,         (6.3b) 

 

Vi and Vj are the atomic volumes of two grains in contact. 
 
The driving pressure ijGΔ  is a function of temperature and local composition x 

at location r and time t is calculated as: 
 

ij ijG S TΔ = Δ Δ ,       (6.4) 

 
where ijSΔ is the difference of entropy between two phases and can be calculated 

using thermodynamic databases [13]. 
 
The simplifications applied to the formulation of pearlite in the current 

approach have their consequences for the thermodynamics. In deriving the 
relationship between pearlite and ferrite and between pearlite and austenite phases, the 
line of 0.7 wt. % C is taken to represent the simplified uniform pearlite (see Fig. 6.1). 
0.7 wt. % C is chosen because it is the eutectoid (pearlite) composition for the studied 
alloy. The position of the horizontal line that separates α/p and α/γ regions is chosen 
to coincide with the A1

+
 temperature. The lines separating γ/p-γ, α-α/γ and α-α/p 

regions are chosen as the best fit to the existing lines that separate γ/θ-γ, α-α/γ and α-

α/θ regions on the phase diagram calculated with thermodynamic databases 
respectively. The position of the last line, that separates γ-α/γ region, is chosen such 
that it passes through the A3 temperature for the studied alloy on one side and through 
the intersection of horizontal line with the line that separates γ/p-γ region on the other 
side of the diagram. Similar to the meta-stable extension of the line separating α and γ 
regions, which is commonly used in modeling the transformations on cooling, the 
equilibrium lines are also extended past the eutectoid temperature (see Fig. 6.2). It is 
necessary to mention that the extension of the lines above 0.7 wt. % carbon values are 
not important as the system never reaches those values. 

In the current model the driving pressure for the transformation is calculated 
using linearized phase diagram (see Fig. 6.1 thick dash-dot lines) as: 

 

( ) ( )( )( , ) 0.5C R Fe C C CR Fe C C CR

ij ij i i i j j jG x T S T m x x m x x T− −⎡ ⎤Δ = Δ + − + − −⎣ ⎦ , (6.4a) 
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T 

R is the reference temperature, 

,Fe C Fe C

i jm m− −  are the slopes of lines separating two regions on the 

equilibrium phase diagram for the grains i and j accordingly (see Fig. 6.1), 
C

ix , C

jx  are the local carbon content in the grains i and j, 
CR

ix , CR

jx  are the equilibrium carbon content in the grains i and j at the 

reference temperature. 
 
 

 
 

Figure 6.1. Phase diagram for C22 alloy as calculated using Thermo-Calc software 

[13] (solid thin lines) and linearized diagram as used in calculations (thick dash-dot 

line).  

 

 

If two neighboring grains belong to the same phase and have the same 
composition, for example austenite, then 0ijGΔ =  and the grain growth is governed 

by the respective grain boundary energy and the curvature (see Eq. (6.2) the term in 
round brackets). 

Besides the phase field equation, the diffusion equations are incorporated in 
the model and coupled with Eq. (6.2).  As was shown experimentally in chapter 4, the 
only redistributing element during the phase transformation is carbon. Thus, only the 
carbon fluxes are calculated from the composition gradient and the diffusivity in each 
grain. The time dependence of the local concentration of carbon in a phase is given 
by: 

 

α/γ 
γ 

α/p 

α/p 

α/γ 

γ 

γ/p 
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C

iD  and C

jD  are the diffusivities of carbon in two grains in contact. 

 

 
Figure 6.2. Extension of the equilibrium lines (thin dashed lines) as used during the 

simulations.  

 
 

In the interface between two grains carbon atoms are assumed to redistribute 

according to the equilibrium partitioning ratio. The local composition ( ),Cx r t , which 

is a continuous variable in r at the interface, splits into the austenite and ferrite 

compositions, ( )trxC

k ,   and ( )trxC

m ,  as: 

 
( ) ( ) ( ) ( ) ( )trxtrtrxtrtrx C

mj

C

ki

C ,,,,, φφ +=  ,     (6.6) 

 
where k and m indicate phases (ferrite, austenite or pearlite). 

 
In the further description for the simplicity reason the dependence of all the 

variables on r and t will be omitted. At the interface only the phase field parameters 

iφ  and jφ  are not zero and related by 1j iφ φ= − . Eq. (6.6) then becomes: 
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An example for the carbon redistribution in the interface is given for two 
grains in contact that belong to ferrite (k=α) and austenite phases (m= γ) (see Fig.6.3). 
For the other interfaces the principle described below and in Fig. 6.2 holds. 

 

 
 

Figure 6.3. Carbon distribution in austenite, Cxγ , in ferrite Cxα , and overall carbon 

concentration, Cx  [14]. 

 
 

In the bulk of α and γ grains the carbon concentration Cx  reduces to Cxα  and 
Cxγ  respectively, while in the interface carbon is assumed to redistribute according to 

the partitioning ratio which is taken to be equal to the equilibrium partitioning ratio: 
 

C Ceq
C Ceq

C Ceq

x x
k k

x x

α α

γ γ

= = = ,        (6.8) 

 

where Ck  is the partitioning ratio; 

 Ceqk  is the partitioning ration at equilibrium; 
Ceqxα , Ceqxγ  are the equilibrium carbon content in the grains α and γ 

respectively. 
 
A more detailed description of carbon partitioning in the interface can be 

found in Chapter 2.3 of the thesis of Mecozzi [14]. 
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Equations (6.1) and (6.5) allow to calculate the evolution of x and φ   with 
location r and time t, thus describing the ferrite+pearlite-to-austenite transformation 
kinetics. 
 
 
6.2.2. Nucleation 

 
It was already shown in chapter 2 and the experimental part of the thesis, that once a 
suitable temperature has been reached, and this needs to be only slightly above the A1 
temperature, austenitization proceeds in two steps, namely nucleation and growth in 
pearlite and in pro-eutectoid ferrite areas. Pearlite phase is the one that transforms first 
to austenite. As an austenite region grows into pearlite, at the ferrite-pearlite interface, 
the eutectoid reaction of ferrite+carbide to austenite occurs. Nucleation of austenite in 
the pearlitic structure occurs preferentially at the intersection of pearlite colonies or 
the pearlite-ferrite grain boundaries (see chapters 2 and 5). New grains of austenite 
nucleate at the boundaries and one pearlite grain can contain more than one new 
austenite grains.  

In the present model the Classical Nucleation Theory (CNT) is used to 
calculate the austenite nucleation rate [12] and is expressed (similarly to Eq. 5.1) as: 

 
*

* expn

G
N N Z

kT
β

• ⎛ ⎞Δ
= −⎜ ⎟

⎝ ⎠
,        (6.9) 

 
where  Nn is the density of potential nucleation sites, 
 β* is the frequency factor (the rate at which single atoms are added to the 

critical nucleus), 
 Z is the Zeldovich non-equilibrium factor, which corrects the equilibrium 

nucleation rate for nuclei that grow beyond the critical size, 
 ΔG* is the activation barrier. 
  
ΔG* is related to the chemical Gibbs free energy (ΔgV from the Gibbs free energy 
curves) as (see Eq. (5.3)): 
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Δ
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where ψ contains all the information about the shape of the nucleus (geometrical 

factors) and the energies, σi, of the interfaces that are involved in the 
nucleation process, i.e. the newly formed interfaces and matrix interfaces 
where the nucleation took place; 
ΔgV is the difference in Gibbs free energy per unit volume between parent and 
forming phase (driving force for nucleation). 
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A more detailed description of each of the parameters can be found in chapter 5 
section 5.2.1. 
 
 
6.3. Experimental and simulation conditions 

 
6.3.1. Materials and dilatometric measurements 

 
In order to examine the effect of heating rate on the evolution of the microstructure 
during continuous heating, the phase transformations in C22, C35, C45 and C60 
alloys were analyzed using a Bähr 805A/D dilatometer. Chemical compositions of 
studied alloys are shown in Table 3.1 and the initial microstructures are presented in 
Fig. 3.1a-d. The samples were heated by a high-frequency induction coil with two 
different heating rates: 0.05 and 3 ºC/s. The detailed description of the dilatometric 
measurements as well as the analysis of the dilatation curves is given in chapter 3.2.3. 

Apart from the continuous heating tests mentioned above, a set of interrupted 
heating experiments was performed to study the evolution of the microstructure. The 
experimental alloys were heated up with 0.05 ºC/s and 3 ºC/s heating rates to different 
temperatures within the ferrite+pearlite-to-austenite transformation region and 
directly quenched with cooling rates in the range of 750-850 ºC/s. Samples for 
metallographic examinations were ground, polished, etched and examined in optical 
and scanning electron microscopes, as described in chapter 3.2.1.  

 
 

6.3.2. Simulation conditions 

 
Two-dimensional phase-field simulations of the ferrite+pearlite-to-austenite 
transformation during continuous heating were performed using the MICRESS code 
[15]. The initial microstructures of the simulated alloys, which were derived from the 
original micrographs (see Fig. 3.1), are given in Fig. 6.4a-d. The calculation domain 
size is 139x104 μm2. The system is considered to be in para-equilibrium, where the 
only diffusing element is carbon (see section 6.2.1). The diffusivity values for carbon 
are listed in Table 6.1. The diffusion parameters for the pearlite phase are not that 
important since the pearlite phase has constant composition.  The thermodynamic data 
for the driving-force calculation were taken from the linearized phase diagrams for 
given alloys calculated by means of Thermo-Calc software [13] (see Fig. 6.1). 

The mobilities of different interfaces were treated individually as temperature 
dependent based on the lattice dimensions and calculated according to Eq. (6.3) and 
Tables 3.3 and 6.2 for the α/α- and γ/γ-interfaces. The other activation energies are 
determined from the comparison of simulation and experimental fraction curves, as 
will be presented in section 6.4. Interfacial energies were derived from [16].  
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a) 

 
 

b) 

 

 
 

c) 

 

 
 

d) 

Figure 6.4. Initial simulated microstructures for a) C22; b) C35, c)  C45 and d) C60 

alloys. (Compare with equivalent initial microstructure from Fig. 3.1). P = pearlite, F 

= ferrite. 

 
 
Table 6.1. Diffusion parameters used for the calculations [17]. 

 
CD α0   CD γ0   CQα   CQγ   

(m2/s) (kJ/mol) 
2.2×10-4 1.5×10-5 122.5 142.1 

 
 
 
 

F 

P 

P 

F 

P 
P 

F F

50 μm 50 μm 

50 μm 50 μm 
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Table 6.2. Activation energy for mobility and interfacial energy [16] for C22, C35, 

C45 and C60 alloys (literature values). 

 

 γ:γ α:α γ:α γ:p α:p p:p 

Qij (kJ mol-1) 185 [10] 150 [10] to be determined 

ijσ (J m-2)  0.76 0.5 0.39 0.94 1.05 1.25 

 
 

The atomic volumes were related to the lattice parameters (see Table 3.3) by:  
 

3

2

1
αα aV =

, 

3

4

1
γγ aV =

, θαθα ρρ VVV +−=+ )1( , 
θθθθ cbaV

12

1
=

        (6.10) 
 

where ρ is the cementite fraction in pearlite and is taken to be 0.1 for all the studied 
alloys. 

 
Nucleation is assumed to take place on grain boundaries: corners for 0.05 

°C/s and corners and edges for 3 °C/s heating rate. The nucleation density was 
estimated from the optical micrographs. The temperature of the start of nucleation 
was set equal to the eutectoid temperature determined from the linearized equilibrium 
phase diagram. The frequency factor β* is calculated according to Eq. (5.2).  The ψ-
values are taken based on the previously reported findings (see Chapter 5): 

84.76 10αψ −= ×  and 101.0 10pψ −= ×  J3/m6. Z is taken to be 0.05. 

 The Gibbs free energy (ΔgV, see Eq. (5.3) and (6.9)) as a function of the 
carbon concentration is calculated using Thermo-Calc software and is schematically 
represented in Fig. 4.1a at a temperature above the eutectoid temperature. The 
maximum driving force for the transformation is determined as the difference 

between θα /G  and γG  values (see Fig. 4.1a). It is necessary to point out that for the 
nucleation rate estimation the real situation, with pearlite as a ferrite-cementite 
mixture and not the simplified pearlite, was used for the calculations, since the Gibbs 
free energy curves cannot be calculated using thermodynamic databases for pearlite as 
a single phase. In addition, this gives a more realistic representation of the nucleation 
process without effects on the computation time. 

In addition to the physical parameters, there are a number of numerical 
parameters that have to be chosen to ensure the stability and convergence of the 
calculations as well as give a reasonable compromise between the time for the 
calculation and accuracy. Those are the node size Δx=0.33 μm and interfacial 
thickness η. For the above mentioned parameters, the interfacial thickness is the most 
important and is taken to be xΔ= 4η , which allows to avoid numerical instability 

problems [18]. 
 



Chapter 6 

 

78 

6.4. Results and Discussion 

 
6.4.1. Volume fractions 

 
6.4.1.1. Overall austenite volume fraction 

 
Figure 6.5 shows the austenite volume fraction as measured with dilatometry (solid 
triangles), calculated using the phase-field approach (open circles) and as calculated 
using thermo-dynamic databases (dashed-dot line). As was mentioned earlier in this 
chapter, the mobilities of different interfaces were treated individually as temperature 
dependent, based on the lattice dimensions and calculated according to Eq. (6.3) and 
Tables 3.3, 6.2 and 6.3. The values for the activation energies for the mobility of the 
γ:α, γ:p interfaces from Table 6.3 are the fitted values: they give the best agreement 
between the calculated and the experimentally measured austenite volume fraction 
curves.  

The values for the activation energies for α:p, p:p are taken to be larger than 
the other values to acertain the stability of the ferrite-pearlite and pearlite-pearlite 
interfaces. 

There is a good agreement between the experimental and simulated austenite 
volume fraction transformed curves for the four compositions and the two heating 

rates (see Fig 6.5). For the 0.05 °C/s heating rate the pre-exponential factor ( 0
pγμ ) for 

the pearlite-austenite interface is taken to be 10 times smaller than calculated with Eq. 
6.3a, but is the same for all the studied alloys.  

For 3 °C/s no adjustment (for the pearlite-austenite as well as for the ferrite-
austenite interfaces) to the as-calculated interface mobility values was done. The 
possible reason for the retardation in the interface mobility for the lower heating rate 
can be related to two factors. First of all, pearlite, which has a lamellar structure, has a 
tendency to spheroidize at elevated temperatures. The spheroidization is only 
observed at rather low heating rates (like 0.05 °C/s) and was detected during 
experiments for all the studied alloys (see as an example Fig. 6.6). No spheroidization 
was observed at higher heating rates. The movement of the interface in a lamellar 
structure is quite different from the spheroidized one. In the first case, the interface 
moves rather quickly due to the short carbon diffusion distances (carbon is already 
present at the reaction point).  In the second case, the spheroidized cementite particles 
will serve as a pinning factor for the propagation of the interface. In addition, carbon 
will have to diffuse though the austenite phase, thus the pearlite-to-austenite 
transformation will be retarded. 
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a) 

 
e) 

 
b) 

 
f) 

 
c) 

 
g) 

 
d) 

 
h) 

 

Figure 6.5. Measured with dilatometer (solid triangles), calculated (open circles) and 

para-equilibrium values as calculated used thermo-dynamic databases (dash-dot) 

austenite volume fraction transformed as a function of temperature during continuous 

heating of a), e) C22; b), f) C35; c), g) C45 and d) and h) C60 alloys. a)-d) 0.05 °C/s 

and e)-h) 3 °C/s heating rate.  
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Table 6.3. Activation energy for mobility for C22, C35, C45 and C60 alloys (fitted 

values). 

 

 γ:α γ:p α:p p:p 

Qij (kJ mol-1) 150 150 215 215 

 
 

 

 
 

Figure 6.6. A scanning electron microscope micrograph showing the spheroidization 

of the pearlitic structure in C35 alloy at 720 °C heated with 0.05 °C/s heating rate. 

 
 

The second possible reason may be due to the solute-drag effect of 
substitutional solutes (in this case mainly Mn). Pearlite in comparison to pro-eutectoid 
ferrite is very inhomogeneous both in carbon and Mn. For C35 alloy at 670 °C the 
microstructure consists of two phases – pearlite (which is the mixture of ferrite and 
cementite) and pro-eutectoid ferrite. The typical Mn content of those phases is 0.6 wt. 
% of Mn in the ferrite phase and 6.7 wt. % of Mn in the cementite phase.With 
increasing temperature there will be a slight decrease of Mn content in ferrite and 
above the eutectoid temperature (in the two-phase ferrite-austenite region) the typical 
composition of phases will be: 0.4 wt. % of Mn in the ferrite phase and 1 wt. % in the 
austenite phase. Thus, when austenite is formed not only the carbon has to redistribute 
between the phases but also Mn. In general, due to rather low Mn diffusion (at 700 °C 
the Mn diffusivity in ferrite is 6*10-17 m2/s, compare with the carbon diffusivity in 
ferrite at the same temperature, being equal to 6*10-11 m2/s), it would not be expected 
to redistribute completely and ortho-equilibrium will not be maintained. Instead, the 
transformation can be expected to proceed under para-equilibrium conditions and the 
forming austenite phase would inherit the chemical composition (substitutional 
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elements but not carbon) from the parent ferrite-pearlite phases (see also chapter 4, 
where it was shown that carbon was the only element that redistributed between the 
phases). On the other hand, the uniqueness of pearlite is that diffusion distances are 
very small and excess (comparing to the Mn content in austenite) of Mn is already 
present at the ferrite-pearlite interfaces. Once austenite is nucleated on the pearlite-
pearlite or pearlite-ferrite grain boundary, there will be a driving force for Mn 
diffusion into austenite and due to short diffusion distance it is likely that Mn would 
have the possibility to redistribute locally. It is reasonable to assume, that this effect 
will be more pronounced at lower heating rate, as there will be more time and thus 
possibility for the diffusion process to take place. When the ferrite-austenite boundary 
moves Mn atoms will migrate along with the boundary and therefore exerting a solute 
drag that will, thus, reduce the boundary velocity. This process dissipates some of the 
Gibbs energy and will consume some of the driving force for the grain boundary 
migration. As was shown in [19] when the growth rate approaches zero, partitioning 
of substitutional elements will increasingly take place, such that deviations from 
assuming para-equilibrium conditions to determine the driving pressure are expected 
(if Mn partitions then the decrease in the driving force can be expected). With 
increasing heating rate there will be hardly any time available for Mn redistribution so 
the para-equilibrium conditions will be maintained.  

The situation with pro-eutectoid ferrite-to-austenite transformation is slightly 
different. First of all, the diffusion distances are much large so it is unlikely that Mn 
would have the possibility to redistribute from places reach in Mn (former pearlite 
grains) towards the propagating ferrite-austenite interface during the transformation 
even at relatively low heating rates. Secondly, austenite formation from ferrite on 
heating is not the same as the ferrite formation from austenite on cooling. In the 
second case, the newly formed ferrite phase has lower Mn content in comparison to 
austenite. Ferrite is not able to contain as much Mn so during the austenite-to-ferrite-
transformation a spike of Mn in front of the moving interface will be formed [20]. 
This accumulated Mn will try to move with the interface thus retarding the austenite-
to-ferrite transformation. It is likely that the gradual transition from kinetics controlled 
by the diffusion of substitutional elements at higher temperatures to a kinetics 
controlled by the diffusion of carbon at lower temperatures will take place. Situation 
upon heating is different. When the austenite-ferrite interface migrates there will be a 
lack (not excess) of Mn, so no spike will be formed and austenite phase would inherit 
the Mn composition from the parent ferrite phase.  

Unfortunately, at the current stage of the technology it is impossible to 
measure directly the evidence of Mn segregation at the cementite-austenite and 
ferrite-austenite grain boundaries during the phase transformation. However, as was 
indirectly shown earlier [19-22], the consideration of solute drag by Mn in Fe-C-Mn 
alloys leads to a better fit between experimental data and the models. 

In the current model the effect of Mn as well as the internal lamellar structure 
of pearlite is not incorporated. In addition, the assumption of the para-equilibrium 
condition during the whole transformation range, even though justified, might not be 
true and may result in a stronger solute drag effect. Instead, as it was proposed in [19, 
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23] a gradual transition from para-equilibrium at high heating rates to negligible-
partition local equilibrium (LENP) at low heating rates must be considered in pearlite-
to-austenite transformation. At lower heating rates substitutional elements will be able 
to redistribute more in the vicinity of the interface, thus promoting the solute drag 
effect.  

To summaries, the consideration of solute drag by Mn as well as pinning of 
the grain boundary movement by spheroidized cementite particles and change in the 
carbon diffusion pattern gives a reasonable good explanation for the retardation of the 
pearlite-to-austenite transformation at slow heating rates (0.05 °C/s), which is taken 
into account by reducing the pre-exponential mobility factor for pearlite-to-austenite 
transformation by a factor of 10. For higher heating rates due to the shortage of time 
necessary for diffusion to take place, the pearlite-to-austenite transformation would 
most probably proceed under the para-equilibrium considerations. Pro-eutectoid 
ferrite-to-austenite transformation for all heating rates as well as all temperatures is 
more likely to proceed under the para-equilibrium conditions. 

 
 

6.4.1.2. Ferrite and pearlite volume fractions  

 
Besides the overall austenite volume fraction curves additional information that can 
be easily extracted from the simulations but is much more difficult to do with 
dilatometric measurements is on the ferrite and pearlite volume fractions as a function 
of temperature and heating rate (see Figs. 6.7-6.8). The general tendency clearly seen 
from the figures is that with increasing heating rate the transformation shifts to the 
higher temperatures and the transformation range itself increases for both pearlite and 
ferrite parts of the transformation. This indicates that the transformation kinetics is 
most probably a diffusion-controlled process (carbon or interface diffusion). With 
increasing the heating rate there is less time available for the diffusion process to take 
place, which is the essential step in austenite formation, thus pearlite and ferrite 
phases survive to higher temperatures and consequently less austenite is formed.  

It is interesting to note that the effect of the pearlite dissolution on the overall 
austenitization kinetics is limited. The maximum effect is obtained at lower 
overheating values - with increasing heating rate the transformation is delayed to 
higher temperatures. As the austenite formation proceeds with increasing temperature 
the effect of pearlite dissolution vanishes and there is no effect on the temperature at 
which austenitization finishes. 
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a) b) 

c) d) 

 

Figure 6.7. Ferrite and pearlite volume fractions as the function of temperature for a) 

C22, b) C35, c) C45 and d) C60 alloys and for two different heating rates: 0.05 °C/s - 

solid rectangle/triangle lines and 3 °C/s open circle/start lines. 

 

 

The effect of the different carbon content on the transformation kinetics is 
obvious: with the decreasing carbon content the transformation range increases and 
mainly due to the ferrite part. The pearlite-to-austenite transformation part is almost 
unaffected by the change in carbon concentration. This is related to the increase in the 
ferrite phase present in the sample, which is a more stable phase comparing to pearlite 
and agrees well with the phase diagram, as the one presented in Fig. 6.1. In addition, 
the carbon diffusion distances decrease with the increasing of carbon content due to 
the increase of pearlite volume fraction present in the microstructure.  
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a) b) 

c) d) 

 

Figure 6.8. a), b) “ferritic” and c), d) “pearlitic” austenite volume fractions as a 

function of temperature for: C22 (solid rectangle), C35 (open circle), C45 (solid 

triangle) and C60 ( open star) alloys. 

 
 
6.4.2. Evolution of the microstructure and carbon content  

 
Figures 6.9, 6.10 show the evolution of the microstructure for the C35 alloy during 
continuous heating with 0.05 and 3 °C/s heating rates respectively. The simulated 
microstructures are compared to the optical micrographs. C35 alloy is chosen as an 
example. The other alloys show similar tendencies and are not presented here.  
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a) 

 
c) 

 
 

b) 

 
 

d)  

Figure 6.9. The evolution of the microstructure for C35 alloy heated with 0.05 °C/s 

heating rate to a), b) 745 °C and c), d) 805 °C and directly quenched. a), c) optical 

micrographs and b), d) equivalent simulated microstructure.   

A = austenite, F = ferrite, M = martensite. 

 
 

Figures 6.9-6.10 correctly represent the overall tendencies – first pearlite 
transforms to austenite and then ferrite-to-austenite transformation takes place. After 
some time, which is different for each heating rate, there will be no pearlite present in 
the microstructure (see Fig. 6.9a,b and 6.10a,b) and the microstructure will consist of 
a ferrite-austenite mixture (on quenching austenite will transform to martensite). With 
increasing heating rate the size of the final austenite grain decreases. The increase in a 
heating rate results in an increase of the driving force for the transformation, thus 
resulting in a higher nucleus density. 
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a) 

 

 
c) 

 
 

b) 

 
 

d)  

Figure 6.10. The evolution of the microstructure for C35 alloy heated with 3 °C/s 

heating rate to a), b) 760 °C and c), d) 835 °C and directly quenched. a), c) optical 

micrographs and b), d) equivalent simulated microstructure.  

 A = austenite, F = ferrite, M = martensite. 

 
 
Figures 6.11, 6.12 show the carbon concentration maps at different 

temperatures and at different scales. It is clearly seen that at 0.05 °C/s uniform carbon 
redistribution structure develops, where as at 3 °C/s carbon gradients are present after 
the transformation is completed (compare Fig. 6.11c and 6.12c). This is true not only 
for the austenite phase but for the ferrite phase as well (compare Fig. 6.11b and 
6.12b). Stronger concentration gradients at higher heating rate are according to the 
expectations. At higher heating rates there is no time for carbon to redistribute, so a 
more inhomogeneous structure is formed. 
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a) 

 
c)  

 
 

b) 

 

 

Figure 6.11. Carbon concentration maps for C35 alloy heated with 0.05 °C/s to a),b) 

745  °C and c) 805 °C. b) shows the carbon gradients in the ferrite phase. 

For the color version refer to the appendix. 

 

 

 

50 μm 50 μm 

50 μm 



Chapter 6 

 

88 

 
 

a) 

 
 

c)  

 
 

b) 

 

 

Figure 6.12. Carbon concentration maps for C35 alloy heated with 3 °C/s to a),b) 760  

°C and c) 835 °C. b) shows the carbon gradients in the ferrite phase. 

For the color version refer to the appendix. 

 

 
 

6.4.3. Growth types of individual grains 

 
Another outcome of the simulations that can be deduced is the growth type of 
individual grains. The experimentally measured different growth types of individual 
austenite grains were already discussed in chapter 5. During the simulations only 
growth type A with growth kinetics I and II was reproduced (see Fig. 6.13.).  

Indeed, as it was proposed in chapter 5, this type of growth corresponds to 
the grains that nucleated on the pearlite-pearlite or pearlite-ferrite grain boundaries. 
Newly formed austenite grains consumed first rather quickly pearlite grains (growth 
kinetics I) and later grew further rather slowly into pro-eutectoid ferrite (growth 
kinetics II).  

 

50 μm 50 μm 
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a) 

 

 
 

b) 

 

Figure 6.13. Growth type A: fast, nucleated on pearlite-pearlite or pearlite-ferrite 

grain boundaries. Open triangles are for C35 and solid rectangles for C22 alloys. I 

and II indicate different growth kinetics. The heating rates are: a) 0.05 and b) 3 °C/s. 

Individual lines correspond to different austenite grains. 

 
 
Figure 6.14 shows the corresponding average carbon content in the austenite 

grains. During the entire transformation range the average carbon content in different 
grains follows the same line for lower heating rate (0.05 °C/s). For higher heating rate 
(3 °C/s), however, some deviations in carbon content between different grains is 
observed. These deviations are absent at the beginning of the austenite formation 
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(temperature range where pearlite transforms to austenite) and increase after all the 
pearlite grains are consumed by the austenite grains and transformation proceeds 
further into the pro-eutectoid ferrite phase. This effect is related to the increased 
diffusion distances which is necessary for carbon to travel from the areas rich in 
carbon (former pearlite grains) to the ferrite-austenite interface.  

 

 
a) 

 

 
b) 

Figure 6.14. Average carbon content in austenite grains with growth type A. Open 

triangles are for C35 and solid rectangles for C22 alloys. The heating rates are: a) 

0.05 and b) 3 °C/s. Individual lines correspond to different austenite grains. 

 
 
As was already mentioned, growth type B (with growth kinetics II, slow, 

possible austenite nucleation on ferrite-ferrite grain boundaries) as well as the growth 
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type C (with growth kinetics III, massive growth) were not reproduced during the 
simulations. This is probably related to the following reasons. First of all, as will be 
described later in detail in chapter 8, on a smaller scale (nucleus size) the effect of 
curvature (the term in round brackets in Eq. (6.2)) is overestimated. Within the current 
formulation it was chosen to correct the effect of the curvature is through reduction of 
the interfacial energies (see chapter 8). After some critical curvature radius is 
exceeded the curvature term is not critical anymore, and no correction is necessary. 
As during the simulations a constant value for interfacial energies was used, this could 
lead to the disappearance of austenite nuclei formed on the ferrite-ferrite grain 
boundaries. Secondly, the phase-field model is a simplified representation of the real 
microstructure. Effects like internal lamellar structure of pearlite, orientation of 
different grains, chemical inhomogeneities, grain boundary diffusion, defects, such as 
dislocations, as well as the redistribution of other than carbon alloying elements are 
not represented in the simulations. This can lead:  

- to an insufficient carbon flow. Diffusion is proportional to the carbon 
gradient. In case of the simplified pearlite, the average carbon content of pearlite grain 
is 0.7 wt. %, where as in a real microstructure the carbon content of cementite phase 
is 6.7 wt. %. In addition, the grain boundary diffusion is not present in the current 
model, which is usually a factor of 10 faster than bulk diffusion. 

- to a lower driving force for the transformation. Mn stabilizes the austenite 
phase, so less carbon is necessary to form stable nuclei. 

Thirdly, the massive transformation cannot be reproduced in phase field 
model used in the current simulations. Massive transformation is closely related to the 
T0-temperature (the temperature at which the free energies of both phases at a given 
concentration, x0, are equal). If the concentration in the phase (ferrite) becomes higher 
than the x0-concentration, a massive transformation becomes possible in the real 
material. In phase-field modeling, however, the forming phase grows by increasing its 
weight in the interface volume elements, and the carbon concentration of the forming 
phase is given by the carbon concentration profile of the grain that is growing. The 
formation of a volume element of the growing grain with a completely “new” 
concentration is not possible, and therefore massive transformation will not take 
place.  

 
 

6.5. Conclusions 

 

The current model is able to describe qualitatively and quantitatively the 
pearlite+ferrite-to-austenite transformation during continuous heating. The 
representation of the pearlitic structure as one uniform phase with average carbon 
content equal to the eutectoid composition as well as the assumption of para-
equilibrium condition during the whole transformation range is a justifiable 
approximation for 3 °C/s heating rate. For low heating rate (0.05 °C/s) such an 
assumption leads to the discrepancy between the experimental and simulated curve 
for the pearlite-to-austenite part of the transformation, which is corrected by the lower 



Chapter 6 

 

92 

value of the pre-exponential mobility factor (μ0). The derived carbon profiles show a 
transition from a homogeneous to inhomogeneous carbon redistribution with 
increasing heating rate. The refinement of the microstructure with increasing the 
heating rate is also well captured by the model. Not all from the experimentally 
observed single grain growth types were reproduced in the simulations. This can be 
related to the simplification implied in the current model as well as some limitations 
of the phase-field approach. 
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Chapter 7 
 

 

 

Carbon redistribution during continuous heating of the 

pearlite-ferrite microstructure 
 
 
 
 

Abstract 

 
In this chapter the model that was built in chapter 6 is extended to a higher heating 
rate (50 °C/s) for the C22 and C35 alloys and the carbon redistribution during 
continuous heating is analyzed in more detail. It is shown that with increasing heating 
rate carbon is more inhomogeneously distributed in the austenite phase that is formed. 
The amount of carbon in austenite grains at high heating rates can vary from 
approximately 0.7 wt. % (former pearlite areas) to almost 0 wt. % (former pro-
eutectoid ferrite areas). The overlap in the pearlite-to-austenite and ferrite-to-austenite 
transformations is also more pronounced at higher heating rates. The evolution of the 
carbon content on the austenite-ferrite interface during the transformation shows a 
change in the transformation mode with increasing heating rate. At low heating rates 
the diffusion-controlled mode can best describe the transformation kinetics. With 
increasing heating rate the amount of carbon on the austenite-ferrite interface shifts 
towards the interface-controlled mode and the transformation kinetics can be best 
described with the mixed-mode approach. 
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7.1. Introduction 

 
 As was shown in the previous chapters, after pearlite-to-austenite transformation is 
completed austenite will proceed to grow further into pro-eutectoid ferrite. In order 
for the interface to stay at equilibrium, long-range diffusion of carbon has to take 
place [1, 2]. Thus, the kinetics of ferrite-to-austenite transformation will be controlled 
by the diffusion of carbon; in other words, the diffusion process is the rate 
determining and the “local equilibrium” will prevail at the moving interface [3]. 
Schmidt et al. [4, 5] who studied the austenite formation from a ferrite-pearlite 
microstructure during continuous heating using hot-stage confocal microscopy, 
indeed observed that at low heating rates the formation of austenite is controlled by 
long-range diffusion of carbon. However, at higher heating rates under certain 
condition (above T0 temperature) the growth rate increased drastically and the 
interface reaction-controlled growth mechanism is claimed to be responsible for the 
transformation. Thus, results appear to suggest that just the use of the mechanism of 
long-range diffusion of carbon for different heating conditions might not be accurate 
and the change from diffusion-controlled to interface-controlled transformation can be 
expected during austenitization of steels with the pearlite-ferrite microstructure. The 
conservative motion of interface under partitionless condition (the interface reaction-
controlled growth) will result in a formation of austenite with lower (than 
equilibrium) carbon content.  

So far, austenitization was studied using metallography [1, 6-8], electron 
microscopy [4], dilatometry [9-13], X-ray diffraction microscopy [14], neutron 
diffraction [15], hot-stage confocal microscopy [4, 5]. Using the above-mentioned 
techniques it is possible to study the microstructural evolution and kinetics of the 
austenite formation, the average amount of carbon in the forming austenite phase or 
the movement of the different boundaries (pearlite-austenite and ferrite-austenite). 
However, none of the techniques gives an answer over the amount of carbon on the 
ferrite-austenite interfaces during continuous heating, which is indicative of the 
character of the transformation.  

Different models of austenitization [11, 16-21] that have been proposed in 
the literature are also not able to predict the amount of carbon on the moving interface 
during continuous heating of the pearlite+ferrite microstructure. By knowing the 
amount of carbon on the interface during the transformation it is possible to make 
conclusions on the governing mechanism of austenite formation (diffusion-controlled, 
interface-controlled or mixed-mode). 

This chapter presents the results on the modeled carbon redistribution during 
continuous heating of the pearlite-ferrite initial microstructure. The model for 
austenite formation using the phase-field approach was already described in chapter 6. 
In the current chapter, the carbon redistribution during the continuous heating of C35 
alloy is analyzed for 0.05, 3 and 50 °C/s heating rates. A clear shift from the 
diffusion-controlled character of the transformation at low heating rates to a mixed-
mode character at high heating rates is obtained.  
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7.2. Simulation conditions 

 
A two-dimensional phase-field simulation of the continuous heating of the C22 and 
C35 alloys were performed using the MICRESS® code [22]. The detailed description 
of the model as well as the input parameters were already described in chapter 6. The 
chemical composition of the studied alloy as well as the initial optical microstructure 
and the equivalent simulated microstructures are given in chapters 3 and 6. In addition 
to the simulations described in chapter 6, where alloys were continuously heated with 
0.05 and 3 °C/s heating rates, in this chapter the studied heating rates were extended 
to 50 °C/s.   

The carbon content on the austenite-ferrite grain boundary is determined as 
the average carbon content over all the ferrite-austenite interface volume elements. 
The concentration of carbon in austenite on the ferrite-austenite interface, xγ, was 
calculated for 0.35 0.65iϕ< < , as described in chapter 6, section 6.2.1 (see Fig. 6.2). 

 
 

7.3. Results and discussion 

 

Figure 7.1 shows the evolution of the microstructure at approximately half of the 
transformation (when all pearlite is transformed to austenite, a, b and c) and at the end 
of the transformation (when only austenite phase is present, d and e) for 50 °C/s 
heating rate. For 0.05 and 3 °C/s the equivalent figures were already presented in 
chapter 6 (see Figs. 6.9-6.12). Pearlite, due to a very short carbon diffusion distances 
and a lot of ferrite-cementite surface area, feels large driving force to transform to 
austenite. It transforms to austenite rather quickly in comparison to the pro-eutectoid 
ferrite phase. It is in a good agreement with the previous work [1, 6, 7, 11, 15, 23].   

Figure 7.2 shows an example of an austenite grain that grows into the pearlite 
and ferrite grains. The example  is given for 3 °C/s heating rate, for 0.05 and 50 °C/s 
the tendencies will hold, however the overlap between the pearlite-to-austenite and 
ferrite-to-austenite transformations will be bigger for the higher heating rates (see also 
Fig. 7.3).  

When austenite nucleus is formed on the ferrite-pearlite grain boundary, two 
interfaces are created: pearlite-austenite and ferrite-austenite. Both interfaces will 
move as the transformation proceeds, however, with different velocities. As the rate at 
which each interface moves will be determined by how quickly carbon can be 
supplied to the moving boundary, the pearlite-austenite interface, in general, will 
move much faster in comparison to the ferrite-austenite interface. Pearlite grains are 
the sources of carbon, so no diffusion is required towards the pearlite-austenite 
interface as it is already present there.   
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a) 

 
 

d)  

 
 

b) 

 
e)  

 
 

c) 

 

 
Figure 7.1. The evolution of the microstructure for the C35 alloy heated with 50 °C/s 

heating rate to a)-c) 850 °C and d)-e) 900 °C.  

a), d) show microstructures;   b), e) show carbon profiles; c) shows carbon gradients 

in the ferrite phase. A = austenite, F = ferrite. 

For the color version refer to the appendix. 

 
 
For the ferrite-austenite interface, on contrary, carbon has to diffuse through 

the austenite phase, thus the transformation will mostly be controlled by how quickly 
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carbon can reach the moving interface. At low heating rate (0.05 °C/s) the pearlite-
austenite interface will move about 50 times faster than the ferrite-austenite interface. 
As the pearlite-austenite interface moves significantly faster, the growing austenite 
grains will first consume the pearlite grains.  After some time, this will lead to the 
formation of a two-phase ferrite-austenite structure, where the carbon distribution in 
austenite is homogeneous, since it is inherited from pearlite. 

At higher heating rates, 3 and 50 °C/s, the ratio in interface velocities (vp/vα) 
will decrease to about 20 and 5 times, respectively. This indicates that, especially for 
50 °C/s, both interfaces, pearlite-austenite and ferrite-austenite, will move almost with 
the same velocities and the newly formed austenite grains will grow simultaneously 
into two grains – pearlite and ferrite. This leads to more pronounced carbon gradients 
in austenite (see Figs. 6.11 a,c, 6.12 a,c and 7.1 b,e). At such a high heating rate the 
diffusion of carbon cannot keep up with the movement of the ferrite-austenite 
interface, so a more inhomogeneous austenite is formed. 
 
 

 
a) 

 
b) 

 
c) 

Figure 7.2. Austenite grain growth at different time steps: a) t1, b) t2, c) t3 

(t1<t2<t3). 

 
 
The carbon content in ferrite also shows some variations in the concentration, 

which are more pronounced at higher heating rate (50 °C/s), compare Figs. 6.11 b, 
6.12 b, 7.1c. As the driving force for the transformation depends on the local 
composition, the ferrite-austenite interfaces with higher carbon content will feel 
higher driving force and will move faster thus promoting further formation of  
austenite that is inhomogeneous in terms of its carbon content. At the end of the 
transformation (see Fig. 7.1d, e) strongly inhomogeneous austenitic phase is formed 
in which carbon varies from approximately 0.7 wt. % (former pearlite regions) to 
almost 0.004 wt. % (former pro-eutectoid ferrite regions). This is an important 
observation as such strong carbon fluctuations can lead to the formation of different 
phases upon cooling (martensite, bainite, ferrite etc., see also chapter 4). 

Figure 7.4 shows the carbon concentration profiles for C35 alloy for three 
different heating rates: 0.05, 3 and 50 °C/s and at three different temperatures. The 
chosen temperatures correspond to the temperatures at which the slop of austenite 
fraction curve changes from steep (pearlite-to-austenite part of the transformation) to 
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generally sloping (ferrite-to-austenite part of the transformation). A remarkable 
change in the behavior of the carbon concentration profile is observed.  

 
 

 
Figure 7.3. Overlap between pearlite-to-austenite and ferrite-to-austenite volume 

fractions for C35 alloy. Dot line is for 0.05 °C/s, Solid line is for 3 °C/s and dash line 

is for 50 °C/s heating rates. 

 
 
At 0.05 °C/s there is hardly any concentration gradient present in the 

austenite phase. The situation changes with increasing the heating rate. At 3 °C/s 
heating rate there is already a carbon concentration gradient developed in the 
microstructure: there is more carbon in the center of the austenite grain and less at the 
interface. At 50 °C/s heating rate the carbon concentration gradient is even more 
pronounced and austenite with a highly inhomogeneous carbon content is formed.  

Figure 7.5 shows the average carbon content at the ferrite-austenite grain 
boundary as a function of temperature for three different heating rates. The curves 
show the steady decrease in the amount of carbon at the ferrite-austenite interface 
with the progress of the transformation. This decrease is related both to the increase in 
the austenite volume fraction and the increase in the temperature. The equilibrium 
value of carbon for each temperature (which is described by the diffusion controlled 
mode) is also presented in Fig. 7.5 (solid triangles). Diffusion-controlled 
transformations imply that the mobility of the interface is infinite, local equilibrium at 
the interface is present at all times and the transformation is controlled purely by the 
rate of carbon diffusion, e.g. the interface moves as fast as diffusion of carbon allows. 
Along with the equilibrium values, the carbon concentration values as calculated by 
Eq. 7.1 are also shown in Fig. 7.5 (stars). In this case the austenite phase is allowed to 
grow as fast as the iron atoms can cross the ferrite-austenite interface. 
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a) 
 

b) 

 
 

 

c) d) 

 
 
 

 

e) 
 

f) 

 
Figure 7.4. Carbon concentration maps a), c), e) and carbon profiles along the line A 

b), d), f)  for C35 alloy at a), b) 745 °C; c), d) 762 °C and e), f) 812 °C. In a), b) alloy 

was heated with 0.05 °C/s; c), d) 3 °C/s and e), f) 50  °C/s heating rate. 

For the color version refer to the appendix. 
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a) 

 

 

b) 

 

 
 

c) 

 

Figure 7.5. Carbon distribution on the ferrite-austenite grain boundary at different 

heating rates: a) 0.05, b) 3 and c) 50 °C/s; phase-field simulations (open rectangles), 

and carbon content at the interface as calculated by the diffusion controlled (solid 

triangles) and interface controlled models (stars). 
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The carbon concentration in austenite at the ferrite-austenite interface as 
predicted by the interface-controlled model is given by: 
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pIC

P

x f x f x
x

f f

α
αγ γ

γα α

− +
=

− +
 ,      (7.1) 

 
where x0 is the average carbon content in the alloy, 

f 
α and f P are the ferrite and pearlite fractions from the phase-field simulations, 
Ceqxαγ  and Ceq

px γ  are the carbon content in ferrite and pearlite in equilibrium with γ 
as determined from the equilibrium phase diagram. The carbon content in 
pearlite is taken to be 0.7 wt. % and does not change during the transformation. 
 

At low heating rate (0.05 °C/s) the amount of carbon at the austenite-ferrite 
interface follows the diffusion- and interface-controlled model during almost the 
whole transformation range, which means that the transformation evolves practically 
in equilibrium. For 3 °C/s heating rate the amount of carbon in austenite at the ferrite-
austenite interface fairly closely follows the diffusion-controlled mode, at 50 °C/s 
heating rate, however, there is a clear shift from the diffusion-controlled towards the 
interface-controlled mode with increasing temperature. As the austenite grains grow 
the transformation evolves towards the mixed-mode character. The error bars in Fig. 
7.5 also show that at 0.05 and 3 °C/s heating rates the variation in carbon 
concentration in austenite on the austenite-ferrite interface is small. For 50 °C/s 
heating rate, especially in the middle temperature range, there is a strong variation in 
carbon concentration on the interface. This will result in a variation in the interface 
velocities as the velocity of the interface is directly related to the carbon content 
through the driving force. It is interesting to notice, that such a change in 
transformation kinetics (from diffusion-controlled to mixed-mode) is different from 
the movement of the same ferrite-austenite interface but upon cooling. As was shown 
by Mecozzi et al. [24], at low cooling rate (0.05 °C/s) the movement of the ferrite-
austenite interface follows the interface-controlled model. At high cooling rate (10 
°C/s), however, the actual carbon content at the initial stages is quite close to the 
interface-controlled model, but shifts towards the mixed-mode as the transformation 
proceeds. The change in transformation mode is related to the ability of carbon to 
diffuse: at early stage, the small amount of carbon atoms rejected from the ferrite 
phase can easily diffuse into the bulk of austenite and the lattice transformation is 
rate-determining. As the ferrite grains grow, the amount of carbon rejected from 
ferrite increases and the carbon diffusivity in the bulk becomes also important, so the 
transformation has more of a mixed-mode character.  

The situation upon heating is somewhat different. It is complicated by the 
presence of two phases in the initial microstructure – ferrite and pearlite with different 
carbon concentrations. Upon heating such a microstructure above the eutectoid 
temperature, austenite grains are formed on the pearlite-ferrite grain boundaries and 
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the ferrite-austenite and pearlite-austenite interfaces are created. The first austenite 
nuclei have eutectoid composition as the diffusion distances are rather small (see Fig. 
7.6a). Upon further heating depending on the heating rate two scenarios are possible: 

- at low heating rate it can be assumed that the pearlite-austenite interface 
will move first and the pearlite phase will be consumed before the ferrite-to-austenite 
transformation starts. This assumption is based on a much higher velocity of the 
pearlite-austenite interface which was estimated to be 50 times higher comparing to 
the ferrite-austenite interface (see section 7.3).  Austenite will inherit the carbon 

content from the pearlite phase ( Ceq

pxγ = C

px , see Fig. 7.6b). The position of the 

austenite-ferrite interface will not change ( 0zγα ). After this transformation is 

completed, the ferrite-to-austenite transformation will start. Due to low heating rates, 
and thus relatively long time that alloy spends on each temperature the distribution of 
carbon will have enough time to homogenize and reach the equilibrium value (at the 
interface and inside the grain). 

- at high heating rate, due to smaller differences in interfacial velocities, it 
can be assumed that both the pearlite-austenite and ferrite-austenite interfaces will 

start to move simultaneously, though with different velocities ( 1
pzγ ≠

0
pzγ  and 1zγα ≠

0zγα , 

see Fig. 7.6c). The amount of carbon necessary to create a new volume of austenite 
(area C on Fig. 7.6c) has to be removed from the areas rich in carbon (area B). Due to 
high heating rates the system will not have enough time to homogenize carbon within 
the austenite grain, thus a carbon gradient will develop. This gradient will be directly 
proportional to the heating rate and temperature, e.g. with increasing heating rate as 
well as going to higher temperatures the carbon differences within the austenite phase 
will increase. The higher differences in the carbon concentrations will promote 
diffusion as the flux of diffusing element is directly proportional to the concentration 
difference. This will accelerate carbon diffusion, thus reducing the effect of carbon 
redistribution on the transformation kinetics (diffusion control) and the system will 
shift into the mixed-mode. 

The change in the transformation mode from the diffusion-controlled into 
mixed-mode (i.e. towards the interface-controlled mode) with increasing heating rate 
is an interesting outcome of this work. It implies that most of the models that were 
developed to describe the ferrite-to-austenite transformation upon continuous heating 
under the assumption that the transformation is controlled by the diffusion of carbon 
in austenite are not valid for relatively high heating rates, which are of interest for the 
practical point of view for the industry. 
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a) 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
   
 

b)     c) 

 
 

Figure 7.6. Schematic view of the variation of the carbon content across the pearlite-

austenite-ferrite boundary for the alloy heated with b) low and c) high heating rate. a) 

shows austenite nucleus on pearlite-ferrite interface (starting situation).  α = ferrite, γ 
= austenite and p = pearlite. 
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7.4. Conclusions 
 
It was shown that at low heating rates the ferrite-to-austenite transformation kinetics 
can be described by the diffusion–controlled model. At higher heating rate (50 ° C/s) 
there is a clear shift in the direction of the interface-controlled mode. This is related to 
first of all less time available for carbon redistribution and secondly, to the sharper 
concentration gradients, which intensify the flux of carbon atoms. Thus the 
assumption of the local equilibrium condition at the interface, as assumed by the 
diffusion-controlled model, cannot be justified for all the heating rates. 

The overlap in the pearlite-to-austenite and ferrite-to-austenite is more 
pronounced at higher heating rates. The degree of overlap is directly proportional to 
the heating rate.  
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Chapter 8 
 

 

 

Detailed phase-field modeling of austenite growth in a 

ferrite-pearlite structure 
 
 

Abstract 

 
 
In this chapter the growth of austenite grains near a source of carbon (at the pearlite-
ferrite and ferrite-cementite boundaries) and away from a source of carbon (at the 
ferrite-ferrite boundaries) is modeled in detail using a phase-field approach. It is 
shown that the interface velocity of the austenite-ferrite interfaces strongly depends 
on the local conditions, e.g. the way in which carbon redistribution can take place. 
The austenite-ferrite interface moves almost 10 times faster into the pearlite grain than 
into the pro-eutectoid ferrite grain. Even within the pearlite grain the growth velocity 
of the austenite-ferrite interface is not uniform and depends on the position of the 
cementite lamellae being the source of carbon. The growth of austenite grains away 
from the source of carbon mostly depends on how quickly the carbon can be 
transported and on the local concentration patterns. 
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8.1. Introduction 

 
Austenite nucleation in the ferrite-pearlite microstructures was already discussed in 
previous chapters. It was shown that the most favorable places for austenite 
nucleation are the pearlite-pearlite and pearlite-ferrite grain boundaries. They are 
attractive places because they are high-energy boundaries and because the presence of 
carbon makes the newly formed austenite nuclei stable. In chapter 4 it was shown that 
nucleation on the ferrite-ferrite grain boundaries can also take place in the early stages 
of the transformation (when the pearlite phase is still present in the microstructure). 
The austenite nuclei formed on those grain boundaries had a carbon concentration 
lower than equilibrium, but higher than the concentration of carbon in the ferrite 
phase. Further, in chapter 5 it was shown that the growth rate of those metastable 
nuclei was much lower than that of the austenite nucleated near the source of carbon 
(pearlite phase). In chapter 6 the phase-field model for the pearlite+ferrite-to-austenite 
transformation during continuous heating, however, failed to reproduce this type of 
growth. It was argued that the simplifications applied in the model as well as some 
limitations of the MICRESS® software can be responsible for that.  

The aim of the current simulation is to investigate austenite growth at 
different locations taking into account the lamellar structure of the pearlite: near the 
source of carbon, the pearlite-ferrite and ferrite-cementite boundaries, and away from 
the source of carbon, the ferrite-ferrite grain boundary. The carbon evolution during 
the transformation for each grain and for the microstructure in general is of high 
interest since it determines behavior and growth rates at different locations. 
 
 
8.2. Simulation conditions 

 
A two-dimensional phase-field simulation of isothermal holding at 727 °C (above the 
eutectoid temperature) of an Fe-C alloy with a pearlite-ferrite microstructure were 
performed using the MICRESS® code [1]. 

The model developed in chapter 6 with governing Eqs. (6.2) and (6.5) was 
used in the current simulations, with the uniform pearlite being substituted with the 
real phases – ferrite and cementite. Pearlite was modeled explicitly with the ferrite-
cementite lamellae (see Fig. 8.1). Four different locations were tested:  
 
- austenite growth near the source of carbon:  

a) on the pearlite-ferrite grain boundary, grain γ1; 
b) inside the pearlite grain on the ferrite-cementite interface, grain γ2. 

- austenite growth away from the source of carbon:  
c) on the ferrite-ferrite grain boundary, grain γ3; 
d) on the triple point, grain γ4.  
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The starting carbon concentration of the austenite nuclei was set to be equal 
to the experimentally measured value of xγ = 0.27 % wt. (see chapter 4.4.1, Fig. 4.5). 

The carbon content of the ferrite and cementite phases was taken to be equal to Cxα  = 

0.01867 wt. % (carbon concentration in ferrite that is in equilibrium with austenite at 

T = 727 °C) and Cxθ  = 6.7 wt. % respectively. The cementite phase is considered to be 

a stoichiometric phase. The linearized phase diagram used in simulations is shown in 
Fig. 8.2. Diffusion data are summarized in Table 6.1. The diffusion parameters for the 
cementite phase do not play a role, since the cementite phase has a constant 
composition. 
 
 

 
 
 

Figure 8.1. Initial simulated microstructure. α = ferrite, γ = austenite, θ = cementite. 

* Austenite growth near the source of carbon: on the pearlite-ferrite grain boundary, 

γ1, and inside the pearlite grain on the ferrite-cementite interface, γ2. 
** Austenite growth away from the source of carbon: on the ferrite-ferrite grain 

boundary γ3, and triple point, γ4. 
 

 
Figure 8.2. Linearized phase diagram used in calculations.  
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The mobilities of the γ:γ, γ:α and α:α  interfaces were treated individually as 
temperature dependent parameters, based on the lattice dimensions and calculated 
according to Eq. (6.3) and Tables 3.3, 6.2 and 6.3. The values for the activation 
energies for the γ:θ interface mobility is taken to be equal to the activation energy of 
the γ:p interface mobility (see chapter 6, Table 6.3) and is equal to 150 kJ mol-1. The 
mobility of the α:θ interface is taken to be low as it is known to be a coherent 
interface. The interfacial energies are shown in Table 8.1.  

 
 
Table 8.1. Interfacial energies as used in the simulations of the ferrite-cementite-

austenite structure. 

 

 γ:γ γ:α γ:θ α:α α:θ θ:θ 

ijσ (J m-2)  0.76 0.39 0.94 0.5 1.05 1.25 

 
 
The problem that rises with the simulations on a small scale is that within the 

current formalism the effect of the diffuse interface is significant and the curvature 
effect appears to be overestimated (the term in round brackets in Eq. (6.2)). It has 
been chosen in the current simulations to correct the curvature term in Eq. (6.2) by 
varying the interfacial energy. For this reason the further analysis is aimed at finding 
effective values for the interfacial energies, in other words, the correction for the 
curvature term.  

In order to estimate the realistic value for the curvature term of Eq. (6.2) the 
following procedure was applied. The isothermal transformation of a ferrite-austenite 
microstructure at 847 °C was simulated (see Fig. 8.3). The carbon content in austenite 
was assumed to be higher than equilibrium (with ferrite) and varied from 0.3 to 0.7 
wt. %. The carbon content in ferrite was taken to be equal to 0.01 wt. %. This is 
slightly higher than the α/γ-equilibrium value, which is equal to 0.0064 wt. %. All the 
relevant data (governing equations, diffusion coefficients, mobilities etc.) are taken as 
described above and in chapter 6.  

At the simulation conditions as described above the final microstructure, as 
resulting from the thermodynamic calculations [2], should consist of a ferrite-
austenite mixture, where the carbon content in the austenite phase is equal to 0.21 wt. 
%. Since the carbon content in the initial austenite grains as well as in the ferrite 
grains is higher than the equilibrium values, it is expected that the austenite grains 
grow into the ferrite grains, increasing the austenite volume fraction and 
simultaneously decreasing the average carbon content in the austenite and ferrite 
phases towards the equilibrium values of 0.21 and 0.0064 wt. % C respectively. 
However, if the interfacial energies from Table 6.2 are used, contrary to expectations, 
the austenite grains transform very quickly to ferrite, increasing the average carbon 
content in it to a value far above the equilibrium value. This indicates that the 
curvature term in Eq. (6.2) is too large and it is energetically more favorable for the 
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system to form a purely ferritic structure than to contain a ferrite-austenite mixture. 
To estimate more realistic values for the curvature term (in other words - interfacial 
energies) the following steps were taken.  

 
 

 
 
 

Figure 8.3. Initial microstructure used in simulations that are aimed at the estimation 

of the interfacial energies. Light – ferrite, dark – austenite. 

 
 
The free energy of the simulated microstructure was estimated for two 

situations: 
 

1. for the microstructure with only the ferrite phase; 
2.  for the ferrite-austenite mixture. 

 
1. In the first case the free energy of the system, which contains only the 

ferrite phase with average carbon concentration, is equal to: 
 

 ( )0 0
system CV G V G x Aαα αα
α α α σ= ⋅ + ,      (8.1) 

 
where Vα  is the ferrite volume and in this case is equal to the total volume of the 

system, 0V , 

( )0
CG xα  is the Gibbs free energy per unit volume at the average carbon 

concentration, 

Aαα  is the area of the ferrite-ferrite grain boundary with grain boundary with 

interfacial energy αασ . 

 
2. In the second case, when the microstructure consists of a ferrite-austenite 

mixture, the free energy of the system is equal to: 
 

'
0 ( ) ( )system C CeqV G V G x V G x A Aγα γ γ γ α α α γα γα αα αασ σ= ⋅ + ⋅ + ⋅ + ⋅  ,    (8.2) 
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where ( )CG xγ γ  is the Gibbs free energy per unit volume of the austenite phase at the 

tested composition;  

( )CeqG xα α  is the Gibbs free energy per unit volume of the ferrite phase at 
Ceqxα =0.0064 wt. %;  

Vγ  and Vα are the volumes of austenite and ferrite grains and Aαα and Aγα  are 

the interfacial areas for αα and γα interfaces respectively, 

0 0
C CeqV x V x V xγ γ α α+ =  and 'A A Aγα αα αα+ > .  

 
The ferrite-austenite microstructure contains more interfacial energy than the 

ferrite microstructure. On the other hand, the chemical free energy (the term i iV G⋅ ) is 

smaller for the ferrite-austenite microstructure, to a degree that depends on the carbon 
content. Taking realistic values for the interfacial energies, the critical carbon content, 
being the carbon content for which both free energies for the whole system are equal, 
can be calculated. 

On the next step, the grain boundary energies γασ  and αασ  for the phase 

field simulations were varied such that the critical carbon concentration value as 
calculated above for the real situation coincided the one for the phase-field approach. 
That led to a reduction coefficient for the interfacial energies of around 10, e.g. the 
interfacial energies for the phase-field approach had to be reduced by a factor 10 to 
give the same critical concentration value (see Table 8.2).  
 
 
Table 8.2. Corrected interfacial energies as used in the simulations of the ferrite-

cementite-austenite structure. 

 

 γ:γ γ:α γ:θ α:α α:θ θ:θ 

ijσ (J m-2)  0.076 0.039 0.094 0.05 0.105 0.125 

 
 
 

The last parameters that have to be mentioned are the node size, which was 
taken to be Δx=0.023 μm and interfacial thickness η, which is taken to be 

xΔ= 4η [3]. 

 
 

8.3. Results and discussion 

 
Figures 8.4 and 8.5 show the evolution of the microstructure and carbon redistribution 
after 1 and 11 s of isothermal holding at 727 °C.  
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a) 

 
b) 

 
c) 

 

Figure 8.4. The evolution of the microstructure after 1 s of the isothermal holding at 

727 °C. a) general view of the microstructure, b) general carbon redistribution profile 

and c) carbon gradients in ferrite. α = ferrite, γ = austenite, θ = cementite. 

For the color version refer to the appendix. 
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a) 

 
b) 

 
c) 

Figure 8.5. The evolution of the microstructure after 11 s of the isothermal holding at 

727 °C. a) general view of the microstructure, b) general carbon redistribution profile 

and c) carbon gradients in ferrite. α = ferrite, γ = austenite, θ = cementite. 

For the color version refer to the appendix. 

 
 
The present results support the general idea that austenitization of the ferrite-pearlite 
structure proceeds in three major steps: 
 

1) dissolution of pearlite (fast process); 
2) ferrite-to-austenite transformation (slow process); 
3)  austenite grain growth and carbon homogenization. 
 

 The results of the current simulations confirm that those three different steps 
do not necessarily follow one after the other and can overlap as the transformation 
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proceeds. This is in a good agreement with the experimental observations (see chapter 
4 and 5). 

The general tendency clearly seen from Figs. 8.4 and 8.5 is that austenite 
grains near the source of carbon (on the ferrite-pearlite grain boundary, γ1, and inside 
the pearlite grain on the ferrite-cementite interface, γ2) grow much faster than the 
austenite grains that are away from the source of carbon (on the ferrite-ferrite grain 
boundary, γ3, and on the triple point, γ4). This agrees well with previous observations 
that were already discussed in the earlier chapters. Even though the uncertainty in the 
interfacial energies prohibits an accurate quantitative interpretation of the data, 
qualitatively it is possible to say that the austenite growth rate into pearlite in the 
current simulations is about 10 times higher than of the austenite growth into pro-
eutectoid ferrite, which is in good agreement with the experimental data (see chapter 
5, section 5.3.3). 

After the first second of the isothermal holding strong carbon gradients 
develop in the microstructure in both the austenite and ferrite phases (see Fig. 8.4). 
Ferrite in contact with cementite has higher carbon content than ferrite that is in 
contact with austenite. This is a direct result of the equilibrium phase diagram (see 
Fig. 8.2). Thus, a carbon flux develops towards the austenite grains that are located on 
the ferrite-ferrite grain boundaries. As the transformation proceeds the carbon 
gradients first diminish and eventually vanish after some time (see Fig. 8.5). 

Figure 8.6 a,b shows carbon concentration profiles in the ferrite grain along 
the lines A-A and D-D (see Fig. 8.4a) at different time steps. In the initial 
microstructure (dashed line) the amount of carbon is equal to the α/γ-equilibrium 

concentration, 0.01867Ceqxαγ =  wt. %.  

After the first second the amount of carbon in the ferrite grain increases 
significantly and at the ferrite-cementite interface it is much higher than near the 
ferrite-austenite interface. Even though the diffusion of carbon in the ferrite phase is 
rather fast (two orders of magnitude higher than in the austenite phase) the 
development of the carbon concentration profile indicates that carbon diffusion in 
ferrite does play a role in the austenite formation kinetics. At t = 2 s (dash-dot line) 
further increase of the amount of carbon in the ferrite grain between γ3 and the pearlite 
grain (see Fig. 8.6a line A-A) has taken place and stronger carbon gradients develops.  

The situation for the line D-D is slightly different from that of line A-A. 
After 2 s a reverse carbon concentration profile develops, e.g. more carbon near the γ4 
grain and less near the pearlite grain. This is related to the fact that the austenite grain 
γ1 is present at the interface and absorbs carbon from the close vicinity (a more 
detailed description of the carbon evolution near the γ1 grain will be given later). 
The concentration of carbon in ferrite near the ferrite-austenite interface for both 
situations (line A-A and line D-D) does not change between 1 s and 2 s; however it 
stays away from its equilibrium value. Since ferrite is oversaturated with carbon, there 
will be a driving force for its transformation to austenite. This driving force is 
approximately proportional to the degree of supersaturation of carbon in ferrite on the 
ferrite-austenite interface (see Fig. 8.7), i.e. a higher value of the carbon concentration 
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will result in a larger driving force. However, as is seen from Fig. 8.7, the driving 
force is not the only condition to form a new volume of austenite. Some redistribution 
of carbon has to take place and only the austenite phase with a carbon content above 

some critical value, criticalxα  will be stable. This critical value is 0
critical Ceqx x xα γα> >  and 

is determined by the amount of carbon in ferrite. The concentration of carbon in 
ferrite on the ferrite-austenite interface, even though it is higher than the equilibrium 

value, it is nevertheless significantly lower than the critical value, 1x « criticalxα . Thus, 

carbon has to be supplied from the pearlite grain, the source of carbon; however, due 
to a rather large diffusion distance for carbon, austenite growth on the ferrite-ferrite 
grain boundary will be sluggish. 

 

 
a) 

 
 

b) 

 

Figure 8.6. Carbon concentration profile in the ferrite grain at different time steps 

along a) the line A-A and b) the line D-D as shown in Fig. 8.4a.  

 

near γ3 near cementite 

near γ4 near cementite 
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Figure 8.7. Schematic representation of the Gibbs free energy G as a function of the 

carbon concentration in ferrite (α) and austenite (γ) at a temperature above A1. 

Numbers in brackets correspond to figurative points (1)-(5) in Figs. 4.1, 4.2. 

 
 
8.3.1. Austenite growth near the source of carbon 

 
As was already mentioned, two locations near the source of carbon were tested:  on 
the pearlite-ferrite grain boundary, γ1, and inside the pearlite grain on the ferrite-
cementite interface, γ2. Even though it was shown by different authors [4-7] (see also 
chapter 2) that austenite nucleation inside the pearlite grain is not favorable, it was 
nevertheless interesting to trace and compare the growth of austenite and carbon 
evolution for the two cases. It is also necessary to keep in mind the limitations of the 
current simulations, e.g. that crystallographic orientation relations between the ferrite 
and cementite lamellae, as well as between the pro-eutectoid ferrite and ferrite and 
cementite in the pearlite grain, are not accounted for. Also, similar values for the 
interfacial energies for the interfaces were chosen. In reality, however, the same 
ferrite-cementite interface inside the pearlite grain and on the ferrite-pearlite grain 
boundary will have different characteristics, since in the first case, due to the 
crystallographic orientation relationship between ferrite and cementite lamellae, it is a 
low-energy boundary.  

Figures 8.8 and 8.9 show the growth of austenite grains after 1 s and 11 s of 
isothermal holding. Austenite grains as well as the ferrite phase (both pro-eutectoid 
and pearlitic) are seen to contain significant concentration variations, which are 
dictated by the local conditions prior to the transformation. Those concentration 
variations can be present in the microstructure for some time: after 11 s, even though 
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the pearlite grain is completely transformed to austenite, the carbon distribution is still 
not homogeneous.  

It is interesting also to notice that the transformation of the ferrite and 
cementite lamellae is not the same. After 11 s some cementite is still present in the 
austenite matrix.  

The growth rate of the austenite-ferrite interface is not constant. The 
austenite grain, γ1, grows much faster into the pearlite grain than in the opposite 
direction, into the neighboring ferrite grain (the average growth rate into pearlite is 
estimated to be 1.1 μm/s and into pro-eutectoid ferrite 0.1 μm/s). Even inside the 
pearlite grain the austenite-ferrite interface is not flat and grows much faster when it is 
in contact with cementite than in the center of the ferrite lamella (compare the 
experimental results as shown in chapter 4 in Fig. 4.4a). Thus, there will be a range of 
the interfacial velocities rather than a unique value. It can be seen in Fig. 8.8 that the 
grain γ1 in 1 s grew along the θ lamella for 1.1 μm, whereas it grew only 0.3 μm in the 
perpendicular direction. The average concentration of carbon inside the austenite 
grain γ2 is higher than in γ1 (see Fig. 8.8b). This is probably related to the fact that 
when austenite is formed on the pearlite-ferrite grain boundary it grows further into 
two grains, pearlite and pro-eutectoid ferrite, although with different velocities. When 
the austenite-ferrite interface propagates into pro-eutectoid ferrite, a significant 
amount of carbon will be absorbed from the nearest regions. There are two possible 
sources of carbon in this case: the austenite grain and the pro-eutectoid ferrite grain. 
In the first case carbon will have to diffuse from the cementite-austenite interface 
through the austenite grain (see Fig. 8.8b). Since the diffusion in austenite is rather 
slow, this will lead to the smaller average amount of carbon inside the austenite grain 
γ1 in comparison to the austenite grain growing inside the pearlite grain, γ2.   

On the other hand, the pro-eutectoid ferrite, which has an excess of carbon 
related to the concentration gradients (already previously discussed), will supply 
carbon towards the austenite-ferrite interface. Thus, the amount of carbon in pro-
eutectoid ferrite near the austenite grain will be reduced and a situation close to 
equilibrium will be established. This leads to a smaller driving force for the 
transformation and slow movement of the austenite-ferrite interface. 

Figure 8.8c shows the carbon inhomogeneities in the ferrite phase. It is 
essential to consider these since that gives insight into the remarkable behavior of the 
austenite-ferrite interface. The velocity of the interface is proportional to the driving 
force. In turn, the amount of free energy that the system gains with the formation of 
austenite depends on the concentration of carbon dissolved in ferrite. Near the triple 
points (ferrite-cementite-austenite, inside the pearlite grain) the concentration of 
carbon in ferrite is relatively high. The austenite-ferrite interface will move very 
quickly since the driving force is large and carbon is already present at the reaction 
point. The concentration of carbon in ferrite on the austenite-ferrite interface will 
depend on the location of the austenite grain: inside the pearlite grain, γ2, it will have a 
higher value than in the case when austenite is in contact with the pro-eutectoid 
ferrite, γ1. 
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a) 

 
 
 

b) 

 
 

 

c) 

 

Figure 8.8. Austenite growth near the source of carbon: on the pearlite-ferrite grain 

boundary, γ1, and inside the pearlite grain on the ferrite-cementite grain boundary, γ2.   
Isothermal holding at 727 °C for 1 s. a) general view of the microstructure, b) carbon 

gradients in austenite and c) carbon gradients in ferrite. α = ferrite, γ = austenite, θ 
= cementite. 

For the color version refer to the appendix. 
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a) 

 

 
 

 

b) 

 

Figure 8.9. Austenite growth near the source of carbon: on the pearlite-ferrite grain 

boundary, γ1, and inside the pearlite grain on the ferrite-cementite grain boundary, γ2.   
Isothermal holding at 727 °C for 11 s. a) general view of the microstructure and b) 

carbon gradients in austenite. α = ferrite, γ = austenite, θ = cementite. 

For the color version refer to the appendix. 

 
 

8.3.2. Austenite growth away from the source of carbon 

 
Figure 8.10 shows the growth of austenite and the carbon development during 
isothermal holding for 1, 2.5 and 9 s for the two grains that are formed away from the 
source of carbon, e.g. on the ferrite-ferrite grain boundary, γ3, and on the triple point, 
γ4. In the initial microstructure the amount of carbon inside the austenite grain is set to 
be equal to 0.27 wt. % (see the experimental results of chapter 4 section 4.4.1). Since 
those grains have much less carbon than the equilibrium value, after the first second 
of isothermal holding the size of each grain decreases and the average carbon content 
inside each austenite grain increases until the equilibrium value is reached (see also 
Figs. 8.11, 8.12).  During the next seconds the curvature effect (see Eqs. 6.2 and 8.2) 
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starts to play a significant role. For a system it is energetically more favorable to 
contain one big grain instead of two small ones and grain growth takes place.  

 

 
 

 

a) 

 
 

 

b) 

 
 

 

c) 

 
 

 

d) 

 
 

 

e) 

 
 

 

f) 

 

Figure 8.10. Austenite growth away from the source of carbon: on the ferrite-ferrite 

grain boundary, γ3, and on the triple point, γ4.   Isothermal holding at 727 °C for. a), 

b) 1 s; c), d) 2.5 s and e), f) 9 s.  

a), c), e) general view of the microstructure and b), d), f) carbon gradients in ferrite. 

α = ferrite, γ = austenite. 

For the color version refer to the appendix. 
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Figure 8.11. Carbon concentration profile along the line B-B (see Fig. 8.10a) at 

different time steps.  

 

 
Figure 8.12. Carbon concentration profile along the line C-C (see Fig. 8.10a) at 

different time steps.  

 
 
The austenite grain on the ferrite-ferrite grain boundary, γ3, is less stable in 

comparison to the triple point grain, γ4, since the shrinkage of the grain γ4 would 
require more α/α interfacial area to form. Thus, the austenite grain on the ferrite-
ferrite grain boundary, γ3, shrinks first and after 3 s of isothermal holding this grain 
has disappeared. During the shrinkage process, carbon from the γ3 grain diffuses 
through the pro-eutectoid ferrite and a carbon concentration gradient is established in 
the direction of the austenite grain on the triple point, γ4 (see Fig. 8.10b).  This extra 
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carbon in addition to the excess carbon that is already present in proeutectoid ferrite 
(see section 8.3), is absorbed by the austenite grain γ4 and results in its growth. 

The austenite-ferrite interface velocity of the γ4 grain is estimated to be 0.02 
μm/s and is on the same order of magnitude as the growth rate of the austenite-ferrite 
interface of the γ1 grain (formed near the source of carbon on the ferrite-pearlite 
interface) into pro-eutectoid ferrite (see section 8.3.1). This indicates that since grain 
γ4 is away from carbon source, the diffusion in ferrite is an important factor in 
austenite transformation kinetics and has to be taken into account. Although carbon 
diffusion in ferrite is much faster than in austenite, in comparison with the growth rate 
of the austenite-ferrite interface of grain γ1 into pearlite, the growth rate of grain γ4 is 
more than 10 times less because of the much larger diffusion distances involved. 

After 9 s of isothermal holding the shrinkage of the γ4 grain becomes 
apparent. At this time step the microstructure consists of a ferrite-austenite mixture. 
The carbon gradient in the pro-eutectoid ferrite (between austenite formed in pearlite, 
near the source of carbon, and in ferrite, away from the source of carbon, lines A-A 
and D-D) not only reduces significantly but the slope also changes the sigh. As was 
already mentioned above, as the grain γ1 grows it absorbs carbon not only from 
pearlite but also from the pro-eutectoid ferrite grain. Thus, the carbon concentration in 
pro-eutectoid ferrite that is in contact with the grains γ1 and γ2 is lowered and a reverse 
carbon concentration gradient establishes. This results in a carbon flux towards the 
austenite grain γ1, and in combination with the curvature effect leads to the shrinkage 
of the grain γ4. During this process, for the chosen simulation conditions, similar to 
the shrinkage of the austenite grain γ3, carbon is pushed into pro-eutectoid ferrite and 
the γ4 grain decreases in size and finally disappears. Pro-eutectoid ferrite in the area 
where the austenite grain was present prior to the shrinkage, for some time is 
oversaturated with carbon. However, during further isothermal holding due to the 
differences in chemical potentials this carbon is pushed towards the grains γ1 and γ2. 
After some time, the final microstructure consists of an austenite-ferrite mixture, in 
which the concentration of carbon in each phase reaches its equilibrium value. 

The results of the current simulations show that austenite grains with 
metastable composition can survive and even grow for some time during isothermal 
holding above the eutectoid temperature. During this process carbon within such 
grains reaches its equilibrium value before shrinkage, due to the interfacial energy, 
takes place. The growth rate of such grains heavily depends on the distance between 
the source of carbon and the grain. It is necessary to mention, however, that in the 
current simulations the effect of Mn was not taken into account. Manganese is 
expected to play a significant role in the growth of the metastable austenite grains. As 
was already mentioned in chapter 6, at low heating rates Mn can redistribute locally in 
the vicinity of the interface, thus reducing the driving force for back transformation 
(austenite into ferrite) and stabilizing metastable austenite grains. The degree in which 
this effect can influence the growth kinetics of austenite grains is, however, difficult 
to estimate; new simulations have to be performed.  

The effect of the grain boundary diffusion was also not taken into account in 
the current simulations. It is however expected to play a role in transformation 
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kinetics, since the grain boundary diffusion is an order of magnitude higher than the 
bulk diffusion. 
 
 
8.4. Conclusions 
 
In this chapter the ferrite/pearlite-to-austenite transformation was simulated on a small 
scale. Pearlite was modeled explicitly as a mixture of two phases: ferrite and 
cementite. Different locations for austenite grains were tested: near the source of 
carbon (pearlite-ferrite grain boundary and ferrite-cementite interface) and away from 
the source of carbon (ferrite-ferrite grain boundary). It was shown that austenite 
growth into pearlite is 10 times faster than into pro-eutectoid ferrite, which is in good 
agreement with the experimental data. It was shown that the carbon evolution during 
the transformation is responsible for the different growth rates. Strong concentration 
gradients develop during the transformation in both austenite and ferrite.  

Metastable austenite grains that formed on the ferrite-ferrite grain boundaries 
can survive and even grow for some time, but due to the evolution of carbon gradients 
and the curvature effect eventually shrink and dissolve. The growth kinetics of such 
grains depends on the distance of the grain from the source of carbon.  
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Summary 
 
The production process of almost all modern steels involves austenitization – 
formation of the austenite phase upon continuous heating. Many of the 
microstructural features and properties that are obtained upon subsequent cooling are 
to a large extend determined by the evolution of the microstructure and chemical 
inhomogeneities during austenitization. In spite of its importance, austenitization so 
far has received much less attention than the transformations on cooling; however, the 
interest is continuously increasing, especially for the development of new types of 
steels (Dual-Phase steel, TRansformation-Induced Plasticity steel etc.).  

At the current stage of the research almost no information is available on the 
austenite nucleation, which makes it difficult to build a realistic model for the 
austenitization process. The carbon redistribution during the austenitization, even 
though it did receive some attention in the literature, still involves a lot of question 
marks. For example, most of the models that are developed for the ferrite-to-austenite 
transformation are based on the idea that the local equilibrium conditions are present 
at the austenite-ferrite interface. The results of the present work show that this is not 
always the case and depending on the heating conditions a transition from the 
diffusion-controlled to mixed mode transformation occurs (chapter 6).  

In the current work the austenitization process was studied from two different 
sides: experimental and by modeling. This is believed to be the best approach since 
experimental data are necessary to build and validate a model which in turn provides 
additional data (for example carbon content on the austenite-ferrite interface). The 
experimental study of the austenitization was performed on a series of C-Mn steels 
(C22, C35, C45 and C60) with an initial ferrite-pearlite microstructure. The following 
techniques were applied (chapter 3): 

 
- optical and scanning electron microscopy: to reveal the microstructural 

features (on quenched samples); 
- electron probe microanalysis: to study the redistribution of alloying elements 

between different phases (on quenched samples); 
- dilatometry: to study the austenite transformation kinetics during continuous 

heating with different heating rates (in-situ measurements); 
- three-dimensional X-ray diffraction microscopy: to study austenite nucleation 

and growth (in-situ measurements). 
 

A combination of all the above mentioned techniques gave a more general 
and complete description of the austenitization process than was beforehand available 
in the literature. Austenite formation, as most phase transition phenomena, consists 
from two major stages: nucleation and growth. The most favorable sites for austenite 
nucleation are the pearlite-pearlite and pearlite-ferrite grain boundaries (chapter 5).  

 



Summary 

 

128 

They are advantageous sites because:  
 
i. they are high-energy boundaries, and 
ii. the presence of carbon makes the newly formed austenite nuclei relatively 
stable.  
 
An interesting outcome of the current research is the formation of metastable 

austenite on the ferrite-ferrite grain boundaries. This metastable austenite appears at 
the early stages of the transformation, when only pearlite is expected to transform to 
austenite, and contains less carbon than the equilibrium value (chapter 4). It was 
argued that although austenite is formed with a carbon concentration less than 
equilibrium its formation is nevertheless thermodynamically possible. The growth 
kinetics of such austenite is measured to be very slow, since the carbon diffusion 
distances involved are large (chapter 5). On the other hand, the growth rate of 
austenite that is formed on the pearlite-ferrite grain boundaries (for which pearlite 
serves as a source of carbon) is almost 10 times higher than to the one for austenite 
formed on the ferrite-ferrite grain boundaries (away from the source of carbon).  

The microstructural features of austenite formation show that the character of 
austenite formation strongly depends on the heating rate. Different growth 
morphologies were observed, among which the finger-type growth is the most 
interesting and the less understood phenomenon (chapter 4). The formation of 
different phases upon cooling (martensite, bainite) is related to the carbon 
inhomogeneities that are present in the microstructure prior to cooling (chapter 4).  

The unique experimental data on austenite nucleation that were performed by 
3DXRD microscopy show two different nucleation regimes: initial fast nucleation, 
likely taking place on pearlite colonies, and slower nucleation, possibly on the 
ferrite/ferrite grain boundaries (chapter 5). The value of the nucleation parameter ψ, 
which contains information about the shape of the nucleus (geometric factors) and the 
interfacial energies that are involved in the nucleation process, are extremely low for 
both nucleation regimes. This indicates that the specific nucleation conditions for 
nucleation to take place on the high-energy sites such as triple and quadruple points, 
are highly advantageous.  

Another unique outcome of the 3DXRD measurements is the observation of 
different growth types of individual austenite grains. Three different austenite grain-
growth types were observed. Type A is similar to the overall transformation behavior, 
with fast pearlite decomposition into austenite and slow ferrite-to-austenite 
transformation. In this case, once an austenite grain consumed all pearlite, it continues 
to grow further into pro-eutectoid ferrite with the same crystallographic orientation. 
Growth type B is related to austenite nucleation and growth on the ferrite-ferrite grain 
boundaries, away from the source of carbon. In this case, the formation of low-carbon 
austenite, compared to the growth type A, can be expected. In growth type C, an 
acceleration of the transformation at the last stages of the transformation is observed 
and is likely to be related to a change in transformation mode – from partitioning to 
massive. 
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For the modeling part the phase-field approach and the code MICRESS® was 
used to simulate the pearlite+ferrite-to-austenite transformation (chapter 6-8). In the 
model, the pearlite phase is considered as a uniform phase with eutectoid composition 
(chapter 6). Classical nucleation theory and experimental data from 3DXRD 
measurements were used to model the nucleation. The simulated microstructures and 
kinetics correlate well with the experimentally found ones, but not all the individual 
single-grain austenite growth types, as observed experimentally, were reproduced in 
the simulations, possibly due to the simplifications applied in the model. 

The model also delivered valuable information on the carbon 
redistribution/partitioning during continuous heating, which cannot be obtained 
experimentally. The redistribution/partitioning of carbon on the ferrite-austenite 
interface does not follow the diffusion-controlled mode for all the heating rates, as 
most literature models suggest. Instead, a shift from the diffusion-controlled to mixed-
mode transformation is observed with increasing heating rate. It was also shown that 
the overlap of the pearlite-to-austenite and ferrite-to-austenite transformations is 
related to the heating rate, e.g. with increasing heating rate the degree in which the 
two transformations overlap increases.  

Finally, simulations on a smaller scale, where pearlite was modeled explicitly 
as a mixture of two phases, ferrite and cementite, were performed (chapter 8). 
Different nucleation sites were tested: near the source of carbon (pearlite-ferrite grain 
boundary and ferrite-cementite interface) and away from the source of carbon (ferrite-
ferrite grain boundary). It was shown that austenite growth into pearlite is 10 times 
faster than growth into pro-eutectoid ferrite, which is in a good agreement with the 
experimental data. The carbon concentration profile development during the 
transformation is responsible for the different growth rates. Strong concentration 
gradients that develop during the transformation in both austenite and ferrite phases 
can lead to the formation of different phases (ferrite, martensite, bainite) upon cooling 
(the formation of such structures was experimentally observed in chapter 4). 

Austenite grains formed on the ferrite-ferrite grain boundaries with relatively 
low carbon content can survive for some time, but due to the carbon gradient 
development and the curvature effect will eventually shrink (chapter 8). The growth 
kinetics of such growth will depend on the distance between the grain and the source 
of carbon.  

Based on the results of the current work the following recommendations for 
the future work can be proposed: 

 
1. Developing further insight on the different growth morphologies (in 

particular “finger-type”). 
2.  Further development of the theory describing nucleation with ΔG*<kT. 
3. The massive transformation during austenitization needs further experimental 

evidence and theory development. 
4. Nucleation on the ferrite-ferrite grain boundaries during austenitization, even 

though it is a minor effect in an annealed structure, can be more important in a 
deformed structure. Although some work was already done by J. Huang 
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(“Microstructural evolution during processing of Dual-phase and TRIP steels”, 

PhD thesis, University of British Columbia, 2004), further theory development is 
necessary. 

5. Manganese (and other alloying elements) redistribution during austenitization 
needs more attention. Incorporation of both redistribution of alloying elements 
during the transformation and grain boundary diffusion in MICRESS would 
improve the simulations. 

6. Diffusion of carbon in ferrite during austenitization needs further studies 
(experimental as well as modeling). Diffusion of carbon in ferrite cannot be 
ignored and has to be incorporated in the austenitization models. 

7. New models for the phase transformations during heating, based on a mixed-
mode approach, need to be developed. They will give a better description of the 
austenitization process. 
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Samenvatting 
 
 
Het productieproces van alle moderne staalsoorten bevat een stadium waarin 
austenitization plaatsvindt - austenietvorming tijdens voortdurende opwarming. Veel 
van de microstructurele karakteristieken en eigenschappen die worden verkregen 
tijdens het afkoelen zijn voor een groot gedeelte bepaald door de evolutie van de 
microstructuur en chemische inhomogeniteiten gedurende het austenitiseren. Ondanks 
het belang van austenitiseren is er veel minder onderzoek aan gedaan dan aan de 
transformatieprocessen tijdens de afkoelfase van het productieproces. De interesse is 
neemt echter toe als gevolg van de ontwikkeling van nieuwe typen staal (Dual-Phase 
staal, TRansformation-Induced Plasticity staal etc.). 

In de huidige fase van het onderzoek is er bijna geen informatie beschikbaar 
over de austeniet nucleatie. Dit maakt het moeilijk om een realistisch model te maken 
van het vormingsproces van austeniet. De herverdeling van koolstof gedurende de 
austenitisatie bevat nog steeds veel vraagtekens, ondanks het feit dat enige aandacht 
hieraan is gegeven in de literatuur. Bijvoorbeeld, veel modellen die zijn ontwikkeld 
voor de ferriet-naar-austeniet transformatie zijn gebaseerd op het idee dat lokaal 
evenwichtscondities aanwezig zijn aan het austeniet-ferriet grensvlak, hetgeen 
betekent dat de transformatiekinetiek bepaald wordt door diffusie van koolstof. De 
resultaten van het in dit proefschrift beschreven onderzoek laten zien dat dit is niet 
altijd het geval is en dat, afhankelijk van de opwarmingscondities, een transitie van 
diffusie-gecontroleerde transformatie naar mixed-mode transformatie optreedt 
(hoofdstuk 6). 

In dit werk is het austenitisatieproces bestudeerd van verschillende kanten: 
experimenteel en door modellering. Verondersteld wordt dat dit de beste manier is 
omdat experimentele gegevens nodig zijn om een model te bouwen en valideren, 
waarna door gebruikmaking van het model additionele informatie verkregen wordt 
(bijvoorbeeld de concentratie van koolstof aan het austeniet-ferriet grensvlak). De 
experimentele studie van de austenitisatie is uitgevoerd aan een serie van C-Mn 
staalsoorten (C22, C35, C45 en C60) met een initiële ferriet-perliet microstructuur. 

De volgende technieken zijn toegepast (hoofdstuk 3): 
 

- Optische en scanning electronen-microscopie: om de microstructurele 
karakteristieken  vast te stellen (op proefstukken die snel zijn afgekoeld); 

- electron probe microanalysis; om de herverdeling van legeringselementen 
tussen verschillende fasen te bestuderen (op proefstukken die snel zijn 
afgekoeld); 

- dilatometrie; om de kinetiek van de austenietvorming gedurende continu 
opwarmen met verschillende snelheden (in-situ metingen); 

- 3D Röntgendiffractie-microscopie; om de austenietnucleatie en -groei te 
bestuderen (in-situ metingen); 
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De combinatie van alle bovengenoemde technieken geeft een meer generieke en 
complete beschrijving van het austenitisatieproces dan voorheen in de literatuur 
beschikbaar was. Austenietformatie, zoals de meeste fasetransformatiefenomenen, 
omvat twee belangrijke fases: nucleatie en groei. De plaatsen waar austeniet nucleatie 
preferentieel plaatsvindt zijn de perliet-perliet en perliet-ferriet korrelgrenzen 
(hoofdstuk 5). Dit zijn favoriete plaatsen omdat: 

 
  i. deze korrelgrenzen een relatief hoge energie hebben, 
 ii. de aanwezigheid van koolstof de nieuw gevormde austenietnuclei relatief 
stabiel maakt. 
 

Een interessante uitkomst van het onderzoek is de formatie van metastabiel 
austeniet op ferriet-ferriet korrelgrenzen. Deze metastabiele austeniet vormt zich in de 
beginfase van de transformatie, waar verwacht wordt dat alleen perliet transformeert 
naar austeniet, en bevat minder koolstof dan de evenwichtswaarde (hoofdstuk 4). In 
de literatuur wordt betwist dat deze formatie van relatief koolstofarme austeniet 
thermodynamisch mogelijk is. In hoofdstuk 4 wordt de thermodynamische basis van 
dit proces bediscussieerd. Er is gemeten dat de groei kinetiek van dergelijke austeniet 
zeer langzaam is, omdat de afstanden voor de aanvoer van koolstof middels diffusie 
groot zijn (hoofdstuk 5). Daarom is de groeisnelheid van austeniet dat wordt gevormd 
op de perliet-ferriet korrelgrens (alwaar perliet de bron vormt voor koolstof) bijna 10 
keer hoger dan de austenietformatie op de ferriet-ferriet korrelgrens (waar geen 
koolstofbron aanwezig is). 

De microstructurele karakteristieken van de austenietformatie laten zien dat het 
karakter van austenietformatie zeer afhankelijk is van de opwarmsnelheid. 
Verschillende groei morphologieën zijn waargenomen, waarbij finger-type groei het 
meest interessante maar minst begrepen fenomeen is (hoofdstuk 4). De formatie van 
verschillende fasen bij afkoeling (martensiet, bainjeniet) is gerelateerd aan de 
koolstofinhomogeniteiten die aanwezig zijn in de (gedeeltelijk) austenitische 
microstructuur voor afkoeling (hoofdstuk 4). 

De unieke experimentele gegevens van austeniet nucleatie die gevonden zijn bij 
3D-XRD microscopie laten twee verschillende nucleatie regimes zien: initiële snelle 
nucleatie, waarschijnlijk plaatsvindend op perliet kolonies, en langzame nucleatie, 
mogelijk op de ferriet-ferriet korrelgrenzen (hoofdstuk 5). De waarde van de nucleatie 
parameter ψ, welke informatie bevat over de vorm van de nucleus en de korrel 
grensenergieën die betrokken zijn bij het nucleatie proces, zijn extreem laag voor 
beide nucleatie regimes. Dit geeft aan dat de specifieke condities voor nucleatie zeer 
gunstig zijn. 

Een andere unieke uitkomst van de 3D-XRD metingen is de waarneming van 
verschillende groeitypen van individuele austeniet korrels. Drie verschillende 
groeitypen zijn waargenomen voor austeniet korrels. Groeitype A is gelijk aan het 
algemene transformatiegedrag, met snelle transformatie van perliet in austeniet en 
langzame ferriet-naar-austeniet transformatie. In dit geval groeit de austeniet korrel 
met dezelfde kristallografische oriëntatie verder in pro-eutectoïdische ferriet, wanneer 
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de perliet is omgezet. Groeitype B is gerelateerd aan austeniet nucleatie en -groei op 
ferriet-ferriet korrelgrenzen, relatief ver verwijderd van de koolstofbron. In dit geval 
kan de formatie van austeniet met een laag koolstofgehalte, vergeleken met groeitype 
A, verwacht worden. In groeitype C is een acceleratie van de transformatie in het 
laatste stadium van de transformatie waargenomen. Deze transitie komt waarschijnlijk 
voort uit een verandering van transformatiemechanisme – van partitioning (waarbij 
koolstof herverdeeld wordt) naar massief (waarbij de zich vormende fase dezelfde 
koolstofconcentratie heeft). 

In het modelleergedeelte van dit proefschrift (de hoofdstukken 6, 7 en 8) is de 
phase field aanpak en de code MICRESS® gebruikt om de perliet+ferriet-naar-
austeniet transformatie te simuleren. In het model is de perliet fase beschouwd als een 
uniforme fase met de eutectoïdische samenstelling (hoofdstuk 6). De klassieke 
nucleatie theorie en experimentele data van de 3D-XRD metingen zijn gebruikt om de 
nucleatie te modelleren. De gesimuleerde microstructuren en kinetiek correleren goed 
met de gevonden resultaten uit de experimenten. Toch worden niet alle groeitypen 
voor de individuele austeniet korrels, zoals bij de experimenten waargenomen, 
gereproduceerd in de simulaties, mogelijk als gevolg van de simplificaties in het 
model. 

Het model leverde ook waardevolle informatie over de herverdeling van 
koolstof gedurende continue opwarming, die experimenteel niet verkregen kan 
worden. De herverdeling van koolstof aan het ferriet-austeniet grensvlak geeft aan dat 
de transformatie niet het diffusie-gecontroleerde mechanisme volgt voor alle 
opwarmsnelheden, in tegenstelling tot wat de meeste modellen in de literatuur 
suggereren. In plaats daarvan is een verschuiving van diffusie-gecontroleerde naar 
mixed-mode transformatie waargenomen bij het verhogen van de opwarmsnelheid. Er 
is tevens aangetoond dat de overlap van perliet-naar-austeniet en ferriet-naar-austeniet 
transformatie gerelateerd is aan de oververhitting (d.w.z. de overschrijding van de 
evenwichtstemperatuur), m.a.w. met het verhogen van de oververhitting zal de 
overlap tussen de twee transformaties vergroten. 

Tenslotte zijn simulaties op kleinere schaal uitgevoerd, waarin perliet expliciet 
gemodelleerd is als een combinatie van de twee fasen, ferriet en cementiet (hoofdstuk 
8). Verschillende nucleatie plaatsen zijn getest: bij de koolstofbron (perliet-ferriet 
korrelgrens en ferriet-cementiet grensvlak) en op grotere afstand van de koolstofbron 
(ferriet-ferriet korrelgrenzen). Er is aangetoond dat austeniet groei vanuit perliet 10× 
zo snel is als groei vanuit pro-eutectoïdisch ferriet, het geen goed aansluit bij de 
experimentele gegevens. De ontwikkeling van het koolstof concentratieprofiel 
gedurende de transformatie is verantwoordelijk voor de verschillende groeistadia. 
Sterke concentratiegradiënten die zich ontwikkelen gedurende de transformatie van 
verschillende fasen in zowel austeniet als ferriet kunnen leiden tot de formatie van 
verschillende fasen (ferriet, martensiet, bainiet) tijdens afkoeling (de formatie van 
zulke structuren was waargenomen tijdens de experimenten in hoofdstuk 4). 

Austeniet korrels die gevormd worden op de ferriet-ferriet korrelgrenzen met 
relatief lage koolstofgehaltes kunnen lange tijd bestaan, maar door de ontwikkeling 
van koolstofgradiënten en het effect van de korrel grensenergie zullen ze uiteindelijk 
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slinken (hoofdstuk 8). De kinetiek van dergelijke groei is afhankelijk van de afstand 
tussen de korrel en de koolstofbron. 

Op basis van de resultaten van dit onderzoek worden de volgende 
aanbevelingen gedaan voor toekomstig werk: 

 
1. Het verder ontwikkelen van inzicht in de verschillende groeimorfologiën (in het 

bijzonder de finger-type morfologie) is noodzakelijk. 
2. Verdere ontwikkeling van de theorie voor de nucleatie met ΔG*<kT. 
3. Het eventuele optreden van massieve transformatie gedurende austenitisatie 

vereist meer experimenteel onderzoek en theoretische onderbouwing. 
4. Nucleatie op de ferriet-ferriet korrelgrenzen gedurende austenitisatie, die 

weliswaar weinig invloed heeft in een goed uitgegloeide structuur, kan veel 
invloed hebben als de structuur gedeformeerd is. Ondanks dat er al onderzoek is 
gedaan door J. Huang (“Microstructural evolution during processing of Dual-phase 

and TRIP steels”, PhD thesis, University of British Columbia, 2004), is hier verdere 
theoretische ontwikkeling nodig. 

5. De herverdeling van mangaan (en andere legeringselementen) gedurende 
austenitisatie heeft meer aandacht nodig. De implementatie van de herverdeling 
van legeringselementen gedurende de transformatie en van korrelgrensdiffusie in 
MICRESS kan de kwaliteit van de simulaties verbeteren. 

6. Diffusie van koolstof in ferriet gedurende austenitisatie heeft verdere studie nodig 
(experimenteel en modelmatig). Diffusie van koolstof in ferriet kan niet 
genegeerd worden en dient meegenomen te worden in de austenitisatiemodellen. 

7. Nieuwe modellen voor de fasetransformatie gedurende opwarming, welke 
gebaseerd zijn op een mixed-mode benadering, dienen ontwikkeld te worden. 
Deze zullen een betere beschrijving geven van het austenitisatieproces. 
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a) 

 

c)  

 
 

b) 

 

Figure 6.11. Carbon concentration maps for C35 alloy heated with 0.05 °C/s to a),b) 

745  °C and c) 805 °C. b) shows the carbon gradients in the ferrite phase. 
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a) 

 
 

c)  

 

 

b) 

 

Figure 6.12. Carbon concentration maps for C35 alloy heated with 3 °C/s to a),b) 760  

°C and c) 835 °C. b) shows the carbon gradients in the ferrite phase. 
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a) 

 

 

d)  

 

 

b) 

 

e)  

 

 

c) 

 

Figure 7.1. The evolution of the microstructure for the C35 alloy heated with 50 °C/s 

heating rate to a)-c) 850 °C and d)-e) 900 °C.  

a), d) show microstructures;   b), e) show carbon profiles; c) shows carbon gradients 

in the ferrite phase. A = austenite, F = ferrite. 
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a) 

 

b) 

 
 

c) d) 

 
 
 

e) 
 

f) 

Figure 7.4. Carbon concentration maps a), c), e) and carbon profiles along the line A 

b), d), f)  for C35 alloy at a), b) 745 °C; c), d) 762 °C and e), f) 812 °C. In a), b) alloy 

was heated with 0.05 °C/s; c), d) 3 °C/s and e), f) 50  °C/s heating rate. 

A 

A 

A 

μ 

50 μm 

50 μm 

50 μm 



Appendix 

 

145 

 

 

 

a) 

 

b) 

 

c) 

Figure 8.4. The evolution of the microstructure after 1 s of the isothermal holding at 

727 °C. a) general view of the microstructure, b) general carbon redistribution profile 

and c) carbon gradients in ferrite. α = ferrite, γ = austenite, θ = cementite. 
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a) 

 

b) 

 

c) 

Figure 8.5. The evolution of the microstructure after 11 s of the isothermal holding at 

727 °C. a) general view of the microstructure, b) general carbon redistribution profile 

and c) carbon gradients in ferrite. α = ferrite, γ = austenite, θ = cementite. 
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a) 

 

 

b) 

 

 

c) 

Figure 8.8. Austenite growth near the source of carbon: on the pearlite-ferrite grain 

boundary, γ1, and inside the pearlite grain on the ferrite-cementite grain boundary, γ2.   
Isothermal holding at 727 °C for 1 s. a) general view of the microstructure, b) carbon 

gradients in austenite and c) carbon gradients in ferrite. α = ferrite, γ = austenite, θ 
= cementite. 
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a) 

 

 

 

b) 

Figure 8.9. Austenite growth near the source of carbon: on the pearlite-ferrite grain 

boundary, γ1, and inside the pearlite grain on the ferrite-cementite grain boundary, γ2.   
Isothermal holding at 727 °C for 11 s. a) general view of the microstructure and b) 

carbon gradients in austenite. α = ferrite, γ = austenite, θ = cementite. 
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a) 

 

 

b) 

 

 

c) 

 

 

d) 

 

 

e) 

 

 

f) 

Figure 8.10. Austenite growth away from the source of carbon: on the ferrite-ferrite 

grain boundary, γ3, and triple point, γ4.   Isothermal holding at 727 °C for. a), b) 1 s; 

c), d) 2.5 s and e), f) 9 s.  

a), c), e) general view of the microstructure and b), d), f) carbon gradients in ferrite. 

α = ferrite, γ = austenite. 
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