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A good combination of strength and toughness in HSLA steels can be achieved by the addition of micro-
alloying elements such as Nb. Nb can retard the static recrystallization of austenite at lower temperatures
by solute drag or by precipitation pinning. In this study, the recrystallization behavior of four Nb-microalloyed
model alloys which were designed to show either extensive or almost no precipitation, was compared by
multi-hit torsion tests and double hit compression tests. A good consistency between the different types of
tests was found and the results were verified by optical micrographs. Further, by construction of softening—
time-temperature diagrams the recrystallization behavior was linked to the precipitation state of the mate-
rial which was investigated by thermodynamical equilibrium calculations and by experimental observations
from TEM-EDX, Inductively Coupled Plasma Mass Spectroscopy and X-ray Diffraction. Quantitative agree-
ment between the experimental measurements and the calculations for precipitated mass fraction and pre-
cipitate composition as a function of temperature and steel composition is demonstrated.
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1. Introduction

The use of heavy gauge steel sheets for structural appli-
cations very often requires a combination of high yield
strength and adequate toughness. The most cost effective
way to realize a high yield strength and a high ductility in a
low alloyed steel is grain refinement. In industrial practice,
this refinement is commonly realized by thermomechanical
controlled processing (TMCP). The process includes slab
reheating under well defined temperatures, a high amount
of hot deformation below the non-recrystallization tempera-
ture (7,) and accelerated cooling. The non-recrystallization
temperature is defined as the temperature below which no
complete static recrystallization occurs between two suc-
cessive rolling passes. In practice, the grain refinement is
achieved by the addition of microalloying elements such as
Nb and Ti.P The effect of Ti is more or less incontestable,
i.e. the formation of TiN precipitates inhibits grain growth,
whereas the role of Nb in retarding the austenite recrystal-
lization in High Strength Low Alloy (HSLA) steels has
been the subject of considerable interest and discussion
over the past 30 years.” ™ Previous research™® suggests that
the retardation of austenite recrystallization in Nb-contain-
ing steels results from the pinning of austenite grain bound-
aries and subboundaries by either niobium carbonitride
precipitation and/or by niobium atoms in solid solution in
austenite. Although previous investigations have provided
valuable knowledge on the effect of precipitation on the
recrystallization, it is presently not possible to distinguish
well the effect of both mechanisms, i.e. solute drag and pre-
cipitation pinning. On the one hand, if the recrystallization
kinetics would be controlled by solute drag, then it would
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only be necessary to consider the concentration of microal-
loying elements dissolved in the austenite matrix. On the
other hand, if carbonitride precipitation controls the recrys-
tallization kinetics, then the levels of carbon and nitrogen in
solution would also be important. Speer and Hansen® in-
vestigated the austenite recrystallization in Nb microalloyed
steels, showing that the solute drag effects on the austenite
recrystallization are very small compared to the effect of
carbonitride precipitation. Nevertheless, other investigators
argue strongly in favor of the solute drag effect (e.g. Co-
ladas et al.”’) or of a combination of the both effects.®”
Thermodynamic analysis is known to be an important
method for optimizing both the chemistry and process de-
sign of microalloyed steels for thermomechanical process-
ing. So far there is relatively little experimental data on
phase equilibriums of carbonitrides in commercial steels,
which makes it difficult to examine the validity of the cal-
culations with respect to experimental findings. It has al-
ready been illustrated by Inoue ez al.'” that thermodynamic
equilibrium analysis of precipitates is a promising tool.
These authors found good agreement between their equilib-
rium calculations and experimental data on the precipitat-
ed weight fraction of (Nb, Ti, V)(C,N) precipitates in hot
rolled microalloyed steels. Moreover, Zou and Kirkaldy'"
showed quantitative agreement between equilibrium calcu-
lations and the experimentally determined stoichiometry of
(Nb, Ti)(C,N) precipitates in a non-deformed material. So
far, the present authors found no direct comparison between
the calculated equilibrium mole fraction of elements in a
precipitate and experimental observations of the stoichiom-
etry of precipitates during or after hot deformation, except
a recent publication by Liu'? who compared his calcula-
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tions with experimental data from Craven et al."”

The objective of the present paper is to separate both re-
tarding mechanisms, i.e. solute drag and precipitation pin-
ning, by investigating model alloys designed to show either
extensive or almost no precipitation. Moreover, the recrys-
tallization kinetics of four Nb-microalloyed steels during
hot deformation is linked to the morphology and composi-
tion of the precipitates and the amount of Nb-solutes found
in these materials. The recrystallization kinetics were inves-
tigated combining different hot deformation testing tech-
niques while information on the precipitation state of the
material was obtained from thermodynamic equilibrium
calculations and from a combination of experimental obser-
vation techniques. With this work, a contribution to the un-
derstanding of the fundamental mechanisms responsible for
the retardation of austenite recrystallization in Nb-micro-
alloyed steels is achieved.

2. Experimental Procedure

Four model alloys were designed and casted as 100 kg in-
gots in a Pfeiffer vacuum furnace operated under argon gas
atmosphere. The chemical composition of these alloys can
be found in Table 1. The C—Mn-reference alloy, without ad-
ditional Nb, represents a reference steel. The second alloy, a
lowC-Mn—Nb alloy containing only a few ppm C, allowed
to study the effect of Nb in solid solution. The third alloy
(C—Mn-Nb) was designed to study the effect of NbC-pre-
cipitates on the recrystallization kinetics. To have the high-
est fraction of NbC precipitates possible, a stoichiometric
Nb/C-ratio of 8/1 was chosen. Finally, the fourth alloy
(C—Mn-Nb—N) was designed to study the influence of N on
the recrystallization and precipitation behavior. The cast
blocks were thermomechanically processed under con-
ditions comparable to those during industrial steel plate
rolling. This means that, after a reheating cycle of 2h at
1200°C, two pre-rolling steps with 20% of deformation
each were given above 1100°C. Before finish rolling, the
plate was air cooled until a temperature of 900°C was
reached. Finishing was performed in five passes with a total
reduction of 55%. After finish rolling at 820°C, the plates
were air cooled to room temperature.

Torsion test specimens were machined from the plates
with the specimen long axis parallel to the transverse direc-
tion of the plate. The specimens had a gauge length of
25mm and a gauge diameter of 6 mm. The torsion tests
were performed under argon atmosphere on a computerized
torsion machine equipped with an induction heating sys-
tem. For 7, determination, the torsion specimens were first
reheated to 1250°C for 5min. Subsequently, the samples
were subjected to a series of consecutive deformations
(multiple hits, strain 0.3, strain rate 1/s) separated by 20s
intervals, while the specimen was cooled at 1°C/s." At least
three specimens per grade were tested to ensure repro-
ducibility of the results. For each of the deformation passes
the torque and the angle of twist were measured and con-
verted to Von Mises effective stresses s and strains £.'¥

The isothermal recrystallization kinetics were deter-
mined from double hit compression tests with various inter-
pass times. For these tests, cylindrical samples with a diam-
eter of Smm and a height of 10 mm were machined by
spark-erosion; the axis of the sample being parallel to the
normal direction of the plate. The specimens were tested
under vacuum under uni-axial conditions in a Bahr®-
dilatometer equipped with an induction coil and a deforma-
tion unit. After reheating for 5 min at 1250°C (same condi-
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Table 1. Chemical composition of the steels (in wt% unless

stated otherwise).

C Mn  Si Al Nb Ti N
C-Mn reference  0.02 150 026 0.043 20 ppm 18 ppm
lowC-Mn-Nb 11 ppm 1.47 026 0022 017 40 ppm 12 ppm
C-Mn-Nb 0.02 15 026 0067 017 80ppm 20 ppm
C-Mn-Nb-N 0.02 148 026 0033 018 45ppm 66 ppm

tions as used for the multideformation torsion tests) and
subsequent cooling at a cooling rate of 1°C/s to a chosen
deformation temperature, a first deformation pass with a
strain of 0.2 and a strain rate of 0.5/s was given. After de-
formation, the stress was immediately relieved to a mini-
mum value necessary to keep the sample in position. After
different chosen waiting times, a second deformation pass
(also with €=0.2, de/dt=0.5/s) was applied. Subsequently,
the samples were helium quenched and prepared for optical
microscopy. The Béchet-Beaujard etchant was used to re-
veal the former austenite grain boundaries.

For the thermodynamic analysis of the precipitates, the
Thermocalc® package (database TCFE3) was used. The ex-
perimental precipitate composition and size distribution
were determined on a 200kV JEOL JEM-2200FS Trans-
mission Electron Microscope (TEM) in combination with
an Energy Dispersive X-ray Spectrometer (EDX), using
carbon extraction replicas. The total amount of niobium
precipitated was analyzed by Inductively Coupled Plasma
Mass Spectrometry (ICP-MS). In these experiments, a
small amount of material is selectively dissolved and the re-
sulting solution is filtered through a 20 nm pore size filter.
The filtrate contains the dissolved Fe-matrix together with
the elements in solid solution, while the filter traps the in-
soluble precipitates. The weight fraction of Nb on the filter
and in the filtrate was quantitatively determined. Further-
more, the stoichiometry of the precipitates was determined
by performing X-Ray Diffraction (XRD) analysis on the fil-
ters. For the radiation a Cu-K o source was used.

3. Characterization of the Recrystallization Behavior

3.1. Determination of the Non-recrystallization Tem-

perature (7,,)

From the stress—strain curves obtained in a multidefor-
mation torsion test, the mean flow stress (MFS) correspon-
ding to each pass can be calculated by numerical integra-
tion and plotted against the inverse of absolute temperature.
The MFS is the area under each stress—strain curve divided
by the pass strain. In Fig. 1, typical examples of the evolu-
tion of the mean flow stress (MFS) during multideforma-
tion testing are plotted. Two different regions can be clearly
distinguished for all steels. In the high temperature region,
full recrystallization takes place between two deformations
and the increase in stress is solely due to the decrease in
temperature. In the second region, which corresponds to de-
formation below T, only partial recrystallization or no re-
crystallization occurs. Here, the strain is accumulated from
pass to pass, so that the stress increases more rapidly with
decreasing temperature. Following the method developed
by Jonas and co-workers," this type of plot can be used to
determine the non-recrystallization temperature, 7,,.'® The
change in slope defines this temperature, although there is
some ambiguity, because the MFS vs. 1/T relation is not ex-
actly linear. As expected, the reference alloy has the lowest
T,,-value of 877°C and the addition of Nb raises 7. The
lowC—Mn-Nb steel, in which most of the Nb is in solid so-
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lution due to the low C and N content, has a 7, value of
920°C. This value is lower than the 7, of the 0.02w%C—Nb
steels with a similar Nb-content. In these steels, Nb is sup-
posed to be bonded to C and/or N. The fact that both the
C-Mn-Nb and the C—-Mn—Nb—N steels have equal T, tem-
peratures of 950°C, shows that the effect of extra N on 7,
is negligible.

Although T, is a very important temperature in indus-
trial hot rolling mills and the multideformation testing
method is universally accepted as testing procedure for the
laboratory determination of 7, the temperature value on it-
self does not provide a lot of fundamental information on
the recrystallization—precipitation interaction. From that
point of view, testing methods that can characterize the re-
crystallization behavior during the complete time interval
between two deformation passes, could be a lot more use-
ful. Therefore, the isothermal recrystallization behavior was
studied with double deformation tests.
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Fig. 1. Mean flow stress vs. the inverse of absolute temperature

and 7, determination for the four experimental steels.
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3.2. Characterization of the Isothermal Recrystalliza-

tion Behavior

The isothermal recrystallization kinetics were studied by
means of double-hit compression tests with variable inter-
pass times. The recrystallized fraction was determined with
the help of the second stress—strain curve. If the interpass
time is sufficiently long enough for full softening to occur,
the second flow curve should be identical to the first flow
curve. If there is no softening at all, the second flow curve
should appear as an extrapolation of the first flow curve. In
order to quantify the amount of softening between these ex-
tremes, the 2% offset method was used. With that method
the softening effects by recovery can be neglected'”'® and
consequently the calculated softening fraction is linearly re-
lated to the statically recrystallized volume fraction. Dou-
ble-hit compression tests were performed with the four ex-
perimental alloys, using deformation temperatures between
850 and 1 075°C and interpass times between 1 and 5000 s.
The results of the softening analysis are shown in Fig. 2
while the microstructural verification of the recrystalliza-
tion process is discussed in the next section.

From Fig. 2(a), it is evident that the reference alloy has
the fastest recrystallization kinetics and recrystallizes fully
at all testing temperatures. At temperatures of 950 and
1 000°C, the recrystallization starts 1s after the first defor-
mation and is completed in about 100s. At lower tempera-
tures, 900°C and 850°C, the recrystallization is retarded
and starts about 10 and 50 s after the first deformation pass,
respectively. In this case, the material is fully recrystallized
after 200 and 1000s, respectively. It should be noted that
the multideformation torsion tests described earlier, re-
vealed a T, of 877°C for this steel composition. The inter-
pass time during the torsion tests was 20 s; accordingly, one
would expect that the material would be fully recrystallized
in 20 s at temperatures higher than 877°C. The results from
Fig. 2(a) show that at 900°C and 20 s interpass time the re-
crystallized fraction is only 27%. This apparent contradic-
tion can be explained based on the difference in grain size
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Softening fractions for the experimental steels determined from double deformation tests, (a) C—Mn reference, (b)
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at a deformation temperature of 900°C. At this temperature,
the torsion test sample has already undergone a large num-
ber of deformation passes and accumulated a large amount
of total deformation. This thermomechanical treatment
should have lead to a distinct degree of grain refinement in
the austenite by repeated recrystallization cycles. Alterna-
tively, the grain size in the double-hit compression sample
just before the first deformation step is expected to be rela-
tively large due to the high reheating time and temperature,
i.e. 300s at 1250°C for both tests, and the lack of deforma-
tion prior to the double-hit test. As the grain size is reduced
in the torsion samples, the recrystallization kinetics are sup-
posed to be faster and thus the 7, temperature, determined
by the multideformation torsion tests, is expected to be
lower.'®

The other alloys clearly show retarded recrystallization
kinetics in comparison with the C-Mn reference alloy
which is in agreement with the values of T, temperatures
mentioned above. The T, temperatures of the Nb-added
steels were also higher than the 7, from the reference alloy.
The double deformation tests seem to reveal a temporary or
even permanent recrystallization stop. The times and tem-
peratures at which this plateau appears can be linked to the
precipitation state of the material and will be discussed
below. The differences between the lowC—Mn—Nb from
Fig. 2(b) and C—-Mn—Nb alloy from Fig. 2(c) were rather
small. There was good agreement for the highest tempera-
tures, i.e. 1075 and 1050°C, as well as for the lowest tem-
perature, i.e. 850°C: At the highest temperatures both alloys
were fully recrystallized within 100s, and at the lowest
temperature no recrystallization was observed, even after
1000 s. For the intermediate temperatures of 950, 1 000 and
1 025°C some small differences in recrystallization behav-
ior appeared. While at 1 025°C, for the lowC—Mn—Nb alloy,
recrystallization started after 10s and completed after
1000s, the C-Mn—Nb alloy only showed a fraction of 30%
recrystallization after an interpass time of 1000s at this
temperature. The differences at these intermediate tempera-
tures indicated that the Nb as a precipitate in C—Mn—Nb
alloy had a slightly stronger retarding effect on the recrys-
tallization kinetics than the Nb in solid solution in the
lowC—Mn—Nb alloy. This confirms the result of the multi-
deformation torsion tests: Nb as a precipitate, ¢/, C—-Mn—Nb
alloy, is more effective for retarding the recrystallization
than Nb in solid solution, ¢f. the lowC—Mn—Nb alloy.

The differences in recrystallization kinetics between the
C—Mn-Nb alloy from Fig. 2(c) and the C—Mn—Nb—N alloy
from Fig. 2(d) were not expected since both steels have
equal 7, temperatures of 950°C. At temperatures between
850°C and 1 025°C the materials show similar behavior, but
at 1050°C and 1075°C the C-Mn—Nb alloy recrystallizes
much faster. At those high temperatures a plateau is present
in the C—-Mn—Nb-N alloy while the C—-Mn—Nb alloy fol-
lows the typical Avrami-relationship and recrystallizes fully
within 100s. Again, precipitates have a considerable influ-
ence on the observed differences as will be discussed
below.

3.3. Microstructural Evolution

Since the austenite recrystallization is influenced by the
austenitic grain size and by the carbide and nitride precipi-
tation, the microstructure as well as the precipitation state
prior to deformation were investigated. As shown in Table
2, the grain size of the C—Mn reference steel and the
lowC—Mn-Nb steel is relatively coarse after the solution
treatment at 1250°C, while the C-Mn-Nb and the
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Table 2. Austenite grain sizes and precipitate size prior to de-

formation.
Reheating Austenitic  Precipitate  Precipitate type
conditions grain size size
(um) (nm)
C-Mn reference  1250°C — 300s 343
lowC-Mn-Nb ~ 1250°C — 300s 261
C-Mn-Nb 1250°C - 300s 152 40-80 TiN, (Ti,Nb)(C,N)
C-Mn-Nb-N  1250°C - 300s 79 40-80  TiN, (Ti,Nb)(C,N)

C-Mn-Nb-N steels have smaller grains. The smallest
austenitic grain size is observed in the C-Mn-Nb-N alloy
where also the finest precipitates are present, as was deter-
mined on carbon extraction replicas. The latter is in full
agreement with the results of Fernandez et al.'” who as-
cribe the differences in austenite grain size to the differ-
ences in Ti/N ratio. A grain size of 152 um was found in
the C—Mn—Nb steel with a hyperstoichiometric Ti/N ratio,
i.e. T/N=4. A significant smaller grain size of 79 um was
found in the C-Mn—Nb—N steel in which the Ti/N ratio was
only 0.7 and thus hypostoichiometric. This, together with
the lower Ti supersaturation level in those hypostoichiomet-
ric Ti/N steels, leads to an increased tendency to form
smaller particles. These small particles are much more ef-
fective in pinning the grain boundaries.*”

The microstructural changes occurring during deforma-
tion and subsequent interpass times were evaluated in the
quenched dilatometer samples. In Fig. 3(a), the microstruc-
ture of the lowC—Mn—Nb steel after reheating but before
deformation is presented. The grains are large due to grain
growth during reheating. Due to the low C and N content in
this steel, all carbides and nitrides were dissolved at the
used reheating times and temperatures. As a consequence
grain growth was not inhibited and the grains obtained a
mean size of 261 um. Figure 3(b) shows the microstructure
immediately after the first deformation. The recrystalliza-
tion will start at the austenite grain boundaries as indicated
by the fact that these boundaries are highly serrated. Figure
3(c) confirms that the recrystallized grains nucleated pre-
dominantly at austenite grain boundaries, since near the
former austenite grain boundary new small grains are visi-
ble. This figure corresponds to a fractional softening of
30% as was calculated from the double deformation test
(cf. Fig. 2(b)). Finally, after long interpass-times, the mate-
rial is fully softened, see Fig. 3(d). The deformed+100%
recrystallized grains with a mean size of 125 um are re-
markably smaller than the original grains before deforma-
tion.

4. Characterization of the Precipitation State

The recrystallization behavior is strongly influenced by
the precipitation state of the material and thus indirectly by
the chemical composition. In this section, the precipitation
state of the four alloys is discussed by studying at first the
equilibrium precipitation state calculated with Thermocalc
and secondly by experimental data on the real precipitation
state, i.e. weight fraction precipitated and morphology of
the precipitates, and on the solute drag effect.

4.1. Precipitation under Thermodynamical Equilib-
rium Conditions

The Thermocalc software was used to study the precipi-
tation state under equilibrium conditions. For this approach,
which was already used by Zou and Kirkaldy,'" it was
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(a) Before deformation

(c) 10s after deformation (30% softening) (d) 100s after deformation (100% softening)

Fig. 3. Austenite recrystallization behavior of microalloyed steels (lowC—Mn—-Nb) before deformation and during
isothermal holding after first compression (€=0.2, de/dt=0.5/s) at 1075°C (etching with the Béchet—Beaujard

reagent).

assumed that in the austenitic phase, i.e. the fcc#l phase,
there was only one type of precipitate. This precipitate has
a fce-structure and is indicated as the fcc#2 phase. This
phase contains the elements Ti, Nb, C and N as (TiNb)(CN)
in a stoichiometry which varies with temperature. The re-
sults from this approximation are presented in Fig. 4. This
figure shows that in the reference alloy, the precipitate starts
forming at 1250°C and consists mainly of Ti and N. This
precipitate is rare, i.e. the maximum weight fraction in
austenite is 2X107°wt%, and probably coarse since no
strain induced plateau was found in the recrystallization
curves from Fig. 2(a). Another possibility why this plateau
was not found, is that the precipitates did not completely
dissolve during reheating. The reheating temperature for
the double deformation tests was 1 250°C and this tempera-
ture equals the solubility temperature of the TiN precipitate.
In that case the TiN precipitates are coarse and do not have
a retarding effect on the austenite recrystallization. For the
lowC—Mn—Nb alloy, the precipitate formed at high temper-
atures (solubility temperature=1 150°C) consists also only
of Ti and N. Thermodynamical simulations of the precipita-
tion state of this steel could thus not explain the plateau in
the recrystallization—time curve at temperatures between
1025°C and 900°C. At those temperatures the TiN is ex-
pected to be coarse since it has formed at 1 150°C. In the
C-Mn—Nb steel again Ti and N containing precipitates are
formed at high temperatures. At 1 050°C the mass fraction
of the fcc#2 increases significantly and the composition of
the precipitate changes completely to Nb and C only. This
change/increase should probably be interpreted as a second
generation of NbC precipitates nucleating apart from the al-
ready existing TiN particles as Liu'® showed in his work by
considering a TiN fcc#2 phase and a NbC fcc#3 phase sep-
arately. These newly nucleated and thus small NbC parti-
cles are very effective in pinning the grain boundary during
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recrystallization. A delay in recrystallization could be seen
in Fig. 2(c) at temperatures below 1050°C, i.e. the nucle-
ation temperature for NbC precipitates (cf. Fig. 4(c)). Also
in the C—-Mn—-Nb—N alloy the stoichiometry of the precipi-
tate varies with temperature, but in a different way than in
the C—-Mn—-Nb alloy. In the C-Mn-Nb-N alloy, there is a
temperature range where the precipitate consists mainly of
Nb and N. The presence of this NbN dominated precipitates
could explain the plateau in the curves at 1075°C and at
1 050°C, see Fig. 2(d). This plateau was not present in the
C—Mn—Nb alloy. At temperatures of 1 025°C and below, the
stoichiometry becomes NbC and the recrystallization be-
havior becomes similar to that of the C—-Mn—Nb alloy. The
exact stoichiometries of the precipitates will be discussed
below.

4.2. Experimental Verification of the Precipitated
Weight Fraction

To verify the results from the thermodynamic calcula-
tions, the precipitated weight fraction of Nb was deter-
mined experimentally by ICP-MS at times corresponding to
a softening fraction of 50%, i.e. the #,5. This #,; was di-
rectly derived from the experimental results of Fig. 2 and
the numerical values for the different materials at different
deformation temperatures can be found in Table 3. The Nb
precipitated weight fraction corresponding to this 7, as
well as the precipitated Nb fraction, which was determined
for the main samples, after reheating are also shown in this
table. From the double deformation tests and the equilib-
rium calculations, one would expect that below the solubil-
ity temperature, a certain precipitated fraction is found.
This fraction is found to increase with a decreasing defor-
mation temperature.

After reheating, see Table 3, a small amount of Nb is
precipitated (0.01 wt%) in the C-Mn-Nb and in the
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Fig. 4. Phase fraction and fcc#2 compositions of the four experimental steels (Thermocalc), (a) C—Mn reference, (b)
lowC-Mn—Nb, (c) C—Mn—-Nb and (d) C—-Mn—Nb-N.

C—Mn—-Nb-N steel. This is in agreement with the results
from TEM measurements where (Ti, Nb)(C,N) particles
were found after reheating. At deformation temperatures of
1 075°C almost no extra Nb had precipitated in these alloys.
For the C—-Mn—Nb alloy, this is in agreement with the re-
sults from the thermodynamical equilibrium calculations
(c¢f- Fig. 4(c)) and with the shape of the recrystallization
curve (cf. Fig. 2(c)). On the other hand, in the C—Mn—Nb—-N
alloy, where a clear plateau in the recrystallization curve is
visible and where NbN particles were expected according
to the equilibrium calculations, only a small amount of
extra Nb was precipitated. The amount precipitated is
0.015wt% at 1075°C in comparison with 0.01 wt% after
reheating. It is possible that this small amount of precipi-
tates is sufficient to cause the temporary recrystallization
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Table 3. Precipitated mass fraction of Nb as experimentally deter-
mined by ICP-MS. (The mass fractions are determined
at times and temperatures corresponding to the #, ).

lowC-Mn-Nb C-Mn-Nb C-Mn-Nb-N
After reheating - Nb,.. = 0.01wt% | Nb,,. =001wt%
Tee= 1075°C tys =178 tys = 18s t, s = 200s
- Nb,., = 0.013wt% | Nb,.. = 0.015 wt%
Tger = 1050°C tys =228 tys = 63s t, s = 500s
Nb,., =0.012wt% | Nb, . =002wt% | Nb, . =004wt%
Tger= 1025°C tys = 40s ty5 = 1400s t,5 = 4000s
Nb,.. = 0.016 wi% | Nb,. = 0.04 wt% -
Tyt = 1000°C tys = 580s tys = 7000s tys = 10000s
Nb,.. = 0.03wWt% | Nb,,, = 0.06 wt% -
Tg4er= 950°C t,5 = 1300s ty5 > 10000s ty5 > 10000s
Nb.., = 0.03 Wi% - -
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TEM-EDX measurements on extraction replicas show the presence of small NbC precipitates in the

lowC-Mn—-Nb alloy after double deformation. (a) T,.=1000°C, interpass-time=>580s, (b) 7,.,=950°C, interpass-

time=1300s.

stop but it is also possible that the precipitated fraction
measured on the ICP-MS filter underestimates the true pre-
cipitated fraction if small precipitates have passed through
the filter and were thus not measured. At 1 050°C, no extra
precipitates were observed in the lowC—Mn—Nb alloy, while
the amount of Nb precipitated increased to 0.02 wt% and
even to 0.04wt% in the C—Mn-Nb alloy and in the
C—Mn-Nb-N alloy, respectively. This higher fraction of Nb
precipitated causes an extra increase in ¢, ;. The stoichiome-
try of the precipitates responsible for the delay will be dis-
cussed in the next section. At 1000°C also in the lowC—
Mn-Nb alloy a precipitated weight fraction of 0.03 wt%
was found. With TEM it was proven that these precipi-
tates, which were found to be NbC precipitates, are rather
small. Their mean size at 1000°C was 15nm while they
had grown to 40nm at 950°C, see Fig. 5. These precipi-
tates were not expected based on the Thermocalc simula-
tions, although its actual presence could explain the delay
in the recrystallization curve at 1 000°C. Moreover, it seems
to be unlikely to precipitate out 0.03 wt% of Nb as NbC
since this steel contains only 0.0011 wt% of C, leading to a
maximum fraction of 0.0085wt% of Nb precipitated. A
possible explanation for this discrepancy could be the pres-
ence of other Nb containing precipitates, such as Nb,C,
Fe,Nb or even Fe;Nb,C. These precipitates were regularly
found in ferritic stainless steels®’?? with Nb/C ratios of
at least 30/1, but were never reported in microalloyed
steels, i.e. steels in which the Nb/C ratio is usually smaller
than the stoichiometric ratio of 8/1. The Nb/C in the
lowC—Mn-Nb steel used in this work is 145/1, so it is not
unthinkable that Nb-precipitates, other than the stoichio-
metric NbC, had been formed. The exact stoichiometry of
the precipitates in those steels is studied more in detail in
the next section.
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4.3. Stoichiometry of the Precipitates Measured by
XRD

The results of the experimentally determined weight
fractions demonstrated some differences between the pre-
cipitation state of the C—-Mn-Nb and the C—Mn-Nb-N
alloy. At a temperature of 1 050°C, the amount of Nb pre-
cipitated in the C—-Mn—Nb-N alloy was remarkably higher
than the amount of Nb precipitated in the C—-Mn-Nb alloy.
Thermodynamic equilibrium calculations ascribed the
higher fraction of Nb precipitated in the C-Mn—-Nb-N alloy
to the formation of NbN and/or NbCN. To prove the exis-
tence of the NbN, the stoichiometry of the present pre-
cipitates is determined. So far, researchers determined the
stoichiometry of the complex (Nb,Ti)(C,N) precipitates
mainly with TEM, using EDX measurements on thin foils
or by indexing diffraction patterns* on carbon extrac-
tion replicas. More recently, Craven et al.'® described also
the use of Parallel Electron Energy Loss Spectroscopy
(PEELS) to determine the stoechiometry of precipitates. A
PEELS spectrum from a precipitate in a microalloyed steel
is compared to PEELS spectra taken from samples of com-
mercial NbC and NbN powders. By using the spectrum
from NbN powder as a background under the C K-edge, the
C content of the precipitate can be compared with the C
content in the NbC powder to calculate the exact fraction of
C in the precipitate. In this work, an alternative route is
used to determine the stoichiometry of the precipitates. The
method uses X-ray diffraction on the filters, obtained from
the selective dissolution, and has thus the advantage that the
often time consuming and complicated thin foil preparation
can be avoided or that also the C-stoichiometry can be de-
termined, which is not the case for C-replicas. From the po-
sitions of the peaks in the intensity vs. 260 spectrum, the lat-
tice parameter, and thus the stoichiometry of the present
precipitates could be determined. The method of measuring
the filter, which only contains precipitates and not the as de-
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Fig. 6. Determination of the stoichiometry of the precipitates in three of the experimental steels by XRD measurements
on ICP-MS filters. The filters were prepared from the quenched samples after double deformation. The deforma-
tion temperatures and interpass times are indicated on the graph.

formed material in a whole, i.e. precipitates and matrix, has
the advantage that the peaks due to precipitation cannot
overlap with matrix peaks and/or do not disappear in the
background of the matrix. Five filters were measured and
the results are presented in Fig. 6. A few complex precipi-
tates are present on all five the filters. Further, evidence of
NbC,5 (cubic) precipitates with a lattice parameter of
0.445nm was found in the C—-Mn-Nb alloy, while in the
lowC-Mn—-Nb alloy, at the measured temperatures these
precipitates were absent. Some other peaks were found in
the lowC—Mn-Nb alloy only, i.e. the peak found at 50.3°.
This peak was identified as hexagonal Nb,C and leads to a
maximum fraction of Nb precipitated of 0.017 wt%, which
nicely agrees with the experimentally determined fraction
of 0.016 wt% of Nb precipitated at 1025°C. However, the
presence of Nb,C only, cannot explain the experimentally
determined amount of 0.03wt% of Nb precipitated at
1 000°C and at 950°C. It is possible that at those lower tem-
peratures also other Nb-containing precipitates are present,
such as Fe,Nb and Fe,Nb,C.?"*? Due to a lack of thermo-
dynamic data on these precipitates, it is at present not pos-
sible to accurately determine their solubility temperatures
indicating their presence at 1000 and 950°C. However, the
plateau that strongly delays the recrystallization at 1000
and 950°C, see Fig. 2(b), as well as the presence of Nb,C at
higher temperatures, argue in favour of the existence of hy-
perstoichiometric Nb/C precipitates and thus tends to con-
firm the experimentally determined weight fraction of
0.03 wt%.

In the C—Mn-Nb-N alloy the same peaks as in the
C-Mn-Nb steel, i.e. NbC peaks, were found, although a
little bit shifted towards higher angles when compared to
the peaks in the C-Mn—Nb steel. This shift corresponds to a
somewhat lower lattice parameter of 0.441 nm indicating
the presence of more nitrogen in the precipitates. Knowing
this lattice parameter, the C and N content in the precipitate
could be determined according to Vegard’s law.¥ Accord-
ing to this law, the lattice constant of a NbCN complex
compound is expressed by Eq. (1) based on the assumption
of Eq. (2):

In which y. and yy represent the fraction of C and N in the
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sublattice of the precipitate according to the two-sublattice
model.” The values of the lattice constants of NbC and
NbN are taken from the work of Inoue ez al.'” In that way,
a stoichiometry of NbC,,sN ;s was found from the X-ray
spectrum. The found stoichiometries of the precipitates are
in good agreement with the stoichiometries calculated
under equilibrium conditions. This confirms the statement
of Pandit et al?® who declared that deformation will
greatly enhance the kinetics of precipitation but that the na-
ture and the chemical composition of the precipitates is ex-
pected to remain the same as in the situation without defor-
mation.

4.4. Quantification of the Solute Drag Effect

Equilibrium calculations as well as the experimentally
determined precipitated weight fraction showed that for all
the steels in this work, the maximum amount of Nb precipi-
tated is rather low. The low amounts precipitated (maxi-
mum 0.06 wt% Nb) compared to the high total amount of
0.16 wt% Nb in the steel, means that a rather high amount
of Nb is still present in solution. This Nb in solution will
cause an extra delay on the nucleation and growth stages of
the recrystallization process. The retardation in the nucle-
ation stage of the recrystallization is due to inhibition of
dislocation climb, while the retardation in the growth stage
is due to interference of the segregated Nb atom with the
recrystallizing grain boundaries.

To quantify this solute drag effect it is necessary to de-
fine 7,5, the normalized time to induce 50% softening,
which is the real time to induce 50% softening, ¢#,s, cor-
rected by a grain size and a strain effect. Sellars” proposed
the following relationship for ¢, ; in C-Mn—Nb steels:

|

In which d,, is the former austenitic grain size, € the true
strain, O, the activation energy for static recrystallization,
T the temperature, C a constant and R the universal gas
constant. The normalized time to induce 50% softening is

then:

Qrex
RT

tos=C-d}-e* -exp[

Qrex
RT

Tos=lys-dy -€*= C'GXI{
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This 7, 5 is only function of temperature for a specific steel.
Thus from Eq. (4), the normalized time can be determined
if d, t, s and e are known. In this work, d,, and #, ; were de-
termined experimentally, see Table 2 and Table 3, respec-
tively; the value of € was 0.2. It is usually found that the ef-
fect of solutes on 7, 5 follows an exponential law.”"** In the
present case, it is:

Tys=AeXp(SRPy 5 [ND] ) crrrrrrrrrrrrrrn. (5)

Where 4 is an experimental constant, [Nb], , the concentra-
tion of Nb in solution in weight percent and a solute retar-
dation parameter (SRP, 5) which can be used to quantify the
solute effect at 50% of softening. The value of SRP; can
be determined by comparing 7,5 of the C-Mn—Nb alloy at
1075°C with 7,5 of the C—Mn reference alloy at 1075°C.
At that temperature there is no evidence for precipitation in
the C—Mn—Nb steel and the delay on ¢, is solely due to
solute drag. To calculate SRP ; in that situation, Eq. (5) can
be approximated as®”:

In(y5/755)
[Nb]L,, — [NbI:

sol sol

dlnt,s

SRP) 5= d[Nb]

sol

In which 7} ; is the normalized ¢, ; for the C-Mn-Nb alloy
at 1075°C and 75 the normalized ¢, 5 for the reference
alloy at 1075°C. Similarly [Nb]! ; and [Nb]? are the solute
Nb concentration at 1075°C in the C-Mn-Nb alloy
(0.16 wt%, see Table 3) and in the reference alloy (0 wt%),
respectively. Substituting the 7,5 into Eq. (6) and normaliz-
ing the solute Nb concentrations to 0.1 wt%, SRP,, was
calculated to be about 239. This value is in close agreement
with the value of 222 for Nb at 50% softening as reported
by Jonas.*” To determine whether the solute drag effect of
Nb is stronger in the nucleation stage or in the growth stage
of the recrystallization process, the solute retardation
parameter at 5% softening, SRP, s, was also calculated.
Therefore, in Eq. (6) 7y s and 7§ 5 were replaced by 7y s and
72 s respectively. 7 s is the normalized time at 5% soften-
ing for the C~-Mn-Nb alloy at 1075°C and 77,5 the nor-
malized time at 5% softening for the C—Mn reference alloy
at 1075°C. The solute retardation parameter at 5% soften-
ing was found to be 177. This value is remarkably smaller
than the value of 239 found at 50% softening, indicating
that Nb in solution mainly delays the migration of grain
boundaries, i.e. the grain growth stage, and to a lesser ex-
tent the formation of new dislocation free nuclei, i.e. the
nucleation stage of the recrystallization process.

With the calculated value of SRP,, s, the ratio between the
time for 50% softening due to solute drag of Nb in the
C—Mn—Nb steel and the time for 50% softening in the ref-
erence steel was calculated at lower temperatures. This ratio
was found to vary between 8 and 8.8 in the temperature
range from 1075 to 1 000°C. For the solute drag effect of
Nb in the lowC-Mn—Nb alloy, comparable ratios between
8.7 and 9 were found. The limited differences between
those ratios make it possible to construct the dashed line in
Fig. 7 as a parallel to the 7, line of the C—Mn reference
steel. This dashed line represents the retardation on the re-
crystallization due to solute drag of Nb in solution. This so
called “Nb solute drag line” allows us to quantify the mag-
nitude of the solute drag and the precipitation effect directly
from a softening-time-temperature diagram.

The C—Mn—Nb-N steel deviates from the Nb solute drag
line at all temperatures tested in this work. It is concluded
that the retardation of the recrystallization behavior in this
steel at all temperatures is caused by a combination of
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Fig. 7. Softening—time—temperature diagrams for the four exper-
imental steels. (Plotted is the time for 50% softening and
the corresponding weight fraction of precipitated Nb (in
italics), see also Table 3; SD=solute drag, P=precipita-

tion).

solute drag and precipitation. In Fig. 7, the former is indi-
cated as SD and the latter as P. While on a logarithmic scale
the magnitude of the solute drag effect is almost constant
over the temperature range, the magnitude of the precipita-
tion effect seems to increase with decreasing temperatures.
Equilibrium calculations as well as XRD measurements
showed that, at 1 075°C and at 1 050°C, NbN precipitates
are responsible for the delay, while at 1025°C it is mainly
NbC. The fact that at 1025°C the #,5 curve of the C—
Mn-Nb-N steel approaches the 7, 5 curve of the C-Mn—Nb
steel, where there are only NbC precipitated, confirms this.
The C—Mn—Nb steel starts to deviate from the Nb solute
drag line at temperatures of 1050°C. ICP-MS measure-
ments verified that there was already a small amount of Nb
precipitated at that temperature which is probably insuffi-
cient to cause a plateau in the softening curve. In the
lowC—Mn—Nb steel, the deviation from the Nb solute drag
line starts at 1 025°C which is agreement with the plateau
observed in Fig. 2(b). Furthermore, it can be noticed that in
this alloy, at 1000°C the main part of the delay on ¢, is
caused by a precipitation effect. TEM measurements al-
ready confirmed the presence of small NbC precipitates at
1000°C, see Fig. 5(a). At 950°C, the precipitation effect
appears to become smaller again. According to the ICP-MS
measurements no extra precipitates had been formed by
lowering the temperature from 1000 to 950°C. The amount
of Nb,,.. stays 0.03 wt% which is in agreement with the
equilibrium value at that temperatures. TEM measurements
at 950°C show that the precipitates had grown at the ex-
pense of certain other precipitates that had been dissolved.
The average particle size at 950°C is 40 nm, see Fig. 5(b).
From the Zener pinning formula,*" it can be seen that these
larger particles are less effective in pinning boundaries of
the recrystallized grains. The Zener pinning force is given
by:

:3'?’GB'FV

F
P 2-r

Where yqp, £, and 7 represent the grain boundary energy
(usually 0.75 J/m? in austenite), the precipitate volume frac-
tion and the average precipitate radius, respectively. An in-
crease of the volume fraction of precipitates increases the
total driving pinning force, while coarsening at constant
volume fraction decreases the pinning force. For the
lowC—Mn—-Nb alloy at times of 50% softening, pinning
forces of 2.3-10*MPa and 8.4-10°MPa were found for

© 2009 ISIJ



ISIJ International, Vol. 49 (2009), No. 6

deformation temperatures of 1000°C and 950°C, respec-
tively. These pinning forces are compared to the driving
forces for recrystallization. When the recovery effect during
isothermal holding is neglected, this driving force is equal
to the stored energy after deformation’:

In which p is the dislocation density after deformation
(~3-10"m™2), u the shear modulus (~4-10*MPa) and b
the magnitude of the Burgers vector (~2.53-10"'"m). For
the lowC-Mn-Nb steel, F; is found as 4-10°MPa. The
driving force for recrystallization is thus one order of mag-
nitude higher than the pinning force at 1 000°C and almost
2 orders of magnitude at 950°C at times of 50 % softening.
This agrees well with the results from Fig. 2(b): at times of
50% softening, i.e. 580s at 1000°C and 1300s at 950°C,
no plateau is found or thus the recrystallization rate is dif-
ferent from zero.

Although the precipitate sizes, reported in this work,
are almost one order of magnitude larger than the ones
Hutchinson® assumes for the calculations in his work, the
tendency is similar: The dominant mechanism in retarding
the austenite recrystallization changes from precipitation, at
temperatures just below the solubility temperature, to solute
drag, at precipitate coarsening temperatures.

5. Conclusions

In this contribution, the recrystallization behavior was
studied extensively by multideformation tests and isother-
mal double deformation tests and shown to depend strongly
on the precipitation state of the material. The results can be
summarized as follows:

(1) The addition of 0.17 wt% Nb on the recrystalliza-
tion behavior was compared by multideformation torsion
tests and double hit compression tests. Both testing meth-
ods gave consistent results and showed that Nb strongly
delays the recrystallization. By adding 0.17wt% Nb to
the reference alloy, T, was raised by 73°C. With the same
amount of Nb but a drastic decrease of C, T, is raised by
only 43°C. This result indicates that Nb as precipitate is
more effective in retarding the recrystallization than Nb in
solid solution, although it has to be noticed that also in the
lowC—Mn—Nb alloy (with only 11 ppm of C) the presence
of a small fraction of NbC was found resulting in an extra
delay of the recrystallization.

(2) Adding extra N to a C—Mn-0.16wt%Nb steel does
not increase 7, but significantly influences the recrystal-
lization behavior in a double deformation test which it de-
lays strongly by the precipitation of fine NbN particles.
These NbN particles were not found in the C—Mn—Nb steel
with only 20 ppm of N.

(3) Thermodynamic calculations assuming a phase
equilibrium between y and (Nb, Ti)(C,N) were found to
give a good approximation for the real precipitation state in
a microalloyed steel under deformation conditions. The
precipitated fraction as well as the stoichiometry of the
precipitates were in good agreement, especially for the
C-Mn—Nb and for the C—Mn—Nb—N alloy, with the results
from ICP-MS and XRD measurements, respectively. Both
experimental results and calculations show that TiN pre-
dominantly forms at very high temperatures and that NbC
or Nb(C, N) precipitate at lower temperatures.
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(4) It was proven that softening—time—temperature dia-
grams contain a lot of information on the precipitation state
of the material. By drawing the solute drag line, the precipi-
tation start temperature is found as the temperature at
which £, 5 starts to deviate from this solute drag line. By
comparing the distance between the 7, 5 of a reference alloy
and the solute drag line with the distance between the
solute drag line and the #, ; of a microalloyed steel, a quan-
tification of the solute drag effect and the precipitation ef-
fect can be made at all temperatures. Furthermore, the tem-
perature where the precipitation effect becomes again
smaller is an indication for the temperature at which precip-
itate coarsening starts.
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