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Abstract

The interaction between edge basal dislocations and β-Mg17Al12 precipitates was studied using atomistic 
simulations. A strategy was developed to insert a 
lozenge-shaped Mg17Al12 precipitate with Burgers orientation relationship within the Mg matrix in an 
atomistic model ensuring that the matrix/precipitate 
interfaces were close to minimum energy configurations. It was found that the dislocation bypassed the 
precipitate by the formation of an Orowan loop that entered the precipitate. Within the precipitate, the 
dislocation was not able to progress further until more dislocations overcome the precipitate and push the initial 
loop to shear the precipitate along the (110) plane, parallel to the basal plane of Mg. This process was eventually 
repeated as more dislocations over-come the precipitate and this mechanism of dislocation/precipitate interaction 
was in agreement with experimental observations. Moreover, the initial resolved shear stress to bypass the 
precipitate was in agreement with the predictions of the Bacon–Kocks–Scattergood model.
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1. Introduction

Dispersion of nm-sized precipitates is known to be a very effective strategy to increase the 
flow strength of metallic alloys [1]. Al–Cu and Ni-based superalloys are excellent examples 
of this behavior but similar success has not been achieved in other metallic materials such as 
Mg alloys [2–6]. Mg has a HCP lattice and the deformation mechanisms are very different 
from those found in fcc alloys [7–9]. In particular, plastic deformation of Mg and Mg alloys 
takes place by dislocation glide in three different slip systems (basal, prismatic and pyramidal 
slip) as well as by tension twinning as opposed to fcc metals in which slip occurs in {111} 
planes along the 110⟨ ⟩  directions. The large differences in the critical resolved shear stresses 
(CRSS) to activate plastic slip in the different systems in Mg as well as the polarity of 
twinning (which only takes place when the c axis of the HCP lattice is extended), lead to the 
plastic anisotropy of Mg alloys, that has very negative effects on the ductility [10, 11].

Basal slip is the softest slip system in Mg, and increasing the CRSS for dislocation slip in 
this system is necessary to improve the yield strength of Mg alloys and to reduce the plastic 
anisotropy [10]. Precipitation hardening has been used to this purpose but the contribution of 
precipitates to strengthen basal slip has been limited, particularly in Mg–Al alloys [12–15]. 
Continuum models, based on the Orowan mechanism, have been applied to ascertain the 
influence of the precipitate size, shape, orientation and spatial distribution on the CRSS on the 
different slip systems in Mg [9, 15, 16]. Although these models were able to rationalize some 
of the experimental trends, it should be noticed that the Orowan model assumes a very 
simplistic approach for the dislocation/precipitate interaction: the precipitates are rigid 
obstacles overcome by dislocations by the formation of an Orowan loop. Nevertheless, recent 
micropillar compression tests in Mg—5 wt% Zn alloys [17, 18] have shown evidence of 
precipitate shearing basal dislocations and similar results were found in transmission electron 
microscopy observations of dislocation/precipitate interactions in Mg–Al alloys [19, 20]. 
Thus, simulations at smaller length scales (either using dislocation dynamics [21–24] or 
molecular mechanics [22, 25–29]) are required to get a better understanding of the physics 
and to develop more accurate models.

While molecular mechanics is a very attractive approach to understand the details of the 
mechanisms of dislocation/precipitate interaction, the validity of the simulations depends on 
a number of factors. First, it is important to ensure that the interatomic potential is able to 
reproduce accurately, also from a quantitative viewpoint, the main physical parameters that 
control the dislocation/precipitate interaction. They include the Peierls stress and the stacking 
fault energy, the elastic constants of matrix and precipitate as well as the interface energies for 
the different matrix/precipitate interfaces along the dislocation path. Second, the details of the 
matrix/precipitate interface (that also are related to the precipitate shape) are very important, 
in so far they can modify the progress of the dislocation. The matrix/precipitate interface is 
well defined from the atomistic viewpoint in the case of coherent precipitates but not in the 
case of incoherent ones and a consistent strategy should be developed to build the interface in 
this case. Finally, molecular statics (MS) (that do not take into account thermal vibrations) 
and molecular dynamics (MD) (that are carried out to very high strain rates) simulations may 
or may not lead to different results and these differences should be analyzed. All these factors 
have to be taken into account because the credibility of the atomistic simulations is otherwise 
limited.

In this investigation, MS and MD simulations were carried out using a new interatomic 
potential [30] to assess the interaction between basal dislocations and β-Mg17Al12 inter-

metallic precipitates in Mg–Al alloys, which are well known among Mg alloys for their 
excellent castability and corrosion resistance [2, 31]. The validity of the new interatomic



potential to simulate dislocation/precipitate interactions is demonstrated and compared with other 
potentials available in the literature. The strategy to introduce precipitates with stable interfaces 
based on the experimental information is presented and applied to β-Mg17Al12 precipitates in a 
Mg matrix. Then, MS and MD simulations are carried out to ascertain the mechanisms of 
dislocation/precipitate interaction as a function of the position of the slip plane, temperature and 
distance between precipitates.

2. Background on precipitate-strengthened Mg–Al alloys

Precipitation of Mg17Al12 (β) intermetallic occurs in Mg–Al alloys when the cooling rate of the 
casting is sufficiently slow or by means of aging treatments after casting [2]. The β phase has a 
complex bcc structure within the space group I−43m and with a lattice parameter of 1.056 nm. 
The unit cell includes 34 Mg atoms and 24 Al atoms [31]. The generalized stacking fault energies 
(γ surfaces) corresponding to the potential slip systems were recently deter-mined using first 
principles methods and compared with the Griffith surface fracture energy [32]. It was concluded 
that high shear stresses were necessary to promote dislocation slip in this intermetallic and that its 
behavior was brittle in the presence of a crack because it was more likely to show crack 
propagation than to emit dislocations from the crack tip, according to Rice’s criterion [33].

These precipitates grow in the matrix along preferred orientations. Different orientation 
relationships (ORs) and shapes has been reported in the literature [34–40] but the most typical 
one is the Burgers OR. β precipitates in Burgers OR have a lozenge-shape [34, 41] and, according 
to the x-ray diffraction pattern, the growth habit plane is given by (0001 Mg) (110 b) 
with a coincident direction [1210 Mg ] [111 b.] This direction stands as a symmetry axis of two 
variants that grow in [1100 Mg ] [110 b] (V1) and [0110 Mg ] [114 b] (V2) directions along 
the same habit basal plane (figure 1). Thus, the lateral interface planes of these variants
(perpendicular to the basal plane of Mg) are (1120 Mg) (001 b) and (2110 Mg) (221 b,) as 
shown in figure 1. It must be indicated that the growth directions of V1 and V2 present a mis-
orientation of 5° with respect to the 1100⟨ ⟩  direction of the Mg lattice. 12 different 
variants of the β precipitate with Burgers OR can be distinguished, combining the different 
possible interfaces. From the viewpoint of the interaction of an edge basal dislocation with the 
pre-cipitate, there are six independent orientations in which the growth directions of V1 and V2 
precipitates form angles of 0°, 60° and −60° with Burgers vector of the dislocation (figure 1).

Although noticeable, the age hardening response of Mg–Al alloys is not as good as it could 
be desired. It has been argued that the limited precipitation hardening of Mg–Al alloys occurs 
because most of the precipitates exhibit Burgers OR and lay parallel to the basal plane, and this 
orientation is the least efficient to block basal slip [12]. It was also suggested that the precipitate 
distribution is relative coarse because of the high diffusion rate of Al atoms in the Mg matrix [42]. 
Finally, based on the Orowan model, it was proposed that rod-shaped precipitates that grow 
perpendicular to the basal plane with Crawley OR ({0001 Mg } {111 b ;} ⟨1210 Mg⟩ ⟨112 
b)⟩ are more efficient because they intersect a larger number of basal planes for a given precipitate 
volume fraction [12, 16, 41, 43]. Nevertheless, previous atomistic simulations of the interaction 
of basal and prismatic edge dislocations with β precipitates did not show any evidence of the 
formation of Orowan loops [28, 44]. Thus, the details of the dislocation/precipitate interaction in 
these alloys as well as the strengthening provided are not well known.



Figure 1. Schematic of the orientation and interface planes of the different variants
(V1 and V2) of a lozenge-shape β precipitate in the Burgers OR. The edge basal
dislocation is shown as a horizontal black line.

3. Methods and model development

3.1. Development of the atomistic matrix/precipitate model

A sequential strategy was used to insert a lozenge-shaped β precipitate with Burgers OR 
within the Mg matrix (figure 1) ensuring that the semi-coherent interfaces have minimum 
energy. This step is critical to assess the interaction between the dislocations and the pre-
cipitate because the propagation of the dislocation along the interface will depend on the 
interface features. The dimensions of the precipitate were 12.4×3.14×2.8 nm3, with an 
aspect ratio 4:1 parallel to the basal plane in agreement with the experimental observations 
[45]. The precipitate was inserted in a small periodic Mg domain of dimensions 
19× 17× 8 nm3 along the X, Y and Z axes, respectively, which were oriented parallel to 
[101̄0], [ ¯1210] and [0001] directions of the Mg lattice. The [110] direction (long edge) of the 
precipitate was aligned with the [1100] direction of the matrix, as depicted in figure 2.

The matrix and precipitate atoms were overlapped in the domain and a lozenge-shaped 
area inside the precipitate was selected. Mg atoms inside this area were removed. However, 
matrix and precipitate atoms were still overlapped at the interface. Thus, a cut-off radius (in 
the range 0.1–0.55 nm) was defined and all the atoms belonging to the Mg matrix within the 
cut-off radius of an atom of the precipitate were deleted. The energy of the atomistic models 
obtained with different cut-off radii were minimized using the conjugate gradient (CG) with 
periodic boundary conditions in all directions. The energy minimization was initially carried 
out at constant volume and subsequently at zero stress. The excess of energy of the relaxed 
domains is plotted in figure 3 as a function of the cut-off radius. The minimum energy was 
obtained for a cut-off radius of 0.29 nm, which led to the semi-coherent interfaces with 
minimum energy. This structure was subjected to a thermal annealing to relieve the residual 
stresses by increasing the temperature up to 350 K in 100 ps and then remaining at this



Figure 2. (a) Orientation of the β-Mg17Al12 lozenge-shaped precipitate with respect to
Mg matrix in the atomistic model. The Z axis is perpendicular to the basal plane of the
Mg lattice. (b) 3D representation of the β precipitate embedded in the HCP Mg matrix.
The coincident crystallographic planes are denoted on both the β precipitate (yellow)

and the Mg matrix (white).

temperature during 200 ps within an NPT ensemble under periodic boundary conditions and 
zero stress, followed by energy minimization using the CG. This final structure was then 
inserted into a larger Mg domain of 50×25×31 nm3, and then annealed within an NPT 
ensemble at 350 K and zero pressure for 10 ps. Finally, whole domain was relaxed using the 
CG algorithm.

In order to analyze the effect of the precipitate size on the dislocation/precipitate 
interaction mechanisms, two smaller β-Mg17Al12 with the same orientation and aspect ratio 
were created following the same procedure and inserted into the Mg matrix. Nevertheless, it 
was found that the lattice of the Mg17Al12 precipitate was destroyed after energy mini-

mization, while the structure of the Mg matrix around the precipitate was not modified. This 
behavior was attributed to the small volume/surface ratio of these precipitates. More details 
can be found in appendix A.



Figure 3. Excess of energy of the atomistic domains as a function of the cut-off radius.
The optimum cut-off radius to minimize the interface energy was 0.29 nm.

3.2. Atomistic simulation

All the atomistic simulations of the interaction of basal dislocations with β precipitate were 
carried out using the open-source parallel MD code LAMMPS [46]. The modified embedded 
atom method (MEAM) interatomic potential for Mg–Al–Zn developed by Dickel et al [30] 
was used in the simulations. This potential was selected among different interatomic 
potentials based on the accuracy to predict the properties of dislocations in Mg, the elastic 
constants of the Mg and β precipitates as well as the interface energies between Mg and β 
precipitates for the Burgers OR. The comparison of the properties and constants obtained with 
different Mg–Al interatomic potentials and first principles calculations can be found in 
appendices B and C.

A parallelepipedic domain of 50×25×31 nm3 along with the periodic array of dis-
locations and precipitates model [47] was utilized. Periodic boundary conditions were applied 
along the X and Y directions and non-periodic along the Z direction. The dimensions of the 
domain were chosen to minimize the image stresses due to the dislocation bowing during 
the simulations [48]. An edge basal dislocation was introduced in the domain containing the 
precipitate by inserting a semi-plane of atoms into the model and applying the corresponding 
Volterra’s displacement field [49]. The dislocation line was parallel to the X axis and the 
Burgers vector was parallel to the Y axis (figure 2). The energy of the whole domain was 
minimized afterwards using CG and the perfect dislocation was split into two Shockley 
partials.

According to first principles calculations, the preferential slip plane for β intermetallic is 
110⟨ ⟩  , which provides the lowest energy barriers in the γ energy curves [32]. However, the γ 
energy curves for the [110](110)β slip system also depend on the interplanar distances 
between pairs of equivalent planes due to the complex atomic structure of the precipitate. To 
account for this effect, the edge dislocation was placed in two different basal slip planes, A 
and B, of the Mg matrix that were separated by 0.8 nm (two atomic planes). These two slip 
planes are illustrated in the figure 4.



Figure 4. Plain views of the crystal structure perpendicular to the (001) (left) and (110)
(right) planes. The two slip planes (A and B) corresponding to the [110](110) slip
system (left) and [001](110) slip system (right) in the β precipitate are indicated by
broken red and blue lines. These planes correspond to largest interplanar distances in
the [110] direction. Mg atoms are red and Al atoms blue.

Two different types of atomistic simulations were carried out. The dislocation/precipitate 
interaction at 0 K was assessed by means of MS simulations. Discrete shear displacements of 
0.05 Å were successively applied in four atomic layers on the top surface of the domain 
parallel to the slip plane, while four layers of atoms at the bottom surface remained fixed. The 
displacements in the top layers were constrained parallel to the slip direction. The energy was 
minimized after each displacement at constant volume. This procedure was repeated until the 
dislocation overcame four times the precipitate. To evaluate the effect of the precipitate 
distance and size on the CRSS, further MS simulations were carried out. The distance 
between precipitates was evaluated by changing the width along the Y axis to 20, 30, and 
35 nm (apart from 25 nm that was the initial value).

The interaction between the dislocation and the precipitate at finite temperature (10 K and 
300 K) was evaluated by means of MD simulations. The dynamic stabilization of temperature 
and stress was carried out using the NPT ensemble. A temperature ramp was applied to the 
system from 0 K to the desired temperature in 10 ps. Afterwards, the temperature was kept 
constant during 15 ps using the same ensemble and the volume of the domain was allowed to 
expand by relaxing the normal stresses. Then, the ensemble was change to NVT and shear 
displacement was prescribed to the atoms on the top surface while those at the bottom were 
fixed. The applied shear strain rate, ġ , was 1.3×108 s−1, which was the lowest affordable 
with the computational resources available. Although it is much larger than the experimental 
ones, it should be noted that the mechanisms of dislocation/precipitate interaction (reported 
in the results section) were the same in the MS and MD simulations, indicating that were 
neither modified by strain rate nor temperature. Stress, energy and atomic position data were 
computed and stored every 1 ps. The timestep in all MD simulations was 1 fs.

The visualization and analysis of the results were carried out by means of the open-
source code OVITO [50]. Shear strains were calculated using atomic strain tensor algorithm 
[51, 52]. This method is based on the comparison of atomic displacement of the system with 
respect to a reference configuration. More specifically, the atomic deformation tensor is 
obtained from the relative atomic displacements of its neighbors (within a cut-off radius) and 
then the strain tensor was calculated from atomic deformation tensor. The dislocation 
extraction algorithm was used to evaluate dislocations inside the atomic domain [53, 54]. This 
algorithm creates a Delaunay tessellation of the atomic system and finds the edges that do not



Figure 5. Molecular statics simulations of dislocation/precipitate interaction. (a) Shear

stress versus strain curves (τ−γ) corresponding to slip planes A and B. (b) Stored
energy versus strain curves (ΔE−γ) corresponding to slip planes A and B.
(c) Dislocation/precipitate interactions along slip plane A. (d) Dislocation/precipitate
interactions along slip plane B. The blue and red solid circles in (a) and (b) denote the
exact moment at which the precipitate is sheared by the first dislocation along the slip
planes A and B, respectively.

correspond to the perfect lattice. Then, the dislocations are identified by the Burgers circuit 
around the corresponding atoms of the non-perfect edges.

4. Results and discussion

4.1. Dislocation/precipitate interaction mechanisms at 0 K

The shear stress–shear strain (τ–γ) and the stored energy–shear strain curves (ΔE–γ) obtain 
by MS simulations are depicted in figures 5(a) and (b), respectively. Similar behaviors, either 
in stress or store energy versus strain, were found when the basal dislocations slipped along 
the A and B planes and they will be discussed together. The stress and the energy stored 
increased initially with γ due to the elastic interaction of the dislocation with the precipitate 
and a local minimum in the stress was reached at (ii) due to the attraction of the leading partial 
to the interface. The dislocation was pushed towards the precipitate as the applied strain 
increased and the CRSS at which the dislocation overcame the precipitate was reached at (iii). 
It was followed by strong reduction in the shear stress and in the energy stored, marked as 
(iv), as the first dislocation overcame the precipitate.

Afterwards, the second dislocation appeared due to periodic boundary conditions and the 
shear stress and the energy stored increased as the new dislocation approached the precipitate 
(from (iv) to (v) in figures 5(a) and (b), respectively). Bypassing the precipitate led to another 
marked reduction in the stress and stored energy, marked as (vi), and this process was 
repeated every time a new dislocation overcame the precipitate. It is worth noting that the 
CRSS to overcome the precipitate did not increase (except between the first and the second 
dislocation) with the number of dislocations overcoming the precipitate, as it would be 
expected for an Orowan-type mechanism. This behavior suggests that the plastic strain was 
somehow transferred to the precipitate.



Figure 6. Details of the interaction of the partial dislocations (red lines) with the
Mg17Al12 precipitate, which is sheared along the (110) crystallographic slip plane. (a)
First dislocation. (b) Second dislocation. (c) Third dislocation. The contour plot of the
precipitate section shows the shear strain, γyz. Only the atoms of the (110)
crystallographic slip plane of the precipitate, which is the continuation of the slip
plane A, are shown.



The details of the interaction of the successive dislocations with the precipitate for the 
slip system A are depicted in figure 6, where the partial dislocations are depicted as red lines 
and only the atoms of the (110) crystallographic slip plane A in the precipitate are shown. The 
color of the atoms stands for the shear strain in the slip plane, γyz. The first dislocation was 
initially attracted by the 2110( )  Mg/(221)β short interface, and was able to penetrate slightly 
into the precipitate, figure 6(a)(ii). However, precipitate shearing was not possible and the 
partial dislocations propagated along the interface (figure 6(a)(iii)). Thus, the dislocation 
overcame the precipitate by the formation of an Orowan loop, but a clear loop in the Mg 
matrix around the precipitate was not found. The loop seemed to be formed inside the 
precipitate, as suggested by the the larger strain at the edges of the precipitate in figure 6(b)(i), 
but it was not easy to identify due to the complexity of the precipitate lattice.

The interaction of the second dislocation with the precipitate is depicted in figures 6(b)
(i)–(iii). Initially, there was a repulsive interaction between the partial dislocations and the 
Orowan loop within the precipitate, as shown in (i). Further deformation led to the penetration 
of the leading partial (ii) and, afterwards, of the trailing partial (iii) into the precipitate. 
Moreover, a gradient in the atomic shear strain along the slip plane appeared in the pre-
cipitate, suggesting that the Orowan loop formed by the first dislocation has propagated 
further inside the precipitate. Finally, the second dislocation overcame the precipitate leaving 
two Orowan loops, which have penetrated deeper into the precipitate, as depicted in 
figure 6(c)(i).

Finally, the interaction of the third dislocation with the precipitate is depicted in 
figure 6(c). It followed the pattern of the first and second dislocations with the leading partial 
approaching the precipitate through the short interface, figure 6(c)(i). As soon as it entered the 
precipitate, the first Orowan loop within the precipitate collapsed and sheared the precipitate, 
figure 6(c)(ii). This instant corresponds to the blue dots in figures 5(a) and (b). The propa-
gation of the leading and trailing partials along the interface finally led to the collapse of the 
Orowan loop induced by the second dislocation, figure 6(c)(iii), and the precipitate was 
sheared again.

Successive dislocation passes led to close values of shear stress and stored energy, as 
figures 5(a) and (b) depicts, reaching a maximum value with the second dislocation and the 
dislocation overcoming mechanism did not change in the subsequent passes, although the 
disorder at the interface increased due to the absorption the previous dislocations. The slight 
differences in the τ–γ and ΔE–γ curves between slip planes A and B can be attributed to 
the differences in the interface structure and also to the mechanisms of deformation in the 
precipitate. It is interesting to notice that this mechanism of dislocations gliding along the 
matrix/precipitate interface has been recently reported during in situ nanoindentation 
experiments in the transmission electron microscope in Mg–Nd alloys [55].

To better ascertain the overcoming mechanism, the contour plot of the shear strain in the 
cross-section of the precipitate is shown in figure 7 for slip planes A and B. The precipitate 
was strain-free at the initial state but shear strains were very localized around the slip plane 
(particularly for the precipitate sheared along the slip plane A) after the first dislocation has 
overcome the precipitate. The boundary region affected by the large shear strain, increased 
with the number of dislocations bypassing the precipitate (figure 6) but the thickness of this 
shear-deformed zone remained very thin (just a few atomic planes) and, finally, the precipitate 
was sheared. This process is compatible with the progressive shearing of the precipitate by the 
successive dislocation loops. The first dislocation penetrated the precipitate but could not 
propagate further and remained close to the surface. The following dislocation loop pushed 
the initial dislocation loop further into the precipitate and this process was repeated until the 
first dislocation loop completely sheared the precipitate and was annihilated. This point is 



Figure 7. Contour plots of the shear strain parallel to the slip plane (γyz) in the cross-
section of the precipitate as a function of the number of dislocations that bypass the
precipitate. The results on the left correspond to slip plane A and those on the right to
slip plane B.

associated with a reduction of the shear stress and energy storage, as shown by the blue and 
red solid circles in figures 5(a) and (b). Further deformation led to progressive shearing of the 
precipitate by the successive dislocations. The whole process can be observed in the movie 
PrecipitateShearing.mov in the supplementary material, which is available atstacks.iop.org/
MSMS/27/075003/mmedia.

These static simulations depict a dislocation/precipitate interaction mechanism that it is a 
mixture of Orowan looping and precipitate shearing. The initial dislocations overcome the 
precipitate by the formation of an Orowan loop that penetrates the precipitate but it was not 
able to shear it because of the differences in the structure and the high CRSS necessary to 
move dislocations in the precipitate. Another Orowan loop was introduced into the precipitate 
after the next dislocation bypassed the precipitate, and the first Orowan loop is pushed further 
into the precipitate. This process continued until the first dislocation loop completely sheared 
the precipitate and was annihilated. This mechanism was repeated as more dislocations 
overcome the precipitate, and the precipitate was eventually sheared. The detailed process of 
precipitate shearing is shown in appendix D.

http://stacks.iop.org/MSMS/27/075003/mmedia
http://stacks.iop.org/MSMS/27/075003/mmedia


Figure 8. Shear stress versus strain curves (τ−γ) corresponding to slip planes A and B
obtained by molecular dynamics. (a) T=10 K. (b) T=300 K. The peaks marked
(i)–(iv) indicate when the successive dislocations overcome the precipitate.

4.2. Dislocation/precipitate interaction mechanisms at finite temperatures

The effect of temperature on the dislocation/precipitate interactions was analyzed by means 
of MD calculations. Simulations were carried out for dislocations located in the planes A and 
B and the corresponding shear stress versus shear strain curves are depicted in figures 8(a) and 
(b) at 10 K and 300 K, respectively. The mechanical response at both temperatures was very 
similar and these curves were also very close to those obtained at 0 K (figure 5), indicating 
that the energy barrier to bypass the precipitates was very large and it was not influenced by 
the temperature in the MD simulations. The curves present successive peaks in the shear 
stress (marked (i)–(iv)), which correspond to the bypass of the precipitate by the successive 
dislocations. The maximum value of the shear stress was attained after the second dislocation 
overcome the precipitate and its magnitude was similar to the one reported at 0 K in figure 5. 
Afterwards, the precipitate was sheared following a mechanism equivalent to the one reported 
above (figures A3 and A4) and the CRSS necessary to overcome the precipitate by the 
following dislocations decreased.

The mechanisms of dislocation/precipitate interaction reported above are different from 
those observed in other precipitate-strengthened alloys. Precipitate shearing by dislocations is 
normally found in the case of coherent precipitates; the matrix dislocation enters the pre-
cipitate through the coherent interface and slips along the most suitable slip plane. This 
phenomenon is most clear when the matrix and the precipitate share the same crystallographic 
lattice (for instance, γ′ precipitates in a γ matrix in Ni-based superalloys [56] or Guinier–
Preston zones in Al–Cu alloys [29]) but it has also been reported in the case of basal 
dislocations with β′ precipitates in Mg-RE alloys [57, 58]. Under these circumstances, the 
CRSS necessary to shear the precipitate depends on the coherency strain, the modulus mis-

match, the chemical strengthening and, in the case of ordered precipitates, on the energy 
penalty due to the formation of antiphase boundaries [59]. On the contrary, dislocations 
cannot enter the precipitate in the case of incoherent interfaces, and the obstacle to the 
dislocation motion is overcome by the formation of an Orowan loop around the precipitate. 
The shear stress necessary to overcome the precipitate can be calculated using dislocation line



tension models [60, 61] and the interaction of successive dislocations with the Orowan loops 
around the precipitates leads to a strong hardening.

Nevertheless, shearing of non-coherent precipitates by basal dislocations in Mg–Zn 
[17, 18], Mg–Al alloys [19, 20] and Mg–Nd alloys [62, 63] has been recently reported in 
several experimental studies. The common feature of all these investigations is that the Mg 
basal plane is parallel to one crystallographic plane of the precipitate: (0001 Mg)
(1120¯ )b in Mg–Zn, (0001 Mg) (110 b) in Mg–Al, and (0001 Mg) (110 b1) in Mg–Nd. 
This crystallographic correspondence between the basal plane of Mg and closely packed 
crystallographic planes of the precipitates occurs spontaneously during precipitate 
nucleation. Even though the favor-able matrix/precipitate interfaces may be incoherent 
(due to the different crystallographic structure and the mismatch in the lattice parameters), 
basal dislocations in the Mg matrix can glide into the precipitate without changing the slip 
plane. Of course, the stress necessary to shear the precipitate is much higher than that for 
basal slip in Mg and several basal dis-locations have to pile-up at the interface before the 
precipitate is sheared. The presence of dislocation pile-ups before precipitate shearing has 
also been experimentally reported in Mg–Al [20] and Mg–Nd [63], supporting our 
atomistic results. It should be also noted that precipitate shearing in Mg alloys by either 
prismatic or pyramidal dislocations was not observed because of the lack of 
crystallographic continuity between the corresponding slip planes in the matrix and in the 
precipitate [58]. Thus, the strength of Mg alloys is limited by the low CRSS for basal slip, 
which is always the main plastic deformation mechanism. Precipitate shearing by basal 
dislocations limits the strengthening provided by precipitates (hardening due to the 
interaction of dislocations with Orowan loops around the precipitates is not active) and, thus, 
hinders precipitation hardening in Mg alloys.

Finally, it is worth noting the importance of creating a low energy matrix/precipitate 
interface with the proper interface orientations to analyze the dislocation/precipitate inter-
actions. If these details are not included in the atomistic model, the interaction of the dis-
locations with the interface as well as the residual stresses created to introduce the precipitate 
into the matrix may lead to the appearance of spurious deformation mechanism in the ato-
mistic simulations.

4.3. Comparison with theoretical models

The results presented above showed that the dislocations initially overcome the precipitates by 
the formation of an Orowan loop and it is interesting to compare the atomistic predictions of 
the resolved shear stress, τc after the first dislocation has overcome the precipitate with those of 
the Orowan model [60]. To this end, MS simulations were carried out using simulations boxes 
with different widths along the Y axis (from 20 to 35 nm) while the pre-cipitate dimensions and 
orientation were not modified. τc in the simulations was equal to the stress necessary to 
overcome the precipitate by the first dislocation, which was always below the CRSS. These 
results are compared in figure 9 with the predictions of the Orowan model, τc=μb/L, where 
μ is the shear modulus of the Mg crystal parallel to the basal plane (18 GPa), b the Burgers 
vector of basal dislocations (0.32 nm) and L the distance between precipitates along the 
dislocation line, which is equal to the simulation box width.

It was found that the Orowan model overestimated τc along both slip planes A and B 
(figure 9) and the differences may be attributed to the significant bowing of the dislocations to 
overcome the precipitate (figures 5(c) and (d)). The energy associated with the interaction of 
opposite dislocation segments can provide an important contribution to τc that can be 
rationalized by means of the Bacon–Kocks–Scattergood (BKS) model [61]. In this model, the 
resolved shear stress necessary to overcome the precipitate takes into account the interaction



between dislocation segments and scales with the natural logarithm of the harmonic mean

between the precipitate diameter D and the distance between precipitates L according to
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Figure 9. Resolved shear stress (τc) to form an Orowan loop as a function of the
distance between precipitates, L. Results obtained with molecular statics simulations,
Orowan model (τc=μb/L) and BKS model (equation (1)) are plotted for comparison.

where A=1 for edge dislocations and B an adjustable parameter. In this case, D=10.6 nm 
was taken as the projection of the precipitate on the dislocation line. The predictions of the 
BKS (with B=0.075) are plotted in figure 9 together with results of the MS simulations. 
They are in good agreement and indicate that the BKS model can provide reasonable 
predictions of the stress necessary to form an Orowan loop around the β precipitates in 
Mg–Al alloys.

The CRSS needed to overcome the precipitate was controlled in the MS and MD 
simulations by the stress necessary to shear the precipitate. This stress was attained by the 
pile-up of two dislocations around the precipitate. Further deformation did not lead, however, 
to the accumulation of dislocations at the precipitate and to strain hardening, because the 
precipitate was sheared. Thus, this dislocation/precipitate interaction mechanisms limits the 
strain hardening capability of Mg alloys as compared to metallic alloys containing precipitates 
that cannot be sheared by dislocations. Moreover, it should be noted that precipitate shearing 
has been experimentally reported in β-Mg17Al12 precipitates much larger than those analyzed 
in the atomistic simulations in this investigation [19, 20].



5. Conclusions

The interaction between edge basal dislocations and β-Mg17Al12 precipitates was studied 
using atomistic simulations. A strategy was developed to insert a lozenge-shaped Mg17Al12 
precipitate with Burgers OR within the Mg matrix in an atomistic model. To this end, the 
precipitate with the right shape and OR (according to the experimental data) was introduced 
into the Mg matrix. Afterwards, all the atoms belonging to the Mg matrix within the cut-off 
radius of an atom of the precipitate were deleted and the optimum cut-off radius was obtained 
by energy minimization. Finally, the simulation box was annealed to relieve the remaining 
residual stress. In this way, the incoherent matrix/precipitate interfaces in the atomistic model 
were close to stable, minimum energy configurations.

MS and MD simulations of the dislocation-precipitate interaction showed similar 
mechanisms. The dislocation bypassed the precipitate by the formation of an Orowan loop, 
that entered the precipitate but it was not able to progress further until more dislocations 
bypass the precipitate and push the initial loop to shear the precipitate along the (110) plane, 
parallel to the basal plane of Mg. This process was eventually repeated as more dislocations 
overcome the precipitate. These mechanisms were in agreement with the experimental evi-
dences [19, 20] and indicate that precipitate shearing by basal dislocations in Mg–Al alloys is 
favored because the (0001) Mg basal plane is parallel to the (110) crystallographic plane of 
the precipitate.

The resolved shear stress to form an Orowan loop around the precipitate was in agree-
ment with the predictions of the BKS model that takes into account the interaction between 
dislocation segments. The mechanisms of dislocation/precipitate interaction as well as the 
resolved shear stress to form an Orowan loop were independent of the temperature in the 
range of temperatures and strain rates explored by the MD simulations. Finally, the details of 
the shearing mechanism of the precipitate depended on the particular (110) plane in which the 
shear strain was localized but they did not significantly influence the CRSS.
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Appendix A. Stability of small β-Mg17Al12 precipitates in the Mg matrix

The stability of β-Mg17Al12 precipitates in the Mg matrix was analyzed as a function of its 
size. To this end, two smaller models of precipitate with the same aspect ratio (4:1) parallel to



Figure A1. (a) Initial atomic structure of the 4×1×2.8 nm3 β-Mg17Al12 precipitate
embedded the Mg matrix. (b) Idem after energy minimization to create interfaces with
minimum energy. (c) Initial atomic structure of the 8×2×2.8 nm3 β-Mg17Al12
precipitate embedded the Mg matrix. (d) Idem after energy minimization to create
interfaces with minimum energy.

Table A1. Peierls stress (σp) of an ⟨ ⟩a edge basal dislocation (MPa), stacking fault

energy (SFE) of 1/3 ⟨ ⟩1010 (mJ m−2) and elastic constants of Mg (GPa).

Method σp SFE C11 C12 C33 C13 C44 C66

Mendelev [69] 0.33 44.2 61.9 26.2 68.2 22.1 18.2 18

Liu [68] 24.5 54.2 68.2 26.1 71.3 16.1 12.8 21.3

Kim [71] 3.03 29.6 62.9 26.32 69.9 21.2 17.2 18.2

Dickel [30] 0.25 23 64.4 25.3 70.9 20.3 18 19.5

DFT 36 59.8 22.6 62.5 25.6 16.8 16.7

Table A2. Elastic constants of β-Mg17Al12 (GPa).

Method C11 C12 C44

Mendelev [69] 137.8 46.5 28

Liu [68] 135.3 47.8 23.2

Kim [71] 84 32.5 13.7

Dickel [30] 89.4 33.5 19.6

DFT 83.2 29.6 17.1



Figure A2. Structures of the interfaces between Mg and β-Mg17Al12 precipitate in the
Burgers OR. (a) ( ) ( ) b0001 110Mg interface. (b) ( ) ( ) b1120 001Mg interface.

Table A3. Interface energies (mJ m−2) of the different orientations between Mg and
β-Mg17Al12 in the Burgers OR.

( ) ( ) b0001 110Mg ( ) ( ) b1120 001Mg

Dickel [30] 166 459

Kim [71] 165 459

DFT 246 348

the basal plane and Burgers OR were created. The dimensions of these precipitates were 
4×1×2.8 nm3 and 8×2×2.8 nm3. They were inserted in the Mg matrix and the opti-
mum cut-off radius, which led to the semi-coherent interfaces with minimum energy, was 
obtained as indicated in section 3.1. Nevertheless, the original precipitate structure (that is 
shown in figures A1(a) and (c) for both precipitate sizes) was destroyed during the process to 
minimize the energy of the interfaces, as shown in figures A1(b) and (d). This dramatic 
change of the precipitate structure can be attributed to the large surface/volume ratio of these 
small precipitates where the interface energies determine the actual atomic arrangement 
within the precipitate.



Figure A3. Shearing of the precipitate along the slip plane A. (a) and (d) Initial cross-
sections. (b) and (e) Cross-sections for the strain marked by a blue circle in figures 5(a)
and (b)). (c) and (f) Cross-sections at the end the molecular statics simulations after four
dislocations have bypassed the precipitate. The crystallographic directions in this figure
correspond to the β precipitate.

Figure A4. Shearing of the precipitate along the slip plane B. (a) and (d) Initial cross-
sections. (b) and (e) Cross- sections for the strain marked by a red circle in figures 5(a)
and (b). (c) and (f) Cross-sections at the end the molecular statics simulations after four
dislocations have bypassed the precipitate. The crystallographic directions in this figure
correspond to the β precipitate.



Appendix B. Density functional theory calculations

The first principles calculations in the present study were carried out using the Quantum 
Espresso plane-wave pseudopotential code [64]. The Perdew–Burke–Erzenhof approach [65] 
was used to evaluate the exchange-correlation energy, within the generalized gradient 
approximation. Ultrasoft pseudopotentials were used to reduce the basis set of plane wave-
functions used to describe the real electronic functions [66]. After careful convergence tests, a 
cut-off of 36 Ry (490 eV) was found to be sufficient to reduce the error in the total energy to 
less than 1 meV/atom. A separation of 0.03 Å−1 in the k-point grid was employed for the 
integration over the Brillouin zone according to the Monkhorst–Pack scheme [67]. The elastic 
constants were determined by applying a given strain and calculating the stress, as the unit cell 
was kept fixed and only the internal coordinates were allowed to relax. Deformation of each 
unit cell was carried out in different orientations taking into account the symmetries of each 
crystal structure. Six strain steps (varying from −0.003 to 0.003) were used for each 
orientation to obtain a reliable linear fit of the stress-strain relationship.

Appendix C. Selection of the interatomic potential for MS/MD

There is a number of interatomic potentials for the Mg–Al system, namely: Liu’s embedded 
atom method (EAM) (alloy type) [68], Mendelev’s EAM Finnis-Sinclair type [69], Jelinek’s 
MEAM potential [70], and Kim’s [71] and Dickel’s [30] 2NN MEAM potentials. Out of these 
five potentials, Jelinek’s potential predicts a positive formation energy of 49 meV/atom for the 
Mg17Al12 phase, as compared to −30 meV/atom obtained from density functional theory 
(DFT) calculations. Preliminary MS simulations were carried out to analyze the dislocation/
precipitate interaction in Mg–Al alloys with the aforementioned potentials. In the case of Liu’s 
potential, a spurious jog developed when the dislocation approached the precipitate. The 
dislocation inside the precipitate climbed to the precipitate/matrix interface and slipped along 
the interface without shearing the precipitate. This behavior has been reported already in [28].

The elastic constants of Mg and β-Mg17Al12 precipitates obtained by DFT as well as with 
the different interatomic potentials using MS are shown in tables A1 and A2. It can be easily 
seen that only the results obtained with Kim’s and Dickel’s potentials were close to the DFT 
results and to the experimental values for Mg [11]. The next step of the evaluation of the 
candidate potentials was to determine the Peierls Stress of an ⟨a⟩ edge basal dislocation and 
the stacking fault energy in the basal plane of Mg (table A1). Regarding the Peierls stress, only 
the result from Dickel’s potential (0.25 MPa) is in quantitative agreement with exper-imental 
results reported in the literature [72], while both Kim’s and Dickel’s potential underestimate 
slightly the staking fault energy.

Another important property that needs to be addressed when investigating dislocation-
precipitate interaction is the interface energy. The two main interfaces between the Mg matrix

and the β precipitate in the Burgers OR are (0001 Mg) (110 b) and (1120 Mg) (001 
b) and they are shown in figure A2. The energies of these interfaces were calculated using DFT 
and MEAM potentials from supercell calculations and the strategy to determine the interface 
energies is detailed in [73]. No different terminating surfaces were evaluated, as the purpose of 
these calculations was to benchmark and evaluate the precision of the interatomic potentials 
against DFT. The results are shown in table A3 and both Dickel and Kim MEAM potentials 
provided equivalent results, which were in qualitative agreement with the DFT results.



Taking into account all the previous results, Dickel’s potential was selected to study the

dislocation/precipitate interaction. One additional advantage of this potential is that it can be

used to model systems with Zn content (up to 2 at%) [30], opening the way to analyze the

behavior of ternary alloys.

Appendix D. Shearing of the β precipitate by dislocations along the slip planes

A and B

The cross-sections of the atomic arrangement in the precipitate have been plotted in figure A3

along the slip plane A at different stages of the shearing of the precipitate by the dislocations.

The cross-sections in figures A3(a) and (d) correspond to the initial atomic arrangement of the

precipitate, while those in figures A3(b) and (e) show the strain indicated by the blue circles in

figures 5(a) and (b). Finally, figures A3(c) and (f) show the atomic arrangement of the

precipitate at the end the simulations in figure 5 after four dislocations sheared the precipitate.

Shearing of the precipitate took place along the (110) plane and it was localized along one

crystallographic plane indicated by the broken blue line in figure 4(b). The atoms moved

in this plane along the [1̄10] and [00 ¯]1 directions and the overall shear took place along the

[1 1̄ 1] direction, which is parallel to the Burgers vector of the edge dislocation in Mg

(figure 2). This process was repeated as more dislocations overcame the precipitate, leading to

the shearing of the precipitate. These results indicate that precipitate shearing by basal dis-

locations in Mg–Al alloys is favored because the (0001) Mg basal plane is parallel to the

(110) crystallographic plane of the precipitate.

The cross-sections of the precipitate that was sheared along the slip plane B are depicted

in figure A4 at different stages of the shearing process: initial configuration in (a) and (d), at

the strain marked by the red circles in figure 5(a) in (b) and (e) and at the end of the

simulations in (c) and (f). Shear deformation also occurred parallel to (110) planes but it was

not localized in one single plane and it was difficult to assess the dominant orientation of the

shear deformation. Moreover, the long range order in the upper part of the precipitate was lost

after several dislocations sheared the precipitate (figures A4(c) and (f)). Thus, the shearing

mechanism of the precipitate depends on the location of the slip plane in the Mg matrix with

respect to the precipitate lattice but the shear stress necessary to overcome the precipitate was

similar for slip planes A and B. Moreover the maximum shear stress (which is the CRSS) was

attained after the second dislocation bypassed the precipitate in both cases.

ORCID iDs

Gustavo Esteban-Manzanares https://orcid.org/0000-0003-1124-1689
Ioannis Papadimitriou https://orcid.org/0000-0002-1570-0419
Javier LLorca https://orcid.org/0000-0002-3122-7879

References

[1] Kelly A and Nicholson R B 1963 Precipitation hardening Prog. Mater. Sci. 10 151–91
[2] Nie J F 2012 Precipitation and hardening in magnesium alloy Metall. Mater. Trans. A 43

3891–939
[3] Gao X, Zhu S M, Muddle B C and Nie J F 2005 Precipitation-hardened Mg–Ca–Zn alloys with

superior creep resistance Scr. Mater. 53 1321–6

https://orcid.org/0000-0003-1124-1689
https://orcid.org/0000-0003-1124-1689
https://orcid.org/0000-0003-1124-1689
https://orcid.org/0000-0002-1570-0419
https://orcid.org/0000-0002-1570-0419
https://orcid.org/0000-0002-1570-0419
https://orcid.org/0000-0002-3122-7879
https://orcid.org/0000-0002-3122-7879
https://orcid.org/0000-0002-3122-7879
https://doi.org/10.1016/0079-6425(63)90010-0
https://doi.org/10.1016/0079-6425(63)90010-0
https://doi.org/10.1016/0079-6425(63)90010-0
https://doi.org/10.1007/s11661-012-1217-2
https://doi.org/10.1007/s11661-012-1217-2
https://doi.org/10.1007/s11661-012-1217-2
https://doi.org/10.1007/s11661-012-1217-2
https://doi.org/10.1016/j.scriptamat.2005.08.035
https://doi.org/10.1016/j.scriptamat.2005.08.035
https://doi.org/10.1016/j.scriptamat.2005.08.035


[4] Bettles C J, Gibson M A and Venkatesan K 2004 Enhanced age-hardening behaviour in Mg-4
wt% Zn micro-alloyed with Ca Scr. Mater. 51 193–7

[5] Mendis C L, Oh-ishi K, Kawamura Y, Honma T, Kamado S and Hono K 2009 Precipitation-
hardenable Mg-2.4Zn-0.1Ag-0.1Ca-0.16Zr (at%) wrought magnesium alloy Acta Mater. 57

749–60
[6] Jayaraj J, Mendis C L, Ohkubo T, Oh-ishi K and Hono K 2010 Enhanced precipitation hardening

of Mg–Ca alloy by Al addition Scr. Mater. 63 831–4
[7] Clark J B 1968 Age hardening in a Mg-9 wt% Al alloy Acta Metall. 16 141–52
[8] Gharghouri M A, Weatherly G C and Embury J D 1998 The interaction of twins and precipitates in

a Mg-7.7at% Al alloy Phil. Mag. 78 1137–49
[9] Stanford N, Geng J, Chun Y B, Davies C H J, Nie J F and Barnett M R 2012 Effect of plate shaped

particle distributions on the deformation behaviour of magnesium alloy AZ91 in tension and
compression Acta Mater. 60 218–28

[10] Hutchinson W B and Barnett M R 2010 Effective values of critical resolved shear stress for slip in
polycrystalline magnesium and other HCP metals Scr. Mater. 63 737–40

[11] Herrera-Solaz V, LLorca J, Dogan E, Karaman I and Segurado J 2014 An inverse optimization
strategy to determine single crystal mechanical behavior from polycrystal tests: application to
AZ31 Mg alloy Int. J. Plast. 57 1–15

[12] Hutchinson C R, Nie J F and Gorsse S 2005 Modeling the precipitation processes and
strengthening mechanisms in a Mg–Al–(Zn) AZ91 alloy Metall. Mater. Trans. A 36 2093–105

[13] Herrera-Solaz V, Hidalgo-Manrique P, Pérez-Prado M T, Letzig D, LLorca J and Segurado J 2014
Effect of rare earth additions on the critical resolved shear stresses of magnesium alloys Mater.
Lett. 128 199–203

[14] Rada S R, Lynch P A, Kimpton J A and Barnett M R 2016 In situ x-ray diffraction studies of slip
and twinning in the presence of precipitates in AZ91 alloy Acta Mater. 119 145–56

[15] Hidalgo-Manrique P, Robson J D and Pérez-Prado M T 2017 Precipitation strengthening and
reversed yield strength asymmetry in Mg alloys containing rare-earth elements: a quantitative
study Acta Mater. 124 456–67

[16] Nie J F 2003 Effect of precipitate shape and orientation on dispersion strengthening in magnesium
alloy Scr. Mater. 48 1009–15

[17] Wang J and Stanford N 2015 Investigation of precipitate hardening of slip and twinning in Mg5%
Zn by micropillar compression Acta Mater. 100 53–63

[18] Alizadeh R, Papadimitriou I, Esteban-Manzanares G and LLorca J 2019 Interactions between
basal dislocations and β1’ precipitates in Mg-4Zn alloys: mechanisms and strengthening
(unpublished)

[19] Voisin T, Krywopusk N M, Mompiou F and Weihs T P 2017 Precipitation strengthening in
nanostructured AZ31B magnesium thin films characterized by nano-indentation, STEM/EDS,
HRTEM, and in situ TEM tensile testing Acta Mater. 138 174–84

[20] Cepeda-Jiménez C M, Castillo-Rodríguez M and Pérez-Prado M T 2019 Origin of the low
precipitation hardening in magnesium alloys Acta Mater. 165 164–76

[21] Xiang Y, Srolovitz D J, Cheng L-T and Weinan E 2004 Level set simulations of dislocation-
particle bypass mechanisms Acta Mater. 52 1745–60

[22] Lehtinen A, Granberg F, Laurson L, Nordlund K and Alava M J 2016 Multiscale modeling of
dislocation-precipitate interactions in Fe: from molecular dynamics to discrete dislocations
Phys. Rev. E 93 013309

[23] Hussein A M, Rao S L, Uchic M D, Parthasarathy T A and El-Awady J A 2017 The strength and
dislocation microstructure evolution in superalloy microcrystals J. Mech. Phys. Solids 99

146–62
[24] Santos-Güemes R, Esteban-Manzanarez G, Papadimitriou I, Segurado J, Capolungo L and

LLorca J 2018 Discrete dislocation dynamics simulations of dislocation-θ′ precipitate
interaction in Al–Cu alloys J. Mech. Phys. Solids 188 228–44

[25] Hu S Y, Schmauder S and Chen L Q 2000 Atomistic simulations of interactions between Cu
precipitates and an edge dislocation in a B.C.C. Fe single crystal Phys. Status Solidi b 220

845–56
[26] Singh C V and Warner D H 2010 Mechanisms of Guinier–Preston zone hardening in the athermal

limit Acta Mater. 58 5797–805
[27] Bonny G, Terentyev D and Malerba L 2011 Interaction of screw and edge dislocations with

cromium precipitates in ferritic iron: an atomistic study J. Nucl. Mater. 416 70–4

https://doi.org/10.1016/j.scriptamat.2004.04.020
https://doi.org/10.1016/j.scriptamat.2004.04.020
https://doi.org/10.1016/j.scriptamat.2004.04.020
https://doi.org/10.1016/j.actamat.2008.10.033
https://doi.org/10.1016/j.actamat.2008.10.033
https://doi.org/10.1016/j.actamat.2008.10.033
https://doi.org/10.1016/j.actamat.2008.10.033
https://doi.org/10.1016/j.scriptamat.2010.06.028
https://doi.org/10.1016/j.scriptamat.2010.06.028
https://doi.org/10.1016/j.scriptamat.2010.06.028
https://doi.org/10.1016/0001-6160(68)90109-0
https://doi.org/10.1016/0001-6160(68)90109-0
https://doi.org/10.1016/0001-6160(68)90109-0
https://doi.org/10.1080/01418619808239980
https://doi.org/10.1080/01418619808239980
https://doi.org/10.1080/01418619808239980
https://doi.org/10.1016/j.actamat.2011.10.001
https://doi.org/10.1016/j.actamat.2011.10.001
https://doi.org/10.1016/j.actamat.2011.10.001
https://doi.org/10.1016/j.scriptamat.2010.05.047
https://doi.org/10.1016/j.scriptamat.2010.05.047
https://doi.org/10.1016/j.scriptamat.2010.05.047
https://doi.org/10.1016/j.ijplas.2014.02.001
https://doi.org/10.1016/j.ijplas.2014.02.001
https://doi.org/10.1016/j.ijplas.2014.02.001
https://doi.org/10.1007/s11661-005-0330-x
https://doi.org/10.1007/s11661-005-0330-x
https://doi.org/10.1007/s11661-005-0330-x
https://doi.org/10.1016/j.matlet.2014.04.144
https://doi.org/10.1016/j.matlet.2014.04.144
https://doi.org/10.1016/j.matlet.2014.04.144
https://doi.org/10.1016/j.actamat.2016.08.022
https://doi.org/10.1016/j.actamat.2016.08.022
https://doi.org/10.1016/j.actamat.2016.08.022
https://doi.org/10.1016/j.actamat.2016.11.019
https://doi.org/10.1016/j.actamat.2016.11.019
https://doi.org/10.1016/j.actamat.2016.11.019
https://doi.org/10.1016/S1359-6462(02)00497-9
https://doi.org/10.1016/S1359-6462(02)00497-9
https://doi.org/10.1016/S1359-6462(02)00497-9
https://doi.org/10.1016/j.actamat.2015.08.012
https://doi.org/10.1016/j.actamat.2015.08.012
https://doi.org/10.1016/j.actamat.2015.08.012
https://doi.org/10.1016/j.actamat.2017.07.050
https://doi.org/10.1016/j.actamat.2017.07.050
https://doi.org/10.1016/j.actamat.2017.07.050
https://doi.org/10.1016/j.actamat.2018.11.044
https://doi.org/10.1016/j.actamat.2018.11.044
https://doi.org/10.1016/j.actamat.2018.11.044
https://doi.org/10.1016/j.actamat.2003.12.016
https://doi.org/10.1016/j.actamat.2003.12.016
https://doi.org/10.1016/j.actamat.2003.12.016
https://doi.org/10.1103/PhysRevE.93.013309
https://doi.org/10.1016/j.jmps.2016.11.014
https://doi.org/10.1016/j.jmps.2016.11.014
https://doi.org/10.1016/j.jmps.2016.11.014
https://doi.org/10.1016/j.jmps.2016.11.014
https://doi.org/10.1016/j.jmps.2018.05.015
https://doi.org/10.1016/j.jmps.2018.05.015
https://doi.org/10.1016/j.jmps.2018.05.015
https://doi.org/10.1002/(SICI)1521-3951(200008)220:2<845::AID-PSSB845>3.0.CO;2-7
https://doi.org/10.1002/(SICI)1521-3951(200008)220:2<845::AID-PSSB845>3.0.CO;2-7
https://doi.org/10.1002/(SICI)1521-3951(200008)220:2<845::AID-PSSB845>3.0.CO;2-7
https://doi.org/10.1002/(SICI)1521-3951(200008)220:2<845::AID-PSSB845>3.0.CO;2-7
https://doi.org/10.1016/j.actamat.2010.06.055
https://doi.org/10.1016/j.actamat.2010.06.055
https://doi.org/10.1016/j.actamat.2010.06.055
https://doi.org/10.1016/j.jnucmat.2010.11.095
https://doi.org/10.1016/j.jnucmat.2010.11.095
https://doi.org/10.1016/j.jnucmat.2010.11.095


[28] Liao M, Li B and Horstemeyer M F 2014 Interaction between basal slip and a Mg17Al12
precipitate in magnesium Metall. Mater. Trans. A 45 3661–9

[29] Esteban-Manzanarez G, Martínez E, Segurado J, Capolungo L and LLorca J 2019 An atomistic
investigation of the interaction of dislocations with Guinier–Preston zones in Al–Cu alloys Acta
Mater. 162 189–201

[30] Dickel D E, Baskes M I, Aslam I and Barrett C D 2018 New interatomic potential for Mg–Al–Zn
alloys with specific application to dilute Mg-based alloys Modelling Simul. Mater. Sci. Eng. 26
045010

[31] Bamberger M and Dehm G 2008 Trends in the development of new Mg alloys Annu. Rev. Mater.

Res. 38 505–33
[32] Xiao W, Zhang X, Geng W T and Lu G 2013 Atomistic study of plastic deformation in Mg–Al

alloys Mater. Sci. Eng. A 586 245–52
[33] Rice J R 1992 Dislocation nucleation from a crack tip: an analysis based on the peierls concept

J. Mech. Phys. Solids 40 239–71
[34] Crawley A F and Milliken K S 1974 Precipitate morphology and orientation relationships in an

aged Mg-9% Al-1% Zn-0.3% Mn alloy Acta Metall. 22 557–62
[35] Crawley A F and Lagowski B 1974 Effect of two-step aging on the precipitate structure in

magnesium alloy AZ91 Metall. Trans. 5 949–51
[36] Duly D, Cheynet M C and Brechet Y 1994 Morphology and chemical nanoanalysis of

discontinuous precipitation in MgAl alloys: I. Regular growth Acta Metall. Mater. 42 3843–54
[37] Duly D, Cheynet M C and Brechet Y 1994 Morphology and chemical nanoanalysis of

discontinuous precipitation in MgAl alloys: II. Irregular growth Acta Metall. Mater. 42

3855–63
[38] Duly D, Zhang W-Z and Audier M 1995 High-resolution electron microscopy observations of the

interface structure of continuous precipitates in a Mg–Al alloy and interpretation with the
O-lattice theory Phil. Mag. A 71 187–204

[39] Shepeleva L, Manov E and Bamberger M 2001 TEM study of the as-cast and aged microstructures
of Mg–Al–Zn alloys and the influence of Zn content on precipitation Magnesium Technology

2001 (New York: Wiley) pp 189–94
[40] Zhang M-X and Kelly P M 2003 Crystallography of Mg17Al12 precipitates in AZ91D alloy Scr.

Mater. 48 647–52
[41] Celotto S 2000 TEM study of continuous precipitation in Mg-9 wt% Al-1 wt%Zn alloy Acta

Mater. 48 1775–87
[42] Wang J, Li N, Wang C, Beltran J I, LLorca J and Cui Y 2016 Computational study of atomic

mobility in hcp Mg–Al–Zn ternary alloys Calphad 54 134–43
[43] Robson J D, Stanford N and Barnett M R 2011 Effect of precipitate shape on slip and twinning in

magnesium alloys Acta Mater. 59 1945–56
[44] Liao M, Li B and Horstemeyer M F 2013 Interaction between prismatic slip and a Mg17Al12

precipitate in magnesium Comput. Mater. Sci. 79 534–9
[45] Lai W-J, Li Y-Y, Hsu Y-F, Trong S and Wang W-H 2009 Aging behaviour and precipitate

morphologies in Mg-7.7 Al-0.5 Zn-0.3 Mn (wt%) alloy J. Alloys Compd. 476 118–24
[46] Plimpton S 1995 Fast parallel algorithms for short-range molecular dynamics J. Comput. Phys.

117 1–19
[47] Osetsky Y N and Bacon D J 2003 An atomic-level model for studying the dynamics of edge

dislocations in metals Modelling Simul. Mater. Sci. Eng. 11 427–46
[48] Szajewski B A and Curtin W A 2015 Analysis of spurious image forces in atomistic simulations of

dislocations Modelling Simul. Mater. Sci. Eng. 23 025008
[49] Hirel P 2015 Atomsk: a tool for manipulating and converting atomic data files Comput. Phys.

Commun. 197 212–9
[50] Stukowski A 2010 Visualization and analysis of atomistic simulation data with OVITO the open

visualization tool Modelling Simul. Mater. Sci. Eng. 18 015012
[51] Falk M L and Langer J S 1998 Dynamics of viscoplastic deformation in amorphous solids Phys.

Rev. E 57 7192–205
[52] Shimizu F, Ogata S and Li J 2007 Theory of shear banding in metallic glasses and molecular

dynamics calculations Mater. Trans. 48 2923–7
[53] Stukowski A and Albe K 2010 Extracting dislocations and non-dislocation crystal defects from

atomistic simulation data Modelling Simul. Mater. Sci. Eng. 18 085001

https://doi.org/10.1007/s11661-014-2284-3
https://doi.org/10.1007/s11661-014-2284-3
https://doi.org/10.1007/s11661-014-2284-3
https://doi.org/10.1016/j.actamat.2018.09.052
https://doi.org/10.1016/j.actamat.2018.09.052
https://doi.org/10.1016/j.actamat.2018.09.052
https://doi.org/10.1088/1361-651X/aabaad
https://doi.org/10.1088/1361-651X/aabaad
https://doi.org/10.1146/annurev.matsci.020408.133717
https://doi.org/10.1146/annurev.matsci.020408.133717
https://doi.org/10.1146/annurev.matsci.020408.133717
https://doi.org/10.1016/j.msea.2013.07.093
https://doi.org/10.1016/j.msea.2013.07.093
https://doi.org/10.1016/j.msea.2013.07.093
https://doi.org/10.1016/S0022-5096(05)80012-2
https://doi.org/10.1016/S0022-5096(05)80012-2
https://doi.org/10.1016/S0022-5096(05)80012-2
https://doi.org/10.1016/0001-6160(74)90152-7
https://doi.org/10.1016/0001-6160(74)90152-7
https://doi.org/10.1016/0001-6160(74)90152-7
https://doi.org/10.1007/BF02643153
https://doi.org/10.1007/BF02643153
https://doi.org/10.1007/BF02643153
https://doi.org/10.1016/0956-7151(94)90450-2
https://doi.org/10.1016/0956-7151(94)90450-2
https://doi.org/10.1016/0956-7151(94)90450-2
https://doi.org/10.1016/0956-7151(94)90451-0
https://doi.org/10.1016/0956-7151(94)90451-0
https://doi.org/10.1016/0956-7151(94)90451-0
https://doi.org/10.1016/0956-7151(94)90451-0
https://doi.org/10.1080/01418619508242964
https://doi.org/10.1080/01418619508242964
https://doi.org/10.1080/01418619508242964
https://doi.org/10.1002/9781118805497.ch33
https://doi.org/10.1002/9781118805497.ch33
https://doi.org/10.1002/9781118805497.ch33
https://doi.org/10.1016/S1359-6462(02)00555-9
https://doi.org/10.1016/S1359-6462(02)00555-9
https://doi.org/10.1016/S1359-6462(02)00555-9
https://doi.org/10.1016/S1359-6454(00)00004-5
https://doi.org/10.1016/S1359-6454(00)00004-5
https://doi.org/10.1016/S1359-6454(00)00004-5
https://doi.org/10.1016/j.calphad.2016.07.003
https://doi.org/10.1016/j.calphad.2016.07.003
https://doi.org/10.1016/j.calphad.2016.07.003
https://doi.org/10.1016/j.actamat.2010.11.060
https://doi.org/10.1016/j.actamat.2010.11.060
https://doi.org/10.1016/j.actamat.2010.11.060
https://doi.org/10.1016/j.commatsci.2013.07.016
https://doi.org/10.1016/j.commatsci.2013.07.016
https://doi.org/10.1016/j.commatsci.2013.07.016
https://doi.org/10.1016/j.jallcom.2008.08.043
https://doi.org/10.1016/j.jallcom.2008.08.043
https://doi.org/10.1016/j.jallcom.2008.08.043
https://doi.org/10.1006/jcph.1995.1039
https://doi.org/10.1006/jcph.1995.1039
https://doi.org/10.1006/jcph.1995.1039
https://doi.org/10.1088/0965-0393/11/4/302
https://doi.org/10.1088/0965-0393/11/4/302
https://doi.org/10.1088/0965-0393/11/4/302
https://doi.org/10.1088/0965-0393/23/2/025008
https://doi.org/10.1016/j.cpc.2015.07.012
https://doi.org/10.1016/j.cpc.2015.07.012
https://doi.org/10.1016/j.cpc.2015.07.012
https://doi.org/10.1088/0965-0393/18/1/015012
https://doi.org/10.1103/PhysRevE.57.7192
https://doi.org/10.1103/PhysRevE.57.7192
https://doi.org/10.1103/PhysRevE.57.7192
https://doi.org/10.2320/matertrans.MJ200769
https://doi.org/10.2320/matertrans.MJ200769
https://doi.org/10.2320/matertrans.MJ200769
https://doi.org/10.1088/0965-0393/18/8/085001


[54] Stukowski A, Bulatov V V and Arsenlis A 2012 Automated identification and indexing of
dislocations in crystal interfaces Modelling Simul. Mater. Sci. Eng. 20 085007

[55] Huang Z, Allison J E and Misra A 2018 Interaction of glide dislocations with extended precipitates
in Mg–Nd alloys Sci. Rep. 8 3570

[56] Vattré A, Devincre B and Roos A 2009 Dislocation dynamics simulations of precipitation
hardening in Ni-based superalloys with high γ′ volume fraction Intermetallics 17 988–94

[57] Solomon E L S and Marquis E A 2018 Deformation behavior of β′ and β‴precipitates in Mg-Re
alloys Mater. Lett. 216 67–9

[58] Bhattacharyya J J, Wang F, Stanford N and Agnew S R 2018 Slip mode dependency of dislocation
shearing and looping of precipitates in Mg alloy we43 Acta Mater. 146 55–62

[59] Nembach N 1997 Particle Strengthening of Metals and Alloys (New York: Wiley)
[60] Orowan E 1948 Discussion on internal stresses Symposium on Internal Stresses in Metals and

Alloys (London: The Institute of Metlas) pp 451–3
[61] Bacon D J, Kocks U F and Scattergood R O 1973 The effect of dislocation self-interaction on the

Orowan stress Phil. Mag. 28 1241–63
[62] Zhou B, Wang L, Zhu G, Wang J, Wen W and Zheng X 2018 Understanding the strengthening

effect of β1 precipitates in Mg–Nd using in situ synchrotron x-ray diffraction JOM 70 2315–20
[63] Huang Z, Yang C, Qi L, Allison J E and Misra A 2019 Dislocation pile-ups at β1 precipitate

interfaces in Mg-rare earth (RE) alloys Mater. Sci. Eng. A 742 278–86
[64] Giannozzi P et al 2009 Quantum espresso: a modular and open-source software project for

quantum simulations of materials J. Phys.: Condens. Matter 21 395502
[65] Perdew J P, Burke K and Ernzerhof M 1996 Generalized gradient approximation made simple

Phys. Rev. Lett. 77 3865–8
[66] Vanderbilt D 1990 Soft self-consistent pseudopotentials in a generalized eigenvalue formalism

Phys. Rev. B 41 7892–5
[67] Monkhorst H J and Pack J D 1976 Special points for Brillouin-zone integrations Phys. Rev. B 13

5188–92
[68] Liu X-Y, Adams J B, Ercolessi F and Moriarty J A 1996 Eam potential for magnesium from

quantum mechanical forces Modelling Simul. Mater. Sci. Eng. 4 293
[69] Mendelev M I, Asta M, Rahman M J and Hoyt J J 2009 Development of interatomic potentials

appropriate for simulation of solid–liquid interface properties in Al–Mg alloys Phil. Mag. 89

3269–85
[70] Jelinek B, Groh S, Horstemeyer M F, Houze J, Kim S-G, Wagner G J, Moitra A and Baskes M I

2012 Modified embedded atom method potential for Al, Si, Mg, Cu, and Fe alloys Phys. Rev. B
85 245102

[71] Kim Y-M, Kim N J and Lee B-J 2009 Atomistic modeling of pure Mg and Mg–Al systems
Calphad 33 650–7

[72] Yasi J A, Nogaret T, Trinkle D R, Qi Y, Hector L G Jr and Curtin W A 2009 Basal and prism
dislocation cores in magnesium: comparison of first-principles and embedded-atom-potential
methods predictions Modelling Simul. Mater. Sci. Eng. 17 055012

[73] Rodríguez-Veiga A, Bellón B, Papadimitriou I, Esteban-Manzanares G, Sabirov I and Llorca J
2018 A multidisciplinary approach to study precipitation kinetics and hardening in an Al–4Cu
(wt%) alloy J. Alloys Compd. 757 504–19

https://doi.org/10.1088/0965-0393/20/8/085007
https://doi.org/10.1038/s41598-018-20629-1
https://doi.org/10.1016/j.intermet.2009.04.007
https://doi.org/10.1016/j.intermet.2009.04.007
https://doi.org/10.1016/j.intermet.2009.04.007
https://doi.org/10.1016/j.matlet.2017.12.149
https://doi.org/10.1016/j.matlet.2017.12.149
https://doi.org/10.1016/j.matlet.2017.12.149
https://doi.org/10.1016/j.actamat.2017.12.043
https://doi.org/10.1016/j.actamat.2017.12.043
https://doi.org/10.1016/j.actamat.2017.12.043
https://doi.org/10.1080/14786437308227997
https://doi.org/10.1080/14786437308227997
https://doi.org/10.1080/14786437308227997
https://doi.org/10.1007/s11837-018-2972-3
https://doi.org/10.1007/s11837-018-2972-3
https://doi.org/10.1007/s11837-018-2972-3
https://doi.org/10.1016/j.msea.2018.10.104
https://doi.org/10.1016/j.msea.2018.10.104
https://doi.org/10.1016/j.msea.2018.10.104
https://doi.org/10.1088/0953-8984/21/39/395502
https://doi.org/10.1103/PhysRevLett.77.3865
https://doi.org/10.1103/PhysRevLett.77.3865
https://doi.org/10.1103/PhysRevLett.77.3865
https://doi.org/10.1103/PhysRevB.41.7892
https://doi.org/10.1103/PhysRevB.41.7892
https://doi.org/10.1103/PhysRevB.41.7892
https://doi.org/10.1103/PhysRevB.13.5188
https://doi.org/10.1103/PhysRevB.13.5188
https://doi.org/10.1103/PhysRevB.13.5188
https://doi.org/10.1103/PhysRevB.13.5188
https://doi.org/10.1088/0965-0393/4/3/004
https://doi.org/10.1080/14786430903260727
https://doi.org/10.1080/14786430903260727
https://doi.org/10.1080/14786430903260727
https://doi.org/10.1080/14786430903260727
https://doi.org/10.1103/PhysRevB.85.245102
https://doi.org/10.1016/j.calphad.2009.07.004
https://doi.org/10.1016/j.calphad.2009.07.004
https://doi.org/10.1016/j.calphad.2009.07.004
https://doi.org/10.1088/0965-0393/17/5/055012
https://doi.org/10.1016/j.jallcom.2018.04.284
https://doi.org/10.1016/j.jallcom.2018.04.284
https://doi.org/10.1016/j.jallcom.2018.04.284

	1. Introduction
	2. Background on precipitate-strengthened Mg–Al alloys
	3. Methods and model development
	3.1. Development of the atomistic matrix/precipitate model
	3.2. Atomistic simulation

	4. Results and discussion
	4.1. Dislocation/precipitate interaction mechanisms at 0 K
	4.2. Dislocation/precipitate interaction mechanisms at finite temperatures
	4.3. Comparison with theoretical models

	5. Conclusions
	Acknowledgments
	Appendix A.
	Appendix B.
	Appendix C.
	Appendix D.
	References

