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The ability to increase the thermal stability of protective coatings under work load gives rise to

scientific and industrial interest in age hardening of complex nitride coating systems such as

ceramic-like Ti1�xAlxN. However, the decomposition pathway of these systems from single-phase

cubic to the thermodynamically stable binary nitrides (cubic TiN and wurtzite AlN), which are

essential for age hardening, are not yet fully understood. In particular, the role of decomposition

kinetics still requires more detailed investigation. In the present work, the combined effect of

annealing time and temperature upon the nano-structural development of Ti0.46Al0.54N thin films is

studied, with a thermal exposure of either 1 min or 120 min in 100 �C steps from 500 �C to

1400 �C. The impact of chemical changes at the atomic scale on the development of micro-strain

and mechanical properties is studied by post-annealing investigations using X-ray diffraction,

nanoindentation, 3D-atom probe tomography and high-resolution transmission electron

microscopy. The results clearly demonstrate that the spinodal decomposition process, triggering

the increase of micro-strain and hardness, although taking place throughout the entire volume, is

enhanced at high diffusivity paths such as grain or column boundaries and followed within the

grains. Ab initio calculations further show that the early stages of wurtzite AlN precipitation are

connected with increased strain formation, which is in excellent agreement with experimental

observations.VC 2011 American Institute of Physics. [doi:10.1063/1.3610451]

I. INTRODUCTION

The combination of high hardness, good oxidation re-

sistance and the possibility to tune the Ti/Al ratio and micro-

structure of Ti1�xAlxN thin films in a wide range, e.g., by

different deposition processes, makes Ti1�xAlxN one of the

most versatile protective hard coating materials for many

applications and substrates.1 The major use as protection for

drills, tools, dies, and molds benefits from the high thermal

stability of Ti1�xAlxN, which is known to be strongly corre-

lated with its microstructure and chemical composition.2

Due to typical substrate temperatures of �500 �C (�0.2–0.3

of the melting temperature), the atomic reassembly during

condensation from the vapor phase is limited, which results

in a meta-stable solid solution of Ti1�xAlxN. During com-

mon physical vapor deposition (PVD) processes, crystalliza-

tion in the cubic (c) NaCl (B1) structure is usually found up

to Al contents of the metallic sublattice x� 0.6–0.7.3,4

Higher Al contents favor the wurtzite (w) ZnS (B4) structure.

The metastable phases obtained from these processes exhibit

a driving force for separation toward their stable constituents

c-TiN and w-AlN, strongly scaling with the Al content.5–9

In common milling operations, the high thermal work

load on the coated tools typically reaches temperatures in

excess of �900 �C. This enables sufficient diffusion in the

coating to induce the chemically driven isostructural decom-

position of metastable Ti1�xAlxN into TiN- and AlN-

enriched domains.10 In many reports2,8,11–13 this effect is

attributed to spinodal decomposition of the c-Ti1�xAlxN

matrix, resulting in age hardening of Ti1�xAlxN.
8,14

In addition to the chemical driving force (due to a posi-

tive mixing enthalpy over the whole composition range of

Ti1�xAlxN), also the development of elastic strain energy

and the formation of new interfaces have to be taken into

account.12 Outside the spinodal range, 0.27< x< 0.989,15–17

at 900 �C, precipitation by nucleation and growth is the dom-

inating reaction for decomposition into c-TiN and w-AlN,

while within the spinodal range the iso-structural decomposi-

tion (without nucleation barrier) to form TiN- and AlN-

enriched domains, is the favored pathway.

Although the influence of annealing temperature on the

structural evolution of Ti1�xAlxN thin films was investigated by

computational12,15,16,18,19 and experimental8,11,12,14 methods, a

combinatorial description of the kinetics and decomposition
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pathway is of paramount importance. In the present study, a

detailed analysis of the structural and chemical evolution of

c-Ti1�xAlxN thin films as a function of temperature and time is

presented and related to the development of the mechanical and

electrical properties. The assessment of coating structure by

X-ray diffraction (XRD) and high resolution transmission elec-

tron microscopy (HR-TEM) is combined with a chemical and

morphological analysis using three-dimensional atom probe

tomography (3D-APT) and correlated to nanoindentation and

electrical resistivity experiments. Ab initio calculations were

performed to facilitate the interpretation of the experimental

findings. The present study aims to elucidate the phase develop-

ment, especially the morphology of spinodal decomposition, of

metastable single phase c-Ti1�xAlxN toward its stable constitu-

ents c-TiN and w-AlN.

II. EXPERIMENTAL

A. General considerations

Two different polycrystalline substrates, low alloy steel

foil (thickness 0.2 mm) and polycrystalline Al2O3 platelets

(20� 7� 0.5 mm) were selected for the present investiga-

tions. The low alloy steel foil can easily be removed chemi-

cally to avoid substrate interference during time and

temperature dependent 3D-APT, XRD and TEM studies,

whereas the polycrystalline Al2O3 provides an ideal substrate

for nanoindentation and resistivity measurements of the thin

films. For the deposition of the Ti1�xAlxN thin films a mixed

Ar/N2-plasma discharge and a Ti0.50Al0.50 target (Plansee

AG, Ø 150� 5 mm) were used in a lab-scale magnetron

sputter deposition plant. For a more detailed description of

the parameters used, see Ref. 20.

B. Experimental details

After deposition, both the free standing thin film powder

(after chemical removal from the low alloy steel substrate) and

the coating on Al2O3 were annealed in a vacuum furnace

(HTM Reetz GmbH, base pressure < 5� 10�4 Pa) at different

temperatures (Ta) from 500 to 1400 �C in 100 �C steps, with a

heating rate of 20 K min�1 and a cooling rate of 50 K min�1,

and subsequently measured at room temperature. The reason

for this was to minimize structural changes during the cooling

process from Ta. The samples were kept at Ta for either 1 min

or 120 min. Subsequent to the annealing treatment, the electri-

cal resistivity of the coatings on Al2O3 was determined by a

Jandel four-point probe. In this measurement, a current of

900 lA was used and the sample geometry corrected according

to Refs. 21 and 22. For nanoindentation a UMIS nanoindenter,

equipped with a Berkovich tip, was used. A plateau test23 was

performed, with stepwise increasing load from 6 to 25 mN for

at minimum 20 indentations, which ensured that the indentation

was contained within the upper 10% of the coating in order to

minimize possible substrate interference. Structural analysis

was made using X-ray diffraction with a Bruker D8 and Cu-Ka

emission, applying Bragg-Brentano geometry for the powdered

free standing film material and grazing incidence at 2� inci-

dence angle for coatings on Al2O3 substrates. Quantitative

XRD data obtained from the powdered film material were first

fitted using the PeakFIT
VR
program, applying a Voigt-function

for all distinguishable cubic and wurtzite peaks in the measured

range between 30 to 85�, prior to a Williamson-Hall analysis.24

In preparation for TEM and EDX analysis (using a Cs-corrected

JEOL 2100 F equipped with a Gatan energy dispersive X-ray

spectrometer (EDX) and operated at 200 kV), plan-view sam-

ples were polished and ion-milled using Argon ions in a Gatan

Precision Ion Polishing System (PIPS). EDX measurements

from scanning electron microscopy (SEM) studies, using a

Zeiss Evo 50, of the coatings on alumina as well as the TEM

investigations indicate consistent values of �22.56 0.5 at.%

for Ti, �26.56 0.5 at.% for Al and �516 1 at.% for N. The

coating composition normalized to 50 at.% N will therefore be

referred as Ti0.46Al0.54N.

Atom probe tomography (3D-APT) enables sub-nanometer

resolution in the measurement direction,25 and provides a quan-

titative morphological description of the material in three

dimensions. Previous work10,20,26 introduces this technique

applying an Imago LEAP 3000X-HR to the field of hard coat-

ings and discusses APT sample preparation, experimental

parameters and limitations of the technique in more detail. The

parameters utilized for the ab initio calculations can be found

in Ref. 27.

III. RESULTS AND DISCUSSION

A. Structure and mechanical properties

Comparative X-ray analysis of powdered coating sam-

ples and coatings on Al2O3 after annealing for 1 min at Ta is

shown in Figs. 1(a) and 1(b), respectively. For simplicity

only the XRD patterns after annealing at 900, 1000, 1100,

and 1300 �C are presented. The observed structural features,

such as peak intensities and the formation of w-AlN, are in

good agreement for both the powdered coating and the coat-

ing on substrate. A single phase cubic solid solution of

Ti0.46Al0.54N, with cubic lattice parameter ac¼ 4.181 Å, is

obtained from the powdered samples in the as deposited

state. The samples maintain their single phase cubic structure

with increasing Ta up to �1000 �C. For Ta between 900 and

1000 �C an asymmetric peak broadening is observed, which

can be interpreted as a sign of isostructural formation of

FIG. 1. (Color online) XRD pattern of annealed (a) Ti0.46Al0.54N film pow-
der and (b) Ti0.46Al0.54N film on Al2O3 substrate.
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c-AlN- and c-TiN-rich domains.14 The variation of the cubic

(111) and (002) peak intensities, visible predominantly in the

X-ray patterns of the films on Al2O3 substrate, is related to

the strong elastic anisotropy in Ti1-xAlxN solid solutions,

which scales with the Al-content on the metallic sub-lattice.28

Ti1�xAlxN with low Al-contents is known to be stiffer in the

(002) direction, whereas high Al contents exhibit a higher

stiffness in (111) direction. Already for x� 0.28 the (002)

direction exhibits a lower elastic modulus than the (111)

direction.28 Therefore, to minimize strain energy (due to

coherency between the cubic AlN-enriched domains, the

remaining matrix and TiN-enriched areas) during spinodal

decomposition, the orientation of the Ti0.46Al0.54N coating

will change toward (002). Assuming a higher strain level in

the coating on Al2O3, stemming from the additional strain

interaction with the substrate, results in pronounced peak

intensities of the (002) reflexes, especially visible at Ta¼ 1000

and 1100 �C, compared to the powdered film. This result cor-

relates with substrate-induced compressive stresses in the

films favoring the cubic phase in Ti1�xAlxN.
29

The structural evolution of c-Ti0.46Al0.54N has a remarkable

impact on the mechanical properties, presented in terms of the

dependence of hardness (H) and indentation modulus (E) on Ta
and ta in Fig. 2. In good agreement with earlier studies,8,14 a

hardness increase of�25%, from 266 2 GPa in the as deposited

state to 32.56 1.2 GPa after annealing for 1 min at 1000 �C is

observed. Similarly the hardness increases when annealing at Ta
for ta¼ 120 min, although the peak hardness of 33.36 1.8 GPa

(an increase of �28%) is obtained at a lower temperature of

800 �C. For both annealing times, the hardness significantly

decreases for Ta above the peak value, which is called overag-

ing,30 whereby the hardness decline is slower for coatings

annealed for ta¼ 120 min. As previously reported8,14 the hard-

ness decrease is connected with the formation of w-AlN; see for

comparison Figs. 1 and 2. The behavior of the indentation mod-

uli is similar, but especially for ta¼ 1 min E first slightly

decreases with Ta before the decomposition process initiates an

increase of E, which then decreases again due to the formation

of w-AlN in the overaging regime.

In order to effectively eliminate substrate influence, for a

further quantitative study by means of Williamson-Hall analy-

sis,24 only the powder XRD-data were evaluated for all anneal-

ing treatments. To give an overview of the phase development

between the samples annealed for 1 and 120 min, quasi two-

dimensional plots of the recorded XRD-patterns are given in

Figs. 3(a) and 3(b), respectively, where the X-ray intensities are

illustrated by a corresponding color code. The XRD patterns

were recorded in 100 �C steps after annealing and are linearly

interpolated. Significant peak broadening indicates phase sepa-

ration of the single phase cubic matrix at temperatures below

1100 �C for ta¼ 1 min [Fig. 3(a)] and 900 �C for ta¼ 120 min

[Fig. 3(b)]. The peak broadening of the cubic reflexes, as dis-

cussed above and in literature,8,14 results from spinodal decom-

position, where TiN- and AlN-rich domains are formed that

have slightly different lattice parameters. Due to the diffuse

nature of the domain boundaries10 no sharp signal of the two

domains can be detected. For both annealing times it was found

that w-AlN can be detected first with its (10�10) peak at

�33.2� at Ta¼ 1100 �C for ta¼ 1 min and Ta¼ 900 �C for

ta¼ 120 min, followed by higher indexed reflexes at higher Ta.

As a guide for interpretation, a solid orange line connects the

signals at 2% of the highest detected intensity, highlighting the

discussed XRD-peak broadening and the advent of the (10�10)

reflex for w-AlN. By increasing the annealing time from 1 to

120 min, the formation of w-AlN is shifted to �200 �C lower

temperatures. This indicates a strong diffusion-driven and

hence time-dependent decomposition behavior at different tem-

peratures, confirming earlier predictions.12

The development of the lattice parameters as a function

of Ta and ta is highlighted in Fig. 4. The cubic lattice parame-

ter ac was calculated from the main XRD response at �43�,

(002) peak in c-Ti1�xAlxN. With increasing Ta the cubic lat-

tice parameter decreases for the 1 min and 120 min anneal-

ing to a minimum of �4.16 Å at Ta¼ 1000 �C and 800 �C,

respectively, coinciding with the maximum in H and E, and

then increases to meet the value of 4.24 Å for TiN; see

Fig. 4. Similarly, the hexagonal lattice parameters aw and cw
were determined from w-AlN (10�10) and (0002) peaks,

respectively. At high Ta, where w-AlN can be detected, both

aw and cw deviate significantly from the stoichiometric val-

ues of 3.11 and 4.98 Å for w-AlN31 (see Fig. 4).

The impact of this structural development on the micro-

strains (e) of the cubic phase is given in Fig. 5(a). Please

note that these strains refer only to intrinsic stresses of sec-

ond and third order, as a result of the incorporation of

defects32 and initial chemical fluctuations of Ti- and Al-con-

centrations10 because the measurements are conducted on

free-standing film material (see Sec. II B). Therefore, only

stresses between individual grains or columns (second order)

and within these microstructural features (third order) are re-

sponsible for the observed microstrains. The initial strain of

the c-Ti0.46Al0.54N solid solution remains at �0.8% with

annealing up to the deposition temperature of 500 �C. The

samples annealed for 1 min at Ta exhibit a moderate increase

of � with Ta, which suggests an increase of coherency strain

as only isostructural decomposition is expected in this

FIG. 2. (Color online) Hardness (H) and indentation modulus (E) of

Ti0.46Al0.54N as a function of Ta for ta¼ 1 min (full symbols) and ta¼ 120
min (open symbols).
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temperature range; compare to Figs. 1 and 3. The atomic as-

sembly due to isostructural decomposition is schematically

presented in Fig. 5(b). For the samples annealed for 120 min

at Ta there is a more pronounced increase of with Ta, indicat-

ing the strong impact of ta on the decomposition kinetics.

The strain values after annealing for ta¼ 1 and 120 min at

Ta¼ 1000 and 800 �C, are 1.31 and 1.33%, respectively. This

means a strain increase of �60% compared to the as depos-

ited value, where the hardness is at its maximum of

32.56 1.2 GPa (ta¼ 1 min) and 33.36 1.8 GPa (ta¼ 120

min), compare to Fig. 2, and the cubic lattice parameter is at

its minimum of �4.16 Å, see Fig. 4.

The decrease of ac is thus not simply related to the recov-

ery of built-in defects, but rather an effect of isostructural

decomposition and the concomitant development of micro-

strains, as schematically shown in Fig. 5(b) for the single phase

regime. The maximum microstrain of 1.75 and 2.00% for ta¼ 1

and 120 min is observed at Ta¼ 1100 and 900 �C, respectively,

and consequently 100 �C above the temperature for peak hard-

ness and minimum cubic lattice parameter. Here, already small

fractions of w-AlN with distorted lattice parameters aw and cw
can be detected, as evident in a comparison between Fig. 3 and

Fig. 4. Within the dual phase regime, e declines more strongly

in the samples annealed for ta¼ 1 min compared to those

annealed for ta¼ 120 min which exhibit a smaller strain

decrease between 900 and 1100 �C before e strongly decreases

at higher Ta. This strain development is in excellent agreement

with the observed hardness values, which decrease more slowly

for the samples annealed for ta¼ 120 min in the temperature

range (900 �C< Ta< 1100 �C); compare Fig. 2. Thus almost

similar hardness values were obtained for ta¼ 1 and 120 min at

Ta¼ 900 and 1100 �C, although stemming from two signifi-

cantly different decomposition states with respect to strain and

structure (e.g., before and after precipitation of w-AlN). A fur-

ther increase of Ta (as soon as w-AlN precipitates) results in

coarsening of the dual phase structure and a concomitant strain

decrease for both ta, as shown schematically in Fig. 5(c) and

described in the following section.

B. Three-dimensional-morphology and chemical
assembly

For additional chemical information at the atomic scale

during the decomposition process, atom probe measurements

FIG. 3. (Color online) Quasi-two
dimensional XRD-plot of Ti0.46Al0.54N

powder annealed to Ta for ta¼ 1 min (a)

and ta¼ 120 min (b). Note that the loga-
rithmic intensity corresponds to the

color code in the scale bar. The orange
line highlights the 2% threshold value of

the normalized intensity.

FIG. 4. (Color online) Lattice parameters of the cubic (ac - above) and the

wurtzite phase (aw, cw - below) as obtained from powder X-ray diffraction.
Full and open symbols refer to the values obtained after annealing for ta¼ 1

min and 120 min, respectively. Note that the error bars are only visible when
they are not smaller than the symbol size.
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were performed on samples annealed at 900 �C for ta¼ 1 and

120 min. These conditions were chosen, as they represent

samples that are 100 �C below (for ta¼ 1 min) and 100 �C

above (for ta¼ 120 min) those with observed peak hardness.

Additionally, a sample in the as deposited state (for refer-

ence) and a sample annealed at Ta¼ 1350 �C for 1 min are

investigated. The latter represents the decomposed state of

the film composed of c-TiN and w-AlN as shown in Figs. 1

and 3. Statistical 3D-APT data treatment in combination

with 2 D-concentration plots and isoconcentration surfaces

were selected to graphically portray the morphological evo-

lution of the c-Ti0.46Al0.54N films under thermal load.

The datasets were evaluated according to a maximum

likelihood method, using the Langer-Bar on-Miller (LBM)

treatment,33,34 which approximates the probability distribu-

tions of the decomposing phases as two Gaussian distribu-

tions of equal width, r, located at respective concentrations

l1 and l2. Thereby, the magnitude of the average local

chemical fluctuations of the metallic sublattice can be

expressed as the difference between the two Gaussians,

l2-l1, as shown in Fig. 6(a). Since the magnitude of compo-

sitions in APT-data is extremely sensitive to the selected

block size,35 the LBM-treatment was carried out for different

block sizes as presented in Fig. 6(a). Too small block sizes

lead to statistical noise in the calculation and tend to overes-

timate the magnitude of l2-l1, reflected by a decreasing

slope with increasing block size up to �100 atoms/block.

This regime is followed by block sizes of the same order as

the chemical composition before too large block sizes

smooth out the real chemical fluctuations33 and l2-l1 rapidly

increases again. It can be seen that the difference in chemical

composition (l2-l1) of the samples in the as deposited and

annealed state reaches a first plateau at a block size of �100

atoms/block. Consequently, this regime was chosen for the

determination of the LBM statistics, which are presented in

Table I.

A comparison of the observed frequency distribution

with a binomial distribution and the LBM-model is presented

for the Al-ions in Fig. 6(b). The presentation of the obtained

values for Al is favorable to Ti due to the slightly higher Al-

content in the film, although the results for Ti are qualita-

tively similar. For all samples a significant deviation from a

random solid solution, usually described as a binomial distri-

bution, is visible and the LBM-method gives the best

FIG. 5. (Color online) (a) Microstrain,

�, obtained from the powder samples af-
ter annealing at Ta for ta¼ 1 min (black

full symbols) and ta¼ 120 min (gray

open symbols) using the Williamson-
Hall-method.24 Schematic illustration of

the atomic assembly for (b) the isostruc-
tural decomposition into c-TiN- and c-

AlN-enriched domains which causes the
strain increase in the single phase re-

gime, and (c) the dual phase structure at

higher Ta resulting in strain decrease
due to grain growth.
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approximation for the as deposited state. In addition to an

increasing width of the distribution, indicating phase separa-

tion, the samples annealed for ta¼ 1 and 120 min at

Ta¼ 900 �C exhibit an increasing asymmetry, which is more

pronounced for the 120 min sample. The high v
2 value for

Ta¼ 900 �C and ta¼ 120 min (Table I) suggests that the

LBM-model becomes insufficient to describe the present

decomposition state. These results are consistent with the

experimentally observed asymmetric peak development of

the cubic reflexes in the X-ray diffraction investigations. The

small inserts in each frequency distribution highlight the

deviation from the binomial (red solid line) and LBM-model

(gray dashed line with circles) at high Al-concentrations.

The results suggest the presence of stoichiometric AlN (Al-

content of 50 at.%) for the sample annealed at 900 �C for

120 min.

The graphical presentation of the investigated samples,

shown in Figs. 7(a)–7(d), was performed by isosurfaces36,37

at Al-concentrations of 28.5 at.% (as deposited), 29.5 at.%

(900 �C for 1 and 120 min), and 46.5 at.% (1350�C for 1

min), respectively. These isoconcentration values are 2, 3,

and 20 at.% above the 26.5 at.% average Al-concentration,

in order to graphically emphasize the increasing local ele-

mental fluctuations and phase separation with Ta and ta. The

two-dimensional concentration plots represent the respective

Al and Ti concentrations, projected toward the y-direction of

the highlighted yellow boxes (50� 2� 80 nm) in the center

of the tips. Due to the sample preparation technique, the field

evaporation (measurement direction z) of the shown tips was

perpendicular to the thin film growth direction (y-axis) as

described in Ref. 20. Hence, the 2 D-plots give plan-view in-

formation about the local element distribution across column

boundaries.

Already in the as deposited state, local elemental fluctu-

ations of Al and Ti ions in opposite directions were detected

[Fig. 7(a)], confirming the deviation from an ideal random

element distribution as mentioned above and presented in

Ref. 10. Note the different scales for the Al and Ti concen-

trations in the different annealing states enhancing the color

contrast of the respective decomposing domains. After

annealing at 1350 �C for 1 min, the formation of almost stoi-

chiometric TiN and AlN can be confirmed by 3D-APT [see

Fig. 7(d)]. Only small fractions of Al or Ti ions can be

detected within the coarsened grains of the opposite species.

Annealing at 900 �C for 1 min [see Fig. 7(b)] leads to an

increasing compositional amplitude and the formation of TiN-

and AlN-enriched domains, spanning an interconnected 3D-

network compared to the as deposited state reported earlier.10

Although an increasing intensity of the compositional oscilla-

tions throughout the whole volume can be found, a stronger

Al-enrichment can be detected at grain boundaries, high-

lighted by the red arrow. The development of a 3D-intercon-

nected structure of c-Ti1�x�DAlxþDN and c-Ti1�xþDAlx�DN is

a result of the spinodal decomposition process and therefore

coincides with the structural investigations as described

FIG. 6. (Color online) (a) The difference of the two gaussians m2-m1, reflect-

ing the chemical compositions of the respective TiN- or AlN-enriched
domains, as obtained from the Langer-Bar on-Miller treatment of the 3D-

APT data as a function of block size. (b) Frequency distributions of the Al
concentration for the as deposited (top) and annealed to Ta¼ 900 �C for

ta¼ 1 min (middle) and 120 min (bottom) state. The inserts present a magni-

fication of the Al-rich part of the distribution. The green dashed line indi-
cates the average Al composition of 26.5 at.%.

TABLE I. Parameters of the LBM-fits to the frequency distributions shown

in Fig. 6.

as deposited 900 �C – 1 min 900�C – 120 min

l1 [%] 25.9 25.3 29.0

l2 [%] 28.9 32.3 41.0

r [%] 2.0 4.0 4.0

v
2 [-] 45.9 90.1 1074

d.o.f. [-] 35 41 50
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above. Using electron energy loss spectroscopy (EELS)

Knutsson et al. observed a qualitatively similar element distri-

bution in arc-evaporated TiN-Ti0.34Al0.66N multilayer coat-

ings after annealing to 900 �C.38,39 The locally higher

compositional amplitude at former grain boundaries is likely

to originate from the higher diffusivity as compared to the

grain interior. Also a Kirkendall-like behavior, due to the

higher diffusivity of Al compared to Ti, can contribute to this

effect as proposed by Johnson et al. for Ti0.34Al0.66N after

annealing at 900 �C.26 The sample annealed at 900 �C for 120

min [Fig. 7(c)] indicates that the compositional mismatch of

the TiN- and AlN-enriched domains within the grains signifi-

cantly increased compared to samples annealed only for 1

min. Also here the highest Al contents were found at the grain

boundaries (red arrow). At this annealing stage, the AlN-rich

domains are clearly elongated along the growth direction of

the film and locally reach an Al concentration of �50 at.%;

compare also Fig. 6(b). Theoretical and experimental

FIG. 7. (Color online) Isoconcentration

surfaces for Al contents drawn at the
given threshold values for the as depos-

ited state (a), after annealing at 900 �C

for 1 min (b) and 120 min (c) and after
annealing at 1350 �C for 1 min (d). The

2 D-concentration plots on the right side
present the respective element distribu-

tion of Al or Ti calculated in the y-direc-
tion (initial growth direction) of the box

shown in the center of the tips. The
arrows indicate regions with highest Al

concentration gradients identified as col-

umn boundaries, see also Fig. 9.
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investigations on Ti0.50Al0.50N thin films40,41 suggest a differ-

ent growth behavior of the TiN- or AlN-rich domains in the

growth direction and perpendicular to it due to the strong de-

pendence of the mixing enthalpy on the local atomic ordering

and strain effects.42 A further argument takes into account the

generation and reduction of internal stresses during decompo-

sition which stems from a strong orientation relationship

between the decomposing counterparts.43

In order to determine the impact of strain or Ti-impurities

on the total internal energy of w-AlN, ab initio calculations

were performed. Figure 8 shows that the change in internal

energy, DUcomp., of w-AlN strongly increases to 0.17 eV at�1

if Ti atoms substitute Al in w-AlN (red full squares) to obtain

a 4.3% larger cell size. If, on the other hand, stoichiometric w-

AlN is strained by 1.43% to reach a comparable cell size, the

change in internal energy, DUstrain, (black open squares) is

much smaller (�0.015 eV at�1), see Fig. 8. This result is in

general agreement with the limited solubility of Ti in w-AlN

and suggests that the lattice parameter deviation of w-AlN

during precipitation, as obtained from our experiments

(Figs. 4 and 5), is mainly caused by strain rather than chemical

variation.

More detailed investigations of the atomic arrangement at

the grain boundaries are made using TEM. Figure 9(a) shows a

bright-field (BF) plan view image of the coating annealed at

900 �C for 120 min. The insert shows the corresponding

selected area electron diffraction (SAED) pattern, indicating

strong c-Ti1�xþDAlx�DN reflexes and only little intensity of the

w-AlN phase, in line with the X-ray investigations. The corre-

sponding dark-field image, highlighting regions obtained from

the w-AlN (10�10) reflex indicated in the SAED pattern, is

shown in Fig. 9(b). Regions corresponding to the w-AlN phase

are especially visible at the grain boundaries. The HR-TEM

image, Fig. 9(c), from the area indicated with a rectangle in the

dark-field image [Fig. 9(b)] emphasizes the presence of

FIG. 8. (Color online) Ab initio results in the change of the total internal
energy of w-AlN due to Ti-impurities (DUcomp. – red full symbols) as a

function of Al-mole fraction (x) and the corresponding increase of the
atomic volume. The total internal energy changes due to strain (DUstrain –

open black symbols) of stoichiometric w-AlN distorted to the same volumes
reaches a significantly lower increase in internal energy and is thus sug-

gested to be energetically favorable.

FIG. 9. (Color online) (a) Plan-view

BF-TEM micrograph of the
Ti0.46Al0.54N thin film annealed to 900
�C for 120 min, the insert shows a
SAED pattern of this region. (b) Dark

field TEM image from the wurtzite

reflex indicated in the SAED pattern. (c)
HR-TEM image of the highlighted

region from (b) showing w-AlN at the
grain boundaries. The FFT inserts were

obtained from the indicated regions 1
and 2, respectively. (d) The elastic ani-

sotropy of w-AlN shown for the change

of E-modulus with respect to the
[0002]w-AlN direction. Note that [0002]

and [10�10] directions refer to a defor-
mation along the c- and a-axis of the w-

AlN, respectively.
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semicoherent and incoherent interfaces between the w-AlN pre-

cipitates and the surrounding cubic Ti1�xþAlx�N matrix. The

measured lattice constant ac of the c-Ti1�xþDAlx�DN matrix

varies between 4.18 Å and 4.21 Å, depending on the area of

investigation. This modulation corresponds to the local Al-fluc-

tuations in agreement with literature.44 Fast Fourier transforma-

tion (FFT) of region 1, corresponding to the w-AlN precipitate,

exhibits three sets of additional reflexes compared to the solely

cubic reflexes of region 2 [see inserts in Fig. 9(c)]. Since the

w-AlN precipitate is highly strained, the reflexes overlap with

the cubic reflexes in one direction, indicating a partial coher-

ency of the (01�1�1)w-AlN//(002)cubic planes, whereas the

other two are in no orientation relationship with the surrounding

matrix. Rafaja et al.43 recently proposed an orientation relation-

ship between (11�1)cubic//(0002)w-AlN planes in as deposited

nanocomposite Ti0.50Al0.50N coatings, which exhibits the low-

est mismatch between the two phases along the [1�10]cubic//

[10�10]w-AlN directions. However, the existence of the partial

coherency also along other crystallographic orientations can be

explained by the high distortion of the w-AlN in its initial pre-

cipitation stage, which has to compensate the�24% higher vol-

ume per formula unit of w-AlN compared to c-AlN.45 Further,

the elastic anisotropy of w-AlN, regarded as a function of the

angle with respect to the [0002]w-AlN direction, is shown in Fig.

9(d). The lower elastic modulus in a direction perpendicular to

the (01�1�1)w-AlN plane therefore suggests the easier displace-

ment of (01�1�1) planes, compared to the (10�10)w-AlN
planes, in agreement with the FFT of region 1. The observed

strain maximum in the cubic phase (see Fig. 5) therefore results

from the w-AlN precipitation at this annealing state.

C. Electrical resistivity

The sheet resistivity of Ti1-xAlxN coatings is known to

strongly scale with the Al mole fraction, x, and the structure

obtained after deposition.46 TiN films exhibit an almost metallic

conduction behavior (�0.1 mX cm47), while AlN films are

semiconducting (�1013 to 1015 mX cm48). Due to the thermally

induced structural changes of c-Ti0.46Al0.54N, the sheet resistiv-

ity decreases by 1 order of magnitude from �4.6 mX cm after

deposition to �0.5 mX cm after annealing at Ta¼ 1400 �C for 1

min and �0.2 mX cm for 120 min, respectively; see Fig. 10. As

suggested above, the spinodal morphology of c-Ti1�xþDAlx�DN

and c-Ti1�x�DAlxþDN domains, spanning an interconnected

3D-network throughout the volume of the film, opens a percola-

tion pathway for charge transfer within the TiN-enriched

domains (Fig. 7), being the electrically better conductive part of

the composite. The state of decomposition is therefore reflected

by the sheet resistivity, which goes along with the structural

investigations as a function of Ta and ta.

IV. CONCLUSIONS

The present work deals with the pathway of decompo-

sition from single phase c-Ti1�xAlxN toward a dual phase

structure composed of c-TiN and w-AlN, involving spino-

dal decomposition and subsequent precipitation and

growth. We employ the model system Ti1�xAlxN with an

Al content of 54 at.% at the metallic sublattice as this pro-

vides a huge decomposition driving force deep in the spino-

dal region, combined with a single phase cubic structure of

large columnar grains after deposition. Three-dimensional

atom probe tomographic studies of free standing coating

samples annealed at 900 �C show that the isostructural

decomposition of c-Ti0.46Al0.54N occurs within the entire

coating volume. However, a higher AlN-enrichment was

found at preferred diffusion pathways such as column or

grain boundaries, while the extent of the local TiN- and

AlN-enrichment in the grain interior is slightly retarded and

becomes more pronounced with increasing annealing time

from 1 to 120 min. At this stage, first highly distorted

w-AlN domains at the grain boundaries can be detected, as

shown by HR-TEM investigations. Concomitant X-ray and

nanoindentation experiments show that the hardness maxi-

mum of 32.56 1.2 GPa (ta¼ 1 min, Ta¼ 1000 �C) and

33.36 1.8 GPa (ta¼ 120 min, Ta¼ 800 �C) is achieved in

the single phase regime where the relative microstrain

shows an increase of �60%. The results further demon-

strate that the peak hardness is obtained at �100 �C lower

temperatures than the peak strain, which is observed during

the early stages of w-AlN precipitation. The observed pre-

cipitation of highly strained w-AlN is supported by ab initio

calculations, exhibiting a significantly higher change in in-

ternal energy due to residual Ti-impurities (DU �0.17 eV

at�1) than to strain (DU �0.015 eV at�1) for a comparable

volume change of the cell by �4%. The subsequent

growth of w-AlN grains and out-diffusion of Al from the

c-TiN-enriched domains with further increase of Ta, results

in a loss of coherency and causes a significant strain and

hardness decrease. Moreover, the presented structural evo-

lution goes in line with a reduction in electrical resistivity

by 1 order of magnitude, which is related to the formation

of a 3D-interconnected network of c-TiN-enriched

domains (and finally c-TiN) with essentially lower electri-

cal resistivity.

FIG. 10. Electrical resistivity of the Ti0.46Al0.54N thin films measured after
annealing at Ta and ta¼ 1 min (black full symbols) and 120 min (gray open

symbols). The evolution of sheet resistivity reflects the state of decomposi-
tion (compare Figs. 3 and 7).
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