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ABSTRACT

Electrochemical energy storage has been an important enabling technology for modern electronics of all
kinds, and will grow in importance as more electric vehicles and grid-scale storage systems are deployed. We
brie�y review the history of intercalation electrodes and basic concepts pertaining to ba�eries based on
intercalation reactions.�en we summarize how the critical performance metrics—energy density, power
density, safety and stability—relate back to electrode materials properties, and how these materials
properties are related to fundamental chemical and physical structure relationships highlighted with the
most recent research advancement. Challenges and avenues for further research have been highlighted
throughout.
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INTRODUCTION

The need for energy storage

Energy storage—primarily in the form of recharge-
able ba�eries—is the bo�leneck that limits tech-
nologies at all scales. From biomedical implants
[1] and portable electronics [2] to electric vehicles
[3–5] and grid-scale storage of renewables [6–8],
ba�ery storage is the primary cost and design limi-
tation. Ba�eries already play an important support-
ing role in modern life. On one hand, we can look
to recent history. �e release of the iPhone in 2007,
among other key drivers, enabled the sweeping tech-
nological and cultural shi�s that we are witnessing
today. But this is only made feasible with decades’
worth of advances in rechargeable ba�ery technol-
ogy (and even still we bump up against frustratingly
short ba�ery life!).

At the same time, we can also look forward and
see how future ba�ery advances and economies of
scale will help scrub CO2 emissions from trans-
portation and the grid. Economical energy storage
lets ba�ery-powered electric vehicles replace inter-
nal combustion engines in the transportation sec-

tor, which now accounts for the plurality of CO2

emissions in the USA (∼34% throughMarch 2016)
[9]. High-pro�le hybrid and fully electric vehicles
like the Toyota Prius, Tesla Model S, Nissan Leaf
and Chevrolet Volt have catalysed this trend away
from gasoline. Even in spite of concerns about coal-
powering these electric vehicles [10,11], be�er bat-
teries will in fact compound the environmental ben-
e�ts as storage helps renewables supplant coal and
other fossil-fuel power plants [12,13].

For grid-scale applications, the bene�ts of adding
storage are many and well documented [14,15]. Be-
yond increased penetration of intermi�ent renew-
able generation, ba�eries’ fast response times (sec-
onds) and relatively long discharge time (hours)
make them viable for applications across many time
scales [16]. Storage helps with frequency regula-
tion,whichbalances generation and load in real-time
and increases grid reliability [17]. On the scale of
minutes and hours, storage also supplies previously
stored power during times of high demand (load
leveling) and mitigates the need for additional in-
stalled capacity on the grid (peak shaving). Over the
long term, reducing the load allows utilities to avoid
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the cost of new substations and transmission lines
(T&D deferral) [18]. Not all applications are mutu-
ally compatible [14], but they can still be combined
to match the needs of di�erent actors and locations
[19–22] and fundamentally transform the grid.

�e relevantmetric for life-cycle analyses of these
larger-scale applications is the cost. �e demands
on energy, power, lifetime and safety characteristics
will vary between storage applications, but the bat-
tery system will not be installed in the absence of
a strong value proposition. A sophisticated techno-
economic analysis has many considerations to ad-
dress [23–27]. However, as a �rst approximation,
the levelized cost of electricity (LCOE, in $/kWh-
cycle) can be thought of as follows [28]:

LC O E =
C

E · n · η
. (1)

Here, C is the total cost of the storage sys-
tem, including both capital and operating costs,
per unit mass (or volume), E is the energy den-
sity per unit mass (or volume) of the device at
the pack level, n is the lifetime of the ba�ery mea-
sured in cycles and η is the roundtrip energy e�-
ciency. �is formula clari�es the main goals of bat-
tery scientists and engineers. Cost is minimizedwith
design choices that favor abundant materials and
scalable processing techniques. Energy density in-
creases with higher-voltage and -capacity materials,
and more e�cient cell architectures. Incident-free
long life is achieved with materials that are mechan-
ically, thermally and electrochemically stable, and
added by ba�ery-management systems. �e overall
energy e�ciency is determined by both the behav-
ior of the redox-active material and the power elec-
tronics of the ba�ery pack itself. Optimizing these
variables simultaneously (without compromising
safety) is the herculean challenge for the ba�ery
community [29].

Historical context for intercalation
chemistry

While a full history of intercalation is well beyond
the scope of this review, it is worth brie�y survey-
ing the foundation on which the Li-ion ba�ery was
built. Similarly to today, the initial push for recharge-
able ba�ery technologywas driven by fossil-fuel anx-
ieties and growing demands on electronics [30]. Ur-
ban smog, diminishing oil reserves and geopolitics
spurred interest in oil alternatives in the early 1970s
[31]. A�er the discovery of β-alumina [32] and the
development of solid-state ionics [33], researchers
recognized the potential for ba�eries based on inter-
calation. By 1976,Whi�ingham and others at Exxon

produced the �rst lithium ba�ery, which used lay-
ered TiS2 as the cathode and Li metal as the an-
ode [34].�e ba�ery provided∼480mWh/g when
discharged at a rate of 10 mA, but fundamental
safety and manufacturing problems prevented its
widespread adoption.

For be�er or worse, the 1980s brought more ef-
�cient vehicles, new oil reserves and cutbacks to
alternative-energy research in the wake of global re-
cession [31]. All of these conspired against signi�-
cant ba�ery research and development. Even so, the
seminal advances of Goodenough’s LiCoO2 cath-
ode [35] and Yazami’s graphite anode [36] even-
tually paved the way for the �rst commercial Li-ion
ba�eries. �e �rst LiCoO2/carbonaceous ba�ery
was later assembled by Yoshino at Asahi Kasei
Corporation [37]. �e propylene carbonate non-
aqueous electrolyte allowed for high-voltage oper-
ation (∼3.6 V), graphite resolved the safety issues
associated with lithium metal anodes, and LiCoO2

was a su�ciently stable and robustmaterial forman-
ufacturing and long-term cycling. Sony enabled the
wireless revolution when they commercialized this
technology in 1991 [38].

Despite tremendous e�ort and investment at the
lever of research and development [39], most bat-
tery progress has been made at the manufacturing
level, not because of materials advances. For Li-ion
ba�eries, only �ve practical cathode materials and
two anode materials have been commercialized to
date (Table 1) [40–47].

�ere is a strong empirical understanding of
how to improveperformance andeconomics (e.g. by
using thinner separators, thicker electrodes and pro-
prietary protocols for solid–electrolyte interface for-
mation), but even today there are many fundamen-
tal mysteries about what exactly is happening within
a ba�ery. �e rich scienti�c challenges (and ample
funding) of electrochemical energy storage have led
to the rapid growth of worldwide research activity,
and many exciting new chemistries are under devel-
opment. Today, lead–acid and Li-ion ba�eries are
the major rechargeable ba�ery chemistries. Other
rechargeable technologies based on nickel–metal
hydride and nickel–cadmium chemistries are being
phased out. However, the persistence of technolo-
gies that are over 150 years old (lead–acid and pri-
mary alkaline ba�eries) shows howdi�cult the chal-
lenge is. Nevertheless, new ba�ery con�gurations
including redox �ow ba�eries [48–51], sodium-ion
ba�eries [52–54], multivalent (e.g. Mg2+, Al3+)
ba�eries [55–57], metal–sulfur ba�eries [58,59],
metal–air ba�eries [60–62], pseudocapacitors [63],
metal chloride ba�eries [64,65] and other schemes
[66,67] have been demonstrated—both in the lab
and in the �eld [54,68,69].
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Table 1. Rechargeable Li-ion battery intercalation electrode materials.

Average Practical Date

Material Structure voltage capacity �rst Reference

(V vs. Li) (mAh/g) reported

LiCoO2 Layered ∼3.9 ∼140 1980 35

LiMn2O4 Spinel ∼4.1 ∼120 1983 43

Cathodes LiFePO4 Olivine ∼3.45 ∼160 1997 44

LiNi1/3Mn1/3Co1/3O2 Layered ∼3.8 ∼200 2001 45

LiNi0.8Co0.15Al0.05O2 Layered ∼3.8 ∼200 2003 46

Anodes Graphite (LiC6) Layered ∼0.1 ∼360 1983 36

Li4Ti5O12 Spinel ∼1.5 ∼175 1994 47

Adapted from [40–42].
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Figure 1. (a) Battery performance metrics are closely tied to electrode material properties. In turn, material properties can

be rationalized from the underlying chemistry and structural features of the active material. Device performance is fed back

to guide design and synthesis choices that lead to next-generation batteries. (b) Schematic representation of a Li-ion battery

with a layered LiCoO2 cathode and graphitic carbon anode as active materials [83].

�is wide array of ba�ery materials converts en-
ergy only via a few mechanisms. Alloying reactions
take place with metal anodes like Si or Sn [70–72].
Conversion reactions take place at the cathode of
air ba�eries and metal �uorides, as well as certain
oxide and sul�de anode materials (e.g. Fe3O4 and
MoS2) [73]. �ese mechanisms allow for very high
capacities, but large volume changes and minimal
long-term reversibility, among other issues, have
hindered their practical application. �is review fo-
cuses on the third mechanism: intercalation. Inter-
calation is the process by which a mobile ion or
molecule is reversibly incorporated into vacant sites
in a crystal la�ice. Despite modest capacities, this
mechanismminimizes volume change andmechani-
cal strain during repeated insertion and extraction of
alkali ions. As a consequence, this mechanism leads
to good cycling performance and governs the oper-
ation of today’s Li-ion ba�ery electrodes, regardless
of the chemistry (Table 1).

We structured this review with the emphasis
on the most fundamental considerations for the
selection and design of electrode materials for
rechargeable alkali ba�eries based on intercalation
reactions. We �rst describe the basic anatomy of
Li-ion ba�eries. Li-ion ba�eries are featured promi-
nently by virtue of their technological maturity,
but other alkali-ion (Na+, Mg2+, K+, Ca2+) bat-
tery materials are discussed when appropriate. Hav-
ing brie�y discussed the economic requirements
on ba�ery systems above, our primary focus is on
the other three primary metrics: energy, power and
stability. We tie ba�eries performances with elec-
trode materials properties to structure and chem-
istry using archetypical examples from the literature
as schematically illustrated in Fig. 1a. However, an
in-depth discussion of speci�c materials and synthe-
ses is beyond the scope of this review.More detailed
treatments beyond the scope of this review are avail-
able elsewhere [4,74–82].
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Metal-ion battery fundamentals

Ba�eries convert chemical potential energy into us-
able electrical energy. At its most basic, a ba�ery
has three main components: the positive electrode
(cathode), the negative electrode (anode) and the
electrolyte in between (Fig. 1b). By connecting the
cathode and anode via an external circuit, the bat-
tery spontaneously discharges its stored energy.�e
electrolyte is an electronically insulating but ioni-
cally conductive medium. It transports the reactant
between the two electrodes without short-circuiting
the ba�ery. Many di�erent con�gurations are possi-
ble using these three building blocks.

In Li-ion ba�eries, the electrodes are o�en
porous composites that contain some combination
of the electroactive material, a carbon additive (to
boost electronic conductivity in the electrode) and
a polymer binder to hold it together. �in �lms of
these composites are coated onto copper or alu-
minum foil substrates to provide physical support
during processing and provide an electronically con-
ductive pathway to the external circuit.�e choice of
metal is determined by economics and electrochem-
ical stability in the highly oxidizing (reducing) envi-
ronment near the cathode (anode). �e electrolyte
is typically an organic carbonate solvent containing
a lithium salt, most commonly LiPF6. A mixture of
di�erent carbonates is needed to achieve the appro-
priate combination of properties (low viscosity, high
boiling point, etc.) and additives like vinyl carbonate
are used to improve long-term cycling performance
[84,85]. A polymer membrane separator insulates
the two electrodes from each other when they are
sandwiched together during assembly [86].

Di�erent formats are available depending on the
needs of a given application. Coin cells like CR2032
(20 mm diameter × 3.2 mm height) are o�en em-
ployed for R&D and in small portable electronics.
�ey are generally rated for ∼100 mAh and are ex-
cellent for long-life, low-current applications. Cylin-
drical 18650 cells (18 mm diameter × 65.0 mm
height) are rated for 3–4 Ah.�ey are relatively easy
to manufacture but are not as space-e�cient or as
customizable as prismatic or pouch (rectangular)

cells. On the other hand, the lack of standardization
tends to make rectangular cells more expensive to
produce and harder to manage heat compared to
cylindrical cells [87]. During the design process, a
format is selected and cells are connected in series
and parallel into a module that meets the applica-
tion’s required voltage and capacity. At the module
level, ba�ery-management systems (of various levels
of sophistication) are employed to ensure the bat-
tery operates safely and e�ciently [88].

Discharge corresponds to reduction of the elec-
troactive species of the cathode material and inter-
calation of Li+ into available sites in the host la�ice.
�e driving force for intercalation during discharge
is the spontaneous redox reaction at the electrode
surface. Electroneutrality is maintained by the �ow
of electrons from the negatively charged anode to
the positive cathode via the external circuit. When
the ba�ery is recharged, an external load reverses
the �ow of ions and electrons back into the negative
electrode (Table 2). �e astute electrochemist will
notice that reversing the reactionmeans that thepos-
itive electrode is now the anode and the negative
electrode is the cathode, but ba�ery researchers will
o�en call the positive electrode the cathode regard-
less of the mode of operation.

In the absence of a transformational break-
through, Li-ion technology is not projected to ex-
ceed∼300Wh/kg [89]. Faced with diminishing re-
turns on Li-ion materials research, alternative alkali
intercalation chemistries have received renewed at-
tention [55,90,91]. Sodium-ion ba�eries, nowbeing
deployed by Aquion Energy [68], are the most ma-
ture out of the set of sodium,magnesium, potassium
or calcium ba�eries.�emain advantages of Na-ion
ba�eries are similar (but not identical) electrochem-
istry and very low cost compared to Li-ion ba�eries.
However, the energy density is generally compara-
ble or lower than Li-ion, plus the largerNa+ tends to
domore damage to the host la�ice during long-term
cycling [56].�enext alkalimetal, potassium, has re-
ceived some a�ention, albeit limited [91].�e larger
K+ is liable to cause even more damage than Na+

without o�ering many additional advantages, but
potassium electrochemistry nevertheless represents

Table 2. Summary of the direction of ion and electron transport in both electrodes of an intercalation-based battery during

the charging and discharging steps.

Charging Discharging

Positive electrode Intercalation Deintercalation Ionic process

Reduction Oxidation Electronic process

Negative Electrode Deintercalation Intercalation Ionic process

Oxidation Reduction Electronic process
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Table 3. Comparison of characteristics and electrochemical properties of prospective alkaline (earth)-ion batteries, as well

as zinc and aluminum multivalent batteries [56,91].

Parameters Lithium Sodium Magnesium Aluminum Potassium Calcium Zinc

Valance +1 +1 +2 +3 +1 +2 +2

Cationic radius (Å) 0.76 1.02 0.72 0.54 1.38 1.00 0.74

Atomic weight (g/mol) 6.94 22.990 24.305 26.982 39.098 40.078 65.380

E (V vs. SHE) –3.04 –2.71 –2.37 –1.66 –2.93 –2.87 –2.20

Metallic capacity

(mAh/g)

3862 1166 2205 2980 685 1337 820

Metallic capacity

(mAh/cm3)

2062 1128 3833 8046 591 2073 5854

an underexplored avenue for fundamental ba�ery
research.

Multivalent intercalation ba�eries are another
compelling route to higher energy densities, and
one of the main thrusts of the Joint Center for En-
ergy Storage Research (JCESR) [39]. �e alkaline
earth metals magnesium and calcium are two candi-
date materials for such ba�eries, in addition to the
transition metal zinc and the semimetal aluminum
(Table 3) [55,91].Magnesium and calcium are both
divalent ions that plate without forming dendrites.
�is entirely circumvents the fatal dendrite prob-
lem in lithium metal, meaning they could safely
be used as extremely high-capacity ba�ery anodes.
�eir high earth abundance alsomakes them less ex-
pensive than lithium materials in the hypothetical
Mg- or Ca-ion ba�ery supply chain. But, despite
these advantages, magnesium and calcium elec-
trochemistry is fundamentally di�erent from well-
established Li-ion protocols [55,56,92]. �e set of
functional electrolytes is much more limited for
these systems, and slow solid-state di�usion has
been a major hurdle for almost all materials, with
the notable exception of theChevrel phases [93,94].
Moreover, there is no guarantee that Li-intercalation
compounds will react with other ions by the same
mechanism [95,96].

Regardless of the working ion, a successful in-
tercalation ba�erymust simultaneously satisfymany
conditions. Low-cost and environmentally friendly
source materials facilitate commercialization, man-
ufacturing and disposal. �e range of lithium con-
tent in the �nal material must be su�ciently high
to support a large capacity, and have a high, sta-
ble voltage pro�le to maximize energy density.
�e material must be electrochemically compati-
ble with the electrolyte, and mechanically stable
upon cycling to ensure long life. However, a cath-
ode that simultaneously possesses high capacity,
high voltage, and good long-term cyclability does
not yet exist. For example, LiFePO4 presents a

favorable rate capability and chemical and ther-
mal stability, but a lower electrochemical poten-
tial (∼3.5 V) and speci�c capacity (∼170 mAh/g)
[97,98]. LiNi1–x–yCoxAlyO2 (NCA) has a high po-
tential of 3.8 V and speci�c capacity in excess of
200 mAh/g; however, antisite defects and oxygen
evolution at high potential deteriorate its cycling sta-
bility [99]. Rapid transport of ions and electrons in
the bulk coupled with fast reaction kinetics at the
surface are needed for high power density. Great ef-
forts have been made to minimize the size of active
particles, thereby shortening the ion di�usion dis-
tance. However, side reactions on high-energy sur-
faces accelerate the degradation of ba�eries. �ese
challenges o�en require tradeo�s, and necessitate a
shi� from reductionist thinking of individual com-
ponents to a holistic approach that considers the
variousmaterials and their interfaces simultaneously
[39,100].

BATTERY ENERGY

�e total energy (E) stored in or discharged from a
ba�ery is the integral of its voltage (V) with respect
to its capacity (C):

E =

∫

V (C )dC =

∫

V (t)I d t . (2)

Here, we will focus on strategies to modulate these
two parameters: capacity and voltage. �e voltage
depends on the di�erence between the cathode and
the anode. Similarly, the capacity is limited by the
range of Mn+ ions that can be reversibly incorpo-
rated into the host structure. �is range will be set
by the number of available sites that cations can oc-
cupy, and the ability of the hostmolecular orbitals to
handle the concomitant change of electron density.
�e crystal and electronic structures must both be
considered to explain high-voltage or high-capacity
materials.
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REVIEW Massé et al. 31

Capacity

�emaximum speci�c capacity of intercalation elec-
trodes (Cmax, in units of mAh/g) is determined by
the number of electrons injected or removed dur-
ing cycling, and themolecularweight of the insertion
material according to Equation (3):

Cmax =
n F

3.6 · MW
. (3)

Here, n is the number of electrons inserted per for-
mula unit of reactant, F is the Faraday constant,MW
is the molecular weight of the reactant and 3.6 is the
conversion factor between coulombs and milliamp-
hours (mAh), the preferred unit for capacity. At the
bench scale, the capacity will be reported with re-
spect to the weight of the active material, which is
useful to determine how much material is being uti-
lized. However, at the cell and pack level, the prac-
tical energy density will be much lower, owing to
the weight of inactive materials and the unfortunate
math of ba�eries [101]. Taken together, these var-
ious factors have limited today’s Li-ion ba�eries to
only ∼25% of their theoretical capacity [75]. In-
creasing the thickness of the electrodes and min-
imizing the contribution of all other components
are important engineering problems that increase
energy density [102], albeit perhaps at the cost of
power output [103]. �e volumetric speci�c capac-
ity (mAh/cm3) can also be used by factoring in the
material density. For applications like electric vehi-
cles and grid storage, volumetric capacity is o�en
more important because of design constraints on the
ba�ery size and form factor.

Crystal structure
Every intercalation cathode is based on a crystal
structure that includes redox-active transition metal
centers. �is is also true for anode materials, with
the conspicuous exception of graphite and other
carbon materials. Here we will focus on layered,
spinel and olivine compounds (Fig. 2). To date,

these are the three categories of materials that have
been most widely commercialized for Li-ion ba�er-
ies (Table 1). However, many di�erent structure
families have been studied as alkali-ion hosts. For
example, a fourth group based on the NASICON
framework has been proposed as a solid-state elec-
trolyte and as a cathode material [82,104]. Layered
materials have also been popular for Na-ion bat-
tery cathodes [105].Chevrel phases likeMo6S8 have
been the benchmark for Mg-ion ba�ery cathodes
[94,106].

Layered materials make up the bulk of successful
intercalation materials. �ese include lithiated tran-
sition metal oxides of the form LiMO2 (where M
is some combination of Co, Ni or Mn) [41,74,81]
for the cathode and graphite-based anode materi-
als [107]. Alternative oxides like MoO3 [108] or
V2O5 [79] dichalcogenides like TiS2 [34] and other
2D materials such as the emerging class of MXenes
[109] have also received substantial a�ention.

In transitionmetal oxides, individual sheets com-
prise edge-sharing MO6 octahedra linked together
in the ab-plane. Along the c-axis, the material alter-
nates between transitionmetal and Li (or vacancies)
in the octahedral sites (O), allowing 2D Li di�usion
(Fig. 2b).�e cubic closed packed structure repeats
every third layer (ABCABC stacking) and therefore
these compounds are classi�ed as O3-type layered
structures [110]. In layered Li-intercalation mate-
rials, this distinction is not important because the
octahedral site is the most stable at all Li concen-
trations. However, when Na+ is the working ion,
the situation changes slightly. �e sodium ion is
larger than both Li+ (Table 3) and the transition
metals in the host material (∼0.7 Å) [111] and, as
a consequence, sodium may be stabilized in larger
trigonal prismatic sites [105]. �e phase transitions
between octahedral and prismatic coordination de-
pend largely on the sodium concentration, while
layer stacking (e.g. P2 vs. P3) depends primarily on
the synthesis temperature—P3 being more stable
below∼700◦C [90].

(a) (b) (c)

a

b
c a b

c

ab

c

Figure 2. Crystal structures for (a) olivine LiFePO4 (Li in green, FeO6 in brown, PO4 in purple), (b) layered LiCoO2 (CoO6 in blue)

and (c) spinel LiMn2O4 (MnO6 in magenta), which have 1D, 2D and 3D diffusion channels, respectively.
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Since its introduction, LiCoO2 has been themost
successful cathode material for Li-ion ba�eries—it
combines high-voltage, reasonable capacity, and
relatively fast transport of both Li and electrons
into one material [35]. However, resource con-
straints on cobalt and limited stability at lithium
concentrations below x∼ 0.5 have driven the search
for alternatives. Higher energy density and lower
cost have been realized by replacing cobalt with
nickel and manganese in various combinations
[81,112]. �e analogous nickel oxide, LixNiO2, has
a comparable structure and high voltage, but low
stability. �e Ni3+cation is easily reduced to Ni2+,
which is similar in size to Li+. �e entropic driving
force means some nickel ions migrate into the
interlayer plane and inhibit Li transport. Likewise,
layered LiMnO2 easily undergoes a layered-to-
spinel transition and distortion that leads to loss
of soluble Mn2+ ions. Two second-generation
materials, LiNi1/3Mn1/3Co1/3O2 (NMC) and
LiNi0.8Co0.15Al0.05O2 (NCA), have addressed
these weaknesses of the individual transition metal
oxides. A small fraction of the highly stable Co3+

ion is su�cient to prevent reduction and migration
of nickel, while redox-inert aluminum serves to
prevent over-oxidation in NCA. Similarly, nickel,
manganese and cobalt have been combined in
various proportions to take advantage of the low
cost of manganese, high performance of cobalt and
high voltage of nickel. Now, further developments
have focused on third-generation materials such as
the Li- and Ni-rich layered oxides. �ese materials

boast large capacities in excess of 250 mAh/g by
harnessing anion redox processes [113], but su�er
from unresolved issues pertaining to voltage and
capacity fading during long-term cycling. �e nu-
ances of these advanced materials have been more
thoroughly discussed in recent reviews [81,112].

Other alkali layeredmaterialswith favorable elec-
trochemical performance include aMoS2, which cy-
cled with a stable sodium capacity over 230 mAh/g
when prepared as a mechanically robust composite
with graphene [114]. Vanadium oxides have been
popular hosts forMg-insertion [56], but recent �nd-
ings suggest that a large fraction of V2O5 capacity in
previous studies may be a�ributed to the e�ects of
proton intercalation in the presence of trace water
[115].UsingNa+ as theworking ion, bilayered xero-
gel V2O5 showed uniformly superior electrochemi-
cal performance when iron was hydrothermally pre-
inserted between nanobelt layers compared to the
regular xerogel [116].�e iron binds adjacent layers
more strongly, which decreased c-axis variation from
3.79 to 0.49 Å (Fig. 3).�e capacity and capacity re-
tention were both improved compared to the origi-
nal structure (184 vs. 161 mAh/g and 80% vs. 62%,
respectively).

At the anode side, graphite is the most success-
ful anode material, although a wide array of other
hard (disordered) and so� (ordered) carbons have
been studied extensively [107,117]. In practice, al-
most all of the 372 mAh/g theoretical capacity is
utilized, but the volumetric capacity is rather low
(∼800 mAh/cm3) and the power density is limited

Inhibited lattice breathing
stable structure

enhanced cycling stability

Iron pre-intercalated layered vanadium oxide xerogel structureNormal layered vanadium oxide xerogel structure

Fe3+

Large lattice breathing
unstable structure

poor cycling stability

Na+

Na+

VO
6
 octahedron Acetylacetone (acac)

Hydrothermal

Iron pre-intercalated ultrathin nanobelts

Dissolution

Na+

Na+

(a)

(c)

(b)

Figure 3. Schematic illustration of the layered vanadium oxide xerogel structure. (a) The normal xerogel structure experiences

large lattice breathing during reversible sodiation and shows poor cyclability. (b) Pre-intercalated iron inhibits lattice breathing

to improve structural stability and cycling performance. (c) Schematic illustration of the iron pre-intercalation process for

forming thin vanadium oxide xerogel nanobelts [116].
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to regimes where Li-plating does not occur [118].
Nevertheless, the simplicity of graphite has made
it di�cult to displace. Alkali–graphite intercalation
compounds (GICs) form in stages.�edriving force
for the staging phenomenon is the tradeo� between
the energy required to expand the van derWaals gap
between graphene layers and the repulsion between
adjacent alkali ions [119]. A stage n, GIC will have
ions inserted between every nth layer and, in the case
of lithium, it will vary from stage 1 (in LiC6) when
fully lithiated down to stage 8 (LiC72) before be-
ing fully delithiated at voltages very close to those of
metallic lithium (∼0.1–0.3 V vs. Li/Li+) [120].

Another major issue with graphite and other car-
bon anodes is the reduction of the electrolyte, which
forms the solid–electrolyte interphase (SEI). �e
SEI serves an important purpose protecting the an-
ode from further side reactions, but nevertheless
consumes Li or other ions. �is results in an irre-
versible capacity loss upon the formative �rst cycles
of a ba�ery. Proprietary SEI formation protocols are
o�en closely guarded trade secrets that o�er ba�ery
manufacturers their competitive advantages [121].

Spinels are structurally related to the layered ox-
ides. For example, in LixMn2O4, the unit cell is
composed of a cubic close-packed array of oxygen
atoms and edge-sharingMnO6 octahedra.However,
whereas the layered oxides have all metal octahe-
dra in the same plane, each plane in the spinel has
half of the possible octahedral sites occupied by Mn
atoms (Fig. 2c). �is forms a 3D di�usion network
for the inserted ions, with octahedral interstitial sites
connected by vacant tetrahedral sites. As with other
LixMnO2 compounds, this material is low-cost, but
also su�ers from only modest performance. Jahn-
Teller distortion (see the ‘Electronic structure’) and
dissolution ofMn2+ into the electrolyte are two fail-
ure modes associated with manganese electrodes
[122]. Along the same lines as the layered materials,
replacing manganese with nickel or other dopants
improves the performance and stability by reducing
the fraction of unstable Mn3+ present in the struc-
ture [123,124].

�e next most common spinel, Li4Ti5O12

(LTO), is used as an anode material. �e structure
is similar to LiMn2O4 except that one-sixth of the
TiO6 octahedra have been replaced with LiO6. �is
material undergoes a phase-separating transforma-
tion to rock-salt Li7Ti5O12 upon discharge, where
all the Li atoms originally on tetrahedral sites (8a)
migrate to occupy octahedral sites (16c) [125].
Recent studies using scanning transmission electron
microscopy (STEM) have shown that this reaction
takes placewith sharp coherent interfaces separating
the LTO from the lithiated Li7Ti5O12 phase. In
addition, electron energy loss spectroscopy and

density functional theory (DFT) calculations show
that the inserted Li+ and e– pair are strongly associ-
ated. �at is, reduction of Ti4+ to Ti3+ takes place
near the inserted Li (rather than homogenously
distributing electron density over the Ti 3d orbitals)
in order to maintain local electroneutrality [126].
�e Ti-O bond length �uctuates as a function of
Li concentration and depth within the particle.
�e bond distortions serve to form charge trap-
ping centers that facilitate electronic transport via
polaron hopping in what is otherwise a wideband
gap material (3.8 eV) [127]. Despite the dynamic
bond �uctuations, however, this material o�ers
remarkably long life because the two end members
experience almost no strain whatsoever (∼0.2%
volume di�erence) and it operates at voltages high
enough that SEI formation and Li-plating aremostly
avoided. �is means nanoscale LTO particles can
be cycled at extremely high rates without resistive
losses to the SEI or the dangers of short-circuiting
the ba�ery with Li dendrites. However, the high
voltage (∼1.55 V vs. Li/Li+) also severely reduces
the energy density compared to graphite. LTO is
primarily employed where power and safety are
more important than energy density.

In general, spinels have not been as successful
as Na-ion electrodes. Na+ o�en does not �t into
empty tetrahedral sites [90] or experiences orders-
of-magnitude slower di�usion [128]. �e excep-
tion to this has been insertion of Na+ into spinel
LTO, which proceeds via a three-phase mecha-
nism. Na ions occupy the octahedral 16c sites when
the Na6LiTi5O12 (NTO) phase is nucleated. Si-
multaneously, Li in tetrahedral sites in LTO is
simultaneously pushed into the octahedral sites,
forming Li7Ti5O12 as an interphase boundary that
propagates between the NTO and LTO phases
until all the LTO is consumed. When the reac-
tion is reversed upon charging, the extracted Na+

leaves behind vacancies that are back�lled by dif-
fusion of Li into the tetrahedral sites. �erefore,
the fully discharged product (NTO/Li7Ti5O12)
forms LTO as the interphase boundary under this
condition. As with lithiation of LTO, sharp inter-
face boundaries are observed with STEM imag-
ing upon sodiation as well [129]. Intercalation
into Mg spinels such as MgMn2O4 is more en-
couraging (if suitable electrolytes are developed)
and has been directly observed with a variety of
characterization tools [130]. Furthermore, �rst-
principles calculations suggest that both Mg2+ and
Ca2+spinels may achieve high energy densities (up
to 1000 Wh/kg) and reasonable activation ener-
gies for di�usion. In particular, the di�usion barrier
for Ca2+ is comparable or smaller than that of Li+

[131].
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�e third major structure used for ba�ery mate-
rials is the olivine family, andmost notably LiFePO4

[44]. In this structure, distorted FeO6 octahedra
share vertices with one another in the bc-plane. PO4

tetrahedra share one edge with one FeO6 octahe-
dron, while the other two vertices form a bridge link-
ing another FeO6 octahedron in the same planewith
a third octahedron in an adjacent layer (Fig. 2a).�e
la�ice allows di�usion of Li-ion in octahedral sites in
a 1D channel along a curved trajectory [122] that is
otherwise parallel to the b-axis.

LiFePO4 (LFP) has proven to be a hotly con-
tested material [31] and its performance has some-
times outpaced the fundamental understanding
behind it. At equilibrium, LFP shows a wide mis-
cibility gap and separates into Li∼0.9FePO4 and
Li∼0.1FePO4 (where the exact end members will
depend on the particle size) [132]. However, un-
like the phase-separating behavior observed with
LTO, in situ experiments on LFP have revealed
metastable LixFePO4 solid-solution behavior [133]
and annular-bright-�eld STEM shows a metastable
stage 2 lithium compound for Li0.5FePO4 [134].
�is staging is driven by interlayer Li–Li interac-
tions that result from strong correlation between Fe
and injected electrons [135]. Further, staging is a
size-dependent phenomenon. For particle sizes un-
der ∼50 nm, formation of the stage 2 compound
is energetically favorable compared to phase sepa-
rating, while larger particles will have a three-phase
coexistence of LiFePO4/Li0.5FePO4/FePO4 where
the stage 2 interphase width narrows as the particle
size increases [136,137]. Nano-particulate LFP al-
lows extremely high-rate performance compared to
micron-sized particles because the probability of de-
fects obstructing the 1D channels is greatly reduced
[138,139] and doping with Zr, Nb or Mg greatly
improves electrical conductivity and power density
[140]. However, despite favorable performance, the
voltage and capacity are both relatively low com-
pared to other commercial materials (Table 1).

Second-generation olivines incorporate other
metal ions such as manganese to increase the volt-
age and improve solid-solution phase transition be-
havior [141,142]. Sodium and magnesium analogs
of the phospho-olivines have been much less thor-
oughly studied. �e best electrochemical perfor-
mance of NaFePO4 was recently demonstrated af-
ter sintering at 460◦C. �e sample was amorphous
at this temperature and delivered 143.5 mAh/g ini-
tially, of which 100.4 mAh/g was retained a�er 200
cycles [143]. On the other hand, magnesiation of
FePO4 does not proceed by intercalation at all. In-
stead of Mg0.5FePO4, an amorphous surface layer
composed of Mg3(PO4)2 and Fe3(PO4)2 was ob-
served [96]. �ese reaction products are thermody-

namically more stable than the intercalation prod-
uct, suggesting that magnesium olivines are unlikely
electrode candidates.

Prussian blue analogs (PBA) are another com-
pelling class of up-and-coming positive electrode
materials, especially for sodium-ion ba�eries [144].
PBAs are of the form AxM

′
y[M

”(CN)6]z·nH2O,
where A is the metal ion that is reversibly interca-
lated and M′ and M” are structural transition met-
als that may or may not be identical. A cubic metal-
organic-framework (MOF) is formed when the
M′N6 octahedra andM”C6 octahedra arebridged to-
gether by cyanide bonds. Ferricyanide is o�en used
as the C-coordinated source of iron (M”)metal cen-
ters, and the N-coordinatedM′ is o�en one or more
of Mn, Fe, Co, Ni or other metals [145–147]. �e
wet chemical syntheses associated with these mate-
rials are expected to be low-cost and environmen-
tally friendly at scale. �is family of materials has
been most thoroughly studied in the context of Na-
insertion [144] but the large open framework al-
lows fast ionic di�usion and li�le strain under the
repeated insertion of many di�erent ions, including
Na+ [145,148,149], Mg2+ [150,151], Ca2+ [152]
andmany others [153,154].�ese structural factors
are expected to lead to good capacity retention and
cyclic stability for both aqueous and non-aqueous
ba�eries.

Na-intercalation PBAs have demonstrated the
best performance to date. Controlling the stoi-
chiometry is crucial for good electrochemical perfor-
mance, as slow-grown crystals have fewer M”(CN)6
vacancies and less excess water. With fewer vacan-
cies, the material is be�er equipped to accommo-
date strain and resist collapse during cycling, while
lesswater contentmakes ionic di�usion faster.Near-
stoichiometric (y/x = 0.94) all-iron PBAs grown
slowly to sizes of 300–600 nm provided capacities
of 170 mAh/g, which corresponds to full utiliza-
tion of the material up to Na2Fe[Fe(CN)6]0.94. On
the other hand, a rapid synthesis led to 20-nm crys-
tals with more vacancies (y/x= 0.68).�ese lower-
quality crystals only intercalated up to 1.3 Na per
formula unit (140 mAh/g) and gave much poorer
rate performance [145].Comparable syntheses have
been developed to produce PBA/carbon nanotube
composites with excellent low-temperature perfor-
mance. �e composite maintained 142 mAh/g at
–25◦C and a 0.1 C rate (85% of the capacity at
25◦C), while long-term cycling at a higher rate of
2.4 C still gave 76 mAh/g and > 99.4% coulombic
e�ciency a�er 1000 cycles at –25◦C [148]. Simi-
larly, an all-manganese PBA with only 1% vacancies
atMn(CN)6 sites has been shown to insert threeNa
ions per mole (209 mAh/g). �is was possible be-
cause both theN- andC-coordinatedMncenters are
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redox-active, and the 7.8-Å-wide cages in the MOF
easily accommodate two Na+ at a time in tetrahe-
dral sites separated by 3.1 Å [155]. Future progress
for high-capacity and long-lived PBA electrodes will
have to take advantage of the metals that are redox-
active at both positions (currently only Mn and Co
are redox-active when coordinated to the nitrogen
atom), while simultaneously mitigating the struc-
tural transitions that occur with the N-bound metal
is oxidized or reduced [147]. Regardless of the struc-
ture, a successful ba�ery material must accommo-
date the reversible insertion and extraction of alkali
ions.�e stability of the crystal structure depends on
absorbing the combined e�ect of the steric and elec-
trostatic in�uences on the original structure by the
inserted ion, as well as e�ects pertaining to the elec-
tronic structure or phase transformations.

For layered oxides, the positively charged cation
acts to stabilize the structure by counteracting the
repulsion between the oxygens in adjacent layers,
while also forcing layer spacing wider. �e net ef-
fect is less than 3.5% strain in the c-axis upon
discharge, coupled with minimal overall volume
changes (±3%, depending on the change in the a-
parameter [156]). In other layered materials like
graphite and LixTiS2, van der Waals bonding be-
tween the layers dominates, so mitigating electro-
static repulsion is less signi�cant. �e steric e�ect of
cation insertion leads to a larger variation in the in-
terlayer spacing (∼10% for both cases [120,157]).
�e framework structures are be�er equipped to
deal with strain upon intercalation of alkali ions, or
co-intercalation of solvent molecules (Fig. 4). �is
helps prevent exfoliation of layers, as sometimes ob-
served in graphite [85,158] or in Mg-ion intercala-
tion materials, where the divalent ion is strongly sol-
vated by the electrolyte [159].

Nevertheless, enhanced physical stability o�en
comes at the cost of other properties, such as

electronic conductivity. For example, the separated
framework structure of LFP means that polaron
hopping (the transport of bound electrons and in-
duced la�ice distortions) dominates in that ma-
terial, whereas the wide band structure of mate-
rials like LiCoO2 or LiTiS2 gives rise to metallic
conduction over a wide range of lithium con-
centrations [34,161]. Indeed, optimizing the myr-
iad orthogonal properties in intercalation hosts is
part of the excitement and challenge of ba�ery
science.

Electronic structure
For every Mn+ ion inserted into the host struc-
ture, n electrons must also be injected to maintain
local electroneutrality. In general, this corresponds
to the reversible redox processes at the transition
metal centers, but the anionic e�ects are also sig-
ni�cant. As such, the success or failure of various
can o�en be explained by analysing the electronic
structure as the host is oxidized or reduced. From
the chemist’s perspective, this requiresmolecular or-
bital theory, while the solid-state physicist consid-
ers how these orbitals combine to produce the band
structure.

Jahn-Teller distortion is one example where
molecular orbital theory is valuable, as it explains
the instability of Mn3+ (Fig. 5a) [162]. Trivalent
manganese has a high-spin d4 electronic con�gura-
tion (t2g

3eg
1)with adegenerate ground state (i.e. the

fourth electron occupies one of two equivalent eg or-
bitals). Here, the overall energy is lowered (equiva-
lently, the degeneracy is broken) by elongating the
bonds along the c-axis and contracting the bonds in
the ab-plane. �is reduces the overlap between the
Mn3+ dz

2 anti-bonding orbital and the apical oxygen
atoms (note that the dz2 orbital is oriented along the
c-axis) and increases the overlap between the dx

2
–y

2

Loss of remained solvent
and inserting into bulk

Surface
diffusion

Partial
desolvation Fully solvated

lithium

Non-aqueous electrolyteInsertion electrode

Graphene layer SEI

Li+
Graphite exfoliation, cracking
(gas formation, solvent co-intercalation)

Electrolyte decomposition
and SEI formation

Donor solvent

SEI conversion,
stabilization and growth

SEI dissolution, precipitation

Positive / Negative interactions

Lithium plating and
subsequent corrosion

Mn2+

H+

(a) (b)

Figure 4. (a) Layered materials like graphite may be subject to co-intercalation of solvent molecules, which delaminates the

structure and makes it more susceptible to other failure modes and side reactions [158]. (b) The framework spinel structure

can only accommodate the inserted ion. Cations in the electrolyte must be desolvated before intercalation proceeds [160].
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Figure 5. (a) Schematic diagram demonstrating the change in energy for d orbitals

when a cubic MnO6 octahedron undergoes Jahn-Teller distortion to a tetragonal con-

�guration [83]. Simulated electronic density of states for (b) V2O5 and (c) Li0.5CoO2

[163,164].

anti-bonding orbitals and equatorial oxygen atoms.
�is lowers the energy and the symmetry of the sys-
tem, but leads to severe distortion (∼16% elonga-
tion in the c-axis relative to the a-axis) that imposes
a large strain and rapid capacity fading in LiMn2O4

once more than 50% of the Mn cations are reduced
toMn3+ [43].

On the other hand, the band structure of certain
compounds predicts their stability as the Li concen-
tration is varied. LixCoO2 is well known to become
unstable for x < 0.5. �is is a�ributed to the Co-
3d band, which mixes strongly with the O-2p band
(Fig. 5c) [163,165]. As the Co-3d band is oxidized,
electron density is eventually removed from the O-
2p band as well. Weakened Co–O bonds lead to
the formation of peroxide ionsO2

2– and subsequent
oxygen evolution. By contrast, V2O5 has greater
ionic bonding character, and minimal hybridization
between the V-3d andO-2p orbitals (Fig. 5b). Li�le
electron density is stolen from the O-2p band when
LixV2O5 is fully oxidized, which is why we can speak
about V2O5 but not CoO2. However, the stability of
V2O5 comes at the cost of lower conductivity, one
of the features preventing its commercialization—
there are always tradeo�s!

While hybridization tends to limit performance
in Li-ion cathode materials, it appears to be crucial
for the success of multivalent ba�ery cathodes. �e
Chevrel phases (CPs, MgxMo6X8 for X = {S, Se,
Te}) [166] remain state-of-the-art forMg-insertion
compounds even16years a�er the seminar report by
Aurbach et al. [94].�e rapid kinetics are a�ributed
to theMo6 octahedron. It can be reversibly oxidized
and reduced to accommodate the four-electron re-
dox process, meaning eachMo need only change its
average valence state by two-thirds [167]. Similarly,
strong hybridization between the (Ti, V) 3d and
Se-4p orbitals led to electrochemical performances
that were comparable to the CPs (∼110 mAh/g at
∼0.9 V vs. Mg/Mg2+) [168].

Besides the cation redox couple and cation–
anion hybridization, the anion itself has been shown
to in�uence the performance of intercalationmateri-
als. Sathiya et al.were the �rst to de�nitively identify
reversible localizationofO2

2– peroxide species using
X-ray photoelectron spectroscopy (XPS) and elec-
tron paramagnetic resonance (EPR) spectroscopy
[113]. �eir Li2Ru0.5Sn0.5O3 served as a valuable
platform for isolating the redox behavior of ruthe-
nium and stabilizing the la�ice with tin (as opposed
to the more complicated case of the NMC cathode,
which has three redox centers and lower stability).
�is discovery accounts for the high capacities of the
Li-rich layered materials, as well as one of their fail-
ure modes (oxygen evolution).

�ese examples suggest that the ability to rapidly
modulate oxidation states is an important factor that
might lead to the design of high-energy-density Mg
electrodes. Contrary to frequent claims, the elec-
trostatic interactions of Mg2+ alone cannot explain
slow rates and low utilization [167]. �e recent dis-
covery of reversible anionic redox capacity has fur-
ther opened the door to materials whose capacities
exceed 1 e– per transition metal [112]. While most
studies are dedicated to the crystal structure of the
intercalation host, payingmore a�ention to the elec-
tronic structure is an underappreciated—and likely
fruitful—avenue for future research.

Voltage

�e ba�ery voltage is the driving force (thermody-
namically, the electrochemical potential di�erence)
pushing alkali ions and electrons from one electrode
to the other. We have recently provided a thorough
treatment on the voltage [83] but will summarize
key points here.

Using the Nernst equation and the de�nition of
chemical potential (μ = ∂G

∂x ) [169], the voltage of
a ba�ery based on intercalation electrodes (V) will
depend on the concentration of the intercalated ion
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REVIEW Massé et al. 37

(b)

0       0.2      0.4      0.6      0.8      1

MA LiMALi concentration x

V
o

lta
g

e

(d)

0       0.2      0.4      0.6      0.8      1

MA LiMALi concentration x

V
o

lta
g

e

α β

x
1

x
2

G
ib

b
s 

fr
e

e
 e

n
e

rg
y

α
β

x
1

x
2

μ
Li

g(x)

(c)

0       0.2      0.4      0.6      0.8      1

MA LiMALi concentration x

μ
Li

g(x)
(a)

0       0.2      0.4      0.6      0.8      1

MA LiMALi concentration x

G
ib

b
s 

fr
e

e
 e

n
e

rg
y

Figure 6. The voltage pro�le of an intercalation material (LixMA) depends on the �rst

derivative of the Gibbs free energy. (a) Solid solutions mix spontaneously which leads

to (b) sloping voltage curves. (c) Phase-separating materials have positive enthalpies

of mixing and (d) constant voltages in the miscibility gap [169].

(x) as follows:

V (x)

=
−�G(x)

n F

=
− ([GC (x)−GC (x0)]−[G A(x)−G A(x0)])

z(x−x0)F

=
−[μC (x) − μA(x)]

zF
. (4)

Here, the overall change in Gibbs free energy comes
from the total energy of the cathode (GC) and an-
ode (GA) at one state of charge relative to some ini-
tial concentration, x0. �e total number of electrons
transferred (n) depends on the valance of the work-
ing ion (z) and F is Faraday’s constant. For simplic-
ity, the chemical potential of the anode is usually that
of Li (μA(x) = μ0

Li ).
Using the underlying thermodynamics, infor-

mation about phase transitions can be read di-
rectly from the voltage pro�le (at su�ciently slow
cycling rates) [169,170]. Solid-solution behavior
arises when the enthalpy of phase mixing is non-
positive (Fig. 6a). �en the chemical potential is
a continuous function and the voltage decreases
smoothly upon charging or discharging (Fig. 6b).
However, if phase mixing is not spontaneous (i.e.
�Hmix > 0), local minima in the Gibbs free en-
ergy are observed (Fig. 6c). �e �rst derivative of

the Gibbs free energy is not continuous at the phase
boundaries (hence the term �rst-order phase tran-
sition) and constant within them, leading to volt-
age plateaus (Fig. 6d). �is behavior corresponds
to two-phasemixtures [171] and cation/vacancy or-
dering regimes [172].

A complete understanding of the voltage de-
pends on the chemical potential of working ions
and electrons [173] plus their interactions [174],
which makes quantitative separation of electronic
and ionic components arbitrary [175]. However,
distinguishing between these e�ects aids qualitative
understanding.�emain contribution to the voltage
is the di�erence in Fermi levels between the anode
and cathode. It is also in�uenced by the chemical po-
tential of the intercalated ion in di�erent crystallo-
graphic sites or phases and local perturbations to the
electronic structure via defects.

One of the main drivers of the electrode volt-
age is the energy level of the redox couple of the
transition metal (or anion as discussed previously).
�is depends on the oxidizing power of the redox-
active species at a given valence state, which can
be roughly explained by invoking the ionic radius
and Slater’s rules for determining e�ective nuclear
charges [176]. Going across the period of 3d transi-
tion metals, adding protons reduces the ionic radius
and leads to an increase in electron binding energy
(higher voltage).�is remains true even as the num-
ber of d electrons increases because electrons in the
same orbital only shield the nuclear charge by 0.35.
Going down one period to the 4d transition metals
leads to more complete shielding from inner elec-
trons and a larger, more di�use electron cloud. �e
electrons are less strongly bound in the 4d metals
and have a lower voltage as a consequence.

�e anion in the host framework also a�ects
the electrode voltage. �e two main contributions
are the limits imposed by the anion np band and
the inductive e�ect on the transitionmetal. Both are
related to the electronegativity of the (poly)anion
in question. Whi�ingham’s LiTiS2 ba�ery was the
�rst major demonstration of a rechargeable interca-
lation ba�ery [1]. However, one of the fundamental
drawbacks of this chemistry and the chemistry of all
chalcogenides is relatively high energy (low voltage)
of the S-3p band (∼2.6 V vs. Li/Li+) [2]. Insofar as
the only reports on anionic redox are in oxides [3],
limits on the voltage are only rarely compensated by
additional capacity. Instead, shi�ing focus to oxides
with lower energyO-2p bands led to the discovery of
LiCoO2 and other 4-V cathodes [2,4].

Similarly, the electron-withdrawing power of the
anion explains its inductive e�ect on the voltage.
Metal phosphates are higher-voltage materials than
oxides with roughly the same bonding lengths and
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Figure 7. (a) Crystal structure of MnNCN. Mn ions are coordinated to form MnN6 octahedra and carbon bridges the gaps to

connect N atoms on alternating layers. (b) The coordination of metal centers and energy levels of MnNCN and MnO. MnNCN

is more covalently bound than MnO because C and N are both less electronegative than O [181].

metal centers (LiCoO2 is∼4V compared to∼4.8 V
for LiCoPO4, for example [177]). �e di�erence
arises from the enhanced electronegativity of XO4
n– polyhedra [178]. �e ionic character of metal–
oxygen bonds is increased and the associated lowest
unoccupied molecular orbital (LUMO) is dragged
down to lower energies [179]. Tavorite structures
also show the inductive e�ect. �e presence of F
in the LiMXO4F structure shows even greater ionic
bonding character between M–O bonds and corre-
spondingly higher voltages [180].

Similarly, the e�ect has been extended to conver-
sion anodes [181]. Increasing the covalent charac-
ter of the Mn–X bond gave rise to a redox couple at
0.30/1.10V vs. Li/Li+ forMnNCN(Fig. 7a), which
is slightly lower than the 0.35/1.25 V couple ob-
served fromcyclic voltammetry onMnO.�e longer
bond lengths and higher covalent character relative
to MnO (57.4% vs. 40.9%) were implicated in rais-
ing the energy and decreasing the voltage (Fig. 7b).

However, the Fermi energy of redox species
alone cannot explain voltage e�ects. A full under-
standing includes the e�ect of the chemical poten-
tial of the inserted ion in the host. �e best example
of this is LiMn2O4. For 0< x< 1, lithium inserts at
a potential of ∼4 V into Mn2O4 spinel tetrahedral
sites (Fig. 8a). However, for the exact same redox
couple in layered LixMnO2, the voltage is only∼3V
at octahedral sites [182]. Further, for x> 1, a drastic
reordering of Li takes place and all subsequent inter-
calation occurs at the octahedral sites, also at 3 V. At
low Li concentrations, Li ions are more stable in the
four-fold tetrahedral environment [183]. But Li+–
Li+ repulsion becomes more important at concen-
trations above x > 1, and the overall energy of the
system is minimized by ordering Li at the higher-
energy octahedral sites. �e increase in site energy
o�sets the electronic stabilization from Jahn-Teller
distortion, as described above, leading to a large 1-V
di�erence.

Site energy also explains surface e�ects on the
electrode potential. As the particle size of LiCoO2 is
reduced from the bulkmaterial to∼6 nm, capacitor-
like discharge behavior (V = V0 – Q/C) becomes
more prominent (Fig. 8b). As particle size decreases,
more of the intercalation takes places at surface
rather than bulk sites. �ese high-energy surface
sites have longer Co–O bonds and weaker bind-
ing between Li and the host (Fig. 8c), leading to
lower voltages as bulk intercalation is progressively
replaced by a surface capacitance mechanism [184].

Defect engineering is also a versatile method
of manipulating electrode properties—including
voltage—and o�en times improving many proper-
ties at once [185]. Cation doping is the most pop-
ular method of controlling defects [186–189] but
increasing disorder with anion substitutions [190],
control of oxygen activity [191,192] and crystallinity
[143,193] have also proven to be e�ective.

As one recent example, Ni2+ substitution of V5+

in V2O5 augmented the voltage [194].�e Ni2+ in-
duces disorder by (i) modulating the crystal �eld to
reduce spli�ing of d orbitals and (ii) altering site en-
ergy by reducing repulsive forces on Li by the host
cations. Both contributions lead to a moderate in-
crease in voltage compared to the undoped sample
(Fig. 9a).

Reducing the crystallinity of V2O5 had an even
more powerful e�ect on the voltage. Amorphous
V2O5 vastly outperforms crystalline V2O5 as a Na-
insertion material [193]. Along the same lines as
Jahn-Teller distortion, this can be explained using
ligand �eld theory [195,196]. �e coordination of
anions around the metal center induces the split-
ting of otherwise degenerate d orbitals according to
the orbital geometry, whether it is bonding or anti-
bonding, and the interaction between the ligand and
the metal (cf. Fig. 5a). �e disordered vanadium at-
oms in amorphous V2O5 no longer occupy a period-
ically repeating la�ice. Instead, no d orbital spli�ing
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Figure 8. (a) The cubic spinel Mn2O4 intercalates Li at voltage plateau of about 4 V in tetrahedral sites, but redistributes

Li to lower potential octahedral sites (∼3 V) once the tetrahedral sites are �lled [83]. (b) The pro�les of discharge curves of

LiCoO2 with different particle sizes. The steep voltage pro�les for smaller crystal sizes indicates capacitor behavior becoming

more dominant. (c) Expected discharge potential curve for nanocrystalline LiCoO2. Capacitor behavior is expected for the

intercalation of Li ions into the surface layers. The site energy on the surface exceeds that of the bulk, and the external

energy needed for ion transfer decreases, leading to reduced potential plateaus [184].

takes place and a wide distribution of site energies
are possible, which gives rise to a high, sloping volt-
age pro�le relative to crystalline V2O5 (Fig. 9b).

To summarize, the energy stored in a ba�ery de-
pends on its capacity and its voltage. Both parame-
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Figure 9. (a) Galvanostatic charge/discharge curves of Ni2+-doped V2O5 and undoped

V2O5. Ni
2+-doped V2O5 has a higher average potential and larger speci�c capacity

than undoped V2O5. Defects introduced by low-valence Ni
2+ plays a key role in en-

hancing the comprehensive performance [194]. (b) Discharge curves of crystalline and

amorphous V2O5 in a sodium battery. Amorphous V2O5 possesses a higher average

potential and larger speci�c capacity than crystalline V2O5 [193].

ters are intimately connected to both the crystal and
electronic structures of the host material. High ca-
pacity requires a wide range of possible lithium con-
centrations in the host material, plus a versatile re-
dox couple or couples to maintain electroneutrality.
For high-voltage operation, the redox couple in the
cathode must be low in energy compared to the an-
ode (e.g. Li metal or graphite). However, the chemi-
cal potential of Li in di�erent crystallographic or sur-
face sites will also a�ect the voltage, and should not
be overlooked. Di�erent cation and anion substitu-
tion strategies will perturb the local crystal and elec-
tronic structure to further modify the electrode po-
tential and other properties.

BATTERY POWER

Where energy density determines the amount of
work a ba�ery can do, its power density determines
how fast we can get it out. �e power (P) a ba�ery
provides can be wri�en as:

P = I (V − I Rint) = I V − I 2Rint, (5)
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Figure 10. Discharge pro�le of a battery showing the effect

of the different types of polarization [198].

where I is the current drawn, V is the cell voltage
and Rint is the internal resistance of the cell. �is
is to say that dissipative losses scale faster than the
useful power draw, hence the classic tradeo� be-
tween energy and power observed with the Ragone
plot [197].�erefore, the internal resistancemust be
kept to a minimum for high-power applications like
electric vehicles.�is internal resistance will depend
on a number of factors: the electronic conductivity
of the electrodes, the ionic conductivity of alkali ions
in the host and in the electrolyte, and the reaction ki-
netics at the surface.

Electrochemical kinetics

From an electrochemical perspective, these vari-
ous contributions to the internal resistance can be
mapped to three di�erent sources (Fig. 10): activa-
tion overpotential (ηact), concentration overpoten-
tial (ηconc) and resistance overpotential (IR) [198]:

I Rint = I R + ηact + ηconc. (6)

Ohmic losses are a�ributable to the ionic resis-
tance of the electrolyte and the electronic resistance
of the electrode. �e bulk electrolyte resistance is
usually quite small and is not a major source of over-
potential in a well-designed ba�ery. However, it can
be a�ected by the salt species and concentration as
well as the solvents chosen as determined by the
power requirements for the �nal device. Since many
electrode materials are insulating or semiconduct-
ing, carbon additives are used to increase the overall
electronic conductivity of the composite.

Concentration overpotential is related to mass
transfer limitations, particularly at high rates, when
the concentration of alkali ions near the electrode
surface is depleted:

ηconc = −
RT

nF
ln

(

C surf

Cbulk

)

. (7)

Here, Cbulk and Csurf are the bulk electrolyte con-
centration and concentration at the electrode sur-
face, respectively, and the other constants have their

usual meaning. As the surface concentration is de-
pleted, this resistance increases, although it is di�-
cult in practice to decouple this overpotential from
typical sloping behavior at the end of the discharge
cycle (see the ‘Voltage’ section).

Activation overpotential is the most interesting
source of overpotential, as it is related to charge
transfer kinetics and associated mechanistic resis-
tances at the solid–electrolyte interface (ηact =

I Rc t), which is o�en inferred from electrochem-
ical impedance spectroscopy or Tafel measure-
ments [199,200]. In general, Butler-Volmer kinetics
[200] are o�en assumed to govern ba�ery electrode
processes:

j = j0

(

exp

[

αn F

RT

(

V − E 0
)

]

− exp

[

−αn F

RT

(

V − E 0
)

]

)

, (8)

where j is the current density, j0 is the exchange
current density (a measure of the intrinsic kinet-
ics of the reaction process), α is the charge trans-
fer coe�cient, V is the electrode voltage and E0

is the equilibrium potential. However, the pres-
ence of porous structures and phase transforma-
tions complicates this analysis. Signi�cant advances
by Bazant et al. [201–203] have aided understand-
ing and generalized the Cahn-Hilliard equations for
phase-separating materials with Bulter-Volmer ki-
netics andMarcus theory for electron transfer.

Transport kinetics

�ese various sources of overpotential are mini-
mizedwhen the electronic and ionic conductivity are
optimized simultaneously. Reducing the mechani-
cal strain experienced upon intercalation and the en-
ergy required to nucleate phase transitions are also
bene�cial strategies for achieving high-rate perfor-
mance. But, despite the critical importance of mixed
conduction in developing ba�eries with high power
density, a strong fundamental understanding of the
underlying processes is somewhat lacking, and con-
�icting data are sometimes reported [204]. �is is
partly a consequence of the di�culty of extracting
intrinsic material properties from electrochemical
experiments, which o�en use composite electrodes
with complicated surface and interfacial properties.
A greater appreciation for defect chemistry [173]
and the help of �rst-principles methods of computa-
tion [122,205] will help to compliment experiments
and accelerate development in this area of relative
weakness.
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Electronic conductivity
Electron conduction in electrode materials pro-
ceeds by one of two mechanisms. Materials like
LixCoO2 andLixTiS2 aremetallic conductors at cer-
tain Li concentrations [161,206], which contributes
to their a�ractive rate performance. On the other
hand, LiFePO4 does not have wide conduction or
valence bands that allow delocalized conduction. In-
stead, polaron hopping—the localized hopping of
electrons and their induced la�ice distortions—is
the dominate mechanism for electron transport.

Carbon coating is the most common method to
increase the electronic conductivity of a matrix us-
ing a scalable, low-cost process [207]. To a much
lesser extent, defect chemistry has been used to
rationally predict changes in electronic and ionic
conductivity [191,208]. In the case of TiO2+δ , con-
trolling the non-stoichiometry (δ) revealed a trade-
o� between electronic and ionic conductivity in the
case of strong electron trapping. While carbon coat-
ing and related nanostructuring techniques [209]
largely mitigate electronic limitations on conduc-
tion, defect chemistry represents an underutilized
design tool for optimizing the chemical di�usion co-
e�cient [173].

Ionic conductivity
Unlike electronic limitations, transport of Li or other
ions in the host matrix is more di�cult to modu-
late, andhas been the subject ofmany �rst-principles
studies [122,180]. Density functional theory has
been successfully applied to calculate the preferred
di�usion path and associated activation energies for
migration, among other properties. In layered ox-
ides like LiCoO2, Li migrates from one octahedral
site to another via an intermediate tetrahedral site
with a small di�usion barrier of ∼0.3 eV (Fig. 11a)
[210]. In spinel LixMn2O4, Li is transported be-
tween tetrahedral sites via the octahedral site for x<

1 and the activation energy is ∼0.4 eV (Fig. 11b)

[122].Olivine LiFePO4 originally was not predicted
tohave goodpower capabilities [44]butLi transport
along a curved oct-tet-oct trajectory along its b-axis
takes place with a small barrier of∼0.2 eV (Fig. 11c)
[211].

LiFePO4 has been a particularly interesting case
study for ionic transport. �e pessimistic initial rate
performance and wide spread in reported di�usivi-
ties were a source of some confusion [212]. Identify-
ing the particle size dependencewas one �nding that
resolved some of the discrepancy [139]. �e excel-
lent rate performance of nanoscale [138] (∼50 nm)
LiFePO4 compared to bulk was achieved by reduc-
ing the particle size. Particles larger than a few hun-
dred nanometers are e�ectively shut down even at
defect concentrations of∼0.5%, because of the high
probability that the 1D di�usion channels will be
blocked o� by antisite point defects.

Other strategies for layeredmaterials such as tun-
ing the interlayer spacing [213] and incorporating
structural water (e.g. in xerogels [214,215]) have
been shown to reduce the di�usion barrier and im-
prove rate performance in Li-, Na- and Mg-ion bat-
teries [159,216]. Improved Li-intercalation in xe-
rogel V2O5 [192] and Mg-insertion into MoS2 are
two such examples of these strategies [213]. Nanos-
tructures that reduce the di�usion length and maxi-
mize surface area are another well-worn path to in-
creasing power density [80,217]. For one recent ex-
ample, electrospun LTO and Li3V2(PO4)3 (LVP)
were used as the anode and cathode in a high-power-
density ba�ery [218]. �e energy density was rela-
tively low owing to the high voltage (1.5 V) of the
LTOanode andmodest capacity of theLVPcathode
(∼110mAh/g). Nevertheless, the large surface area
and safe, robust operating conditions led tominimal
degradation over 500 cycles and enormous power
densities over 12W/g, which is competitive with su-
percapacitors (Fig. 12).

�e topology of the ionic pathway is especially
critical for multivalent ba�eries. Ceder and others

Li

Co

O Li
Mn
O

(a) (b) (c)

Figure 11. Diffusion pathways for Li in (a) LiCoO2, (b) LiMn2O4 and (c) LiFePO4 [122].
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Figure 12. (a) Rate performance and (b) voltage pro�les at different rates for a full cell LVP//LTO battery. (c) Cycling stability

of the battery charged and discharged at a 5-C rate. (d) Ragone plot shows the LTO//LVP battery has superior performance

compared to other reported capacitors [218].
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Figure 13. (a) Structure of α- and δ-phases of V2O5. Adapted from ref. [221]. (b) The activation barriers for diffusion for �ve

ions through (a) α-V2O5 and (b) δ-V2O5. Dashed and solid lines correspond to the diffusion when the host material is charged

and discharged, respectively [219].

have made several contributions to correlate the
di�usion energy barrier to the coordination envi-
ronment of the cation within the host structure
[219–221].�enudged elastic bandmethodwas ap-
plied to identify the di�usion path and its associated
energetics for the same cations in the δ-V2O5, one
of two polymorphs that di�er in their layer stack-
ing (Fig. 13a), as well as other compelling cathode
materials: spinelMn2O4, olivine FePO4 and layered
NiO2. While they recovered the expected trendwith

valence state (i.e. higher-valance cations experience
higher di�usion barriers), their analysis showed a
wide dispersion in energy barriers for divalent cation
migration.

For example, a low barrier of ∼200 meV for
Ca2+ is observed in δ-phase V2O5, but this becomes
as high as ∼800 meV for Mg2+ di�usion. However,
in α-V2O5, the Ca

2+ barrier soars above 1700 meV
and, forMg2+, it increases to∼1000meV(Fig. 13b).
�ese di�erences depend on the preferred
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coordination number of the cation in question
and the topology of the di�usion path. Ca2+ prefers
to be coordinated by eight anions andMg2+ prefers
six. In the α-phase, the stable cation site is coor-
dinated by eight oxygens and must pass through a
three-coordinated face corresponding to an acti-
vated state (8→3→8). However, in the δ-phase,
the cations pass through the same path as described
by Zhou et al. [221]. Along this path, the cations are
�rst coordinated by four oxygens with ∼2-Å-long
bonds and two additional oxygens by ∼2.33-Å
bonds (“4 + 2”) and di�use by passing through
two three-coordinate activated states separated by a
�ve-coordinate local minimum before reaching the
next stable site (“4 + 2”→3→5→3→“4 + 2”).
�us, for the α-phase, Ca2+ must start in its most
stable coordination environment, then break �ve
bonds before migrating to the next site, resulting in
the large energy barrier. On the other hand, Ca2+

in the δ experiences a less severe change in bonding
environment and never achieves its preferred coor-
dinationnumber, resulting in the low-energy barrier.
�e reasoning is similar for Mg2+: the “4 + 2” site
is quite stable and requires an appreciable amount
of energy to displace it along the rest of the δ-phase
di�usion path (∼800 meV), but the severe change
in α-phase coordination results in a slightly greater
barrier (∼1000 meV). �e best way to enable
high ionic conductivity is to use materials whose
di�usion path is composed of sites of approximately
equal energy, such as those found in bcc-anion
la�ices [222].

Hence, the topology of the structure is shown
to play an integral role in determining the di�usion
barrier, which has several implications. First, high-
ratemultivalent ba�eries shouldbene�t frommatch-
ing cathode materials with cations that have dissim-
ilar preferred coordination environments compared
to the most stable intercalation sites. Forming such
a metastable compound on discharge reduces the
voltage but increases safety. At the same time, syn-
thesizing Mg-containing cathode materials directly
is not advisable, as this likely yieldsMg in a stable site
with high di�usion barriers.

�ere are some discrepancies to be addressed be-
tween these studies that arise from di�erences in the
computational procedures. Current models cannot
yet simultaneously capture all the various physical
and chemical phenomena and future experimental
work should try to con�rm these �ndings.Neverthe-
less, computational materials science is rapidly be-
coming a valuable tool that will only become more
useful as processing power increases. �e conclu-
sions drawn from these studies should inform the
design of high-energy density multivalent cathode
materials.

Phase transformations

First-order phase transitions are o�en treated as a li-
ability in electrodematerials.Nucleation and growth
of the new phase may not proceed at appreciable
rates needed for high power, and coherency strain
between the separated phases can cause fracturing
and hurt electrochemical performance [156,223].
However, the best-studied phase-separating mate-
rial, LFP, has demonstrated excellent rate capability
despite these misgivings, and a surprising number of
con�icting claims have been made in the literature
[212]. New results on this material have recently
begun resolving some of these discrepancies, which
highlight how phase transfer kinetics relate to high
power density. Some examples include the existence
of intercalationpathways away fromequilibrium, the
fraction of particles actively taking place in reactions
at any one point.

�e ∼7% volume di�erence upon transforma-
tion from LiFePO4 to FePO4 and back [44] con-
tradicted the general thinking that large volume
changes must be avoided at all costs to enable long
cycle life.Malik et al. [224] usedDFTcalculations to
show that, while classical nucleation theory cannot
account for the lithiation mechanism, the existence
of a low-energy non-equilibrium pathway does. �e
free energy of mixing for this solid solution is ∼15
meVper formulaunitmore energetic than thephase-
separated state, and is thus accessible at moderate
overpotentials (cf. kT, ∼26 meV at room tempera-
ture) [212].

However, Cogswell and Bazant [225] used
phase-�eld methods to postulate a size-dependent
nucleation mechanism, whose energy barrier van-
ishes below a certain critical size. To resolve this
discrepancy, Liu et al. [226] recently con�rmed
that LFP does in fact form a non-equilibrium solid
solution, and thereby bypasses nucleation and
growth steps. Ex situ X-ray di�raction (XRD) stud-
ies have only been able to observe either the Li-rich
or Li-poor phases. However, in situ synchrotron
XRD studies showed that high current densities (i.e.
high overpotentials) drive the system away from
equilibrium and into a metastable state that quickly
relaxes to the equilibrium con�guration. (More
generally, these results also have implications for
other cathode materials, where transformations
other than those indicated on their phase diagram
may hold the key to overcoming sluggish reaction
kinetics.)

Orvananos et al. [227] have shed more light on
this situation by investigating the phase-separation
kinetics of LFP. Phase separation can proceed by in-
traparticle segregation, or by interparticle exchange
of Li, where one adopts a fully lithiated state and the
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other fully delithiated.�e later dominateswhen, for
example, slow kinetics or coherency strain inhibit a
two-phase regime inside the same particle. As such,
phase separation is suppressed kinetically for parti-
cles at low current densities and thermodynamically
below a critical size. �eir model predicts the order
of particle lithiation and voltage response for two
di�erently sizedparticles over a rangeof current den-
sities. At low currents, they �nd that the smaller par-
ticle will lithiate �rst in the case of both particles
undergoing intra- or interparticle phase separation
owing to larger area to volume. However, when only
the smaller particle has the intraparticle mechanism
suppressed, lithiating the larger particle �rst is more
favorable, since the two-phase path decreases the
free energy, while lithiating the smaller particle in
a single phase increases it. Although challenging to
observe, this can be used to elucidate the reaction
mechanism in LFP electrodes. Consistently with ref.
[228], they also found that high current simulations
resulted in concurrent lithiation.

Another controversial point involves the fraction
of particles that undergo intercalation at any one
point in time. Ideally, the active population is kept
as high as possible so as to avoid current hotspots
that might adversely a�ect the material’s longevity.
�is condition(concurrent intercalation)hashistor-
ically been a convenient assumption, but impossi-
ble to observe. However, some recent high-pro�le
studies maintain that the reaction proceeds on a
particle-by-particle basis. Delmas et al. [229] sug-
gested a ‘domino-cascade’ model, a�er an electron
microscopy study showed that electrodes charged to
di�erent nominal lithium concentrations only ever
revealed fully lithiated or fully delithiated particles.
In the particles they looked at (∼100 nm), they
reasoned that coexistence of two phases in a single
nanoparticle is unfavorable. As a consequence, the
growth kinetics are much faster than the nucleation
steps, and the ensemble of particles quickly trans-
forms to FePO4 once delithiation begins.

Building on this, Dreyer et al. [230] showed
that the voltage hysteresis observed upon
charge/discharge of LFP is also explained by a
particle-by-particle reaction mechanism. �e open
circuit voltage �uctuates by∼80 mV, depending on
the history of the electrode, indicating the absence
of a true equilibrium potential, even as the applied
overpotential tends to zero. �ey reasoned that
electrochemical methods (cyclic voltammetry,
potentiometry, etc.) can control the total amount
of Li intercalated, but say nothing about the Li
content for a given particle.�ey developed a multi-
particle model that justi�es how the non-monotone
chemical potential of a single LFP particle will
give rise to the observed hysteresis and very �at

charge/discharge pro�le when taken to the limit of
a large ensemble of particles.

A recent study by Li et al. [228] reconciled the
particle-by-particle mechanism with the observa-
tions of concurrent intercalation by identifying how
the current and direction of charging impact the
mechanism. �e found that charging (delithiation)
proceeds with an active fraction of ∼5%, in general
agreement with the particle-by-particle pathway.
(Here, the active fraction was de�ned to include
particles with Li concentrations nominally in the
LixFePO4 miscibility gap, with 0.2 < x <0.8.) In
contrast, during discharge (lithiation), the active
particle fraction scaled with the current rate. X-ray
absorption spectroscopy (XAS) and transmission
electron microscopy (TEM) analysis indicated an
active fraction of ∼32% at a 5-C rate (i.e. complete
discharge in 1/5 hours).�ey also used a phase-�eld
porous electrode model, incorporating coherency
strain and Butler-Volmer insertion kinetics to
predict a maximum active population fraction
of 65% at a critical current density of ∼9.5 C.
Interestingly, below this critical current rate, the
local current density for a given particle remains
constant, but the active fraction increases, whereas,
above this current rate, the electrode responds by
increasing the local current density of the available
active particles. �is result provides general insight
into designing other ba�ery cathodes as well, and
suggests that by tailoring the phase transformation
barrier in phase-separating materials. Reducing this
chemical potential barrier (e.g. by nanostructuring
and doping the host material) reduces the reaction
overpotential, thereby enhancing the active particle
fraction and current distribution.

Using LiMnyFe1-yPO4 (LMFP, a so-called
second-generation LFP material) as a model sys-
tem, Ravnsbæk et al. [141] correlated the strain
energy associated with phase transformation to
the rate capability of the material. Operando XRD
showed that, for very high or lowmanganese content
(y= 0.8 or 0), la�icemismatch between the charged
(either MnyFe1-yPO4, MFP or FePO4, FP) and dis-
charged (LMFP, LFP) states was greatest, and the
two distinct phases coexisted (Fig. 14c). However,
an additional metastable LixMnyFe1–yPO4 phase
with hysteretic charge–discharge behavior emerges
at intermediate manganese content (e.g. Fig. 14a
and b). For y = 0.2, a fully continuous change in
unit cell volume was observed upon discharge,
suggesting solid-solution behavior. Similarly, the
high-rate performance (up to 50 C) was maximized
for y = 0.4 (Fig. 14d and e). �erefore, mediating
the strain for both the LMFP ↔ LxMFP and
LxMFP ↔ MFP transitions may be a compelling
potential route to high-power ba�eries. More work
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Figure 14. (a–c) Unit cell volumes (top) and operando diffraction data (bottom) for the phases observed in LixMnyFe1–yPO4 as a function of Li content

during one full charge–discharge cycle at a rate of C/10 and y= 0.1, 0.4 and 0.8, respectively. (d–f) Voltage pro�les for the same three LixMnyFe1–yPO4

compositions discharged at rates between C/5 and 50 C [141].

is needed to clarify the molecular mechanism for
this behavior, however.

High power density is necessary for applica-
tions like electric vehicle ba�eries, and relies on fast
transport kinetics for both electrons and inserted

ions. Carbon coating is an easyway to augment elec-
tronic conductivity while nanostructuring schemes,
defect engineering andnon-equilibriumphase trans-
formations are among techniques employed to in-
crease mass transport.
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Figure 15. Schematic electrochemical shock maps for different combinations of phase

behavior and microstructure: (a) single crystal solid solution, (b) single crystal phase

transformation, (c) polycrystalline solid solution and (d) polycrystalline phase transfor-

mation. Operating conditions that avoid electrochemical shock are bounded to the top

and right by the solid red lines, which are determined by materials properties including

Vegard coef�cients, lithium diffusivity, elastic and fracture properties [156].

LONG-TERM SAFETY AND STABILITY

Besides good energy and power characteristics, bat-
teries need to last a long time without major prob-
lems. While some considerations are more impor-
tant at the level of devices as opposed to basic sci-
ence, an appreciation for downstream problems will
help to guide advances from the lab to the market
more e�ciently. A variety of failuremodes are possi-
blewith ba�eries, and they can range from simple ca-
pacity fading to more hazardous (and high-pro�le)
�res and explosions. As ba�ery energy density be-
comes higher, so does their potential danger in case
of a defect or malfunction. Here, we have loosely
categorized these safety and stability needs in terms
of their mechanical, electrochemical or thermal
properties.

Mechanical stability

Mechanical stability is one of the hallmarks of in-
tercalation electrodes, which is why today they en-
joy the largest share of the ba�ery market. With
volume changes typically smaller than 10% during
cycling, the intercalation materials described above
largely avoid problems associated with conversion
and alloying reactions [231]. Porous electrodes and
other nanostructures can be designed to accommo-
date the strain associated with insertion and extrac-

tionof ions [79]. Judicious choice of the cycling end-
points also limits strain, albeit at the cost of other-
wise usable capacity and energy density [231].

Reasoning by analog to thermal shock,
Woodford et al. [156,232] demonstrated elec-
trochemical shock as a more sophisticated concept
for predicting mechanical degradation. �is process
depends on the material’s fracture toughness for
su�ciently high charging rates, but grain boundary
fracture in polycrystalline materials and coherency
stress fracture in phase-separating materials may
also take place. �ese la�er two failure modes
are independent of the charging rate and instead
depend only on the size of the particle—below
some critical size, fracture will not occur.�emodel
predicts that minimizing the principal shear strain,
rather than minimizing volume change, is a be�er
strategy for designing robust ba�ery electrodes
(Fig. 15) [156].

Despite the rich environment for material me-
chanics, the mechanical properties of intercala-
tion electrodes have been relatively underexplored.
Nevertheless, the advent of more sophisticated
operando and in situ methods now opens a win-
dow to explore prevailing questions. Primarily, these
questions relate to how strain at the crystal level
propagates to a�ect the properties and performance
at the device level. A more thorough review of de-
formation and related issues has been compiled by
Mukhopadhyay and Sheldon [231], while Mohanty
et al. [233] discussed cathode-degradation mech-
anisms and the diagnostic tools used to elucidate
these processes in another recent review.

Electrochemical stability

A successful ba�ery must display compatibility be-
tween the electrodes, the electrolyte, the current col-
lectors and the enclosure. Ideally, no corrosion or
chemical degradation takes place but, at the very
least chemical, self-limiting passivation layers must
form to protect a component from further side re-
actions. Graphite anodes are the archetypical exam-
ple of this passivation behavior. InLi-carbonate elec-
trolytes, the lowest unoccupied molecular orbitals
lie below the chemical potential of Li in graphite
(∼0.1 V vs Li/Li+). �e electrolyte is reduced at
the graphite surface, consuming Li that irreversibly
hurts the ba�ery capacity (because the cathode
is the Li source). Serendipitously, this layer pre-
vents further reactions once a critical thickness is
reached [119]. �e SEI in Li-ion ba�eries insulates
the anode against electron transport, but still allows
conduction of Li. On the other hand, this mecha-
nism is not passivating for Na electrolytes [234],
which has slowed but not completely impeded the
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development of carbon anodes for Na-ion ba�eries
[235,236]. Regardless of the speci�c characteristics
of the SEI, its formation and growth lead to (i) in-
creased impedance that saps power capability and
(ii) irreversible capacity fade, which are important
ageing mechanisms in Li-ion ba�eries [158].

Magnesium electrochemistry has proven to be
especially complicated [55]. Cathode studies have
been limited by the dearth of high-voltage elec-
trolytes [237], while passivating �lms on Mg metal
are both electronically and ionically insulting [238].
So far, this has largely negated magnesium’s main
advantage over lithium—that Mg metal does not
formdendrites during plating like Li does, andmight
be used directly as the anode material [239]. We
have previously noted discrepancies between the re-
ported experimental protocols and their incompati-
bility with cell components elsewhere [56].

At the cathode side, ba�eries o�en operate out-
side the thermodynamic stability window to achieve
the highest voltage possible. Oxidation is kinetically
limited, but will still slowly sap energy and power
density by irreversibly consuming Li and growing
thicker, more resistive interphase layers.

Several methods are available to address the for-
mation of SEI and other passivation layers. One is
the continued search for electrolyteswithwider volt-
age ranges [85,240]. Surface coatings have also been
applied to inhibit side reactions (although the pre-
cise mechanism for the improvement is not fully un-
derstood) [241,242]. Many combinations of (o�en
proprietary) electrolyte additives like vinylene car-
bonate have also been introduced to greatly reduce
parasitic side reactions in Li-ion ba�eries [85].

Once side reactions are addressed andmitigated,
measuring cycling e�ciency becomes more critical
for timely development of advanced ba�eries. Even
with columbic e�ciencies of 99.9%, the capacity
will fall below 80% of its initial capacity a�er only
∼220 cycles, but many testing stations do not have
the precision to con�dently monitor charge with
parts-per-thousand or higher resolution. To address
this de�ciency, Dahn et al. [243,244] pioneered
high-precision charging.�emajor �nding from this
newfound level of accuracy was that time at high
states of charge and temperature were the primary
factors a�ecting coulombic e�ciency, rather than
the cycle number or charging rate [245]. �ese de-
velopments have signi�cant implications for ba�ery
testing and quality assurance by manufacturers.

Thermal stability

�ermal safety is strongly a�ected by the choice of
cathodematerial. At high enough temperatures (be-

yond roughly 200◦C), any of the most common
metal oxide compounds will decompose to evolve
oxygen gas, which can in turn react with the elec-
trolyte to trigger a thermal runaway event [246].
�is liability depends on the structure of the mate-
rial. Layered compounds like LiCoO2 are most sen-
sitive to this phenomenon. Spinels like LiMn2O4 are
more resilient to decomposition, and remain stable
up to ∼240◦C [247]. LiFePO4 is the most stable
compound of all the viable cathode materials be-
cause it cannot easily evolve O2, and for this reason
is widely touted for its safety. However, it has been
suggested that this stability is in part because of the
low voltage of the Fe2+/3+ redox couple, rather than
the intrinsic stability of oxygen in PO4

3– tetrahedra
[248].

Beyond material choice, surface coatings are
again another route to higher stability cathodes
[242]. Coatings such as AlF3 on NMC prevents
destructive runaway heating [249] and chemically
insulates the materials from the electrolyte, while
simultaneously preserving and improving electro-
chemical performance [250]. �e state of charge is
another important parameter. Low Li content in the
cathode corresponds to powerfully oxidizing condi-
tions where the ba�ery is most dangerous.

Carbon anode materials are less sensitive to ini-
tiating a thermal runaway event, but nevertheless
provide the fuel to the �re—the unavoidable fact is
that adding energy density makes the ba�ery more
dangerous in case of malfunction. As an alternative,
spinel LTO operates at a higher voltage of ∼1.5 V
vs. Li/Li+ and ismuch less �ammable than graphite.
However, while its higher operating voltage circum-
vents Li-plating and increases safety, it severely com-
promises the cell energy density. �ermal degra-
dation at elevated temperatures expected for EVs
and related applications has been reviewed by Band-
hauer et al. [251].

As recent disasters such as the Boeing 787
Dreamliner [252] and SamsungNote 7 have shown,
there is danger to both customers and to the bo�om
line when a full understanding and appreciation of
ba�ery failure modes are not demonstrated.

CONCLUDING REMARKS

Harnessing intercalation has paved the way for Li-
ion ba�eries to power our increasingly mobile so-
ciety. Li-ion ba�eries comprise a mature and well-
established family of chemistries with di�erent cost,
performance and safety features. Ba�eries based on
other ions, most notably Na+ and Mg2+, have seen
revitalized interest as prospective low-cost, high-
energy alternatives to Li-ion technology. Focusing

D
o
w

n
lo

a
d
e
d
 fro

m
 h

ttp
s
://a

c
a
d
e
m

ic
.o

u
p
.c

o
m

/n
s
r/a

rtic
le

/4
/1

/2
6
/2

6
6
9
3
3
5
 b

y
 g

u
e
s
t o

n
 2

1
 A

u
g
u
s
t 2

0
2
2



48 Natl Sci Rev, 2017, Vol. 4, No. 1 REVIEW

speci�cally on intercalation materials, the funda-
mental consideration of elements, crystal structure,
defects, phase transition and nanostructure is the
key to the design, selection and synthesis of interca-
lation electrodes with desired physical and electro-
chemical properties driving performance, and some
successful strategies demonstrated in the advance-
ment of Li-ion ba�eries would be valuable assets for
the exploration, understanding and development of
other alkali-ion ba�eries, though other factors have
to be taken into consideration for other alkali-ion
ba�eries such as the size and binding strength of al-
kali ions with the intercalation host crystals. O�en-
times, design choices need to be made for a spe-
ci�c application because it is not possible to achieve
low cost, long life, high performance and high safety
simultaneously.

Exploring high-voltage cathodes and low-voltage
anodes with high speci�c capacity are urgent tasks
for manufacturing safe, high-energy-density ba�er-
ies. �e electronegativity and electronic con�gura-
tion of constituent elements intrinsically in�uence
thematerial performance, especially theworking po-
tential. Moreover, open frameworks allow fast ionic
di�usion and ensure high-power performance from
the electrodes. �e binding strength in the host
la�ice guarantees the mechanical, thermal and cy-
cling stabilities. Balancing these properties always
presents an irreconcilable con�ict, but the known
fundamentals guide a reasonable path to pursue ro-
bustmaterials and systems for high-e�ciency energy
storage.
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