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We synthesized diamond–SiC nanocomposites with superhardnessand greatly enhanced fracture
toughness through a synthetic approach based on high-energy ball milling to form amorphous Si
precursors followed by rapid reactive sintering at high pressure~P! and high temperature~T!. We
show how the simultaneousP–T application allows for better control of the reactive sintering of a
nanocrystalline SiC matrix in which diamond crystals are embedded. The measured fracture
toughnessKIC of the synthesized composites has been enhanced greatly, as much as 50% from 8.2
to 12.0 MPa m1/2, as the crystal size of the SiC matrix decreases from 10mm to 20 nm. Our result
contradicts a commonly held belief of an inverse correlation between hardness and fracture
toughness. We demonstrate the importance of nanostructure for the enhancement of mechanical
properties of the composite materials. ©2004 American Institute of Physics.
@DOI: 10.1063/1.1650556#

With a Vicker’s hardness up to 100 GPa, diamond is the
hardest material known to mankind.1,2 Diamond also has the
highest bulk modulus~443 GPa! and the highest shear modu-
lus ~535 GPa! among all materials.1 However, diamonds are
brittle with a low fracture toughness of 3–5 MPa m1/2 for
single crystals. This flaw limits the use of diamonds for ap-
plications in harsh environments of dynamic impacts and
high stress concentrations.

The sintering of polycrystalline diamond composites un-
der high P–T conditions can enhance fracture toughness
without much compromising hardness and wear resistance.3

The fracture toughness of polycrystalline diamond compos-
ites ranges from 6 to 9 MPa m1/2 depending on sintering
conditions and the bonding matrix.3–6 The diamond–SiC
composite is of great interest for its higher thermal stability
compared to traditional Co- and Ni-bonded diamond
composites.7–9 The design of nanostructured diamond–SiC
composites with enhanced fracture toughness, while main-
taining superhard and superabrasive properties, is the focus
of present study.

We have investigated three sample preparation proce-
dures for the highP–T synthesis of diamond–SiC compos-
ites: ~1! high-energy ball milling of a mixture of diamond
and silicon;~2! thorough wet mixing in methanol; and~3!
liquid/melt phase infiltration. The diamond1silicon initial
mixture had a molar ratio of about 90:10. The SiC bonding
matrix is formed via a chemical reaction between silicon and
carbon~i.e., diamond! during the highP–T reactive sinter-
ing. The diamond and silicon mixtures were sintered reac-
tively at highP–T conditions of 5 GPa and 1800 K for 30 s.
The run products are well-sintered cylindrical chunks with a
diameter of 5 mm and thickness of 3 mm. The median grain

sizes were determined for the SiC matrix~Fig. 1! by the
Scherrer’s equation using all SiC Bragg peaks.10,11

In procedure 1, synthetic diamond powders of grain size
5–10mm ~General Electric Co.! and crystalline silicon pow-
der of grain size 10–20mm ~Alfa Aesar! were used as start-
ing materials for the mixture. The diamond1Si mixture was
ball-milled under argon atmosphere for 11 h with a Certiprep
Spex 8000-D mixer mill with tungsten carbide~WC! balls
and vials. Experiments show that the participation of micron-
size diamond particles in the ball-milling process greatly
speeds up particle size-reduction and amorphous transforma-
tion of crystalline silicon. The Raman spectroscopy and
x-ray diffraction data reveal that the crystalline silicon be-
comes completely amorphous after the ball-milling process.
Simultaneously the diamond grains are uniformly coated
with amorphous silicon. This mixture preparation procedure
solves the ‘‘bottle-neck’’ problem existing in the traditional
liquid/melt phase infiltration technique12,13 ~see procedure 3
of this study!, in that the formation of SiC quickly blocks the
ability of the Si melt to penetrate deeply into the nanoscale
matrix. It also provides a large quantity of seed crystals to
form the nanocrystalline SiC matrix from the initial amor-
phous state of Si, thus facilitating the SiC formation at high
P–T conditions and decreasing the amount of residual sili-
con in the sintered product.

Indentation experiments were carried out to measure the
hardness (Hv51.823107

•F/D2 Pa, Ref. 14, converted to
SI units! and fracture toughness (KIC50.1186•E1/2

•F1/2

•D/C3/2 Pa m1/2, Ref. 15, converted to SI units! of the syn-
thesis products using a Buehler Micro4 micron hardness
tester, whereF is the loading force in newtons,D the inden-
tation diagonals in meters,E the elastic modulus in GPa, and
C the crack length in meters.14,15 For the highP–T sintered
sample prepared via procedure 1, there is no visible macro-
crack formation under a microscope magnification of 15003
for loading forces up to 49 N. We observed that the measured
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hardness decreases as the loading force increases. The
Hv –F load curve eventually bends over and levels off at
higher loads—a behavior previously observed for hard and
brittle materials.16,17 The noticeable appearance of visible
macro-cracks at the corners of the inverted pyramid impres-
sion occurs only atF load>98 N ~well past the bend in the
loading curve! during the indentation tests. For the sake of
consistency, all hardness and fracture toughness measure-
ments are carried out at this particular loading force on all
the samples in the present study.

The measured hardness of the synthesized diamond–SiC
composites in the present study falls in the rangeHv
560– 80 GPa for the samples synthesized from procedures 1
and 3. However, the measured fracture toughness of the syn-
thesized composites increases greatly, as much as 50%, as
the crystal size of the SiC matrix decreases from 10mm to
20 nm ~Fig. 2!. The achieved fracture toughness ofK IC

512 MPa m1/2 for the diamond–SiC composites is signifi-
cant; it is about 30% tougher than tungsten carbide,18 which
has the fracture toughness of 8.9 MPa m1/2 and is a hard and
tough material often used for harsh applications where brittle
polycrystalline diamond compacts would not work. Our data
on fracture toughness versus grain size of the SiC matrix
show a good fit to the Hall–Petch law19,20 ~Fig. 2!. This
result shows experimental evidence showing the nanoscale
effect on the fracture toughness for bulk composite material.
An inverse relationship between hardness and fracture tough-

ness is the general rule for most materials. The present ex-
perimental study provides a practical way to overcome this
limitation and achieves super-hardness and high fracture
toughness simultaneously.

During the highP–T sintering, the micron-size diamond
grains have gone through an ‘‘annealing’’ process, which
hardens and strengthens the diamond crystals.21 We hypoth-
esize that the highly concentrated dislocations and vacancies
in the surface layers of the micron-sized diamonds are almost
completely consumed by the carbon–silicon reactions, leav-
ing few weakening defects within the diamond crystals. This
mechanism is probably one of the reasons for polycrystalline
diamond composites having higher fracture strength than the
single-crystal diamonds. The nano-matrix results in a situa-
tion where the size of a micro-crack is bigger than the size of
the matrix nanocrystals. To grow further, a crack would have
to grow around the crystals, which would decrease its ability
to propagate. This mobility reduction thus leads to an in-
crease in the fracture toughness of the diamond-SiC nano-
composites.

Fracture mechanics studies have suggested that the mor-
phology and distribution of polycrystalline grains, instead of
the grain size, are the key factors for crack deflection
process.22 We do observed clear differences among the mor-
phology and distribution of diamond and SiC phases in the
samples made from three different procedures. At this stage,
however, we make no effort to differentiate the contribution
from grain size, morphology, and distribution. It is because
all of those factors are intrinsically correlated for the sintered
composite materials. Much more work is needed to elucidate
the mechanism of fracture toughness enhancement in

FIG. 1. X-ray diffraction patterns of diamond–SiC composites synthesized
by means of three different procedures, ball milling~top!, wet mixing
~middle!, and melt infiltration~bottom!. The insets show the SiC~111!
Bragg peak and illustrate the peak broadening induced by grain-size reduc-
tion. The weak WC peaks in the middle pattern are due to contamination of
the starting mixture by WC balls and vials during wet mixing. No WC peaks
were observed with procedure 1 because only the mixture of precursor ma-
terials from a second batch of ball milling was used for the highP–T
synthesis experiments, whereas the mixture from the first ball milling was
discarded. This two-stage procedure allows WC balls and vials to be coated
with precursor materials after the first milling, which effectively minimizes
contamination in the subsequent ball milling process.

FIG. 2. Relationship between the fracture toughness of the diamond–SiC
composite and the grain size of its SiC matrix. The diamonds indicate the
measured fracture toughness values for the corresponding SiC grain sizes.
All measurements are conducted at a constant loading force ofF load

598 N. The curve, expressed by the equationK IC58.2117.6•d21/2, repre-
sents a fit to the Hall–Petch relation. For self-consistency, previously re-
ported fracture toughness values of diamond composites, which ranges from
6 to 9 MPa m1/2 for micron matrix, are not plotted because they were mea-
sured at different loading forces and did not have consistency to reach the
‘‘asymptotic hardness.’’ For the same reason, we did not plot the only other
experimental data on nanostructured diamond–SiC composites~Ref. 13!, of
which K IC51063 MPa m1/2 for an average grain size520 nm of the SiC
matrix.
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diamond–SiC composites, as illustrated in Fig. 2.
Our second synthetic procedure also produced the

diamond–SiC nanocomposites with the nano-diamond grains
and nano-SiC matrix.23 The samples show a substantial in-
crease in fracture toughness to 10.2 MPa m1/2. However,
there is a significant reduction in hardness, by as much as
35%–50%, compared with the products of the first and third
synthetic procedures. This could well be the result of the low
mechanical quality of the nano-diamond starting materials,
which may possess significant amounts of defects in the
crystal grains. Also, it may be due to the fact that procedure
2 has relatively higher SiC concentration~28 wt %, com-
pared to the 20 wt % in the other two procedures!.

The third synthesis procedure relied on the use of
micron-size powders. Indeed, upon using nano-diamonds
with the liquid/melt phase infiltration, it fails totally because
silicon melts cannot sufficiently infiltrate the highly com-
pacted nano-diamonds. Furthermore, the formation of SiC
closes the pores in the diamond compact to prevent further
infiltration, a ‘‘self-stop’’ phenomenon,13 and the remaining
bare diamond surfaces are quickly graphitized at high tem-
peratures. This is to be contrasted with our procedure 1 in
which the ball-milled mixture of micron-size diamonds and
silicon powders can disperse very fine, amorphous silicon
powder uniformly around the diamond particles. The high
P–T reactive sintering then results in a nanostructured
diamond–SiC composite of high uniformity, low porosity,
minimum residual silicon, and minimal quantities of graph-
ite.

The thermally induced crystallization of amorphous sol-
ids has been extensively applied in recent efforts to synthe-
size nanocrystalline films on ribbon substrates.24 More re-
cently, pressure has vigorously been promoted as an effective
thermodynamic parameter that controls the crystallization
process.25 The formation of crystalline SiC nuclei from reac-
tion between amorphous/molten Si and carbon is thermody-
namically favored under high pressure, as the amorphous Si
and/or its molten phase has a lower density and a higher
compressibility than the crystalline SiC phase. However, the
grain growth of a large number of crystalline SiC nuclei
accompanied by long-range atomic rearrangements is kineti-
cally hindered at high pressures. This balancing act between
thermodynamics and kinetics leads to the formation of a
nanocrystalline SiC matrix. The subtle interplay between
pressure, temperature, and sintering time allows finer con-
trols in formation of nanostructured diamond–SiC compos-
ites with nanocrystalline SiC matrix. Our approach over-
comes grain-growth problems for bulk materials fabricated
by conventional methods, where slow thermal annealing ac-
companied with rapid crystallization to micron-size con-
sumes both nanocyrstallites and the amorphous matrix. This
synthetic technique presents opportunities to design and de-
velop superhard composite materials with a strong nanocrys-
talline bonding matrix and, conceivably, with improved frac-
ture toughness, yield strength, and thermal stability.

Our extensive hardness and fracture toughness observa-
tions illustrated a peculiar but common behavior of hardness
with loading force in hard and brittle materials. It is impor-
tant to emphasize that the asymptotic leveling-off of the

measured hardness value is commonly associated with popu-
lation growth of micro-cracks in brittle materials upon the
increase of loading force. Our reported hardness is the
asymptotic value determined at the ultimate appearance and
propagation of macro-cracks, where the fracture toughness of
the materials is also measured. We strongly recommend that
the hardness for brittle materials be reported after the visible
propagation of macro-cracks, i.e., past the bend in the
Hv –F load curve, when hardness approaches its asymptotic
value. This loading curve behavior is probably responsible
for a wide disparity in the measured hardness and fracture
toughness values reported in the literature. There is clearly a
need for theoretical modeling to better grasp the physical
nature and correlations of hardness and fracture toughness in
this class of materials.
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