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Abstract

The evolution of grain boundary phases during high temperature
creep has been systematically investigated in a directionally
solidified Ni-base superalloy. At the primary creep stage,
precipitation of nanosize MsB; boride from y matrix and phase
transformation from My;(C,B)s borocarbide to MsB3 boride occur
at grain boundaries. At the steady-state creep stage, precipitation
of blocky My3(C,B)s borocarbide and coarsening of M,3(C,B)e
with the dissolution of MsB; boride occur at grain boundaries. At
the tertiary creep stage, precipitation of MsB; boride from y
matrix or phase transformation from My(C,B)s borocarbide to
M;B; boride occur again at grain boundaries. The precipitation of
MsB; is due to diffusion of B atoms promoted by applied tensile
stress during high temperature creep, and the phase transformation
between M,3(C,B)s and MsB; is thought to correlate strongly with
the strain rate of different creep stages.

Introduction

Directional solidification (DS) and single crystal (SC) Ni-base
superalloys are widely used as blade materials in advanced
aircraft and stationary gas turbines because of their excellent
mechanical properties at high temperatures [1]. In operating gas
turbine engines, an important part of the damage experienced by
rotating turbine blades is due to creep deformation [2]. For this
reason, a great number of studies have been conducted
investigating the creep behavior of superalloys. The two
prominent features of DS and SC Ni-base superalloys during high
temperature creep deformation are the rapid development of
interfacial dislocation networks and directional coarsening or
“rafting” of the y' precipitates [3, 4].

Compared to SC Ni-base superalloys, DS Ni-base superalloys
have a particular creep deformation characteristic due to presence
of the longitudinal grain boundaries (GBs). The formation of
premature cavity and microcrack always concentrates on the GBs
during creep, especially at high temperatures where GB sliding
becomes a significant deformation mechanism [5-7]. In order to
suppress or delay this mode of intergranular failure, trace amount
of C and B are added [8, 9].

The beneficial effects of C are derived primarily from the
intergranular carbides, and the effects of carbides upon high
temperature properties are dependent upon the type of carbide
present and its morphology. No all-inclusive statement can be
made concerning the most desirable type and morphology of
carbides [10, 11]. In general optimum high temperature properties
are obtained when MjCg is present as discrete particles
distributed uniformly along the GBs [12-14]. However, much less
effort has been devoted to the detailed study of precipitation and
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evolution mechanism of
temperature creep.

intergranular M,3Cg during high

It is well accepted that B segregates to the GBs, and a variety of
possible strengthening mechanisms include: (1) increasing GBs
cohesive strength, lowering GBs diffusivity and GBs surface
energy [15, 16], (2) hindering the diffusion of tramp elements to
GBs [17, 18], (3) promoting the cross slip of dislocations and the
migration of dislocations across the GBs [19, 20], and (4)
decreasing the agglomeration of M,3Cs concurrently with
depletion of y' from the adjacent matrix and preventing formation
of topologically closed-packed phases [21, 22]. However, it
should be emphasized that the precise role played by the B
element is uncertain. B additions over the solubility limit are
shown to result in the intergranular precipitation of the M3B,
compound and caused no further improvement or deterioration in
mechanical properties [23, 24]. Moreover, it is not clear whether
or not presence of any other borides strengthening the GBs.

It should be mentioned that little is known concerning the
synergetic effects of C and B, except that B can substitute for C in
Mj3Ce structure [25]. Considering (1) the precipitation and
evolution mechanism of intergranular carbide occurred at high
temperature creep are not clear, (2) the direct experimental
evidence supporting above actual strengthening mechanisms of B
is seldom found, and (3) the creep strength of DS Ni-base
superalloys correlates very strongly with the microstructure of
GBs, it is of utmost important to gather information about the
intergranular regions during creep. Therefore, the primary
objective of the present work was to employ transmission electron
microscopy (TEM) techniques to study the evolution of GB
microstructure during high temperature creep, especially focusing
on phase precipitation and transformation, trying to obtain the
direct experimental evidence revealing the actual strengthening
mechanisms of C and B.

Experimental Procedures

The nominal composition in weight percent (wt. %) of the alloy
used in this work was 8Cr, 1Mo, 9Co, 6W, 2Ta, 1Nb, 5Al, 2Ti,
0.1C, 0.01B, balance Ni. The experimental alloy was initially
vacuum induction melted and cast into polycrystalline ingots. The
ingot was remelted and directionally solidified by the high
gradient liquid metal cooling (LMC) process. The ceramic mold
used in LMC was designed to cast a cluster of four cylindrical
bars with 18 mm in diameter and 220 mm in length.

The solution treatment was performed at 1265 °C for 4 hours after
heating at 1160 °C for 2 hours as a pre-homogenization to avoid
any chance of incipient melting. A two-step aging treatment was
performed, first at 1110 °C for 4 hours and second at 850 °C for
24 hours, both followed by air-cooling.



The heat-treated bars with [001] orientation were machined into
creep specimens with gauge length of 50 mm and a gauge
diameter of 8 mm. Constant load tensile creep tests were
performed in ambient atmosphere at 975 °C under a stress of 255
MPa. Most of the creep tests were interrupted for microstructural
examinations, whereas some tests were run to failure.

Heat treated sample was cut, ground and polished. The TEM
slices were mechanically thinned down to a thickness of
approximately 50 um. Discs of 3 mm in diameter were punched
out of the thin sheets and electro-polished with 90 pct alcohol and
10 pct perchloric acid electrolyte at -25 °C and 20 V, using a
double-jet electropolisher.

Electron probe microanalyzer (EPMA) was used to characterize
the distribution of B after heat treatment. The TEM was used to
identify and analyse the phases using selected area diffraction
(SAD) and energy dispersive spectrometer (EDS).

Results

GB Phase before Creep

Figure 1(a) is a typical EPMA mapping of B, from which the
enrichment of B along the GB was observed after heat treatment.
TEM micrograph of heat treated specimen (Figure 1(b)) shows
that the GB was extensively decorated with blocky precipitates.
According to the SAD of precipitate and EPMA mapping of B
analysis, it can be confirmed that the blocky precipitate was
M,3(C,B)s borocarbide. M,3(C,B)s borocarbide had an FCC
structure with a cube-cube orientation relationship with the y
matrix:

[001]y,,c &), #[001], - (L00),, c ), / (100),

No other borides were observed.
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Figure 1. (a) EPMA mapping of B and (b) TEM micrograph of
GB after heat treatment are shown.

Creep Testing

A typical creep curve for the present alloy at 975 °C / 255 MPa is
shown in Figure 2. Microstructure at four stages during the creep
was examined: after 2 h, 14 h, 40 h and 100 h of creep
deformation (points A, B, C and D in Figure 2), respectively.
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Figure 2. Creep curve of the experimental alloy at 975 °C / 255
MPa.

GB Phase at Primary Creep Stage

Although the creep time was very short at point A (2 h), a low
magnification TEM micrograph (Figure 3(a)) shows that some
dislocations were activated and have propagated in the y matrix,
and a continuous film-like precipitate was observed along GB.
Closer examination at higher magnification (Figure 3(b))
indicated that the film-like precipitate was composed of many
closely contacted fine nanosize particles. The SAD analysis
demonstrated that these precipitates possessed the same crystal
structure and they were CrsBs-type MsB; boride with a body
centered tetragonal structure. Based on the analyses of SAD, the
orientation relationship between the boride and y matrix can be
determined as follows:

[001],,,, # [001], . (310),, 5./ (020),
Based on Figure 3(b), it can be also found that besides

precipitation of MsB; boride from y matrix, phase transformation
from M,3(C,B)s to MsB; also occurred at the primary creep stage.

Microchemical analysis of the particles by TEM-EDS showed that



the composition of MsB; boride contained a very high level of W,
Mo and Cr (Figure 3(c)).
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Figure 3. TEM micrographs of sample after 2 h of creep
deformation at 975 °C / 255 MPa are shown. (a) Low-
magnification GB micrograph. (b) High-magnification GB
micrograph and the corresponding diffraction diagram of
precipitate. (c) Typical EDS obtained from the precipitate in
Figure 3 (b).

GB Phase at Initial Stage of Steady-State Creep Stage

Figure 4(a) is a representative TEM micrograph of sample after 14
h of creep deformation at 975 °C / 255 MPa. Although the
dislocations grew continuously in the y matrix passages with the
progress of creep, the SAD analysis demonstrated that these
precipitates were still MsB; boride. No significant change for
MsB; boride in morphology was noticed by comparison of Figure
3 and Figure 4.
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Figure 4. TEM micrographs of sample after 14 h of creep
deformation at 975 °C / 255 MPa is shown.

GB Phase at Middle Stage of Steady-State Creep Stage

As the creep time reached 40 h (point C in Figure 2), the
interfacial dislocation networks were formed. Meanwhile, the
precipitate morphology at GB changed from continuous film-like
to discrete block-like (Figure 5(a)). The analysis of SAD from the
particles demonstrated that these precipitates were mainly
M,3(C,B)¢ borocarbide. However, detailed SAD analysis (Figure
5(b)) indicated that small fraction of MsB3 boride may also exist
at the GB, although MsB; can not be found from Figure 5(a). This
indicated that MsB;3 boride was dissolving gradually during the
steady-state creep stage.

According to the orientation relationship between MsB; and y
matrix (Figure 3(b)), it can be inferred that the [020] orientation of
vy matrix from which MsB; precipitated was parallel (or vertical)
to direction Il or Ill, as shown in Figure 5(b). And the [020]
orientation of y matrix from which My(C,B)s precipitated was
parallel (or vertical) to direction 1V, as shown in Figure 5(b).
Therefore, it was interesting to note that M,3(C,B)g particles were
precipitated from the adjoining grain of the grain from which
MsB; precipitated and coarsening with the dissolution of the MsB;
during high temperature creep. By qualitative analysis the typical
TEM-EDS results shown in Figure 3(c) and Figure 5(c), it can be
found that the composition of My3(C,B)s and MsB3 was similar,
both containing a very high level of W, Mo and Cr. The major
difference was the content of Cr in the My3(C,B)s was higher
compared to that in MsBs.
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Figure 5. TEM micrographs of sample after 40 h of creep
deformation at 975 °C / 255 MPa are shown. (a) GB micrograph
and the corresponding diffraction diagram of precipitate. (b)
Corresponding diffraction diagram of | position in Figure 5(a). (c)
Typical EDS obtained from the precipitate in Figure 5(a).

GB Phase at Initial Stage of Tertiary Creep Stage

As the creep time reached 100 h (point D in Figure 2), the
interfacial dislocation networks at the y/y' interface were locally
damaged, some dislocations cut through the y' particles, leaving
dislocation couples in the y'. A continuous film-like MsB; boride
was again observed along GB, besides block-like M,3(C,B)g
borocarbide (Figure 6). From Figure 6, it can be found that the
size of MsB; boride was also in nanometer scale. However, it was
unknown that if MsB; boride at the tertiary creep stage was
precipitated from y matrix or transformed from M,3(C,B)s.

Figure 6. TEM micrographs of sample after 100 h of creep
deformation at 975 °C / 255 MPa is shown.
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Discussion

The most striking characteristics of GBs during 975 °C / 255 MPa
creep deformation were GB phase evolutions. The precipitation of
MsB; from y matrix and phase transformation from M,3(C,B)e to
MsB3 occurred at the primary creep stage; precipitation of
M,3(C,B)e from y matrix and coarsening of My(C,B)g with the
dissolution of MsB3; occurred at the steady-state creep stage;
precipitation of MsB; from y matrix or phase transformation from
M,3(C,B)s to MsB3 occurred at the tertiary creep stage.

Precipitation Mechanism of MsBs

In general, for DS Ni-base superalloys containing high content of
Cr, MxCq or My3(C,B)s usually formed at GBs during heat
treatment or high temperature creep. However, precipitation of
M;B3 borides was seldom observed at GBs [26], especially during
high temperature creep.

In view of crystal structures of MsB3 and y matrix, the lattice
correspondence between MsB; and y matrix can be inferred based
on Figure 3(b), as shown in Figure 7(a). The corresponding
relationship between (001) atomic plane of MsB; and (002)
atomic plane of y matrix is depicted in Figure 7 (b). According to
Figure 7, the lattice parameters of MsB; can be calculated (the
lattice parameter of y matrix a, approximately equals 3.6 nm):

Ay.p, = ,/(g)z +(%)2a7 =1.58a, ~0.569nm (1)

Cy,s, =38, =1.08nm (2

The calculated lattice parameters of MsB; coincided well with the
data reported in handbook (a,;=0.5699nm, c,=1.088nm) [27].
Therefore, Figure 7 probably exhibited correctly the lattice
relationship between MsB; and y matrix.

(2)

— 7
® — MsBs;




(b) .

® — MsBs3

Figure 7. (a) Depiction of lattice correspondence between MsB;
and y matrix. (b) Depiction of relationship between (001) atomic
plane of MsB; and (002) atomic plane of y matrix.

According to Figure 7, eight corner atoms of MsB; were all
located at y matrix face centered sites, and the center atom of
MsB; boride was located at y matrix cornered site. It is well
accepted that B atoms stay at octahedral interstitial sites of y
lattice as schematically illustrated in Figure 8. Therefore, the
formation of MsB; required B atoms diffusing from the octahedral
interstitial sites to the face centered sites. In general, this diffusion
was difficult to occur, thus MsBs; was seldom found after heat
treatment. However, it has been well established that DS Ni-base
superalloys deformed by operation of a/2<101> dislocations on
{111} planes in y matrix during high temperature creep when the
loading direction was parallel to <001>. This activated the
movement of matrix atoms, from site 2 to site 1 in Figure 8.
During this process, B atoms may diffuse easily under an applied
uniaxial tensile stress, from site 3 to site 2. It seemed that the
nucleation kinetics of MsBz was rather rapid during the primary
creep stage, since extensive nanosize particles were observed in
Figure 3. High strain rate promoted this process.

A

® — Lattice point sites of y
o — Octahedral interstitial sites of y

Figure 8. Illustration of B atoms diffusion under uniaxial tensile
stress is shown.

Phase Transformation Mechanism from My3(C.B)g t0 MsBs

The strain rate at the initial stage of primary creep and tertiary
creep was very high. Therefore, many dislocations were activated
and propagated in y matrix at the GBs quickly. However, due to
presence of precipitate particles, these dislocations piled up at the

y/precipitate interface, which resulted in high strain energy at GBs.

In general, the larger the size of the precipitate, the higher strain
energy was expected. Thus, in order to decrease strain energy,
blocky M,3(C,B)s borocarbide might transform into nanosize
MsB; boride, whose composition was similar to My3(C,B)e, but
size was apparently smaller than that of My(C,B)s. This phase
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transformation can avoid stress concentration at the y/M3(C,B)s
interface, retard the onset of creep cavitation and rupture.
Generally, this phase transformation can not occur in B-free alloys.
Therefore, it can be inferred that avoiding stress concentration by
phase transformation was perhaps one of the strengthening
mechanisms of B.

Precipitation and Coarsening Mechanisms of M,3(C,B)g

The strain rate at steady-state creep stage was very low, creep
process was governed by thermal diffusion. The formation of
MsB; boride caused W, Mo, and Cr depletion at GBs during
primary creep stage. Accompanied by high temperature creep,
stress may induce the flow of W, Mo, Cr atoms from intragranular
regions towards GBs. Considering the large diffusion rate of Cr
and its small atom radii, it may be expected that diffusion of Cr
was more pronounced. Consequently, My(C,B)s borocarbide
would form in view of strong segregations of C and B atoms at
the GBs.

Based on above results, it can be found that My(C,B)s
borocarbide not only formed, but also coarsened with the
dissolution of MsB; boride driven by the decrease in interface
energy at steady-state creep stage. The reason why nanosize MsB;
boride did not coarsen was that: The lattice misfit between MsB;
and matrix was non-coherent, however, according to Reference
[28], it can be inferred that the atomic configuration of {111}
planes in the My3(C,B)s and matrix lattices was similar and the
lattice misfit between M,3(C,B)s and matrix was very small and
be partially coherent. Hence, the elastic energy that coarsening of
MsB; per unit volume overcame was higher than that of
My3(C,B)e.

Conclusion

The following conclusions can be drawn from analysis of the
results obtained in this work:

(1) During high temperature creep, applied tensile stress promotes
diffusion of B atoms from octahedral interstitial sites of vy lattice
to face centered sites of vy lattice, resulted in precipitation of many
nanosize MsB; boride particles at GBs. The orientation
relationship between MsB; boride and y matrix is:

[001],,,, # [001],. (310),, ;. / (020),

(2) The strain rate is found to have a significant influence on the
evolution of GB phase during high temperature creep. High strain
rate induces phase transformation from Mj3(C,B)s to MsBs, and
low strain rate induces precipitation of My(C,B)s from y matrix
and coarsening of M,3(C,B)e with the dissolution of MsB;.
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