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A correct description of hydrogen diffusion and trapping is the prerequisite for an understanding of
the phenomenon of hydrogen embrittlement. In this study, we carried out extensive first-principles
calculations based on density functional theory to investigate the interaction of H with TiC pre-
cipitates that are assumed to be efficient trapping agents mitigating HE in advanced high-strength
steels. We found that there exists a large variety of possible trapping sites for H associated with
different types of interfaces between the TiC particle and the Fe matrix, with misfit dislocations
and other defects at these interfaces, and with carbon vacancies in TiC. The most efficient trapping
by more than 1 eV occurs at carbon vacancies in the interior of TiC particles. However, these
traps are difficult to populate at ambient temperatures since the energy barrier for H entering the
particles is high. H trapping at the semicoherent interfaces between the TiC particles and the Fe
matrix is moderate, ranging from 0.3 to 0.5 eV. However, a sufficiently large concentration of the
carbide particles can significantly reduce the amount of H segregated at dislocation cores in the Fe
matrix. A systematic comparison of the obtained theoretical results with available experimental
observations reveals a consistent picture of hydrogen trapping at the TiC particles that is expected
to be qualitatively valid also for other carbide precipitates with the rock-salt crystal structure.

I. INTRODUCTION

There has been a growing interest to expand the use
of advanced high strength steels (AHSS) to a broader va-
riety of structural applications. The ability of AHSS to
withstand significantly higher stresses (> 1 GPa) than
ordinary steels enables to reduce the weight of struc-
tural components while maintaining the same stiffness
and strength. Unfortunately, the susceptibility of steels
to hydrogen embrittlement (HE) also increases with their
strength and with the complexity of their microstruc-
tures1–12.

In the case of AHSS, H-induced degradation can oc-
cur already at extremely low H concentrations of only
a few ppm8,10. Since such low concentrations are prac-
tically unavoidable during production and service, one
possible strategy to improve the resistance of AHSS to
HE is to render H innocuous by introducing a suffi-
cient amount of effective traps (e.g., lattice defects, so-
lute atoms, secondary-phase particles) in the microstruc-
ture of the material13,14. These traps can significantly
lower the chemical potential and the overall amount of
diffusible H, provided that the H supply from the environ-
ment is suppressed (e.g., by a protective surface coating).
Furthermore, an efficient trapping leads to a reduction of
the effective diffusivity of H in the material. Both effects
may delay the formation of microcracks as well as their
propagation since the critical H levels cannot be reached
or maintained.

It has been reported in a number of experimental

studies13–27 that steels with uniform distributions of fine
carbide and nitride precipitates indeed have a lower sus-
ceptibility to HE. The improved resistance is assumed
to be due to new trapping sites inside the precipitates
or at the interfaces between the precipitates and the
steel matrix. However, there are still open questions re-
garding the exact microscopic nature of these trapping
sites and their effectiveness in immobilizing H. To an-
swer these questions experimentally is a rather difficult
task because the most common techniques applied for
investigations of H trapping, such as thermal desorp-
tion spectroscopy20,22,24,26,28 or electrochemical perme-
ation measurements13,28,29, provide only indirect infor-
mation whose analysis and interpretation is not always
straightforward24,28–30. Consequently, a broad range of
binding and detrapping energies has been reported in the
literature.

A possible explanation for these large variations can
be related to a different trapping behavior of particles
with different sizes, morphologies, and interface charac-
ters (coherent, semicoherent, or incoherent)22. Recently,
Takahashi et al.23,31 carried out first direct observations
of hydrogen isotopes at VC and TiC particles using atom
probe tomography. These studies revealed that most H
atoms are located on the extended basal interfaces of
platelet-like precipitates and that larger particles trap H
more effectively than smaller ones. Based on these obser-
vations, it was speculated that either misfit dislocations
or carbon vacancies at the interfaces are the most fa-
vorable trapping sites, but no direct evidence could be
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provided.
Atomistic simulations can help to resolve these uncer-

tainties and to gain insight into microscopic mechanisms
of hydrogen diffusion and trapping. Nowadays, the most
reliable means for theoretical studies of materials prop-
erties at the atomic scale are first-principles calculations
based on density functional theory (DFT) that can be
applied to virtually every material. Binding and acti-
vation energies of hydrogen within the bulk matrix or
the precipitate can be determined relatively easily using
DFT, without the need of additional assumptions or sim-
plifications32,33. To accurately capture the interaction of
H with the simplest imperfections of crystals, such as
atomic vacancies34–36 or symmetric tilt or twist grain
boundaries37,38, is a more challenging but still doable
task for DFT computations. Investigating the impact of
precipitates, however, requires a careful consideration of
interfaces between two different crystal structures that
are not perfectly matching. In these cases, it is essen-
tial to develop efficient yet reliable strategies to predict
H trapping for various interface configurations, including
not only coherent but also semi- and incoherent bound-
aries as well as interfaces containing additional atomic
point defects.
In the present paper, we provide such a strategy as

part of an extensive and systematic DFT study of inter-
actions of H with various microstructural features associ-
ated with TiC precipitates in body-centered cubic (bcc)
α-Fe. We first investigate how H interacts with both in-
dividual phases and with point defects embedded in their
bulk interiors. In the next step, we study H segregation
at various interface configurations, which are defect-free
or contain carbon vacancies. At last, we combine the re-
sults to obtain segregation, escape and migration energies
that can be related to different microstructural features
associated with TiC precipitates. Our analysis reveals
that there is no single trapping energy characteristic for
all TiC particles, but the trapping depends sensitively
on the particle size, stoichiometry, morphology, and the
nature of the particle-matrix interface. In this way, we
provide an explanation of the variety of experimental re-
sults that exist in the literature.

II. THEORETICAL APPROACH

A system consisting of a transition-metal carbide parti-
cle in the matrix of bcc Fe is rather complicated to model.
Both morphology and size of transition-metal carbides
precipitated in steels can vary significantly depending on
composition and manufacturing conditions (e.g., thermal
treatment)20–22,39–41. Furthermore, the carbides are of-
ten sub-stoichiometric, containing a large amount of C
vacancies. Because of this complexity, simulations of the
whole particle at the atomic scale are infeasible with elec-
tronic structure methods. To overcome this problem we
therefore considered independently the interaction of H
with bulk TiC (both perfect and with C vacancies) and

with various representative interfaces between TiC par-
ticle and Fe matrix.

Small TiC nuclei are expected to be fully coherent
with the bcc Fe matrix20. The preferential growth occurs
along the {100} planes of bcc Fe20 and the particles adopt
the so-called Baker-Nutting (B-N) orientation relation-
ship (OR) with (001)Fe||(001)TiC and [100]Fe||[110]TiC.
As the precipitates grow, they take a typical shape of
thin platelets where misfit dislocations form on the broad
(001)Fe/(001)TiC interface when the particle diameter ex-
ceeds about 4 nm20,22. The lateral interfaces are often
round with a tendency to facet along the {100}Fe and
{110}Fe planes. Larger particles become ellipsoidal and
form less coherent interfaces due to deviations from the
exact B-N OR. A detailed experimental analysis of TiC
precipitates in steels can be found in the papers of Wei
et al.20,22 and references therein.

For our atomistic simulations, the coherent interfaces
are the simplest ones to model. They are characterized by
a perfect coincidence of atomic planes across the inter-
face, where the eventual lattice mismatch is accommo-
dated by elastic expansion/compression of one or both
phases. These systems can be therefore represented by
relatively small, periodically repeated supercell models
(see below).

In the case of semicoherent interfaces, the elastic en-
ergy needed to make the interface coherent becomes pro-
hibitively large and it is more favorable to form an ar-
ray of misfit dislocations to release the accumulated elas-
tic stress. The spacing between the misfit dislocations,
which generally depends on the lattice mismatch and
elastic properties of the two materials, is typically of
the order of several nanometers. This clearly increases
enormously the computational costs, since a full model
of such a semicoherent interface requires thousands of
atoms42,43. Fortunately, the semicoherent interface can
be well approximated as being composed of broad co-
herent regions that are periodically interrupted by rel-
ative narrow regions containing the misfit dislocation
cores42,44, as shown schematically in Fig. 1. The atomic
structure of a misfit dislocation core can again be repre-
sented using a small supercell, in which the two crystals
in contact are laterally translated with respect to each
other. In this case, the long range elastic strain field of
the dislocation is neglected.

In the case of general interfaces45, here also referred
to as incoherent interfaces, i.e., interfaces with more dis-
torted atomic structures that lack a well-defined period-
icity, the variability of possible supercell models is large.
In this work, we investigated the (110)Fe/(001)TiC inter-
face as well as several defective interfaces (containing C
vacancies) as representative models for general (incoher-
ent) interfaces. A detailed description of these interfaces
is given in the next sections.

To characterize the stability of an interface, it is pos-
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FIG. 1. Schematic representation of the semicoherent inter-
face

sible to calculate the interface energy defined as:

γint =
[

Etot(Fex/T iyCy)− Etot(Febulkx )

−Etot(T iyC
bulk
y )

]

/2A (1)

where Etot(Fex/T iyCy) is the total energy of supercell
containing the investigated interface configuration, while
Etot(Febulkx ) and Etot(T iyC

bulk
y ) are the total energies of

supercells containing the two bulk phases with the same
numbers of atoms as in the interface supercell; A is the
interfacial area, and the factor 2 in the denominator takes
into account that there are two equal interfaces in the
supercell.

FIG. 2. Schematic diagram of energy profile associated with
H trapping at a Fe/TiC interfaces and in the interior of an
TiC precipitate containing a vacancy.

To characterize the energetics associated with H trap-
ping, we adopt a nomenclature displayed in Fig. 2. The
solution energy of an isolated interstitial H atom inside
perfect bulk Fe or TiC crystals are defined as

Ebulk
sol = Ebulk

tot (H)− Ebulk
tot −

1

2
E[H2(g)], (2)

where Ebulk
tot (H) and Ebulk

tot are the total energies of the
bulk supercells with and without H, respectively, and
E[H2(g)] is the total energy of the hydrogen molecule.

As will be explained later, we consider the solution en-
ergy of H in bcc Fe, EFe

sol, to be the reference state for
the analysis of H segregation at the interfaces.
The segregation energy of H in a trap i is then given

as:

∆Ei
seg =Ei

tot(H)− Ei
tot(0)

−
[

EFebulk
tot (H)− EFebulk

tot (0)
]

(3)

where Ei
tot(H) and Ei

tot(0) are the total energies of the
system containing the trap i with and without H, re-
spectively, while EFebulk

tot (H) and EFebulk
tot (0) are the total

energies of a bulk Fe crystal supercell with and without
H, respectively. Using this definition, negative values of
∆Ei

seg indicate that the considered site is energetically
more favorable for H than the tetrahedral interstitial site
in bulk bcc Fe. The energy barriers for H migration in Fe
and TiC, ∆EFe

mig and ∆ETiC
mig , respectively, are considered

to be equal to their bulk values, unless noted otherwise
(see below).
We define a trap escape energy, which is the energy

needed for H to escape from a trap i to bulk Fe, either
as

∆Ei
esc = ∆Ei

seg +∆EFe
mig (4)

if H is trapped at the Fe/TiC interface, or as

∆Ei
esc = ∆Ei

seg +∆ETiC
seg +∆ETiC

mig (5)

if the considered trap is in the interior of the carbide.

III. COMPUTATIONAL DETAILS

All DFT calculations were carried out using the Vienna
Ab-initio Simulation Package (VASP)46–48. The general-
ized gradient approximation (GGA) as given by Perdew,
Burke and Ernzerhof49 was employed for exchange-
correlation. Ultrasoft pseudopotentials50 were used for
the core-valence interactions. We also performed a
number of calculations with projector-augmented wave
(PAW) potentials, but the results were found to be fully
consistent with those obtained using the ultrasoft pseu-
dopotentials. All calculations were carried out as spin-
polarized. An energy cutoff of 300 eV for the plane-wave
basis was found to yield converged total energies within
an accuracy of 10−5 eV. The Brillouin zone was sampled
using Monkhorst-Pack grids with various k-point densi-
ties (see below). Atom positions were relaxed until the
residual forces acting on the atoms were less than 10−3

eV/Å and the total energy was converged to 10−5 eV.
An inclusion of quantum mechanical effects is crucial for
a correct description of H diffusion in bcc Fe33,51,52, but
in the case of H trapping, these effects should not affect
significantly the escape rate of H from a trap. The en-
ergy path to escape a trap is typically asymmetric (e.g.,
qualitatively similar to that for H migration in fcc Ni),
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so that quantum-mechanical effects are not critical, as
shown in Ref. 33. All migration barriers calculated here
correspond to transition-state configurations that are ei-
ther symmetry-dictated extrema or saddle points whose
energies can be obtained using a standard structural re-
laxation.

IV. RESULTS

A. Bulk phases

The fundamental properties of the individual bulk
phases are summarized in Table I. The most stable in-
terstitial sites for dilute hydrogen in bcc iron are the
tetrahedral sites (T-sites)53–55. The obtained solution
energy (cf. Eq. 2) of H in a 2x2x2 Fe supercell Fe16H is
EFe

sol =0.16 eV, which agrees well with results of previous
calculations54,56.
As mentioned above, the chemical potential of H in

bulk bcc Fe presents the most natural choice for a rigor-
ous comparison of the segregation energies at the inves-
tigated microstructural features. We therefore use this
quantity as a reference level for all calculations of H in-
teractions with interfaces and other defects.
The classical migration barrier for H in bcc Fe has

been calculated in Ref. 33 to be ∆EFe
mig =0.09 eV. This

value also agrees well with the results of other theoretical
studies51–54.

a B C11 C12 C44 Esol ∆Emig

Fe 2.856 175 258 133 94 0.16 0.09
TiC 4.338 248 508 118 168 0.84 0.29,0.47

TABLE I. Fundamental properties of the bulk phases: lat-
tice parameter a in Å, elastic constants in GPa (taken from
Ref.39), and solution and migration energies in eV. Note that
the reported migration energy for H in bcc Fe is the classical
one, and the two values for TiC correspond to two migration
pathways shown in Fig. 3 (see text for a detailed description).

TiC crystallizes in the cubic NaCl structure which can
be seen as an fcc Ti sublattice where every interstitial oc-
tahedral site is occupied by an C atom. We found that in
perfect stoichiometric TiC the most stable positions for
H atoms are not in the “cubic” interstitial sites, i.e., in
the center of a cube whose corners are occupied by four
Ti and four C atoms in alternating way (these are actu-
ally the tetrahedral sites of the fcc Ti and C sublattices),
but in “trigonal” sites where the H atom is surrounded
by three Ti atoms lying in a {111} plane. These intersti-
tial sites together with transition states identified in our
calculations are shown in Fig. 3. The 3D arrangement of
the trigonal sites in TiC can be viewed as a lattice com-
posed of regular tetrahedra whose corners always point
to the C atoms. The migration of H between the neigh-
boring trigonal sites can proceed either via long jumps

within a single tetrahedron (e.g., the jump between the
T1 and T2 sites in Fig. 3) or via short jumps between the
neighboring tetrahedra (e.g., the jumps between the T2

and T3 sites or between the T2 and T4 sites in Fig. 3).
The solution energy for H in the trigonal sites, calcu-

lated for a 2x2x2 cubic TiC supercell (Ti32C32), amounts
to ETiC

sol =0.84 eV. This value is lower than that of 0.97
eV obtained by Ding et al.57, but it is not clear which
configuration the authors obtained.
According to our calculations, the lowest migration

barrier of 0.29 eV is associated with the short T2 to
T3 jump, corresponding to the saddle point S3. The
migration within the tetrahedron is more difficult and
does not take place along the edge of the tetrahedron but
via its center (the cubic site). The migration barrier for
this transition, corresponding to the transition state S1,
amounts to 0.47 eV. An even higher migration barrier of
0.64 eV exists for the indirect jump T2 to T3 between the
neighboring tetrahedra over the saddle point S2. Since
global percolation of H through the TiC crystal requires
H to cross both saddle points S1 and S3, the governing
migration barrier for H diffusion in bulk TiC is the higher
barrier of 0.47 eV. Therefore, this value has been chosen
as the characteristic barrier for the migration of H in bulk
TiC.

FIG. 3. Atomic structure of bulk TiC (Ti: white spheres,
C: grey spheres) with marked trigonal (T) and saddle point
(S1−3) sites.

B. Coherent and semi-coherent interfaces

Based on experimental observations20,21, we focused
primarily on the Baker-Nutting OR, (001)Fe/(001)TiC &
[100]Fe||[110]TiC, for our calculations of the coherent and
semi-coherent interfaces between bcc Fe and TiC phases.
The lattice mismatch for this OR (cf. Table I) is accom-
modated by setting the initial lateral cell vectors of the
used supercell to those of a unit cell of TiC, which is the
stiffer phase (cf. Table I). Even when the mutual orienta-
tion of the two crystals is fixed, there are still additional
geometrical degrees of freedom left, namely, the relative
translations of the two crystals parallel and perpendicu-
lar to the interface plane.
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We investigated three highly symmetric translation
states, illustrated in Fig. 4, that we designate as (i) ’Fe-
on-C’ configuration, where the Fe atoms are on top of C
atoms; (ii) ’Fe-on-Ti’ configuration, where the Fe atoms
are on top of Ti atoms; and (iii) ’Bridge’ configuration,
where the Fe atoms have two C atoms and two Ti atoms
as nearest neighbors.
For the calculations of perfect interfaces, we employed

supercells composed of 5 Fe layers, each containing one
Fe atom, and 5 layers of TiC, each containing one C
atom and one Ti atom. For this supercell a 10x10x2 k-
point mesh was used for the Brillouin-zone integration.
The supercells obtained after complete relaxation (cell
vectors and atomic positions) are shown in Fig. 5 and
their optimized geometrical parameters are summarized
in Table II.

FIG. 4. A schematic representation of three investigated
translation states for the (001)Fe/(001)TiC interface obtained
by different relative shifts of the two crystals. Top and bot-
tom panels represent the (001)Fe and the (001)TiC interface
planes, respectively.

a b c dFe-C dFe-Ti γint
Fe-on-C 3.04 3.04 17.81 1.91 1.98 0.06
bridge 3.10 2.97 17.85 1.65 2.00 0.25

Fe-on-Ti 3.01 3.01 19.69 2.72 2.88 0.48

TABLE II. Supercell dimensions a, b and c, and the interface
spacing dFe−Ti corresponding to the distance between the in-
terfacial Fe and Ti atoms along the 〈001〉 direction (all values
are in Å). The interface energy, γint, for the three investigated
(001)Fe/(001)TiC configurations is given in eV/Å2.

In all three cases, the lattice vectors parallel to the
interface are close to that of bulk TiC (3.06 Å). This
confirms that the bi-axial stress due to the lattice mis-
match is mainly accommodated by stretching of the Fe
matrix (by about 6.6%). This result is consistent with
the larger elastic stiffness of TiC compared to α-Fe (cf.
Table I). The lattice mismatch can be used to estimate58

the distance, D = 4.6 nm, between two misfit disloca-
tions (see Fig. 1) that also corresponds to the maximum
size of a coherent TiC precipitate.
The calculated interface energies, shown in Table II,

indicate that the most stable interface is the Fe-on-C

FIG. 5. Atomic structures of the three investigated config-
urations of the (001)Fe/(001)TiC interface (see Fig. 4) after
a complete relaxation of all degrees of freedom. Black, grey,
and white spheres represent Fe, C, and Ti atoms, respectively.

configuration, followed by the Bridge and Fe-on-Ti con-
figurations. Therefore, the coherent part of the Fe/TiC
interface will most likely correspond to the Fe-on-C con-
figuration. The other two configurations can be related
to dislocation cores and their intersections that appear on
the semicoherent interface. The misfit dislocation cores
at this interface consist essentially of an extra Fe plane22.
As a result, the Fe bicrystal is in the core center shifted
with respect to TiC by a half inter-planar spacing along
either the 〈110〉Fe or 〈1̄10〉Fe directions. Both these trans-
lations result in the Bridge configuration which thus re-
sembles the misfit dislocation core. When two perpen-
dicular misfit dislocations along 〈110〉Fe and 〈1̄10〉Fe in-
tersect, the total displacement of the two crystals results
in the Fe-on-Ti configuration at the intersection of the
dislocation cores.

C. Other interfaces

According to experimental studies20–22, the TiC parti-
cles in the Fe matrix can form also interfaces with other
ORs, in particular those with (110)Fe/(001)TiC orienta-
tion. In this case, it is more difficult to find a geometri-
cally favorable orientation of the two crystals with a small
lattice mismatch. We chose the configuration shown in
Fig. 6.
This interface was obtained by joining three unit cells

of bcc Fe with two unit cells of TiC. This construc-
tion allows for a very small mismatch along the 〈001〉Fe
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FIG. 6. Schematic representation of the two adjoining Fe and
TiC planes across the (011)Fe/(001)TiC interface. Black, grey,
and white spheres represent Fe, C, and Ti atoms, respectively.

(〈010〉TiC) direction of only about 2%, and still an accept-
able mismatch of about 8% along the 〈110〉Fe (〈100〉TiC)
direction. Note that in this case the relative shift of the
two crystals with respect to each other by 1/2〈001〉Fe
does not change the interface structure. This interface
cannot be considered as coherent because the patterns
of atoms at the adjoining planes are very different (cf.
Fig. 6) and a good match between the two crystals is not
possible.

FIG. 7. Atomic structure of the (011)Fe/(001)TiC supercell
after a complete relaxation of all degrees of freedom. Black,
grey, and white sphere represent Fe, C, and Ti atoms, respec-
tively.

Our supercell used to model this interface consisted
of four Fe planes, each containing 6 Fe atoms, and 4
TiC planes, each containing 4 Ti and 4 C atoms. The
Brillouin zone integration was done on a 10x5x2 k-point
mesh. As in the case of the (001)Fe/(001)TiC supercells,
we performed a full relaxation of all degrees of freedom.
The obtained relaxed structure is shown in Fig. 7, and the
supercell dimensions and the interface energy are listed
in Table III. From Fig. 7 one can see that the poor match
between the two crystals results in a large atomic distor-

tion within the interfacial planes. Similarly as for the
interfaces considered in the previous section, the lattice
mismatch between the two crystal structures is mainly
accommodated by an expansion of the Fe crystal only.

a b c dFe-C dFe-Ti γint
4.28 8.59 16.56 1.82 2.15 0.15

TABLE III. Supercell dimensions, interplanar distances along
the 〈100〉 direction between the Fe and C planes, and the
Fe an Ti planes across the interface (in distances are in
Å), and the interface energy (in eV/Å2) for the investigated
(011)Fe/(001)TiC interface.

D. Trapping of H at interfaces

(001)Fe/(001)TiC interfaces

For all the three possible interface configurations (Fe-
on-C, Bridge, and Fe-on-Ti) described in Sec. IVB, we
identified and characterized a number of possible trap
sites for H. These sites were found by placing an H atom
at different high-symmetry positions at the interface and
at octahedral-like and tetrahedral-like sites in the Fe
plane closest to the interface, and optimizing the atomic
positions. This procedure allowed us to sample various
atomic configurations and to identify the stable sites for
H.
Most of the calculations were carried out using the

same interface supercells described above (see Fig. 5).
However, we carried out extensive validation calculations
with larger supercells extended both along and perpen-
dicular to the interface to test whether the supercell size
is sufficient for a reliable description of the H segrega-
tion. These test calculations, described in detail in the
Appendix A, showed that all employed supercell models
are sufficiently large to avoid any serious finite-size effects
on the computed segregation energies.
The energetically most stable sites for H at the Fe-on-

C, Bridge, and Fe-on-Ti configurations obtained in our
calculations are shown in Fig. 8. Surprisingly, most of
them are not located in the interface region between the
two crystals but at the Fe plane closest to the interface
(these sites are marked with green symbols). Only for the
least stable Fe-on-Ti configuration, there exist also two
meta-stable sites (marked by blue and red symbols) in the
interface region. Note that most of the stable sites have
similar symmetries as octahedral and tetrahedral sites in
bulk Fe. For instance, in the Fe-on-C configuration the
sites marked with a triangle resemble tetrahedral sites
where one vertex of the Fe tetrahedron is replaced with
an Ti atom. Similarly, the sites marked with squares,
pentagons and diamonds have a similar symmetry as the
octahedral sites in bulk bcc Fe.
To distinguish between the various sites, we designate

the sites at the Fe plane and in the interface region using



7

labels FPy
x and IPy

x, respectively. The subscript x marks
the specific site index while the superscript y indicates
the type of the interface configuration (”A” for Fe-on-C,
”B” for Bridge, and ”C” for Fe-on-Ti).

Fe-on-C (A) Bridge (B) Fe-on-Ti (C)
Site ∆Eseg Site ∆Eseg Site ∆Eseg

FPA
1 −0.30 FPB

1 −0.23 FPC
1 −0.50

FPA
2 −0.16 FPB

2 −0.20 IPC
1 −0.42

FPA
3 −0.32 FPB

3 −0.08 IPC
2 −0.40

FPB
4 −0.49

TABLE IV. Calculated segregation energies (in eV) for differ-
ent stable positions for H at the (001)Fe/(001)TiC interface.
The labels for the sites refer to the positions illustrated in
Fig. 8

The segregation energies for H, calculated according
to Eq. 3, are reported in Table IV. For the Fe-on-C con-
figuration, the most stable positions for H are in the
tetrahedral-like sites FPA

3 (triangles) and the octahedral-

like sites FPA
1 (squares) with almost identical segregation

energies of about −0.3 eV. The octahedral-like sites FPA
2

(pentagons) in the middle of the Fe plane are the least
stable ones.
For the Bridge configuration, the most favorable sites

for H are again the tetrahedral-like sites FPB
4 with the

segregation energy of almost −0.5 eV. All the remaining
sites are significantly less favorable.
The Fe-on-Ti configuration is the only one where H

segregates not only at the Fe plane but also in the inter-
face region in between the two materials. The absolute
segregation energies for all identified sites are relatively
large, ranging between −0.5 and −0.4 eV.
To analyze the influence of the dilation of the Fe lattice

in the vicinity of the coherent interface, we also computed
the segregation energy for an H atom at the tetrahedral
position in bulk Fe that was elastically strained in the
same way as in the interface supercell. We found that
the segregation energy at such dilated Fe bulk lattice
amounts to −0.18 eV. By comparing this value with the
segregation energies in Table IV it is possible to conclude
that the favorable trapping is due to both the elastic
straining of the Fe lattice and the chemical environment
at the interface. However, the chemical effects prevail for
the interface configurations mimicking the misfit disloca-
tion cores (i.e., Bridge and Fe-on-Ti).

(011)Fe/(001)TiC interface

In the case of the (011)Fe/(001)TiC interface, to locate
the stable positions for H atoms by symmetry is not a
straightforward task because the interface is rather dis-
torted and does not have any high-symmetry interstitial
sites. We therefore created several initial configurations
with an H atom placed at different, randomly chosen ini-

tial positions at the interface plane and relaxed these
configurations. In this way, three stable positions for H
have been identified. Similarly to the (001)Fe/(001)TiC

interface configurations, we found that H prefers not to
reside in the interface region but rather to move into Fe.
One of the relaxed structures (others are qualitatively
similar) showing the position of H in the Fe plane adja-
cent to the interface is displayed in Fig. 9. The computed
segregation energies for all stable sites are between −0.20
and −0.10 eV.
As for the (001)Fe/(001)TiC interface, we also calcu-

lated the segregation energy for bulk Fe strained as in
the interface supercell. The obtained value of −0.14 eV
indicates that the trapping effect at the (011)Fe/(001)TiC

is mainly due to the straining of the Fe lattice.

E. Interaction of H with C vacancies

Apart from the perfect interfaces, we calculated the
trapping properties of C vacancies, both at the two inter-
faces and in the interior of the carbide. Transition-metal
carbides including TiC are known to exhibit large stoi-
chiometric variations of the carbon sublattice, with the
amount of C vacancies reaching up to 50%59–63. Since
the migration energy of a C vacancy is very high (our
calculated value is about 4 eV), the vacancies are essen-
tially immobile. Nevertheless, such a high substoichiom-
etry may lead to a continuous network of interconnected
vacancies60,61, from the interface to the interior of the
precipitate, that can facilitate H diffusion and trapping
(see Sec. V.B).
In all investigated cases, the most stable site for H is in

the center of the C vacancy. This result is consistent with
experimental observations64. For the (001)Fe/(001)TiC

interface, only the most stable Fe-on-C interface config-
uration was considered. We investigated three distinct
vacancy locations (V1, V2 and V3) at different distances
from the interface, as illustrated in Fig. 10. For these
calculations, we kept the supercell dimension in the di-
rection perpendicular to the interface but doubled the
lateral dimensions parallel to the interface (i.e., the su-
percell was quadrupled in size) in order to reduce the
interactions between periodic images of the C vacancies
and the H atoms.
For the (011)Fe/(001)TiC interface, we considered just

one configuration with the vacancy (labeled as V4) lo-
cated in the TiC layer directly at the interface. Since the
supercell used for this interface was sufficiently large, it
was not further extended for the vacancy calculations.
For both interfaces, the calculated H segregation ener-

gies, ∆Evac
seg , are listed in Table V. For comparison, we

report also the results obtained for a C vacancy in bulk
TiC crystal, V H

TiC, calculated for a Ti32C31 supercell. In
this case, we also calculated the segregation energy for
a double H occupation, V 2H

TiC. In addition to the segre-
gation energies, we computed also the energy barrier for
H migration between two neighboring vacancies in bulk
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FIG. 8. (Color online) Schematic representation of the stable positions for H at the Fe-on-Ti, Bridge, and Fe-on-Ti configurations
of the (001)Fe/(001)TiC interface. The black, grey, and white circles represent Fe, C, and Ti atoms, respectively. Only one Fe
and one TiC planes directly adjacent to the interface are displayed.

FIG. 9. (color online) A representative example of H (red
sphere) segregated at the (110)Fe/(001)TiC interface. In the
left panel, only the Fe and TiC interfacial planes are shown.

FIG. 10. Illustration of the different C vacancies positions
considered in the vicinity of the (001)Fe/(001)TiC coherent
interface.

TiC. Our obtained value of 1.19 eV is the same as that
reported by Ding et al.57.

F. Summary of characteristic segregation energies

As the number and variability of the obtained results is
large, we summarize the key quantities and their relation

Bulk TiC (001)Fe/(001)TiC (011)Fe/(001)TiC

VH
TiC V2H

TiC V1 V2 V3 V4

−1.09 −0.07 −0.46 −0.86 −0.88 −0.90

TABLE V. Segregation energies for an H atom at C vacancies
in bulk TiC (for single and double H occupancy) and at the
(001)Fe/(001)TiC and (110)Fe/(001)TiC interfaces (all values
are in eV).

to specific microstructural features in Table VI. Here we
assumed that the characteristic segregation energy for
each trap source is that of the deepest trap site, i.e., that
at reasonable H concentrations only the deepest traps will
be occupied. The data in this Table serve as a basis for
combining the theoretical predictions with experimental
observation into a consistent picture of H segregation at
TiC particles.

Trapping feature Label ∆Eseg [eV]
(001)Fe/(001)TiC interface
Broad coherent interface (001)int −0.32
Dislocation core

disl-coresa
−0.49

Dislocation intersection −0.50
C vacancy V-(001)int −0.46

(110)Fe/(001)TiC interface
Incoherent interface (110)int −0.20
C vacancy V-(110)int −0.90

Bulk TiC
C vacancy with one H VH

TiC −1.09
C vacancy with two H V2H

TiC −0.07

a Since the segregation energy is almost the same, we further

consider the dislocation cores and their intersections as a single

trap site.

TABLE VI. Characteristic segregation energies of the inves-
tigated traps sources.
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V. DISCUSSION

A. Interface structures

For the (001)Fe/(001)TiC interface, three different con-
figurations (see Figs. 4 and 5) were investigated. In
all cases, the lattice mismatch between the two crystals
is primarily accommodated by a lateral elastic expan-
sion of the Fe crystal (6.6%) in agreement with previous
studies by Fors and Wahnström39 and Kawakami and
Matsumiya65. From the lattice mismatch between the
Fe and TiC at coherent interface, we calculated58 the
maximum size of a fully coherent precipitate to be 4.6
nm. This value corresponds also to the distance between
the misfit dislocation in the semi-coherent interface, and
agrees well with the experimental value of 4.2 nm re-
ported by Wei and Tsuzaki22.

The analysis of the interface energies (Table II) reveals
that the Fe-on-C configuration is the most stable one. As
shown by Fors and Wahnström39, this is primarily due to
strong chemical bonds between Fe and C atoms that are
similar to those between Ti and C atoms. Therefore, the
interfacial Fe layer acts as a natural extension of the TiC
phase. This is not the case for the other two interfaces
and hence they are less stable.
Due to its stability, the Fe-on-C configuration will

likely be the predominant interface type between the Fe
matrix and the smallest cuboidal coherent TiC particles,
and it will constitute the broad, coherent interface re-
gions of the larger semi-coherent TiC platelets. The
Bridge and the Fe-on-Ti configurations correspond ap-
proximately to atomic arrangements at the misfit dislo-
cation core and at the intersection of two perpendicu-
lar misfit dislocation cores at the (001)Fe/(001)TiC inter-
faces, respectively. By combining our results for these
different configurations, it is possible to device an over-
all picture of the trapping behavior of H atoms at the
(001)Fe/(001)TiC semi-coherent interfaces. This requires
three main approximations: (i) the semi-coherent inter-
face is considered to be composed of wide sections of a
fully coherent interface periodically interrupted by nar-
row misfit dislocation cores, as illustrated in Fig. 1; (ii)
both regions can be treated separately; and (iii) the long-
range strain field of the misfit dislocations is neglected
and only the dislocation cores and their intersections are
considered. The validity of these approximations has
been examined in several studies42–44,66,67. Recent direct
comparison of Sawada et al.43 confirmed that the atomic
structure and properties of the Fe/NbC semi-coherent in-
terface modeled at a full scale (large system with explicit
misfit dislocations) indeed closely resemble approximate
structural models employed in this work.
Interfaces with the (011)Fe/(001)TiC orientation, were

investigated as well. Experimental investigations22 re-
port that the lateral incoherent sides of the disk-
shaped TiC precipitates tend to facet towards the
(011)Fe/(001)TiC orientation. Due to a poor lattice
matching between bcc Fe and TiC for this orientation

relationship (cf. Fig. 6), the atomic structure of this
interface is likely to be highly distorted, without a clear
pattern of coherent regions separated by misfit disloca-
tions as in the (001)Fe/(001)TiC semi-coherent interface.
Nevertheless, the obtained interface energy (cf. Table
III) is similar to that of the coherent interface, indicat-
ing that the (011)Fe/(001)TiC interface is rather stable
and therefore likely to be observed in experimental stud-
ies. The good stability of the interface is again probably
related to strong chemical bonds formed between Fe and
C atoms across the interface. Similar conclusions were
obtained for this interface by Arya and Carter68.

B. Interaction of H with TiC precipitates in Fe

In order to characterize the H trapping properties of
TiC precipitates in Fe, we considered both the interfaces
and the interior of the precipitate. For each considered
case, we obtained a large variety of possible traps. Based
on the obtained results, it is possible to construct en-
ergy profiles experienced by H atoms around the differ-
ent types of interfaces (see Fig. 11). Note that for each
investigated case we assumed that the characteristic seg-
regation energies are those of the deepest traps, as sum-
marized in Table. VI.
Fig. 11(a) shows the inferred energy profiles across

the coherent interface and along the dislocation cores
(red and the black curves, respectively). By ”dislocation
cores” we refer to both dislocation cores and their inter-
sections because they have almost identical segregation
energies for H. Note that according to our calculations
about half (−0.18 eV) of the segregation energy at the
coherent interface is due to the elastic elongation of the
Fe crystal. Therefore, we assumed that the energy profile
first bends down smoothly to this value as it approaches
the interface and then drops down directly at the inter-
face. This does not apply to the case of dislocation cores,
where the strain due to the lattice mismatch is released.
The energy profiles in the presence of C vacancies, both

at the coherent interface region and in the interior of the
precipitate are illustrated in Fig. 11(b). The segregation
energy for H at the C vacancies at the coherent interface
is equal to that for H at the dislocation cores and their
intersections, but the energy profile is affected by the
elastic expansion of the Fe crystal as in the case of the
coherent interface. Isolated C vacancies in the interior of
the TiC particle present very deep traps for H. Due to the
high solution energy for H in bulk TiC these traps are not
easy to populate at moderate temperatures, but it is even
more difficult for H to leave them since the escape energy
to bulk TiC is very high. According to our calculations,
the escape of H from the center of the C vacancy to the
nearest bulk interstitial site in TiC requires energy of
about 1.7 eV which is the highest escape energy detected.
In the case of percolating networks of C vacancies, the

energy profile, shown as dashed black curve in Fig. 11(b),
was estimated from the energy barrier of an H atom mi-
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FIG. 11. (Color online) Energy profiles experienced by H atoms at: (a) the perfect coherent (001)Fe/(001)TiC interface (red
curve) and the misfit dislocation core therein (black curve); (b) coherent (001)Fe/(001)TiC interface with single C vacancies at
the interface and in the interior of the carbide (black curve), connected vacancies (dashed black curve), and single C vacancy
in the interior of the carbide with double H occupancy (red dashed curve); (c) (110)Fe/(001)TiC interface with (black curve)
and without (red curve) C vacancies at the interface, and with C vacancies in the interior of the carbide (grey line).

grating between neighboring vacancies in bulk TiC. In
this case, both the trapping depth and the barrier height
for H to enter in the traps are markedly reduced in com-
parison to isolated vacancies. Finally, the energy profile
resulting from double H occupancy of the C vacancies is
shown as the dashed red line. In this case, the mutual
repulsion between the two H atoms reduces strongly the
trapping depth. However, it should be noted that the
double occupancy is not thermodynamically stable with
respect to a single-occupied vacancy and the second H
residing in an interstitial position in bulk TiC.
In Fig. 11(c) the energy profiles around the

(110)Fe/(001)TiC interface, both perfect (red dashed
curves) and with C vacancies (black full curves), are illus-
trated. Again, the perfect interface does not offer deep
traps while the C vacancies act as strong traps. Since
the presence of the interface does not influence much the
TiC structure, all results regarding the trapping of H in
the interior of the carbide, as presented in Fig. 11(b),
are valid in this case as well.

Comparison with experiments

Using the DFT data presented in Sec. IV, we were
able to construct the energy profiles (Fig. 11) for var-
ious interface configurations. To compare these results
with the available experimental data it is useful to re-
late them with the precipitate size. Very small precipi-
tates are cube-shaped and all their interfaces are coherent
with the (001)Fe/(001)TiC orientation22. Because of their
small size, we expect them to have a negligible content of
C vacancies. Therefore, the only possible trap sites are
those due to the coherent interface.
As the precipitate grows, it becomes plate-shaped22

with two large, parallel semi-coherent interfaces with

the Backer-Nutting orientation relationship and a nar-
row lateral interface without strong preferential orien-
tation. Only in some cases22, the lateral interface was
found to be faceted with the (011)Fe/(001)TiC orienta-
tion. The C vacancies become more abundant, especially
as the particle size increases, i.e., larger volume corre-
sponds to higher probability of having carbon vacancies.
From our calculations, the lateral interfaces apparently
do not offer deep traps (cf. Fig. 11(c)). Moreover, since
these interfaces are not very extended, they cannot con-
tribute significantly to the trapping. Therefore, H atoms
should be trapped mainly in the misfit dislocation cores
on the large semi-coherent interfaces of the precipitate.
This is in agreement with direct experimental observa-
tions of deuterium atoms trapped at nano-sized TiC and
VC semi-coherent precipitates, performed by Takahashi
et al.23,31 using atom probe tomography.

Large TiC particles in Fe have an ellipsoidal shape with
mostly incoherent interfaces22. The size for which the
particle becomes incoherent can range from a few tens
of nanometers to several micrometers, depending on the
steel composition and manufacturing conditions. Direct
first-principles investigations of such incoherent particles
are not feasible, but some of the obtained results are
valid also in this case, in particular, those for the C va-
cancies in the interior of the TiC particles and for the
(110)Fe/(001)TiC interface with C vacancies.

Most of the available experimental data were obtained
using the thermal desorption spectroscopy (TDS). In
these experiments, the measured quantity is the desorp-
tion activation energy, Edes, which does not correspond
to the segregation energy but rather to the trap escape
energy. Hence, for a quantitative comparison with the
experimental results it is more appropriate to consider
the theoretical trap escape energy, defined in Eqs. 4 and
5. Additionally, for interface configurations where the Fe
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matrix is significantly expanded, it is necessary to take
into account the bending of the energy profile due to the
elastic expansion [see the red curve in Fig. 11(a)], which
effectively leads to a local lowering of the solution en-
ergy at the interface. Our calculated ∆Eesc for all traps
considered here are reported as function of the particle
character in the left panel of Fig. 12.

In the right panel of Fig. 12, the experimental Edes

are reported as function of the particle size. The values
are obtained by studies of Wei and Tsuzaki20–22, Escobar
et al.26, Lee and Lee15, and Pressouyre and Bernstein13.
In the former two studies20–22,26, various lab processing
techniques and conditions were applied in order to inves-
tigate samples with distinguishably different microstruc-
tures. In this way, it was possible to link H desorption
energies to specific TiC precipitate sizes. In contrast, Lee
and Lee15 and Pressouyre and Bernstein13 investigated
samples containing precipitates with relatively large size
ranges. This is indicated in Fig. 12 by the solid hori-
zontal lines that span the range of sizes reported in these
studies.

From comparison of the two panels in Fig. 12, it is
obvious that some trap escape energies calculated in this
work coincide very well with those reported in the con-
sidered experimental investigations. Very small parti-
cles, which are fully coherent with the matrix, have a
low, constant desorption energy that can be identified
with that from perfectly coherent interfaces. Precipitates
larger than about 4 nm contain deeper traps which can
be naturally associated with the misfit dislocation cores
at the semi-coherent interfaces. In both these cases, we
obtain an excellent agreement between the experimen-
tal data and the theoretical predictions, in spite of the
approximations used in the calculations.

When the particle size exceeds about 10-14 nm, a
broad range of desorption energies from about 0.6 to 1.8
eV have been reported in the experimental studies. Wei
et al.21,22 and Escobar et al.26 carried out detailed anal-
yses of the deepest traps (> 1.0 eV) and found that it is
not possible to charge them with H by cathodic charging
at room temperature. It was concluded that H atoms
can be absorbed in these traps only at high temperature
during heat treatment. Furthermore, Wei and Tsuzaki22

were able to correlate the amount of H segregated in these
traps with the volume of the precipitates but not with
their surface area. Based on these findings, it is plausi-
ble to associate the largest desorption energies in Fig 12
with trapping of H atoms in C vacancies inside the TiC
precipitates. However, neither the reported experimental
observations nor our theoretical results allow to identify
the precise nature of the trapping mechanism involved.
From our results, we can only exclude the role of isolated
vacancies in the interior of the carbides, since the trap es-
cape energy seems to be too high. Since the experimental
results are rather scattered, it is possible that the deep
trapping is associated with a collective effect of differ-
ent traps. In fact, as mentioned in the introduction, the
reported experimental data are indirect measurements

which need interpretations. Such interpretations can be
done in different ways and involve several approxima-
tions as described in Refs.24,28,30,69. In this case, one of
the main approximation is that once H is released from
its trap, it diffuses out of the material without encoun-
tering any further barriers20,22,26,28. This can be a good
approximation for the traps at the interface (the migra-
tion energy barrier in bulk Fe is very low), but it is more
critical for the traps inside the carbides where H atoms
have to penetrate through the TiC particle in order to
diffuse out of the material.
Note that the work of Pressouyre and Bernstein is

the only one (to our knowledge) that reports deep traps
(about 0.9 eV) that could become populated at room
temperature. They attributed these traps to the TiC/Fe
interfaces, but they did not provide any further evidence
supporting this hypothesis. According to our results, the
only possible trap with such a characteristics is provided
by C vacancies at the incoherent (110)Fe/(001)TiC inter-
face.

C. Influence of precipitates on the distribution of
H

The calculated segregation energies for various types of
traps associated with TiC precipitates enable us to esti-
mate how these traps influence the overall H distribution
and whether they effectively reduce the amount of H that
can be accumulated at relevant trap sites, for instance,
at dislocation cores in the Fe matrix. Since a full quan-
titative treatment of this problem is rather difficult and
out of the scope of this study, we restrict ourselves to
provide here only a semi-quantitative estimate.
Itakura et al.70 investigated the segregation of H at

screw dislocations in bcc Fe. They reported a maximum
segregation energy of about −0.25 eV. Similar results
have been reported by Kimizuka et al.71. Based on these
results and our segregation energies for TiC precipitates,
we can then estimate how the carbides influence the H
population at cores of screw dislocations in Fe.
We considered three different concentrations (ρ1 =

8 · 10−6 nm−3 , ρ2 = 10−6 nm−3, and ρ3 = 3 · 10−7

nm−3) for disk-shaped semicoherent precipitates with a
diameter of 15 nm. These values have been inferred from
the experimental investigations of Wei and Tsuzaki22 and
Takahashi et al.31. Furthermore, we assume that the
precipitates are so thin that the only possible trap sites
are provided by the coherent interface regions and by
the misfit dislocations cores. By employing a series of
Langmuir-McLean models34,72–74, we can first determine
the occupancy of the traps at the semicoherent inter-
faces of the particles, and subsequently also the resulting
changes of the H concentration at screw dislocations in
Fe for a given concentration of TiC precipitates. Details
of these calculations are given in Appendix B.

Fig. 13 shows a relative reduction of the H occupancy
at dislocation cores (at T=300 K) for the three considered
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FIG. 12. (Color online) Left panel: trap escape energies (calculated according to Eqs. 4 and 5) as function of the source of traps
(coherent interface, semi-coherent interface, C vacancies at the interface, and C vacancies inside the TiC precipitate). The labels
refer to those in Table. VI. In addition, the escape energy from a percolating network of C vacancies is labeled as ”Vs-net”.
Right panel: H desorption energies extracted from various experimental studies (see the text) as function of the average size
of the particles. The left dark-grey region of the plot indicates the size range of coherent TiC particles, the middle white and
light-grey regions indicate the size range of semi-coherent TiC particles, and the dark-grey region on the right indicates the size
range of incoherent particles. Note that since Pressouyre and Bernstein carried out electrochemical permeation measurements
(not TDS), the reported values are not strictly desorption energies. For comparison the most relevant trap escape energies are
marked in red.

FIG. 13. (color online) Reduction of the H occupancy at
Fe screw dislocation cores due to the presence of different
concentrations of semi-coherent carbide precipitates at T=300
K.

TiC concentrations as function of the total H concentra-
tion. The results indicate that the effectiveness of the
considered traps to reduce the amount of H which can
be trapped at dislocation cores is strongly dependent on
the precipitate density. For instance, at a reasonable bulk
H concentration of 50 atomic ppm, the dislocation cores
are essentially unoccupied for the largest precipitate den-
sity ρ1 while for the lowest density ρ3 the occupation is
reduced by only 20%.
It is important to bear in mind that the presented re-

sults have to be considered as rough estimates only since
effects due to dislocation strain fields and to the pres-
ence of other extended traps, such as grain boundaries37

and other types of dislocations, have not been taken

into account. However, it has been shown that rather
shallow traps can reduce significantly the amount of H
at critical sites, provided that the trap density is large
enough. Therefore, it may not be necessary to have very
deep traps which immobilize permanently the diffusible
H atoms, as often assumed in the literature24,25,28.

VI. CONCLUSIONS

In this work, the interaction between interstitial H and
TiC precipitates in Fe has been investigated in detail.
Several types of Fe/TiC interfaces and the interior of the
carbide were considered as possible sources of traps for
H atoms. In particular, we have acquired the energetics
associated with H trapping for (001)Fe/(001)TiC semico-
herent interfaces, (110)Fe/(001)TiC interfaces, C vacan-
cies at these interfaces, and various C vacancy complexes
in the interior of the carbides. The key findings are sum-
marized as:

1. There is no single trapping energy associated with
TiC particles, but the trapping energies depend
sensitively on the trapping site and type of a trap.

2. H trapping at the semicoherent interfaces between
TiC particles and Fe matrix is moderate, the trap
energy ranges between −0.32 eV for coherent inter-
face segments and −0.50 eV for misfit dislocation
cores.

3. C vacancies in the interior of TiC are the strongest
traps but their population can happen only at high
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temperatures.

4. The energy barrier for populating C vacancies is
reduced in case of carbides with percolating net-
works of C vacancies, but this requires rather sub-
stoichiometric carbides.

5. In the case of coherent and semicoherent interfaces,
the comparison with available experimental results
reveals a very good agreement and contributes to
clarify the nature of the experimentally observed
trapping behavior.

6. In the case of C vacancies, the spread of trapping
energies is in the range of experimental results for
the deepest traps, but in this case a direct quanti-
tative comparison is not possible.

7. We estimated the reduction of the H population of
cores of screw dislocations in Fe due to the presence
of semicoherent precipitates. We found that the H
content at dislocation cores is significantly reduced
only for high concentrations of carbide precipitates.

We believe that the results obtained in this study
are qualitatively valid for other types of carbide precipi-
tates, provided that they have the same rock-salt struc-
ture. Our preliminary investigations of H interaction
with other carbide precipitates seem to confirm this hy-
pothesis.
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Appendix A

In order to avoid serious finite-size effects when calcu-
lating the H segregation energies at the (001)Fe/(001)TiC

interface, we performed several convergence tests using
supercells with different dimensions. The lateral size has
been varied in order to have a small (S), medium (M),
large (L) and extra-large (XL)supercell (see the left panel
of Fig. 14). In addition, for supercells with the small and
extra-large lateral dimensions we varied also the num-
ber of Fe and of TiC atomic layers perpendicular to the
interface, NFe and NTiC, respectively.

FIG. 14. Different supercell sizes used for monitoring the
convergence of the segregation energies; both the lateral di-
mension of the supercell and the number of atomic layers
perpendicular to the interface were varied.

The results of the convergence tests are reported in
Table VII. They show that the small (S) cell with five
layers of Fe and five layers TiC is already sufficiently large
for a reliable determination of the segregation energy of
H at the perfect interface. For calculations of defective
interfaces (containing C vacancies), it is necessary to use
supercells with at least medium (M) sized cells (see main
text for details).

NFe=5 NTiC=5

Lateral size ∆E
FP

A
1

seg ∆E
FP

A
2

seg ∆E
FP

A
3

seg

S −0.32 −0.16 −0.30
M −0.31 - -
L −0.32 - -
XL −0.31 - -

NFe=12 NTiC=8

Lateral size ∆E
FP

A
1

seg ∆E
FP

A
2

seg ∆E
FP

A
3

seg

S −0.30 -
XL - −0.17 −0.30

TABLE VII. Segregation energy ∆Ei

seg for the different su-
percell sizes illustrated in Fig. 14.

Appendix B

The Langmuir-McLean model34,72–74 allows to esti-
mate the equilibrium H concentration at a defect, cx, as
function of the equilibrium H concentration in the perfect
bulk crystal, cbulk, at finite temperature as

cx
1− cx

=
cbulk

1− cbulk
e−∆Eseg/kT , (B1)

where ∆Eseg is the segregation energy for H at the de-
fect. With this relation we take into account the configu-
rational entropy only, which is considered to be the most
important entropy contribution72,73.
We express the reduction of the H occupancy at screw

dislocation cores due to precipitates (plotted in Fig. 13)
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as

R(ctot) =
cρ=0
sd (ctot)

cρsd(ctot)
(B2)

where cρ=0
sd and cρsd are the H concentrations at the cores

of Fe screw dislocations when there are no precipitates
in the Fe matrix and with TiC precipitates of density ρ,
respectively. All quantities in Eq. B2 are functions of the
total H concentration in the sample, ctot.

Eq. B1 can be used to express the H concentration at
the screw dislocation cores as

csd
1− csd

=
cfree

1− cfree
e−∆Esd

seg/kT , (B3)

where ∆Esd
seg is the segregation energy for H at the screw

dislocation core, and cfree is the concentration of free H in
the system that is not trapped by the precipitates. This
latter quantity can be written as

cfree = ctot − nmdcmd(cfree)− ncohccoh(cfree), (B4)

where cmd, ccoh, nmd and ncoh are the H concentrations
and the densities of traps associated with the TiC pre-
cipitates (md: misfit dislocation cores, coh: coherent re-
gions of the interfaces). Note that in the case of system
without TiC precipitates it is cfree = ctot.

The density of traps at the coherent interfaces, ncoh,
was determined based on the calculations for the Fe-on-
C interface configuration and multiplied by the density
of precipitates (with diameter of 15 nm and two broad
interfaces) in the sample, ρ. The nmd was estimated in
analogous way, assuming that the distance between the
misfit dislocation cores was 4.6 nm.
The H concentrations ccoh(cfree) and ccoh(cfree) were

calculated using Eq. B1 with the corresponding segre-
gation energies for H at the misfit dislocation and the
coherent interface (cf. Table VI).
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in Proc. Int. Conf. MMM 2006, edited by P. Gumbsch
(Fraunhofer IRB Verlag, 2006) p. 819.

45 A. Sutton and R. Balluffi, Interfaces in crystalline materi-
als, Monographs on the physics and chemistry of materials
(Clarendon Press, 1995).

46 G. Kresse and J. Hafner, Phys. Rev. B 47, 558 (1993).
47 G. Kresse and J. Furthmüller, Comput. Mater. Sci. 6, 15

(1996).
48 G. Kresse and J. Furthmüller, Physical Reviews B 54,

11169 (1996).
49 J. P. Perdew, K. Burke, and M. Ernzerhof, Phys. Rev.

Lett. 77, 3865 (1996).
50 D. Vanderbilt, Phys. Rev. B 41, 7892 (1990).
51 H. Kimizuka, H. Mori, and S. Ogata, Phys. Rev. B 83,

094110 (2011).
52 I. H. Katzarov, D. L. Pashov, and A. T. Paxton, Phys.

Rev. B 88, 054107 (2013).
53 A. Ramasubramaniam, M. Itakura, M. Ortiz, and E. A.

Carter, J. Mater. Res. 23, 2757 (2008).
54 D. E. Jiang and E. A. Carter, Phys. Rev. B 70, 064102

(2004).
55 J. Sánchez, J. Fullea, C. Andrade, and P. L. De Andres,

Phys. Rev. B 78, 014113 (2008).
56 D. C. Sorescu, Catalysis today 105, 44 (2005).
57 H. Ding, X. Fan, C. Li, X. Liu, D. Jiang, and C. Wang,

J. Alloys Compd. 551, 67 (2013).
58 D. A. Porter and K. E. Easterling, “Phase Transformation

in Metals and Alloys,” (Chapman & Hall, 1992) Chap. 3.
59 H. O. Pierson, Handbook of Refractory Carbides & Ni-

trides: Properties, Characteristics, Processing and Appli-

mailto:distefanodav@gmail.com
mailto:matous.mrovec@iwm.fraunhofer.de


16

cations (William Andrew, 1996).
60 H. W. Hugosson, P. Korzhavyi, U. Jansson, B. Johansson,

and O. Eriksson, Physical Review B 63, 165116 (2001).
61 P. A. Korzhavyi, L. V. Pourovskii, H. W. Hugosson, A. V.

Ruban, and B. Johansson, Physical review letters 88,
015505 (2001).

62 L. Tsetseris and S. Pantelides, Acta Materialia 56, 2864
(2008).

63 W. Sun, H. Ehteshami, and P. A. Korzhavyi, Physical
Review B 91, 134111 (2015).

64 H. Goretzki, Phys. Status Solidi B 20, K141 (1967).
65 K. Kawakami and T. Matsumiya, ISIJ Int. 52, 1693 (2012).
66 R. Benedek, D. N. Seidman, and C. Woodward, J. Phys.:

Condens. Matter 14, 2877 (2002).
67 S. Sampath and R. Janisch, J. Phys.: Condens. Matter 25,

355005 (2013).

68 A. Arya and E. A. Carter, J. Chem. Phys. 118, 8982
(2003).

69 R. Kirchheim, Metallurgical and Materials Transactions A
47, 672 (2016).

70 M. Itakura, H. Kaburaki, M. Yamaguchi, and T. Okita,
Acta Mater. 61, 6857 (2013).

71 H. Kimizuka and S. Ogata, Phys. Rev. B 84, 024116
(2011).
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