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Gas Metal Arc Welding Process Modeling and Prediction
of Weld Microstructure in MIL A46100 Armor-Grade

Martensitic Steel
M. Grujicic, A. Arakere, S. Ramaswami, J.S. Snipes, R. Yavari, C-F. Yen, B.A. Cheeseman, and J.S. Montgomery

(Submitted October 16, 2012; published online December 1, 2012)

A conventional gas metal arc welding (GMAW) butt-joining process has been modeled using a two-way
fully coupled, transient, thermal-mechanical finite-element procedure. To achieve two-way thermal-
mechanical coupling, the work of plastic deformation resulting from potentially high thermal stresses is
allowed to be dissipated in the form of heat, and the mechanical material model of the workpiece and the
weld is made temperature dependent. Heat losses from the deposited filler-metal are accounted for by
considering conduction to the adjoining workpieces as well as natural convection and radiation to the
surroundings. The newly constructed GMAW process model is then applied, in conjunction with the basic
material physical-metallurgy, to a prototypical high-hardness armor martensitic steel (MIL A46100). The
main outcome of this procedure is the prediction of the spatial distribution of various crystalline phases
within the weld and the heat-affected zone regions, as a function of the GMAW process parameters. The
newly developed GMAW process model is validated by comparing its predictions with available open-
literature experimental and computational data.

Keywords gas metal arc welding (GMAW), microstructure
evolution, MIL A46100, process modeling

1. Introduction

In this study, a new fully coupled finite-element-based,
process model has been developed for conventional gas metal
arc welding (GMAW). The model is subsequently combined
with basic physical-metallurgy concepts and principles of a
prototypical high-hardness armor-grade martensitic steel MIL
A46100 [Ref 1] to predict functional relationships between the
basic process parameters and the spatial distribution of the
material microstructure and properties within the weld region
(also known as the fusion zone, FZ) and the region adjacent to
the weld (the heat-affected zone, HAZ). It is argued that
availability of such a process model can be beneficial relative to
the attainment of the optimal GMAW process conditions and
the resulting weld microstructure and properties. Based on the
foregoing, the main aspects of this study are: (a) the funda-
mentals of the GMAW process, (b) expected, and typically
observed welding-induced changes in the material microstruc-
ture and properties, and (c) a survey of the previous compu-
tational efforts dealing with the GMAW process modeling and

with the prediction of the welding-induced changes in the
material microstructure and properties. These aspects are
reviewed briefly in the remainder of this section.

1.1 The Fundamentals of GMAW

GMAW is one of the conventional fusion-welding processes
in which: (a) an electrical arc established between a continu-
ously fed filler-metal wire-shape consumable electrode and the
workpiece components to be joined is used to generate the heat
required for the filler-metal melting and (b) the welding process
zone is protected from the oxidizing/contaminating environ-
ment using an externally supplied shielding gas (or mixture of
gases) [Ref 2]. Figure 1 shows a labeled schematic of the
conventional gas metal arc butt welding process. Feeding of the
filler-metal wire is usually automated during this process, to
maintain a stable electrical arc. Control of other aspects of the
GMAW process is typically not automated, but the operator is
only required to provide/control input regarding welding-gun
positioning, guidance, and travel speed.

Briefly stated, the GMAW process has these key advantages:
(a) most of the commercially available metallic materials, in
particular steels (including stainless steels), super alloys,
aluminum alloys, etc., can be joined using this process; (b)
joints in all common orientations, e.g., horizontal, inclined,
vertical, and overhead, can be fabricated; (c) welds produced
are clean due to the use of the (externally supplied) shielding
gas; (d) comparatively high welding speeds can be achieved,
especially in the case of large-gage sections; (e) the process is
highly robust due to the short and stable character of the arc; (f)
very high (93-98%) utilization efficiency of the filler-metal
wire; and (g) GMAW is highly amenable to process automa-
tion. However, this process also has some significant short-
comings: (a) it is unsuitable for joining highly reactive/
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oxidation-prone metallic materials; (b) if the process parameters
are not selected appropriately, major (generally undesirable)
changes in the material microstructure and properties may
result in the HAZ; (c) due to its coarse microstructure and the
potential porosity, the FZ may possess inferior material
properties relative to those found in the heat-unaffected
workpiece material; and (d) the bulky nature of the GMAW
gun renders production of small and complex welds difficult or
even infeasible.

As mentioned above, the GMAW process involves transfer
of the molten filler-metal into the gap/groove between adjoining
components. Depending on the selection of the GMAW process
parameters, metal transfer occurs in one of the following five
modes, e.g., [Ref 2]: (a) short-circuit mode In this case, transfer
occurs during repeated (50-250 times per second) short periods
(within which the electrode is in direct contact with the weld
pool and, thus, the arc is absent). To achieve this mode of
transfer, the feed rate must exceed the electrode melt rate. Due
to the relatively low overall heat input, a shallow, fast-freezing
weld puddle is produced via this mode of metal transfer. Hence,
(i) this transfer mode is generally unsuitable for joining large-
gage workpieces, (ii) welding may be conducted in any
orientation, (iii) it can be used for sheet-metal welding, and (iv)
the tendency for weldment distortions and burn-throughs is
greatly reduced; (b) globular mode Here, metal transfer is
accomplished via large (typical size is 2-4 times the electrode
diameter) drops. Typically, the use of carbon dioxide as a
shielding gas facilitates the development of this mode of metal
transfer; (c) spray mode In this case, metal transfer occurs
through an axially directed spray consisting of small droplets of
the filler-metal melt. The mode is promoted by the use of high
currents which give rise to the formation of high number
density melt droplets; (d) pulsed mode This mode is promoted
by the use of high (several hundred times per second)
frequency, alternating welding voltage. The voltage cycles
about a mean value that is sufficiently high to produce a steady
arc, with metal transfer accomplished only at peak levels of the
welding voltage. In this transfer mode, the GMAW process: (i)
allows through the selection of the peak voltage and frequency,
greater control of the deposition rate, (ii) results in a reduction
in the overall lower heat input to the weldment, and (iii) is
suitable for the fabrication of welds of all common orientations;
and (e) high current density mode Here, selective combinations
of high wire/electrode feed rate, electrode length (a longer
length causes higher temperature and, in turn, filler-wire tip
melting), and shielding gas (a proper selection of the shielding
gas can increase molten-metal surface tension, promoting
droplet formation at the molten electrode-tip) are used to obtain

a particular state of the arc which enables significantly higher
molten-metal transfer rates. Two regimes of this metal transfer
mode are generally identified: (i) the non-rotational regime,
which is observed at lower welding currents and in the presence
of helium-/carbon dioxide-rich shielding gases. This regime is
characterized by a narrower/stationary axial arc and a localized,
deeper FZ and (ii) the rotational regime, which is observed at
higher welding currents and is characterized by a wider,
helically moving rotational arc and a wider and shallower FZ.

The key parameters of the GMAW process are as follows
[Ref 2]: (a) temporal profile and mean value of the welding
current/voltage, (b) composition of the filler-metal, (c) electrode
length and diameter, (d) filler-wire feed rate, (e) electrode travel
speed, (f) composition and flow-rate of the shielding gas, (g)
workpiece material(s), and (h) geometry, size, and orientation
of the weld.

1.2 Steel-Weldment Microstructure Evolution
During the Welding Process

As stated earlier, GMAW involves the melting and transfer
of a filler metal into a gap/groove separating the components to
be joined. In addition to producing the heat required for the
filler-metal melting, the electric arc is also responsible for
electro-magnetic stirring of the molten metal within the
resulting weld pool. This process significantly affects heat
transfer within the weld pool and, in turn, temperature
distribution and thermal history of the material in the entire
weld region [Ref 3]. As the welding torch (Fig. 1) travels along
the weld line, the previously formed weld pool begins to cool
and ultimately solidifies. Upon complete solidification of the
material within the weld pool, solid material within the
solidified FZ may undergo several (material-system and thermal
history dependent) solid-state phase transformations and micro-
structure evolution/reorganization processes [Ref 4–6]. As the
FZ solidifies and cools, the material in the HAZ first
experiences heating (the extent of which is dependent on the
distance from the weld center-line) and subsequent cooling, and
this thermal history also gives rise to a number of solid-phase
transformations and microstructure evolution/reorganization
processes. Due to the aforementioned changes experienced by
the filler-metal within the FZ and the base metal within the
HAZ, it is generally found that the overall mechanical (e.g.,
strength, toughness, ductility, etc.) and environmental resistance
(e.g., corrosion resistance) properties of the weldments are
greatly affected by the welding-induced thermal histories of the
material within the FZ and the HAZ.

In this study, microstructure evolution in a GMAW butt
weld of a prototypical armor grade high-hardness martensitic
steel (MIL A46100) is investigated computationally. As pointed
out earlier, material within both the FZ and the HAZ may
undergo a series of phase transformations following deposition
of the molten filler-metal into the weld groove. Leaving out
displacive/diffusionless (e.g., bainitic, martensitic) phase trans-
formations and the diffusional phase-transformations which
produce microstructural constituents (e.g., pearlite) from aus-
tenite, as well as alloy-carbide precipitation reactions, the
material within the FZ generally undergoes the following
sequence of phase transformations: liquid fi d-ferrite fi

c-austenite fi a-ferrite, while material within the HAZ under-
goes the following sequence of phase transformations: mar-
tensite fi c-austenite fi a-ferrite [Ref 2]. Numerous
experimental investigations [Ref 1] have established that: (a)

Fig. 1 A schematic representation of the conventional GMAW

process
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the solidification process within the weld pool is responsible for
the overall quality/soundness of the weld; and (b) the material
region within the FZ or HAZ which is associated with the most
inferior (thermal-history-governed and material-system depen-
dent) mechanical properties governs the overall performance of
the weldment [Ref 7, 8]. These observations/findings have been
rationalized as the effect of the material thermal history on the
rate and the extent of various solid-state phase transformations
and microstructure evolution/reorganization processes.

As stated earlier, this study deals with the computational
investigation of the material microstructure within the FZ and
HAZ during GMAW of MIL A46100A (butt) welds. Histor-
ically, microstructure and properties of the GMAW joints have
been investigated experimentally using various real-time and
post-mortem techniques, including: (a) dilatometric measure-

ments [Ref 9] Within this technique, the progress of the
assumed/predicted phase transformations is related to dimensional
changes to the test sample; (b) spatially and time-resolved x-ray
diffraction [Ref 3] The use of this synchrotron-radiation-based
technique enables not only monitoring of the progress but also
identification of the nature of the phase transformation; and (c)
post-mortem as-welded microstructure characterization In this
case, various microscopy, diffraction, scattering, and spectros-
copy-based techniques are utilized to characterize and quantify
the as-welded microstructure. In general, this approach is of a
destructive character and requires sectioning of the weldment
and special preparation of the exposed surfaces. To infer the
progress of phase transformation during GMAW from the post-
mortem as-welded microstructure characterization results, typ-
ically detailed knowledge of the thermodynamics and kinetics
of the attendant phase transformations is required.

1.3 Existing GMAW Process Models

An overview of the public-domain literature identified a
number of efforts dealing with numerical modeling and
simulations of the GMAW process. Closer examination of
these efforts reveals that they all could be classified into three
categories of GMAW modeling/simulation approaches: (a) this
class of GMAW models focuses on heat transfer from the arc to
the stationary weld pool [Ref 10–12], while mass transfer from
the electrode to the weld pool via the process of molten metal
droplets generation and transfer is neglected; (b) within this
class of GMAW models, both heat and mass transfer aspects of
the process are analyzed [Ref 13, 14] while accounting for a
number of GMAW-specific phenomena such as (i) electrode-tip
melting, (ii) droplet formation/detachment/transfer and
impingement onto the weld pool, (iii) dynamics of the weld
pool and the interactions between the arc/plasma, and (iv)
molten-metal transfer and the weld pool surface; and (c)
GMAW models which fall into this category focus on the weld
pool heat/mass transfer and solidification processes and
subsequent solid-state microstructure phase transformations
and microstructure-evolution processes [Ref 3, 15, 16]. Typi-
cally, these GMAWmodels: (i) assume that the weld pool exists
from the onset of simulation and that its initial temperature and
velocity fields are known and (ii) combine the heat/mass
transfer analyses with the basic physical-metallurgy principles
to predict the evolution of microstructure during the welding
process. It should be pointed out that the GMAW model
developed in this study falls into this category of the GMAW
models.

1.4 Main Objective

The main objective of this article is to extend the GMAW
process model which was developed in our recent work to
predict the distribution of the material microstructure in
different FZ/HAZ locations of a prototypical low-carbon steel
(AISI 1005) under a given set of welding/process parameters.
The main extension of the model will include addressing the
specifics of phase transformations and microstructural evolu-
tion/reorganization processes which are unique to the subject
material MIL A46100 armor-grade high-hardness martensitic
steel.

As mentioned earlier, the rate and extent of various phase
transformations within different weld regions is governed by the
associated thermal histories. These histories are predicted, as a
function of the process parameters, weld geometries, and filler/
base-metal thermal properties, by the GMAW process model
[Ref 16]. The results obtained from the extended GMAW
process model will be compared with available public-domain
experimental data to provide model validation/verification.

1.5 Organization of the Article

A brief overview of the basic physical-metallurgy concepts
and principles related to MIL A46100A and the associated
family of armor-grade high-hardness martensitic steels is
provided in section 2. A brief overview of the GMAW process
model developed in our recent work [Ref 16] and details
regarding its extension are provided in section 3. The key
results pertaining to the effect of GMAW process parameters on
the spatial distribution of the principal crystallographic phases
and microconstituents within the FZ and HAZ of a MIL
A46100 butt weld are presented and discussed in section 4. The
main conclusions resulting from this study are summarized in
section 5.

2. Basic Physical Metallurgy of MIL A46100

2.1 Identification

MIL A46100 is a rolled homogenous armor (RHA) plain
steel whose chemical composition, material processing, and
plate-fabrication routes as well as the resulting material-
microstructure and properties are governed by the specification
MIL STD A46100 [Ref 17]. This steel falls into the category of
air-quenchable, self-tempered, high-hardness, low-alloy mar-
tensitic steels. It is generally available in plate thicknesses up to
2 in. (50.8 mm) and is primarily intended for use in light-armor
applications. As mentioned above, plates of this material are
produced by hot rolling steel castings and during this process
material microstructure is homogenized while most of the
microstructural imperfections/defects are removed. The
as-fabricated RHA should be distinguished from the face-
hardened metallic armor, in which various hardening tech-
niques are employed to increase strength/hardness of the armor
strike-face.

2.2 Chemical Composition

MILA46100 has the following nominal chemical composition
expressed in weight percents: C—0.28, Mn—0.90, Si—0.53,
Cr—0.30, Mo—0.24, Ni—0.19, Ti—0.03, Cu—0.18, Al—0.02,
V—0.007, S—0.002.
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2.3 Typical Properties

In the as-received (i.e., hot-rolled) condition, MIL A46100
typically possesses the following general, mechanical, thermal,
and thermo-mechanical properties: density, q = 7850 kg/m3;
Brinell hardness, HB = 480-540; yield strength, ry = 1000-
1100 MPa; ultimate tensile strength, UTS = 1750-1800 MPa;
uniform elongation, eUTS = 10-13%; Charpy V-notch absorbed
energy, UCharpy-V = 25-30 J; specific heat, CV = 440-520
J/kg ÆK; thermal conductivity, k = 35-50 W/m ÆK; and coeffi-
cient of linear thermal expansion, a = 11-129 10�6 K�1.

2.4 Weldability

MIL A46100 steel plates can be readily joined using conven-
tional welding techniques. Details regarding the pre-welding
treatment, welding procedure, and post-welding handling are
governed by the MIL-DTL-46100E specification. In the case of
GMAW,MIL A46100 steel plates do not need to be heated prior to
welding, while the joining surfaces must be clean and dry, and the
necessary precautions taken against hydrogen pick-up. Other
(typical) GMAW conditions as defined by the aforementioned
specification include: (a) ‘‘no gap’’ groove geometrical parameters:
land = 1.5 mm, included angle = 60�; (b) number of weld
passes = 1; (c) filler wire diameter = 1.6 mm; (d) filler metal
transfermode—spray; (e) typeof shieldinggas—98%Ar/2%O2; (f)
shielding gas flow rate = 1.2 m3/h; (g) gas nozzle inner diame-
ter = 12.7 mm; (h) contact-tip-to-workpiece distance = 17.5 mm;
(i)welding voltage = 27.5 V; (j)welding current = 310-315 A; (k)
wire feed speed = 400-450 cm/min; (l) weld gun travel
speed = 30-35 cm/min; and (m) predicted heat input = 1626 kJ/m.

2.5 Distinct Zones of the GMAW Weld Region

AGMAWweld region typically consists of twomain zones: (a)
the FZ containing mainly the solidified filler-metal and (b) the
HAZ containing the work-piece base metal which has undergone
microstructural (and, to a lesser extent, chemical composition)
changes during welding. The HAZ, in turn, can be divided into
several sub-zones which are listed (and described) below in the
ascendingorder of distance from theweld centerline: (i) the coarse-
grained sub-zone, which contains mainly martensite formed
during cooling from austenite with a large grain size due to its
exposure to high temperatures (within the single-phase austenite
region); (ii) the fine-grained sub-zone, which contains martensite
and bainite formed during cooling from austenite with a relatively
smaller grain size due to its exposure to lower temperatures (within
the single-phase austenite region); (iii) the so-called inter-critical
sub-zone, which has been exposed to the temperatures sufficiently
high to form austenite but not high enough to fully austenitize the
material. Consequently, this sub-zone contains both non-austenite
phases (i.e., ferrite and alloy-carbides) present at the highest
temperature to which this sub-zone was exposed and the products
of austenite decompositionduringcooling (i.e.,martensite, bainite,
ferrite); and (iv) the so-called sub-critical zone, within which the
material was never exposed to a temperature sufficiently high to
result in the formation of austenite. Consequently, the microstruc-
ture in this sub-zone consists mainly of temperedmartensite (i.e., a
mixture of ferrite and carbides).

2.6 Phase Diagram

Following the standard practice, the equilibrium state of
MIL A46100 (as defined by the crystalline phases present, their

chemical compositions and their volume fractions) at different
temperatures (and under atmospheric pressure) can be deter-
mined using the corresponding multi-component (equilibrium)
phase diagram. In this diagram, the axes are the concentrations
of all the MIL A46100 main alloying elements (i.e., C, Mn, Si,
Cr, Mo, etc.) and temperature. However, the construction of
such a multi-component phase diagram is highly impractical
due to its multi-dimensional nature. Instead, the corresponding
‘‘quasi-binary’’ para-equilibrium Fe-C phase diagram is typi-
cally used. Within this two-dimensional, alloy-system-dependent
diagram, it is assumed that the concentration of each non-
carbon alloying element is the same as that in the overall
material itself. In other words, it is assumed that due to the low
diffusivity of the non-carbon alloying elements relative to that
of carbon, their partitioning between various phases does not
take place. The quasi-binary para-equilibrium phase diagram of
MIL A46100 is displayed in Fig. 2. Examination of Fig. 2
reveals that the MIL A46100 quasi-binary phase diagram is
quite similar to the true-binary Fe-C phase diagram, except that
the values of the characteristic temperatures and concentrations
have been slightly modified. This finding is consistent with the
fact that MIL A46100 is a low-alloy steel in which the chemical
composition (and, consequently, the Gibbs free energy func-
tion) of the key crystalline phases has not changed significantly
relative to that in the Fe-C binary system. In addition, volume
fractions of the additional phases not present in the Fe-C system
such as Mo2C, (Cr,Mo)23C6 and (Ti,V)N are quite small.

As partitioning of alloying elements does take place in MIL
A46100, the quasi-binary phase diagram displayed in Fig. 2
has relatively limited utility. On the other hand, while, as
pointed out earlier, there are challenges associated with the
graphical representation of a multi-component phase diagram,
one can extract and readily display specific details contained
within the phase diagram. For example, for the steel in
question, one can compute the equilibrium volume fraction of
all the phases present at different temperatures and the
atmospheric pressure. This was done in Ref. 15 using the
materials-thermodynamics commercial software ThermoCalc
[Ref 18] and the results of this calculation are shown in

Fig. 2 A portion of the quasi-binary para-equilibrium Fe-C phase

diagram corresponding to the non-carbon alloy additions at a level

nominally found in MIL A46100
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Fig. 3(a) and (b). Examination of Fig. 3(a) enables the
determination of the following MIL A46100 characteristic
temperatures: (a) the liquidus temperature (=1772 K) defined as
the temperature at which the volume fraction of the liquid first
begins to deviate from 100% during cooling, (b) the peritectic-
transformation temperature (=1750 K) defined as the temper-
ature at which austenite first appears during cooling, (c) the
solidus temperature (=1720 K) defined as the lowest temper-
ature at which the liquid is still present, (d) the Ac3 temperature
(=1076 K) defined as the temperature at which a-ferrite first
appears during cooling, and (e) the Ac1 temperature (=982 K)
defined as the temperature at which austenite vanishes during
cooling. On the other hand, examination of Fig. 3(b) reveals
that: (a) (Ti,V)(N,C) primary precipitates first appear at
temperatures slightly above the solidus temperature, due to
the associated high super-saturation of the residual liquid with
the alloying elements and their volume fraction does not change
significantly during subsequent cooling. In addition, it is seen
that cementite begins to form during cooling at a temperature in
the Ac1-Ac3 range while MoC forms at temperatures below Ac1.

2.7 Time-Temperature-Transformation (TTT) Diagram(s)

As mentioned earlier, during cooling of the material within
the FZ, austenite (a high-temperature c-phase with face-
centered-cubic, FCC crystal structure) undergoes transformation
into a number of low-temperature ferrite (a low-temperature
a-phase with body-centered-cubic, BCC crystal structure)-based
phases/micro-constituents. Some of these transformations are
not predicted by the phase diagram as they occur under finite
cooling-rate conditions while the phase diagram predicts the
state of the material only under extremely slow cooling
conditions. To overcome this shortcoming of the phase diagram,
additional, material-specific time-based diagrams are used. The
first diagram of this kind is the so-called TTT diagram. A series
of TTT diagrams for MIL A46100, as a function of the
maximum temperature experienced by austenite, is depicted in
Fig. 4(a) to (e). In general, diagrams of this type are constructed
experimentally by quenching the steel in question from a
temperature greater than Ac1 to (and holding at) a desired
temperature below Ac1 and determining the time of the onset of
austenite decomposition, the so-called incubation time. Major
advances have been made in the capabilities of the computa-
tional methods and tools used for the construction of fairly
accurate TTT diagrams. For example, the TTT diagrams
displayed in Fig. 4(a) to (e) were determined computationally
in Ref 15 using a proprietary computer code.

The TTT diagrams displayed in Fig. 4(a) to (e) are adopted
in this study. The (missing) TTT diagrams associated with the
pre-quench austenite temperatures other than the ones refer-
enced in Fig. 4(a) to (e) are obtained using a simple linear
interpolation scheme. Examination of the TTT diagrams
displayed in Fig. 4(a) to (e) reveals the presence of three
(complete or partial) C-shaped curves. The two high-temper-
ature curves labeled Fs and Ff represent, respectively, the loci
of the incubation times for the allotriomorphic ferrite (a
variation of ferrite possessing a featureless external morphol-
ogy which does not reflect the symmetry of the associated
underlying crystalline structure) and acicular/Widmanstatten
ferrite (a version of ferrite possessing an acicular/lenticular-
plate morphology which grows into the untransformed aus-
tenite from the austenite/austenite grain boundaries and/or

allotriomorphic-ferrite/austenite interfaces). The lower C-shaped
curve, Bs, is associated with the displacive bainitic phase
transformation which produces a lath or acicular-shaped bainitic
phase in which atomic diffusion of iron and alloying elements
other than carbon is suppressed. Further examination of
Fig. 4(a) to (e) reveals the presence of two low-temperature
horizontal lines. These lines, labeled as Ms and Mf, denote,
respectively, the temperatures at which displacive/diffusionless
martensitic phase transformation starts and finishes. The
product of this transformation is martensite, a solid solution
with a highly distorted tetragonal crystal structure (due to high
levels of carbon super-saturation) and acicular morphology.
Finally, it is seen that Fig. 4(a) to (e) contains two high-
temperature horizontal lines. These lines, labeled as Ac1 and
Ac3, represent the highest temperature at which, during cooling,
austenite volume fraction decreases below 1.0 and the highest
temperature at which austenite volume fraction drops to 0.0,
respectively.

Fig. 3 Equilibrium volume fractions of all the phases present in

MIL A46100 as a function of temperature (and at atmospheric

pressure) [Ref 15]
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Fig. 4 The TTT diagrams for MIL A46100 steel equilibrated initially at: (a) 993 K, (b) 1003 K, (c) 1053 K, (d) 1076 K, and (e) 1330 K. Sym-

bols Fs, Ff, and Bs are used to denote the locus of the temperature vs. time conditions at which austenite begins to transform, respectively, into

allotropic ferrite, acicular ferrite, and bainite, respectively. Symbols Ac3, Ac1, Ms, and Mf have their common meanings (please see text for details)
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2.8 Continuous-Cooling-Transformation (CCT) Diagram(s)

As pointed out above, a TTT diagram is obtained under
particular thermal-history conditions which include quenching
of austenite from a super-Ac1 temperature to (and holding at) a
sub-Ac1 temperature until the associated austenite-decomposi-
tion phase transformation begins to take place. Within an actual
GMAW process, no material point within the weld region is
generally expected to be associated with this type of thermal
history. Instead, one would typically expect a thermal history
which is characterized by continuous cooling from the max-
imum temperature to which austenite has been subjected. Thus,
a diagram is needed which can be used to display various types
of austenite-decomposition phase transformations under arbi-
trary continuous-cooling conditions. The so-called Scheil
additive rule is adopted in this study to model austenite-
decomposition under continuous-cooling conditions. Accord-
ing to this rule:

Z

t

0

dt0

s Tðt0Þð Þ
¼ 1; ðEq 1Þ

where t is the (non-isothermal) incubation time associated
with the cooling history T(t¢), s (T) is the corresponding locus
of the temperature-dependent incubation times, t¢ is a dum-
my-time variable and t¢ = 0 corresponds to the moment when,
during cooling, the temperature of a given material point
becomes equal to the corresponding (i.e., austenite fi allotri-
omorphic ferrite, austenite fi Widmanstatten ferrite, or aus-
tenite fi bainite) equilibrium transformation temperature. In
the case of the austenite fi allotriomorphic-ferrite transfor-
mation, this temperature corresponds to the Ac3 temperature
while in the cases of the austenite fi Widmanstatten ferrite
and austenite fi bainite transformations, the corresponding
temperatures can be operationally defined as the horizontal
asymptotes for the Ff and Bs partial C-shaped curves,
Fig. 4(a) to (e). Examination of Eq 1 reveals that the Scheil

additive rule simply postulates that the material has to reach
the same critical state of incubation for the particular austen-
ite-decomposition phase-transformation to begin. The pro-
gress of the material toward this critical incubation state, at a
given temperature T during cooling, is simply defined by the

dt0

s Tðt0Þð Þ ratio, and the time integral of this quantity at the onset
of phase transformation, hence, has to be equal to 1.0.

The procedure described above is demonstrated using the
TTT diagram shown earlier in Fig. 4(a) to construct the
corresponding CCT diagram, Fig. 5. The diagram displayed in
Fig. 5 is obtained under particular continuous-cooling condi-
tions, i.e., the ones associated with constant cooling rates. It
should be noted that both TTT and CCT curves are shown in
Fig. 5 and, for improved clarity, the TTT curves are denoted in
this figure using dashed lines. For the same reason, the resulting
CCT curves are drawn as heavy, while representative cooling
curves are denoted as light solid lines. It should be noted that,
due to the athermal nature of the martensitic transformation, the
MS transformation temperature is not affected by the details of
the material cooling history. Consequently, the Ms and Mf

horizontal lines coincide with their TTT counterparts.

2.9 Phase Volume Fractions Within the FZ

As pointed out earlier, the main objective of this study is to
enable predictions relative to the spatial distributions of the
phase volume fractions within the FZ and HAZ. The informa-
tion provided by the aforementioned phase, TTT and CCT
diagrams are necessary, but not sufficient, input for a phase
volume-fraction determination procedure. That is, in addition to
knowing the temperature under a given thermal history at
which a particular phase transformation will take place, models
and data are needed to determine the rate of growth/evolution
of the newly formed phases. Such models are developed in this
section for the FZ material points. In the next section, the
corresponding models will be presented for the HAZ material
points. Two sets of models were deemed necessary, considering
the fact that the material points within the FZ and the HAZ
generally possess quite different thermal histories. That is,
within the FZ thermal history is dominated by the continuous
cooling of austenite (formed from the liquid phase during
solidification), while within the HAZ thermal history involves
initial heating of the as-received martensitic microstructure and
subsequent cooling of the austenite phase (formed from the
martensitic phase during heating).

2.9.1 Phase Volume Fraction Calculations. As men-
tioned earlier, within the FZ, depending on the cooling history,
austenite may transform into one or more of the following
phases: allotriomorphic ferrite, acicular ferrite, bainite, and/or
martensite. In the remainder of this section, procedures are
presented for computing the final volume fractions of the
phases formed during austenite decomposition within different
portions of the FZ.

2.9.2 Allotriomorphic-Ferrite Volume Fraction. As
discussed in our prior work [Ref 16], austenite grains formed
during solidification are, for the most part, of a columnar shape
and aligned with the direction of the maximum heat extraction.
For modeling purposes, the cross section of the columnar
austenite grains is typically idealized as being of a regular
hexagonal shape. In other words, as shown schematically in
Fig. 6(a), the columnar austenite grains are assumed to form a
perfect honeycomb structure, with the axes of the hexagonal
prisms being aligned with the local maximum heat-extraction

Fig. 5 MIL A46100 CCT diagram corresponding to the TTT dia-

gram displayed in Fig. 4(a). CCT curves and the MS and Mf temper-

ature lines are denoted using heavy solid lines, while representative

cooling curves are shown as light solid lines. The TTT curves and

the Ac1 and Ac3 temperature lines are denoted using dashed lines
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direction. In addition to specifying the shape of the austenite
grains, the hexagonal-section edge length, a, must be specified
as, as will be shown below, it affects the final volume fraction
of the allotriomorphic ferrite. The hexagonal-section edge
length is, in turn, mainly affected by the maximum local
cooling rate attained by the liquid during solidification.
Specifically, a decreases with an increase in the maximum
local cooling rate of the melt during solidification. To establish
functional relationship between the austenite-grain cross-
sectional area and the local solidification conditions one must
model explicitly melt-solidification aspects of the GMAW
process. As this type of modeling is beyond the scope of the
present effort, the initial distribution of the austenite grain size
within the FZ could not be carried out. Instead, a prototypical
value of a = 50 lm was used throughout the entire FZ
[Ref 19]. An effort is underway to couple the present
GMAW-process model with the type of GMAW-process model
which emphasizes heat transfer from the arc and mass transfer
from the electrode to the weld pool, to help establish functional
relationships between the GMAW process parameters and the
as-cast filler metal material microstructure.

The allotriomorphic ferrite growth model utilized in this
study was developed in our recent work [Ref 16] and will be
reviewed briefly below. The model is based on the following

postulates: (a) a parabolic relationship exists between the
allotriomorphic-ferrite thickness growth rate, dq

dt
; and the

instantaneous ferrite-plate thickness, q, as

dq

dt
¼

a1ðtÞ

q
; ðEq 2Þ

where a1(t) is a one-dimensional temperature-dependent para-
bolic-growth-rate constant; (b) the allotriomorphic ferrite
finite-plate thickness, qf, can be obtained by integrating of
Eq 2 between the time at which the growth starts, ti, and the
time at which the growth ceases, tf, along the given tempera-
ture history, T(t¢), as

qf ¼ 0:5

Z

tf

ti

a1ðTðt
0ÞÞt0

�0:5
dt0: ðEq 3Þ

In Eq 3 , for any austenite cooling history, time ti (and the
associated c-austenite fi allotriomorphic ferrite phase trans-
formation-start temperature) are obtained using the aforemen-
tioned CCT procedure and the Fs-labeled, C-shaped curve
in Fig. 4 and 5. On the other hand, tf (and the associated
c-austenite fi allotriomorphic ferrite phase transformation-
end temperature) is determined using the same procedure, but
by employing Ff or Bs C-shaped curves. In other words,
transformation of austenite into allotriomorphic ferrite is
assumed to cease once kinetically superior austenite fi Wid-
manstatten ferrite or austenite fi bainite phase transformations
initiate; (c) value of the parabolic-growth rate constant is
assumed to be controlled by carbon diffusion within austenite
from the advancing allotriomorphic growth front. In other
words, following the experimental investigation reported in
Ref 3, it is assumed that para-equilibrium conditions exist
during the austenite fi allotriomorphic ferrite transformation.
Using available experimental data [Ref 3, 19], a functional
relationship is established between a1 and temperature in
MIL A46100 and this functional relationship is depicted in
Fig. 7. Examination of this figure reveals that, as the tempera-
ture decreases, a1 first increases as a result of an increased

Fig. 6 Schematic representations of the columnar-grain microstruc-

ture in: (a) untransformed austenite, (b) austenite partially trans-

formed into allotriomorphic ferrite, and (c) austenite partially

transformed into allotriomorphic and Widmanstatten ferrite

Fig. 7 Temperature dependence of the one-dimensional parabolic

growth rate constant for the austenite fi allotriomorphic ferrite

phase transformation in MIL A46100 [Ref 19]
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thermodynamic driving force for the austenite fi allotrio-
morphic ferrite transformation. On the other hand, at suffi-
ciently low temperatures, the diffusivity of carbon becomes
quite low, so that transformation of austenite fi allotriomor-
phic ferrite becomes kinetically controlled, causing a reduc-
tion in a1; and (d) finally, it is assumed that a functional
relationship can be established between the allotriomorphic
ferrite plate thickness, qf, and its volume fraction, VaA. This
functional relationship is inferred by applying a simple geo-
metrical computational procedure to the schematic displayed
in Fig. 6(b) which depicts a partially transformed section of
austenite. The resulting functional relationship can be stated
as

VaA ¼
2qf tanð30�Þ 2a� 2qf tanð30�Þð Þ½ �

a2
: ðEq 4Þ

2.9.3 Widmanstatten-Ferrite Volume Fraction. Exami-
nation of Fig. 5 reveals that, at relatively high transformation
temperatures, the onset of austenite to Widmanstatten ferrite
phase transformation causes the kinetically sluggish austenite to
allotriomorphic ferrite transformation to cease. Following a
detailed analysis presented in our recent work [Ref 16], the
growth rate of the Widmanstatten ferrite is assumed to be
controlled by the rate of lengthening of this lens-shaped phase
in a direction normal to the local allotriomorphic ferrite/
austenite interface. To help clarify geometrical/topological
details related to the formation of Widmanstatten-ferrite, a
simple schematic of partially transformed austenite grains is
depicted in Fig. 6(c). Examination of this figure reveals the
presence of prior austenite grain-boundary regions which have
been transformed into allotriomorphic ferrite, as well as
lenticular-shaped Widmanstatten plates advancing from the
allotriomorphic ferrite/austenite interfaces toward the untrans-
formed austenite grain centers.

As discussed in great detail in our recent work [Ref 16], the
rate of the austenite fi Widmanstatten-ferrite phase transfor-
mation is affected not only by the para-equilibrium condition
still present at the ferrite advancing front and the associated
carbon diffusion from this front into the untransformed
austenite but also by the displacive character of the austenite
to Widmanstatten ferrite transformation. Following the proce-
dure described in Ref 6, 20 which is based on the calculation of
the Widmanstatten-ferrite area fraction within the austenite
grains with hexagonal cross section, Fig. 6(c), the following
expression is derived for computing the Widmanstatten-ferrite
volume fraction, VaW

VaW ¼ C4G
2a� 4qf tan 30�ð Þ t2

aW

2að Þ2

" #

; ðEq 5Þ

where C4 (=7.367 s�1, Ref 19) is an alloy-composition-
independent constant, G (=52 lm/s, Ref 19) is the Widmanst-
atten ferrite lengthening rate, and taW is the total time available
for the austenite fi Widmanstatten ferrite transformation (it
should be recalled that once temperature drops below BS, the
austenite fi Widmanstatten ferrite transformation ceases and it
is replaced with a austenite fi bainite phase transformation).

2.9.4 Volume Fraction of Bainite. As mentioned earlier,
bainite is a product of austenite-decomposition and the
austenite fi bainite phase-transformation is of a displacive
character but its progress is controlled by carbon diffusion into
the untransformed austenite matrix. As established in a series of
publications by Bhadeshia and co-workers [Ref 19–21], growth

of bainite involves three distinct processes: (a) nucleation and
lengthening of bainite platelets (commonly referred to as sub-
units) at austenite grain boundaries and phase interfaces. Upon
reaching a critical size, lengthening of the bainite subunits is
arrested by the plastic deformation accumulated within the
surrounding austenite, (b) the transformation then proceeds by
nucleation of new subunits ahead of the arrested ones. The
newly formed subunits also become arrested and this sequence
of processes continues, and (c) the result of the sequential
nucleation of bainite subunits is the formation of unit clusters

Fig. 8 Schematic of the bainite growth mechanism via the nucle-

ation of sub-units, their growth and arrest, and subsequent autocata-

lytic nucleation of new sub-units (resulting in the formation of

sub-unit clusters commonly referred to as sheaves) [Ref 21]

Fig. 9 The effect of transformation temperature and (constant)

cooling rate on the progress of austenite fi bainite martensitic

transformation, in the case of austenite with the TTT and CCT dia-

grams corresponding to those shown in Fig. 4(a) and 5, respectively
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commonly referred to as ‘‘sheaves.’’ It is the rate of lengthening
of the sheaves which controls the overall progress of the
austenite fi bainite phase transformation. A schematic of the
bainite-formation mechanism just described is given in Fig. 8.

To determine the rate of the bainitic transformation (and the
associated increase in the bainite volume fraction) as a function
of time, temperature, chemical composition (and austenite grain
size), the model proposed by Matsuda and Bhadeshia [Ref 21]
was utilized. This model was fully validated in Ref 21 by
comparing its predictions with published isothermal and
continuous cooling transformation results. Within this quite
elaborate model, the overall rate of increase of the bainite
volume fraction is related to the three aforementioned basic
processes, and each of these processes is analyzed in great
detail. Due to space limitations, details of the model could not
be reproduced here. Instead, Fig. 9 shows a set of constant
cooling curves which relate the volume fraction of bainite to the
instantaneous temperature for the MIL A46100 HAZ section
which was described using TTT and CCT diagrams displayed
in Fig. 4(a) and 5, respectively. By employing a procedure
similar to that described in the case of the allotriomorphic
ferrite, the results displayed in Fig. 9 are used in this study to
construct a bainite evolution algorithm under arbitrary thermal-
history conditions.

2.9.5 Volume Fraction of Martensite. As mentioned
earlier, when the temperature drops to MS all the aforementioned
austenite-decomposition phase-transformations are assumed to
cease and to be replaced with the kinetically superior diffusionless
austenite fi martensite phase transformation. This transforma-
tion is of an athermal character, i.e., the extent of this transforma-
tion depends only on temperature (within theMS-Mf range) and not
on time. As, as confirmed by the TTT diagrams displayed in
Fig. 4(a) to (e), Mf is above the room temperature, martensitic
transformation is expected to cause a complete transformation of
austenite. Thus, the volume fraction of martensite, VMs, can be
computed by simply subtracting the sum of volume fractions of all
the room-temperature phases from 1.0.

2.9.6 Volume Fraction of Other Crystalline Phases. As
established above, complete transformation of austenite to
martensite is predicted and, hence, no retained austenite is
expected. Other potential phases present at room temperature
are not related directly to decomposition of austenite, but rather
the results of the precipitation reactions which take place once
the solubility limit for austenite is exceeded, during cooling. In
MIL A46100, these phases generally include (Ti, V)N and
MoC. Room-temperature volume fractions of these phases are
approximately predicted by the equilibrium phase diagram,
Fig. 3(b).

2.10 Phase Volume Fractions within the HAZ

As explained earlier, material points within the HAZ are
subjected to more complicated thermal histories which include
both heating and cooling portions. The HAZ is operationally
defined as a region surrounding the FZ within which these
thermal histories cause noticeable and significant changes in the
weldment-material microstructure and properties. For conve-
nience, changes in the HAZ material microstructure during
heating and cooling portions of the thermal history are analyzed
separately.

2.10.1 Heating Portion of the Thermal History. As
established in section 2, MIL A46100 in its as-received
condition typically possesses an auto-tempered martensitic

microstructure. The extent of changes in this microstructure
within the HAZ is mainly a function of the maximum-exposure
temperature (in the associated ‘‘holding’’ time). Specifically, if
the maximum-exposure temperature never exceeds Ac1, the
only microstructural changes expected are those associated with
tempering of martensite. The outcome of these microstructural
changes is the formation of ferrite and, initially, e-carbide (or,
finally, alloyed cementite). On the other hand, when the
maximum-exposure temperature exceeds Ac1, formation of
austenite at the prior-austenite grain boundary junctions takes
place. A schematic of this martensite to austenite phase

Fig. 10 A schematic of austenite formation at the prior-austenite

grain-boundary junctions within a fully martensitic as-hot-rolled

microstructure during super-Ac1 thermal exposure. (a) Pre-transfor-

mation microstructure and (b) post-transformation microstructure

Fig. 11 Typical (a) geometrical and (b) meshed models used in the

present analysis of the GMAW process
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transformation is depicted in Fig. 10(a) and (b), in which
elongated prior-austenite grains are shown to reveal the effect
of hot-rolling on the material microstructure.

In this study, both the carbide-precipitation reactions
associated with martensite tempering as well as austenite
formation are modeled using an identical approach. That is, in
both cases it is assumed that the phase transformations in
question, involve nucleation and subsequent growth of the
product phases (under para-equilibrium conditions). Following
standard practice, the progress of these transformations is
represented mathematically using the so-called Kolmogorov-
Johnson-Mehl-Avrami (KJMA) relation [Ref 22]. In the case of
an isothermal phase transformation, the KJMA relation can be
expressed as

Vc ¼ V eq
c

1� exp � k Tð Þ � tf gn½ �ð Þ; ðEq 6Þ

where Vc and V eq
c

represent, respectively, the product-phase
current and equilibrium volume fractions, k(T) is a nucle-
ation/growth-rate related kinetic parameter, t is the isothermal
holding time at temperature T, and n (=1.9, Ref 3) is a tem-
perature-invariant exponent. Temperature dependence of k is
normally defined using an Arrhenius-type relation in the
form:

kðTÞ ¼ k0 � exp �
Q

RT

� �

; ðEq 7Þ

where k0 is a pre-exponential constant, Q is an overall nucle-
ation/growth activation energy for the ferrite to austenite
phase transformation, while R is the universal gas constant.
Using multiple-regression analysis and the relevant isothermal
kinetics data, the KJMA parameters are determined as fol-
lows: (a) for the martensite/austenite transformation, k0
=1.339 105 s�1 [Ref 3], Q = 117.07 kJ/mol [Ref 3]; and (b)
for the martensite-tempering reaction, k0 = 4.109 105 s�1

[Ref 23, 24], Q = 115.50 kJ/mol [Ref 23, 24].
It is clear that Eq 6 cannot be directly used in the analysis of

microstructural changes within the HAZ, as the associated
phase transformations proceed under continuous heating (and
cooling) conditions, rather than under isothermal holding
conditions. Instead, to overcome this problem, a local (contin-
uous) thermal-history function T(t) can be first approximated,
as a sequence of N isothermal-holding steps each associated
with a temperature Ti (i = 1, 2,…,N) and of a duration Dt. Then
Eq 6 could be used to include the cumulative contributions of
all the isothermal-transformation steps as

Vc t TNð Þð Þ ¼ V eq
c

1� exp �
X

N

i¼1

k Tið Þ � Dt

( )n" # !

¼ V eq
c

1� exp �
X

N

i¼1

k0 � exp �
Q

RTi

� �

� Dt

( )n" # !

:

ðEq 8Þ

2.10.2 Cooling Portion of the Thermal History. In the
case of maximum-exposure temperature being over that Ac1,
martensite tempering simply continues (at the progressively
lower rate) during cooling to room temperature. Thus, the
progress of the martensite-tempering phase transformation can
be treated using the methods developed in the previous section.
As far as the case of a super-Ac1 maximum-exposure
temperature is concerned, austenite formed undergoes decom-
position during subsequent cooling to room temperature. To a

first order of approximation austenite-decomposition phase
transformations can be handled using the same approach as the
one developed in the context of FZ. One of the significant
differences to be accounted for is the fact that austenite, in the
present case if formed within the Ac1-Ac3 temperature range
possesses a different chemical composition than its counterpart
in the FZ. Specifically, due to the hypo-eutectoid character of
MIL A46100, austenite formed in this temperature range is
enriched on alloying elements relative to the nominal chemical
composition of MIL A46100. Consequently, and supported by
the results displayed in Fig. 4(a) to (e), austenite is less likely to
transform into one of its high-temperature decomposition
products, i.e., allotriomorphic ferrite and/or Widmanstatten
ferrite. Additional potential difference between the austenite
decomposition reactions in HAZ from that in FZ is related to
the fact that austenite/ferrite interfaces may already exist at the
onset of cooling, hence, ferrite nucleation is not required and
the overall progress of austenite to ferrite transformation is
controlled by the growth kinetics.

3. Computational Procedure

As mentioned earlier, GMAW of MIL A46100 is compu-
tationally analyzed in this study using our recently developed
transient fully coupled thermo-mechanical finite-element
GMAW process model. This model, in turn, was developed
by adapting the friction stir welding (FSW) process model
developed and applied to a series of armor-grade metallic
materials [Ref 25–33]. As details regarding the GMAW process
model can be found in Ref 16, only a brief overview of its key
elements is given here.

3.1 Geometrical Model

The computational domain comprising two workpieces to be
butt-welded possesses a rectangular-parallelepiped shape and has
the following dimensions: (1209 60–2409 15 mm). The axes
of the parallelepiped are aligned with the global x-y-z Cartesian
system, as displayed in Fig. 11(a). The following orientation of
the computational domain is chosen: (i) theweld contact interface
is set orthogonal to the x-axis, (ii) the weld gun travels along the
y-axis, while (iii) the workpiece upward normals are aligned
with the z-axis. The origin of the coordinate system is placed
at the center (x = 0)/front (ymin = 0)/bottom (z = 0) point of
the computational domain. A V-shaped through-the-thickness
groove centered at x = 0 and extending along the y-axis is created
initially by removing the associated workpiece material from the
two workpieces to be butt-welded. To mimic groove filling
during the GMAW process in the spray metal-transfer mode,
the removed material is then progressively added in the
y-direction (to track the motion of the welding gun). In addition,
extra material is added during the groove filling process so that
the resulting weld acquires a dome shape, Fig. 11(a). It should be
noted that the computational domain described above is sym-
metric about x = 0 and, hence, only one (left, when looking along
the direction of motion of the welding gun, in this study) half of
this computational domain has to be explicitly analyzed.

3.2 Meshed Model

The selected half of the computational domain is meshed
using between 54,000 and 216,000 eight-node, first-order,
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thermo-mechanically coupled, reduced-integration, hexahedral
continuum elements. Figure 11(b) shows a close-up of the
typical meshed model used in this study.

3.3 Computational Algorithm

The GMAW computational process model utilized in this
study is based on the implementation of a transient, fully
coupled, thermo-mechanical, unconditionally stable, implicit
finite-element algorithm. At the beginning of the analysis, the
computational domain containing the ‘‘V-shaped groove’’ is
supported over its bottom (z = 0) face, made stress-free and
placed at the ambient temperature. As welding proceeds, a
high-temperature welding/filler material is progressively added
into the groove to track the position of the weld gun. Thermal
aspects of the GMAW process are then handled by activating
all three basic modes of heat transfer (i.e., conduction,
convection, and radiation) between the weld, adjoining work-
pieces, and the surroundings. The resulting non-uniform
thermal fields within the weldment are allowed to produce
thermal stresses and, if sufficiently high, give rise to the local
permanent deformations/distortions and residual stresses. In the
cases when high thermal stresses caused the development of
permanent distortions, following the standard practice, 95% of
the work of plastic deformation was assumed to be dissipated in
the form of heat while the remaining 5% was assumed to be
stored in the form of local microstructural and crystal defects.

3.4 Initial Conditions

As mentioned above, the workpiece and the welding/filler
material are initially assumed to be stress-free but at different
temperatures, i.e., (a) the workpiece material is assumed to be at
the ambient temperature, while (b) the filler material is assumed
to be at the material�s solidus temperature (the lowest
temperature at which the liquid metal is still present during
cooling). It should be noted that in the real GMAW process, the
material transferred from the electrode-tip into the groove
initially possesses a super-liquidus temperature. No attempt was
made in this study to determine this temperature and relate it to
the basic welding-process parameters. These shortcomings of
the present model will be addressed in our future efforts, which
will include coupling of the present GMAW-process model
with one of the previously overviewed process models which
focus on the aspects of the GMAW process related to the heat
and mass transfer from the arc and the electrode, respectively,
to the weld pool.

3.5 Boundary Conditions

Since only one half of the workpiece/weld assembly is
explicitly analyzed, symmetry mechanical and thermal bound-
ary conditions had to be applied across the x = 0 symmetry
plane. As far as the additional mechanical boundary conditions
are concerned, only the one associated with providing the
support to the workpiece over its bottom face is applied.
Regarding the additional thermal boundary conditions, natural
convection and radiation boundary conditions are prescribed
over all exposed surfaces of the workpiece/weld, while the
bottom surface is assumed to be insulated.

3.6 Mesh Sensitivity

A mesh sensitivity analysis was carried out involving the
use of progressively finer finite element meshes to ensure that

the key results and conclusions yielded by this study are not
affected by the choice of the computational mesh. The selected
finite element mesh(es) represents a compromise between the
numerical accuracy and computational efficiency.

3.7 Material Model

It should be noted that, in this study, GMAW process
modeling and the analysis of the welding-induced microstruc-
tural changes are decoupled. In other words, the finite-element-
based computational process model described above was used
in this study mainly to generate thermal histories of the material
points within the FZ and HAZ, while neglecting the contribu-
tion of various phase transformations and microstructure-
evolution processes (accompanying material cooling within
the FZ and the material heating/cooling within the HAZ) to the
thermal and mechanical response of the filler-metal and
workpiece materials. The resulting thermal histories of the
material points within the weld regions are then used within a
post-processing analysis (to be presented in section 4) in
conjunction with the TTT/CCT austenite-decomposition anal-
yses (presented in section 2) to investigate the role of various
phase transformations on the local distribution of the material
microstructure and properties within the weld region.

In accordance with the GMAW process model described in
the previous paragraph, the filler-metal and workpiece materials
are assumed to be homogeneous, single-phase and stable/non-
transforming. In addition, the present investigation is carried
out under the assumption that the filler-metal is chemically
identical to the workpiece material. Consequently, only one
material model had to be constructed/utilized. On the other
hand, separate sub-models are developed to address mechanical
and thermal aspects of the material response. Within the
mechanical sub-model, the material�s response is assumed to be
isotropic (linearly), elastic, and (strain-hardenable, strain-rate
sensitive, thermally softenable) plastic. In addition, it is
assumed that this response can be mathematically represented
using the Johnson-Cook material-model formulation [Ref 34].

Within the Johnson-Cook material-model, the purely elastic
response of the material is defined using the generalized
Hooke�s law, while the elastic/plastic response of the material is
described using the following three relations: (a) a yield

criterion, i.e., a mathematical relation which defines the
condition which must be satisfied for the onset (and continu-
ation) of plastic deformation; (b) a flow rule, i.e., a mathemat-
ical relation which describes the rate of change of different
plastic-strain components in the course of plastic deformation;
and (c) a constitutive law, i.e., a mathematical relation which
describes the changes in material strength as a function of the
extent of plastic deformation, the rate of deformation, and
temperature.

For MIL A46100, as for the most metallic materials, plastic
deformation is considered to be of a purely distortional
(volume-preserving) character and, consequently, the yield
criterion and the flow rule are, respectively, defined using the
von Mises yield criterion and a normality flow rule. The von
Mises yield criterion states that the (von Mises) equivalent
stress (a scalar related to the second invariant of the stress
deviator) must be equal to the material yield strength for plastic
deformation to occur/proceed. The normality flow-rule, on the
other hand, states that the plastic flow takes place in the
direction of the stress-gradient of the yield surface (a locus of
the stress points within the associated multi-dimensional stress

1552—Volume 22(6) June 2013 Journal of Materials Engineering and Performance



space at which the von Mises stress criterion is satisfied). The
Johnson-Cook strength constitutive law is defined as

ry ¼ A 1þ
B

A
�e
pl

� �n
� �

1þ C log _�e
pl
=_�eo

pl
� 	h i

1� Tm
H


 �

;

ðEq 9Þ

where �e
pl is the equivalent plastic strain, _�e

pl the equivalent
plastic strain rate, _�eo

pl
a reference equivalent plastic strain

rate, A the zero-plastic-strain, reference-plastic-strain-rate,
room-temperature yield strength, B the strain-hardening con-
stant, n the strain- hardening exponent, C the strain-rate con-
stant, m the thermal-softening exponent and TH = (T� Troom)/
(Tmelt� Troom) a room-temperature (Troom)-based homologous
temperature while Tmelt is the melting (or more precisely, soli-
dus) temperature. All temperatures are given in Kelvin. In
Eq 9, the parameter A defines the as-received material yield
strength, the term within the first pair of brackets defines the
effect of additional strain hardening, the term within the sec-
ond pair of brackets quantifies the effect of deformation rate
while the last term shows the reversible effect of temperature.

The thermal-portion of the material model is defined using
the: (a) material mass density, q, specific heat, Cp, and thermal
conductivity, k, for the heat-conduction part of the model; (b)
the heat transfer coefficient, h, and the sink temperature, Tsink
(=Troom), for the natural-convection part of the model; and (c)
emissivity, e, and the ambient temperature, Tamb(=Troom), for
the radiation part of the model. As far as the coupled thermo-
mechanical response of the material is concerned, it is
quantified using a single parameter, i.e., the coefficient of
linear thermal expansion a.

Tables 1 and 2 provide a summary of the values for all the
MIL A46100 mechanical, thermal, and thermo-mechanical
model parameters used in this study.

3.8 Computational Tool

The GMAW process model based on the aforementioned
transient, fully coupled, thermo-mechanical finite element
formulation is executed using an implicit solution algorithm
implemented in ABAQUS/Standard, a general-purpose finite
element solver [Ref 35]. Furthermore, MATLAB, a general-
purpose mathematical package [Ref 36], was used to automate
ABAQUS input file construction. This was necessary because
progressive replacement of the welding/filler material required
the use of a large number of computational steps involving
mesh models with a continuously increasing number of
elements.

4. Results and Discussion

The transient fully coupled, thermo-mechanical GMAW
model described in the previous section is applied to MIL
A46100 to generate a number of results pertaining to the spatial
distribution and temporal evolution of a number of thermal,
mechanical, and microstructural parameters within the weld
region. Due to space limitations, only a few selected results will
be presented and discussed in the remainder of this section.
Some of these results are presented to merely demonstrate the
capabilities of the present approach. For example, the results
pertaining to the spatial distribution of the equivalent plastic
strain and the residual von Mises stress in the weldment could

be potentially quite important relative to the overall mechanical
performance of the GMAW joint. However, these aspects of
GMAW modeling are beyond the scope of this study. In sharp
contrast, detailed results pertaining to the spatial distribution
and temporal evolution of the temperature within the FZ and
the HAZ are the key input to the computational analysis
(presented in this section) dealing with the prediction of the
material microstructure and phase volume fractions, within the
weld region.

4.1 Selected Results

4.1.1 Temporal Evolution of the Weldment Temperature

Field. Figure 12(a) to (d) shows typical results pertaining to
the temporal evolution of the temperature field within the weld
region. The results displayed in Fig. 12(a), (b), (c), and (d) are
obtained at relative welding times of 0, 10, 20, and 30 s,
respectively. To improve clarity, regions of the weldment with a
temperature lower than 400 K are denoted using light gray.
Examination of the results displayed in Fig. 12(a) to (d) reveals
that: (a) filling of the groove with the filler-material gives rise to
an abrupt increase in temperature in the region next to the
workpiece/weld interface; (b) as welding proceeds, natural
convection and radiation to the surroundings, together with
conduction through the adjacent material region, cause the
previously deposited filler material to cool; and (c) by
monitoring the expansion of the 400 K temperature contour
over the workpiece top surface, one can visualize the propa-
gation of the thermal-conduction wave within the workpiece.

4.1.2 Temporal Evolution of Temperature Within the

FZ and HAZ. Temporal evolution of temperature within the
FZ and HAZ is exemplified using the results displayed in
Fig. 13(a) and (b). The results displayed in Fig. 13(a) pertain to

Table 1 Johnson-Cook strength model material parame-

ters for MIL A46100

Parameter Symbol Units Value

Young�s modulus E GPa 205-215

Poisson�s ratio m N/A 0.285-0.295

Reference strength A MPa 1000-1100

Strain-hardening parameter B MPa 250.0

Strain-hardening exponent n N/A 0.12

Strain-rate coefficient C N/A 0.02

Room temperature Troom K 298.0

Melting temperature Tmelt K 1720

Temperature exponent m N/A 0.5

Table 2 General, Thermo-mechanical, and thermal

parameters for MIL A46100

Parameter Symbol Units Value

Material mass density q kg/m3 7850

Coefficient of linear thermal expansion a 1/K 11.5e�6

Specific heat Cp J/kg ÆK 480

Thermal conductivity k W/m ÆK 42

Heat transfer coefficient h W/m2
ÆK 45

Sink temperature Tsink K 298

Emissivity e N/A 0.77

Ambient temperature Tamb K 298
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the weldment mid-place within the FZ and the curve labels used
represent the distance of the material point in question from the
weld y-z symmetry plane. The results displayed in Fig. 13(b),
on the other hand, pertain to the weldment mid-plane within the
HAZ where the curve labels used, in this case, represent the
distance of the material point in question from the FZ/HAZ
interface. It should be noted that the results, such as those
displayed in Fig. 13(a) and (b), but for a substantially larger
number of closely spaced material points, are used in the next
section to determine the phase volume fractions in the FZ and
HAZ. Examination of the results displayed in Fig. 13(a) and (b)
reveals that: (a) material residing within the FZ, which initially
had a temperature equal to the solidus temperature of MIL
A46100, undergoes continuous cooling during the GMAW
simulation process; (b) as expected, material points within the
FZ which are closest to the FZ/HAZ interface experience the
highest cooling rate (as the workpieces are initially at the room

temperature and act as chillers); (c) in comparison, material
points within the HAZ experience a significantly more complex
heating/cooling thermal history; and (d) material points within
the HAZ which are closest to the workpiece/weld interface
experience the maximum temperature during the GMAW
process, due to the presence of initially very hot filler material
within the FZ.

4.1.3 Thermal Strains and Residual Stresses. Large
thermal gradients in the weld regions surrounding the FZ/HAZ
interfaces produce thermal stresses which, if sufficiently high,
can give rise to plastic deformations. In such cases, weldments
will develop residual stresses during cooling to room temper-
ature. As explained earlier, due to its thermo-mechanical
character, the present GMAW model can predict the develop-
ment of such plastic strains and residual stresses. Examples
of the thermal strain/residual stress results obtained using
the present GMAW model are shown in Fig. 14(a) and (b).

Fig. 12 An example of typical results pertaining to the spatial dis-

tribution and temporal evolution of temperature in the weld region at

relative welding times of: (a) 10 s, (b) 20 s, (c) 30 s, and (d) 40 s

Fig. 13 An example of typical results pertaining to the temporal

evolution of temperature: (a) along the workpiece mid-plane within

the FZ (the labels used represent the distance of the material point in

question from the weld y-z symmetry plane) and (b) along the work-

piece mid-plane within the HAZ (the labels used represent the dis-

tance of the material point in question from the HAZ/FZ interface)
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Figure 14(a) and (b) shows, respectively, spatial distribution of
the equivalent plastic strain and the von Mises stress over a
transverse section of the weld. For improved clarity, contour-level

legends are not displayed, but instead, the maximum values of
the equivalent plastic strain and the von Mises residual stress
are denoted in these figures. Examination of the results
displayed in Fig. 14(a) and (b) shows that, as anticipated, the
largest plasticity/residual stress effects are observed in the
regions surrounding the HAZ/FZ interfaces. It should be noted
that the austenite fi bainite and austenite fi martensite
phase transformations, due to their displacive character, are
expected to be affected by the observed plastic strains and
residual stresses through the so-called deformation-induced and
stress-assisted transformation effects [Ref 37–39]. However,
inclusion of these phenomena is beyond the scope of this study,
but will be addressed in our future efforts.

4.2 Room-Temperature Weld Microstructure Prediction

In this section, the thermal history results like the ones
reported in Fig. 13(a) and (b) are used as input to the FZ and
HAZ microstructure-evolution analyses presented in section 2
to determine the room-temperature volume fractions of all the
crystalline phases within the weld region. It should be recalled
that the microstructure evolution analyses presented in sec-
tion 2 revealed that the nature of the phase transformations
encountered and their thermodynamic/kinetic relations are
drastically different for the materials residing within the FZ
and the HAZ. As a result, different microstructural-evolution
functional relationships were applied, in this portion of the
work, to the material points residing in these two portions of the
weld region. The results pertaining to the spatial variation of the
phase volume fractions within the FZ and the HAZ are
ultimately combined to construct the corresponding contour
plots for the entire weld region. It should be noted that all
the analyses carried out in this portion of the work pertain to the
case of MIL A46100, initially in the as-hot-rolled and self-
tempered martensitic state. Based on this assumption, and
considering details of the microstructure-evolution analyses
presented in section 2, any portion of the weld region may
contain up to five crystalline-phases/microconstituents: (a)
allotriomorphic ferrite, (b) Widmanstatten ferrite, (c) bainite,
(d) freshly formed martensite, and (e) tempered martensite.

An example of the results obtained using the aforemen-
tioned procedure is depicted in Fig. 15(a) to (e). These figures
display the spatial distribution of phase volume fractions for:
(a) allotriomorphic ferrite, (b) Widmanstatten ferrite, (c) bainite,
(d) freshly formed martensite, and (e) tempered martensite over
a transverse section of the weld and the workpiece region
adjacent to the weld. Examination of the results displayed in
Fig. 15(a) to (e) reveals that:

(a) Allotriomorphic and acicular ferrites are present only
within the FZ, as seen in Fig. 15(a) and (b), and this
finding is fully consistent with the fact that the material
within this region was initially at the solidus temperature
(the highest temperature found within the weld region),
undergoes relatively slow cooling and possesses rela-
tively low hardenability (as austenite chemical composi-
tion is nearly identical to that of the alloy itself);

(b) Due to the lower cooling rates and the low hardenability
of austenite within the FZ, the volume fraction of freshly
formed martensite is relatively low in this region,
<30%, Fig. 15(d). However, the volume fraction of this
phase abruptly increases to ca. 90% at the FZ/HAZ inter-
face and remains at this level within a short distance

Fig. 14 An example of typical results pertaining to the spatial dis-

tribution of: (a) equivalent plastic strain and (b) residual von Mises

equivalent stress over a transverse section of the weld and the work-

piece region adjacent to the weld

Fig. 15 An example of typical results pertaining to the spatial dis-

tribution of phase volume fraction for: (a) allotriomorphic ferrite, (b)

Widmanstatten ferrite, (c) bainite, (d) fresh martensite, and (e) tem-

pered martensite over a transverse section of the weld and the work-

piece region adjacent to the weld

Journal of Materials Engineering and Performance Volume 22(6) June 2013—1555



from the FZ/HAZ interface. These findings are mainly
the result of lower cooling rates in this region, as the
material is fully austenitized (i.e., the maximum exposure
temperature exceeds Ac3) in this HAZ region and is
effectively of the same chemical composition as the alloy
itself;

(c) As the distance from the FZ/HAZ interface increases,
the volume fraction of freshly formed martensite first
decreases. This finding is consistent with the fact that,
within this fully austenitized HAZ region, the cooling
rate decreases with an increase in the distance from the
FZ/HAZ interface. As the distance from the FZ/HAZ
interface is further increased, the maximum exposure
temperature falls below Ac3 and only partial austenitiza-
tion takes place. However, the austenite formed pos-
sesses a higher hardenability as it is richer in alloying
elements than the alloy itself. Consequently, as distance
from the FZ/HAZ interface increases (in this HAZ
region), the volume fraction of martensite first decreases
and then increases. Ultimately, the volume fraction of
martensite drops to zero at the locus of HAZ points at
which the maximum exposure temperature becomes
Ac1. At still further distances from the FZ/HAZ inter-
face, austenitization of the initial microstructure does not
take place and, hence, the volume fraction of freshly
formed martensite remains zero;

(d) Since the austenite fi bainite phase transformation is
mainly competing with the austenite fi martensite phase
transformation, variation of the volume fraction of bainite
throughout the FZ and within the HAZ (as a function of
distance from the FZ/HAZ interface), Fig. 15(c) can be
understood as a consequence of this competition; and

(e) Tempered martensite is not present in the FZ, or within
the portion of the HAZ which was fully austenitized, as
shown in Fig. 15(e). In the remainder of the HAZ, vol-
ume fraction of tempered martensite increases with dis-
tance from the FZ/HAZ interface and reaches the value
of ca. 100%, at a locus of the HAZ points with a maxi-
mum exposure temperature of Ac1.

4.3 Model Validation

The analysis of the results pertaining to the spatial distribution
of various crystalline phases and microstructural constituents
within the MIL A46100 weld region, presented in the previous
section, confirmed that thepredictionsmadeby the presentGMAW
process model are in good qualitative agreement with general
expectations/observations. Unfortunately, quantitative validation
of the present model cannot be carried out for a number of reasons:
(a) as explained earlier, the presentGMAWprocessmodel does not
allow direct correlation between the GMAW process parameters
and the spatial distribution ofmaterialmicrostructurewithin theFZ
and HAZ. For example, within the present model, initial temper-
ature of the weld-pool is set equal to the material solidus
temperature and no provision is available for relating this
temperature to the GMAW process parameters. As mentioned
earlier, this shortcomingof the currentmodelwill be rectified in our
future work; (b) GMAWexperimental facilities are currently being
developed/assembled to support the ongoing GMAW modeling
and simulation efforts. Once these facilities have been completed,
theywill enable a full quantitative validation of the presentGMAW
model; and (c) no open-literature experimental results pertaining to

the spatial distribution of various crystalline phases and micro-
structures within the weld region, for the case of MIL A46100
workpiece material and MIL A46100 filler material could be
found. In Ref 15 weld microstructure results are presented for the
case ofMILA46100workpiecematerial andAWSE11018Mfiller
material. Chemical analysis results obtained inRef 15 revealed that
significant solid state diffusion takes placewithin theHAZnear the
FZ/HAZ interface. These diffusion effects alter locally thematerial
chemistry and, hence, relative stability of different crystalline
phases (as quantified by the corresponding phase, TTT and CCT
diagrams). Consequently, the microstructure distribution results
within the FZ and theHAZportion affected by solid state diffusion
reported in Ref. 15 could not be directly comparedwith the present
computational results.However, such a comparisonhadbeenmade
for the HAZ region, which is further away from the FZ/HAZ
interface. This comparison revealed that the two sets of results are
mutually consistent. As mentioned earlier fully quantitative
comparisonwill be possible only after the present GMAWprocess
model is upgraded to include the effects of process parameters.

5. Summary and Conclusions

Based on the study presented and discussed in this
manuscript, the following main summary remarks and conclu-
sions can be made:

1. A fully coupled thermo-mechanical finite element model
has been developed for the conventional GMAW process.
Two-way thermo-mechanical coupling is achieved by (i)
accounting for temperature dependence of the main mate-
rial properties of the workpiece and filler-metal and (ii)
accounting for dissipation of the work of plastic deforma-
tion (which may result from the presence of high thermal
and/or residual stresses).

2. The GMAW process model developed is capable of pre-
dicting spatial distribution and temporal evolution of vari-
ous thermo-mechanical quantities such as temperature,
plastic strains, residual stresses, etc. These process-model
outputs are critical inputs to a computational analysis
aimed at predicting spatial distribution of the as-welded
material microstructure, including volume fractions of
various crystalline phases. Such a computational analysis
is developed in this study for the material of interest, i.e.,
armor-grade martensitic steel MIL A46100.

3. Application of the GMAW process model and the microstruc-
ture-evolution computational analysis yielded the results per-
taining to the spatial distribution of the volume fractions of
various crystalline phases and microconstituents within the
MIL A46100 GMAW FZ and HAZ. These findings are found
to be in good qualitative agreement with general experimental
observations/findings reported in the open literature.

4. Issues related to further advancements in the model as well
as a more quantitative validation of the present model are
also discussed.
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