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Abstract

The effect of slip transfer on heterogeneous deformation of polycrystals has been a topic of recurring interest, as this process can

either lead to the nucleation of damage, or prevent nucleation of damage. This paper examines recent experimental characterization

of slip transfer in tantalum, TiAl, and Ti alloys. The methods used to analyze and assess evidence for the occurrence of slip transfer

are discussed. Comparisons between a characterized and simulated patch of microstructure are used to illustrate synergy that leads

to new insights that cannot arise with either approach alone.
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1. Introduction

Heterogeneous deformation of metallic polycrystals has

been an active topic of research in the past decade, as the com-

munity has come to realize that deformation not only varies

amongst grains in a polycrystal, but significant gradients in

deformation occur within grains as well. This realization has

come because of new tools that are able to characterize this phe-

nomenon, such as EBSP mapping (a.k.a. Orientation Imaging

Microscopy™, or OIM) and 3D synchrotron X-ray diffraction

that have been important enabling methodologies. These tools

have permitted to examine finer details of heterogeneous de-

formation [1, 2]. Some of the clearest evidence for the het-

erogeneity of slip is evident in characterization of deformed

oligocrystals with nominally columnar grains. These samples

are especially useful for comparing material modeling strate-

gies with experiments, because they facilitate generation of

meshes for crystal plasticity modeling [3–5] from surface in-

formation alone.

Prior to this realization, modeling the deformation of poly-

crystals used statistical models based on the Taylor factor

(which assumes that all grains strain uniformly), leading to

varying stresses that are averaged (homogenized) out. This ap-

proach is useful for generating material models used for design

and prediction of macroscale deformation. However, the plas-

tic anisotropy of single crystal deformation results in hetero-

geneous boundary conditions and consequently heterogeneous

deformation among and within the grains of a polycrystal (thus

violating the assumption of the Taylor factor), resulting in, for

instance, surface rumpling (a.k.a. orange-peel effect) and stress

or strain concentrations that precede and may facilitate develop-

ment of a critical flaw. Statistical crystal plasticity models, such
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as the visco-plastic self-consistent model, improved on the Tay-

lor assumption by allowing individual grains to deform differ-

ently within a homogeneous medium representing the average

material behavior and requiring only the average strain among

the orientations to match the imposed deformation [6]. Nev-

ertheless, such models still assume uniform strain within each

grain (unless more sophisticated multi-orientation schemes are

used [7–9]).

Even with these improvements, it has been generally ac-

cepted that simulations tend to show a sharper distribution of

orientations than is typically measured. This lack of agreement

can be ascribed to the fact that a grain within a polycrystal ex-

periences spatially heterogeneous boundary conditions result-

ing from and depending on the different plastic activity in its

surrounding grains. Consequently, different orientations de-

velop within a given grain. To capture this effect in computa-

tional models of microstructure patches, representative volume

elements are computationally deformed with crystal plasticity

based constitutive models that allow strains to vary within a

given grain. One way to interpret the strain heterogeneity is to

compute local Taylor factors based upon the local kinematics

[3, 10–13]. Assessment of local Taylor factors has also been

effective in rationalizing the origins of pore nucleation; for ex-

ample, voids are more likely to develop in regions with both

hard and soft orientations, than in regions that are mostly hard.

Void development is also more likely at grain boundaries be-

tween soft orientations where differential strains from predom-

inant slip systems cause incompatible shape changes [14, 15].

What is missing in above treatments is the explicit consid-

eration of grain boundary properties, such as whether a grain

boundary is intrinsically strong or weak, if the process of dislo-

cation interactions with the boundary weakens it, or if features

such as ledges in the grain boundary plane facilitate dislocation

nucleation that enables localized stress relaxation [16–18]. In-

troduction of grain boundary properties in models has a strong
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Figure 1: Geometry of slip transfer across a grain boundary.

Horizontal (orange and blue) planes signify slip or twinning

planes on either side of the boundary. κ is the angle between

slip directions, ψ is the angle between plane normals, and θ is

the angle between plane traces on the boundary.

influence on strain evolution in polycrystal simulations, partic-

ularly when cracking is modeled [19–22]. Given this reality,

there is a current discussion about how grain boundary char-

acter (however defined) influences plasticity in the two neigh-

boring grains. As grain boundaries are common locations for

damage nucleation, this ongoing discussion may lead to sig-

nificant contributions to our ability to predict damage (and its

variability) in a deterministic way.

The quantitative study of slip interactions at grain bound-

aries started about 60 years ago, with the investigations of

slip transfer across boundaries in bi-crystals by Livingston and

Chalmers [23]. The geometry of slip transfer between two slip

systems on either side of a boundary is often defined in Fig. 1 by

the three angles κ (the angle between slip vectors), ψ (the angle

between slip plane normals), and θ (the angle between the two

slip plane intersections with the grain boundary plane). Though

Livingston and Chalmers proposed a quantitative rationale for

slip transfer to occur, a later effort that analyzed slip transfer

using transmission electron microscopy (TEM) in an austerity

stainless steel (a collaboration of Clark, Wagoner, Shen, Lee,

Robertson, and Birnbaum [24–26]) showed that slip transfer

could be predicted when the product M = cos κ cos θ was max-

imized. This (LRB) criterion is explained as follows:

1. The angle θ between the slip plane traces on the grain

boundary plane must be a minimum (i.e. minimize θ),

minimizing the angle between the tangent vectors of the

incoming and outgoing dislocations.

2. The magnitude of the Burgers vector of the dislocation

left in the grain boundary must be a minimum (i.e. mini-

mize κ).

The importance of the resolved shear stress on the outgoing

slip system was identified by this group, but this is not an in-

tegral part of a slip transfer parameter. Furthermore, this fac-

tor does not take into account the possibility of a variable slip

plane (cross slip) near the boundary. A similar effort was made

to parametrize slip transfer between grains in TiAl by Luster

and Morris [27] using related ideas, defining m′ = cos κ cosψ,

which was able to account for observations of slip transfer in

TEM specimens.

The notation of these slip transfer variables is a bit unfor-

tunate, as M is often used for the Taylor factor, and m for the

Schmid factor, both of which involve the stress tensor, whereas

the m′ and the M parameters are strictly geometrical. Here-

after, we will refer to M simply as LRB. In practice, LRB

is difficult to evaluate in experiments, because the inclination

of the grain boundary plane is not easily obtained in a non-

destructive manner. The m′ parameter is more convenient for

non-destructive experimental work because it can be evaluated

using EBSP (OIM) data sets on initially polished surfaces. Both

m′ and LRB can be easily evaluated in computational exper-

iments (e.g. [28, 29]). At present, it is arguable whether the

predictive power of m′ or LRB is more effective.

There is further ambiguity in the use of either m′ or LRB

as there are typically more than one pair of slip systems ac-

tive in the grain boundary regions of deforming polycrystals.

3D tomographic characterizations of actual boundaries show

complex arrangements of dislocations on different slip systems,

which implies that multiple slip processes take place and inter-

act with each other and the boundary [30, 31]. Multiple slip

systems on either side of the boundary leads to multiple mean-

ingful values of m′ or LRB; there are as many values as the

number of slip systems squared. Pairs of slip systems with high

Schmid factors have relatively low values of m′ or LRB. Fur-

thermore, the geometrical description presented so far does not

consider the effects of residual dislocation content left in the

boundary, which requires assessment of the incoming and out-

going dislocation Burgers vector sums [30, 31]. This then leads

to a continuum of cases to consider with regard to slip transfer

[32], with exemplary cases identified below:

1. the grain boundary acts as an impenetrable boundary that

does not allow shear to be transferred to the neighboring

grain, leading to a dislocation pileup and local stress con-

centration. This results in accumulation of geometrically

necessary dislocations (GNDs) and local lattice curvature

[33] in order to maintain boundary continuity;

2. the boundary is not impenetrable, and slip in one grain

can progress into the next grain with some degree of con-

tinuity (leaving residual boundary dislocations), and per-

haps only partial ability to accommodate a shape change

imposed by a neighboring grain;

3. the boundary is nearly transparent to dislocations on spe-

cific activated slip systems, and (near) perfect transmis-

sion can occur, i.e. little deformation resistance (e.g. I-

lines, low-R boundaries [34]) or low-angle boundaries

[33, 35, 36]). In a finite element mesh grain boundary,

there is typically no slip resistance across the boundary

unless it is introduced into the model.

Note that any given boundary characteristic identified above de-

pends on the activated slip systems—the same boundary could

fall into a different category with a different loading condition.

Clearly, the role of the stress tensor is important, as it iden-

tifies which slip systems are active because m′ or LRB values

for inactive slip systems are irrelevant. This implies that it is

important to meaningfully identify the relevant state of stress

in the region adjacent to the grain boundary. Observations of
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heterogeneous deformation show that even when a polycrystal

is deformed in uniaxial tension, non-uniform deformation must

lead to deviations from the uniaxial stress state, and this further

affects which slip systems have the greatest driving force for

activation. This implies that the driving force for slip activation

will vary from the boundary to the interior of the grain. Spa-

tially resolved crystal plasticity simulations provide the most

convenient method to identify gradients in stress tensors, as

physical measurements of local stress tensors are experimen-

tally challenging.

Such details related to slip transfer are averaged out with

regard to predicting overall homogenized material deformation,

but these details are significant for identifying the processes that

precede damage nucleation. The prediction of damage nucle-

ation is a longstanding grand challenge in metallurgy, because

damage nucleation coupled with propagation ultimately defines

the useful lifetime of a stressed component. It is possible for

single damage nucleation site to grow into a critical crack. In

other cases, multiple damage nucleation sites may link up to

form a critical crack. Therefore, the spatial arrangement of

damaged sites and the evolving local stress state may be the

basis for predicting the development of a critical crack. There

are many examples of modeling the process that links damaged

sites and establishment of a critical crack, with varying degrees

of detail involving grain boundary energy and identifying the

locus of concentrated slip between damage sites, but such mod-

els can only be effective if the 3D spatial distribution of dam-

aged sites can be predicted with confidence. The two processes

of damage nucleation and coalescence then control the origin

of variability, which is a crucial design constraint at the com-

ponent level, as designs need to anticipate worst case failure

conditions. Consequently, establishing criteria for defining the

origin of damage and its distribution within the microstructure

is an enabling capability and a critical component of integrated

computational materials engineering goals. The detailed mech-

anisms of damage nucleation hold the key to understanding the

source of variability in component lifetimes.

To illustrate progress toward the ability to identify vulner-

able grain boundaries in the context of activated slip, several

examples of investigations in different materials will be sum-

marized in this paper, starting with pure tantalum, which pro-

vides a way to introduce many important analytical subtleties

that need to be considered in developing models for damage

nucleation. Investigation of cubic metals can be rather chal-

lenging, due to the large number of slip systems that can be ac-

tivated with common slip planes and directions, making iden-

tification of these systems difficult in experiments. Thus, the

remainder of the examples presented will be for non-cubic met-

als where the number of activated slip systems is much more

limited, which makes it easier to analyze and extract insight-

ful details. Damage nucleation due to twin–grain boundary in-

teraction in TiAl is described next, where a fracture initiation

parameter was identified that is based upon slip transfer ideas.

Several examples of slip transfer in commercial purity titanium

and titanium alloys will then be considered based upon salient

points from prior papers and some new results that are pub-

lished for the first time here. Comparisons with related studies

will be made to identify similarities and differences, to provide

insights and identify opportunities for future study.

2. Experimental description

The majority of the samples examined were nominally

2.5×3×25–30 mm3 four-point bending beams, where the tensile

surface of the beam was carefully polished and characterized

using OIM prior to deformation. In all cases, the bending was

done with a manually adjusted jig, and no stress was measured.

Bending samples were considered advantageous to tensile spec-

imens, because they put the maximum stress on the surface that

can be microscopically characterized. In-situ tensile deforma-

tion in scanning electron microscopy has also been carried out

using pre-polished samples with a gage length of 10 mm and a

2 × 3 mm2 cross section. The details of sample preparation and

deformation are provided in [37–41].

Initial characterization was conducted on various electron

microscopes using TSL OIM data acquisition systems.1 Data

were typically post-processed to remove very small grains so

that “reconstructed boundaries” files could be extracted. These

data were used to compute slip transfer parameters. A MAT-

LAB code was written to provide a means to visualize slip

planes, plane traces, and Burgers vectors within a grain using

a unit cell, and to compute m′ parameters. This code has been

developed further with a graphical user interface and will be

available as a portion of the DAMASK software suite [43].

The subsurface nature of several of the samples was inves-

tigated using two beamlines of the Advanced Photon Source at

Argonne National Laboratory. Bend and tensile samples ini-

tially characterized using OIM were investigated using differ-

ential aperture X-ray microscopy (DAXM) in beamline 34-ID-

E [44] to examine subsurface grain shapes and stress tensors

in samples that were unloaded. In-situ tensile deformation 3D

X-ray tomographic analysis was carried out on beamline 1-ID

using an annealed grade 1 commercial purity titanium sample

with a 80 µm grain size, gage length of 5 mm, and cross section

of 1 × 1 mm2 (further details are provided in [45]).

3. Case Studies

3.1. Tantalum

It might be expected that when m′ is small, strain transfer

across grain boundaries would be difficult as the slip systems

on either side of the boundary are poorly aligned. With poor

alignment, dislocations may pile up near the boundary, resulting

in a high density of GNDs. These GNDs will cause local lattice

1Of great importance for this work is the correct identification of the Euler

angle coordinate system. The calibration procedures for some EBSD systems

introduce a 180° rotation ambiguity in the first Bunge [42] Euler angle ϕ1.

Accurate analysis of twinning requires this ambiguity to be resolved. While

surface trace orientations are not affected by this ambiguity, the derived sense

of shear associated with mechanical twinning could be opposite to the only

physically possible twinning direction, i. e., appear as anti-twinning [32]. This

problem has been addressed in recent EDAX/TSL releases of the OIM acquisi-

tion software.
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↓82 &
−→
55 0.50 0.46 0.40 0.40 0.38 0.31 0.29

0.46 0.17 0.07 0.24 0.23 0.08 0.31 0.06

0.43 0.29 0.17 0.33 0.00 0.10 0.11 0.00

0.40 0.58 0.67 0.34 0.03 0.07 0.01 0.58

0.38 0.13 0.05 0.18 0.93 0.97 0.64 0.05

0.37 0.02 0.05 0.08 0.39 0.25 0.43 0.11

0.37 0.06 0.10 0.20 0.64 0.93 0.19 0.23

0.35 0.74 0.67 0.62 0.03 0.02 0.03 0.42

Table 1: Evaluation of m′
3m

based upon sorted Schmid factors

listed in first row for grain 55 and first column for grain 82

({1 1 0} slip is indicated in gold; {1 1 2} slip is indicated in pur-

ple).

curvature that can be quantified using the OIM local average

misorientation (LAM).2

In order to examine the relationships between activated slip

systems, slip transfer, lattice curvature, and m′, a polycrys-

talline sheet of recrystallized pure Ta [46] with a grain size of

about 80 µm and thickness of 1.3 mm was studied. Two samples

from the same material were incrementally bent to impose ten-

sile strains in the rolling (RD) and transverse (TD) directions,

respectively. While the samples were loaded, OIM measure-

ments were made over an area of about 1 mm2. A local average

strain was measured using SEM images taken before and after

deformation to track distances between selected triple points.

Figure 2 compares orientation maps, LAM maps, and modified

m′ maps described in detail below.

It is clear that the spatial distribution of regions of high

LAM differs between the rolling and transverse direction maps

(RD and TD). The RD deformed sample has extensive regions

in grain interiors where there is very low GND content, while

the TD sample has a much more uniform level of GND content.

The grain boundaries where GND accumulation is found are at

various inclinations with respect to the horizontal tensile axis

in the TD deformed sample. In contrast, there is a tendency

for boundaries that are perpendicular to the tensile direction to

accumulate GNDs in the RD sample.

The central part of Fig. 3 shows an enlarged patch of de-

formed microstructure indicated by the box in Fig. 2(a) after

deformation that illustrates significant heterogeneous deforma-

tion. In some grains, well-defined slip lines are evident, while in

others, the slip activity is not as obvious. Some show single slip

and others multiple slip (such as grain 83). Some grain bound-

aries appear as bright lines, due to strong surface topography

(surface ledges), while other boundaries have much less topog-

raphy. Enlarged regions have unit cells overlaid that illustrate

relationships between the potential slip systems and slip traces.

Slip planes are shown in shaded gray while the dashed lines

represent the trace of the slip plane on the surface. The blue

vectors on these planes show the 〈1 1 1〉 slip directions. Each

unit cell is designated with a Schmid factor (based on uniax-

2Local lattice curvature can also be quantified with other metrics such as the

grain reference orientation deviation or kernel average misorientation.

ial tension) followed by a subscript indicating its ranking from

high towards lower values of all of the possible 24 Schmid fac-

tor values. Pairs of unit cells across the grain boundaries are

linked with arrows and the m′ value for this pair of slip sys-

tems. This enables interpretation of features observed on the

surface.

The m′ values for each of the three grain boundaries de-

scribed in Fig. 3 were evaluated using the strategy illustrated

in Table 1. The seven highest Schmid factors among all po-

tential slip systems (12 {1 1 0} and 12 {1 1 2}) are assembled in

descending order in the first row for one grain and the first col-

umn for the other grain, i.e. the first row in Table 1 lists the

seven highest Schmid factors for grain 55, and the first column

similarly represents grain 82. Schmid factor values in gold cor-

respond to {1 1 0} slip planes and purple to {1 1 2} planes. The

upper left part of Table 1 collects the slip system interactions

that, because each pair combines large Schmid factor values,

are most likely at the grain boundary. Each cell of the table

provides the m′ value associated with the geometry of the two

slip systems, and m′ values that are larger than 0.6 are type-

set in bold. The slip system activity and slip transparency are

combined in a parameter m′
3m

that isolates the most highly ac-

tive slip systems. The m′ values for slip system pairs with both

Schmid factors greater than 0.35 are considered, and then the

highest m′ values (up to 3) associated with slip system pairs

having the highest average Schmid factors are averaged (e.g.

m′
3m
= average of the three underlined values in Table 1). A

range of seven Schmid factors is considered, because the lo-

cal stress tensor can vary significantly from uniaxial tension,

which would alter the Schmid factors for each slip system, and

therefore alter the relative order of likely slip system activity.

Furthermore, it is known from the orientation maps in Fig. 2

that the grain orientations adjacent to the boundary differ from

the average grain orientation, which also introduces uncertainty

into above evaluation. Nevertheless, this is one of many ways to

identify relevant values of m′; this approach is based upon the

assumption that no more than three slip system pairs in a given

grain are likely to be dominant and involved in slip transfer.

The three example boundaries in Fig. 3 illustrate some sce-

narios that affect the calculation of m′
3m

. In the grain bound-

ary between grains 83 and 123, there is clear evidence of slip

transfer across the boundary. In this case, the m′
3m

parameter

is very high (0.97), so the appearance of slip traces that are

linked across the boundary is not surprising. Within the grain,

however, the lack of perfect alignment between the observed

and computed slip traces suggests that a combination of slip on

{1 1 0} and {1 1 2} planes with the same Burgers vector led to

traces that are between those expected for either slip system. In

the corresponding boundary in the LAM map in Fig. 2(a), there

is little GND content on either side, except for grain 83 near

the lower right triple point, where there is also evidence of a

different active slip systems in the SEM image, along with in-

creasing surface displacement (surface ledge) between the two

grains near the triple point. This suggests that different slip sys-

tems with lower m′
3m

parameters were active at the triple point.

The accumulation of GND from poorer slip transfer con-

ditions is examined in more depth using the boundary where
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Figure 2: Microstructure patches on bent tantalum samples with the tensile axis horizontal at similar strains. The tensile axis and

normal direction orientation maps for samples bent in the TD (a) and RD (b) are half-size, and the local average misorientation

(LAM) maps are beneath, showing that the accumulation of geometrically necessary dislocations is different with deformation in

the TD and RD directions. The inset identifies the region in Fig. 3.

there is a distinct surface ledge between grains 55 and 82 in

the upper part of Fig. 3 and Table 1. Considering the m′ val-

ues in the SEM image for slip systems pairs from left to right,

the slip systems with very high Schmid factors and correspond-

ingly obvious slip traces within the grains have a low m′ value

of 0.33. There is a higher m′ value of 0.74, but this is for the

7th most highly stressed slip system in grain 82. There are three

m′ values that are above 0.9 between two similar slip systems

on either side, but these slip systems have Schmid factors that

are 4th highest or lower, and there is no evidence for their op-

eration. The last pair shows a rather low m′ value of 0.67 for

more highly stressed slip systems, and the slip trace matches

well with observed traces in the lower half of grain 82, but this

slip system showed no obvious activity near the grain bound-

ary. Given that the more favored slip systems did not have high

m′ parameters, the grain boundary represents a place of strain

incompatibility, and the accumulation of GND content in the

LAM map is consistent with the low m′ parameters for active

slip systems. Furthermore, the sense of shear in the two grains

associated with highly stressed slip systems would create dis-

placements with opposite directions at the surface for the ob-

served slip systems. Specifically, the 2nd highest system with

obvious slip traces in grain 82 would move mass outward and

to the left, while the most highly stressed system in grain 55

would move mass inward and to the left—so the formation of

a surface ledge is not hard to imagine. Hence, formation of a

surface ledge may be an indicator of a boundary with poor slip

transfer conditions.

The third example in Fig. 3, the boundary between grains

126 and 136, also involves a surface ledge, but in this case, the

m′ values are much higher than in the prior example. This is

more difficult to understand, but the angle θ of slip plane in-

tersection in the grain boundary plane may be important here.

From inspection of the surface ledge topography, the grain

boundary plane is oriented similarly to the most favored slip

systems (lower two prisms) in either grain. While the m′ value

is high, the angle θ between the two plane traces on the bound-

ary plane may be rather large, given that the angle for two simi-

larly oriented slip planes is minimized when the grain boundary

is nearly perpendicular to the slip planes on either side, as de-

picted in Fig. 1. Indeed, there is apparent GND accumulation in

this boundary visible in the LAM map, despite the high m′ val-

ues. This suggests that all three angles defined in Fig. 1 may be

important in predicting conditions for slip transfer. In order to

fully assess the role of θ, however, it is necessary to determine

the grain boundary inclination experimentally.

An assessment of how well the LAM and associated GND

content correlates with conditions favoring slip transfer is pre-

sented in Fig. 4, where the top two maps show the m′
3m

values

on each boundary. Though the two samples were strained in

different directions relative to the texture, there are no obvi-

ous differences between the maps for the TD (left) and the RD

(right). The relationship between the m′
3m

values and the GND

content (via the associated LAM value) was assessed by cor-

relating the maximum LAM (if there was an strong peak) or

dominant value (if there was no obvious peak) with the m′
3m

parameter using 5 LAM value bins with 0.5° increments and

10 m′
3m

bins with 0.04 increments (> 500 boundaries were as-
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Figure 3: Secondary electron SEM image of a region of deformed Ta deformed in the transverse direction. At three particular

boundaries, prisms illustrate potentially active slip systems, and their relationship with slip systems in the neighboring grains.

Between the prisms, the m′ parameter is noted, and the Schmid factor is noted on the other side of the prisms; the subscript

indicates the rank in a sorted list of Schmid factor values.
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sessed). High LAM angles (red) represent high GND content,

and low angles (blue-green) represent low GND content, and

presumably, easier slip transfer conditions. For the TD sample,

the distribution for boundaries with high GND content adjacent

to grain boundaries is correlated with lower m′
3m

values. Sim-

ilarly, boundaries with low GND content are correlated with

higher m′
3m

values, and there is a smooth gradation between

these two conditions. In the RD sample, the relationship be-

tween m′
3m

and GND accumulation is much less distinct; it is

similarly present at high m′
3m

values, but it is inverted at lower

values. Also, the regions with the highest m′
3m

values tend to

be in grain interiors along low-angle boundaries, and not along

high-angle grain boundaries. At present, the reason for this dif-

ference is not known, but the assumption of uniaxial tension

and use of the average grain orientations clearly add a noise

factor to the present calculations. Clearly, there is opportunity

to discover better algorithms that can inform a computational

crystal plasticity simulation of discrete grains about whether a

grain boundary will resist dislocation slip transfer or not.

3.2. TiAl

TiAl has an fcc derivative crystal structure with alternat-

ing layers of Ti and Al along the 〈0 0 1〉 direction. The regular

fcc Burgers vector of 1/2[1 1 0〉 is active on {1 1 1} planes but

slip with a 〈c〉-component requires two 1/2[0 1 1〉 dislocations

to maintain order, i.e., one 〈0 1 1] super-dislocation. Conse-

quently, the four ordinary slip systems facilitate shape changes

in the 〈a〉–〈b〉 plane only; they are much easier to operate than

the eight super-dislocation systems. To facilitate crystal defor-

mation in the 〈c〉-axis direction, mechanical twins are activated,

causing a relatively intense shear of 0.7.

Slip transfer associated with mechanical twinning that leads

to microcrack nucleation in TiAl has been examined in detail

[37, 47, 48]. A fracture initiation parameter was developed that

could distinguish the population of grain boundaries that de-

veloped microcracks from the population that did not. Many

variations of this fracture initiation parameter were considered,

as discussed in [49, 50], but

F1 = mtwin |btwin · t|
∑

other

btwin · bother
︸        ︷︷        ︸

cos κ

, (1)

which was the one initially published, seems to be the most

robust version. This parameter combines three conditions that

could be related to microcrack initiation due to twinning: (i)

the Schmid factor mtwin of an operating slip system, (ii) how the

tensile traction t combined with the sense of shear (btwin) favors

a mode I crack opening, and (iii) how effectively twin shear can

be accommodated by ordinary dislocations in the neighboring

grain. The geometric considerations behind this parameter are

illustrated schematically in Fig. 5.

This parameter is larger when the potential for slip transfer

is large, i.e. when the twin shear can be well accommodated by

slip in the neighboring grain. Maximal values of this parameter

are reached if two or more slip systems imperfectly accommo-

date the twin shear since this results in a larger overall sum of

cos κ terms than one well aligned slip system. This imperfect

Figure 5: Stress state and geometric relationships between slip

and twinning system across a grain boundary.

slip transfer maximizes residual dislocation content and energy

within the grain boundary, which facilitates fracture.

One reason why F1 worked well for TiAl, despite its disre-

gard of slip plane alignment, might be related to the additional

operation of {1 0 0} slip planes, which has been reported par-

ticularly in situations where dislocations interact with grain or

twin boundaries [51]. Activity on {1 0 0} planes doubles the

number of available planes for slip transfer to occur on, which

may lead to generally small—and thus indiscriminate—values

of ψ for any potential instance of slip transfer.

When evaluating F1 in the boundaries that cracked, there

was a high correlation between the twin system with the max-

imum Schmid factor and microcracking, because the higher

Schmid factor led to more and larger twins, such that when they

became sufficiently thick, cracks could be nucleated. Among

the 11 cases examined in detail, there was only one outlier

where the twin system with the second highest Schmid factor

was responsible for forming microcracks. This case was exam-

ined with a crystal plasticity finite element simulation to exam-

ine the local stress state in the grain neighborhood, as discussed

in [48]. This analysis showed that the local stress state at the

fractured boundary led to a higher amount of shear on the twin

system that generated the cracks, because the local stress state

differed significantly from the global stress state. Thus, this

analysis provided evidence that when the stress state was cor-

rectly assessed, the F1 rule worked in every case.

3.3. Slip transfer in hexagonal metals

Because a fracture initiation parameter was effectively iden-

tified for TiAl, a material of low ductility, it is important to

determine whether this idea is transferable to metals of higher

ductility. Hexagonal metals are advantageous for this kind of

research because there are fewer slip systems than in cubic met-

als, which makes experimental assessment easier. Also, under-

standing the origins of cracks is critically important in many

applications [52–54]. Because planar slip is often observed in

Ti and Ti alloys, the development of slip traces on previously

polished surfaces clearly shows that some grains exhibit slip

transfer, and others do not, as indicated in Fig. 6. The SEM

image shows clear slip transfer between grains 3 and 9, and 1

and 22, and the annotated orientation map (b) shows that the

7



Figure 4: The m′
3m

parameter is plotted on the reconstructed boundary map. The cumulative fraction of boundaries with different

local average misorientation (LAM) values are plotted against the m′
3m

parameter. The horizontal axis is color coded to the plotted

m′
3m

values. The inset identifies the region in Fig. 3.
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m′ parameter is greater than 0.9. Also, between grains 1 and 2,

there is clear indication of slip to twin transfer, with a high m′

value of 0.93.

It is noteworthy that instances of slip transfer match up

rather well at the grain boundary, yet the slip planes are not

parallel. This is not easily explained, but there is the possibil-

ity that the free surface facilitates nucleation of slip in adjacent

grains due to the lack of constraint, and slip bands develop from

this nucleation process. There is faint evidence for slip trans-

fer elsewhere, such as between grains 10 and 12, for basal slip.

There are high m′ values at many boundaries that involve pyra-

midal slip, such as between grains 9 and 10, in which there is

questionable evidence of slip transfer; in this boundary, there is

a noticeable presence of lattice curvature in the color gradient

near the triple point, suggesting that no slip transfer took place.

Slip transfer by prism to prism slip is readily observed in

pure Ti as illustrated in Fig. 6, but with alloying, the relative

activity of basal slip increases [41]. Figure 7 illustrates a re-

gion of deformed microstructure after about 0.04 strain, where

there is evidence for slip transfer with basal slip in the left and

upper parts of the figure, where the blue slip traces are nearly

parallel across several boundaries. In addition, there are some

unusual surface ledges that developed in the interior of the cen-

tral grain (similar features were observed in several other grains

in the nearby microstructure). These surface ledges do not fol-

low the traces of commonly observed slip systems, and they are

not as straight as slip traces usually are. This provided motiva-

tion for simulating the deformation, to determine if modeling

could provide insights.

This microstructural patch has been modeled using crys-

tal plasticity finite element simulations, using two microstruc-

ture geometries, including a columnar microstructure based

on an OIM map. Clearly such a columnar geometry is not

realistic, but it is convenient, and simulations provide rough

agreement with experimental observations (see [39]). Re-

cently, this microstructure was characterized non-destructively

in three dimensions using differential aperture X-ray mi-

croscopy (DAXM), which provides crystal orientation informa-

tion at about 1 µm spatial resolution up to depths of about 100–

200 µm [55]. From ‘slices’ of orientation map information, an

estimate of the actual 3D geometry was determined, including

orientations and shapes of subsurface grains illustrated in Fig. 8.

Comparisons between the columnar microstructure model and

the more accurate 3D microstructure against experimentally de-

termined surface orientation maps before and after deformation

show that the 3D microstructure makes a large improvement in

simulating the details, particularly near grain boundaries, where

the columnar model show the largest deviations from measure-

ment. Thus, the correct grain geometry enables very good sim-

ulation of experimental observations.

As the computational model provides local stress states

(tensors), they can be analyzed to identify conditions that lead

to heterogeneous strains and to identify which slip systems are

favored in different regions of a given grain. To examine what

could account for the intragranular surface ledge development

in the central grain interior, generalized Schmid factors at the

boundary locations under the surface grain were investigated,

Figure 7: Surface topography of a tensile specimen after a strain

of about 0.04 on a Ti-5Al-2.5Sn alloy, with traces of slip sys-

tems with high Schmid factor shown (blue: basal, red: prism,

green: pyramidal 〈a〉, and gold: pyramidal 〈c + a〉); traces of

surface ledges in the central grain do not agree with common

slip traces. The orientation map shows the corresponding crys-

tal orientations.
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Figure 6: Examples of slip to slip and slip to twin transfer in CP Ti sample (a) SEM image of a patch of microstructure with about

0.015 strain where prism slip transfer is evident between grains 3 and 9, 22 and 1. Slip to twin transfer is clearly shown between

grains 1 and 2. (b) EBSD inverse pole figure map showing computed m′ parameters at most of the boundaries for specified slip

systems; arrows link slip trace predictions from visualization of slip systems. red = prism, blue = basal, green = pyramidal 〈a〉 slip,

gold = pyramidal 〈c + a〉 slip, and orange = tension twinning (T1). Observed evidence of slip transfer have m′ parameters in black,

the others are gray.
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Figure 8: Orientation maps from DAXM slices allow construction of an estimated 3D microstructure. See text for discussion of

outlined central purple and underlying green grains.

as shown in Fig. 9.3 In particular, the green-colored grain be-

neath the surface central grain Fig. 8 has a high Schmid factor

for prism slip. This prism slip system has a high m′ parameter

of 0.93 with a second order prism slip system in the purple sur-

face grain (outlined in gold), and the ledges in the surface grain

line up closely with the slip trace of this system. At the inter-

face with the green grain beneath (outlined in red), the Schmid

factor for second order prism slip is low, but it is larger on the

surface (also true for the visibly active basal slip). These differ-

ent Schmid factor values result from a significant stress gradient

from the surface to the boundary with the green grain, as illus-

trated in Fig. 10. The stress state in the surface grain is com-

plex, close to a plane stress compression state on the surface,

and becoming more triaxial toward the interface with the green

grain. In contrast, the stress in the green grain does not vary

much and is close to uniaxial tension. This analysis suggests

that slip transfer from the underlying grain into a non-favored

slip system can force its activation and generate unusual (and

unexpected) surface features.

With a credible model for a patch of microstructure, it is

possible to examine slip transfer parameter ideas with knowl-

edge of the local stress tensor and the accumulated shear on

each slip system. To this end, the accumulated shear was used

to weight the m′ parameter, and then summed to make a shear-

informed version of a slip transfer parameter:

m′γ =
∑

α

∑

β

m′αβ
︸︷︷︸

cos κ cosψ

(

γαγβ
) /∑

α

∑

β

(

γαγβ
)

. (2)

3The Schmid factor is formally defined only for uniaxial tension. A general-

ized Schmid factor, which describes the shear stress on a given slip system, can

be computed from any stress tensor based on the Frobenius norm of the tensor.

Figure 9: The green-colored subsurface grain illustrated at the

top of Fig. 8 is oriented such that highly activated prism slip has

a high m′ value with second order prism slip system in the sur-

face grain, which is consistent with the orientation and step ge-

ometry of the surface ledges. Arrows identify boundaries with

evident slip transfer.
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Figure 10: Components of the stress tensor evaluated at inte-

gration points within a cylindrical volume near the center of the

surface grain (purple, see Fig. 8) as function of depth extending

into the next (green) subsurface grain. In the surface grain the

stress state gradually changes, while the subsurface grain expe-

riences nearly uniaxial and largely constant tension along the

‘2’ direction, consistent with the overall boundary condition.

The sum goes over all possible combinations of slip systems

α in one, and β in the other grain. This can be evaluated at

every element pair along the grain boundary, so that variations

in the amount of shear on each slip system will inform the local

driving force for slip.

In like manner, the LRB parameter can be evaluated when

the inclination of the grain boundary is known:4

LRBγ =
∑

α

∑

β

LRBαβ
︸ ︷︷ ︸

cos κ cos θ

(

γαγβ
) /∑

α

∑

β

(

γαγβ
)

. (3)

There is also the possibility of combining the cosines of all three

angles into a weighted sum:

sγ =
∑

α

∑

β

sαβ
︸︷︷︸

cos κ cosψ cos θ

(

γαγβ
) /∑

α

∑

β

(

γαγβ
)

. (4)

Similarly, the m′ parameter can be weighted using the Schmid

factor m on each slip system as a metric for the magnitude of

slip transfer:

m′m =
∑

α

∑

β

m′αβ
︸︷︷︸

cos κ cosψ

(

mαmβ
) /∑

α

∑

β

(

mαmβ
)

. (5)

All four parameters are compared in Fig. 11. The three slip

transfer parameters weighted by accumulated shear (Fig. 11a–

c) give similar variations on the same boundaries, though the

details vary. The boundaries with the highest slip transfer

values are the lower left and upper boundaries of the central

grain, where slip transfer is evident, arrowed in Fig. 9. Also,

the boundaries colored in dark red in the lower right part of

Fig. 11a–c have high slip transparency. It is difficult to even see

these boundaries in Fig. 7, indicating a lack of disturbance to

the slip bands at these boundaries.

4Here, the inclinations in the vicinity of the central grain are estimated from

DAXM scans.

In contrast, the Schmid factor based m′m varies over a small

range (Fig. 11d), such that no variation is evident along the

boundaries. Because γ̇ ∝ τn, where n ≈ 20, the shear strain rate

γ̇ is amplified by the resolved shear stress τ raised to a large ex-

ponent, the accumulated shear strain is dominated by slip sys-

tems that have high Schmid factors. This amplification does

not occur for the Schmid factor, as inactive slip systems have

Schmid factors that only differ by a factor of 2 or 3, not orders of

magnitude. Hence, when the logarithmic scale used in Fig. 11d

is changed to a narrow linear scale and replotted in Fig. 11e and

f, the pattern of low and high transparency boundaries is simi-

lar to that found using shear as a weighting factor (in Fig. 11a–

c), which shows that even though irrelevant Schmid factor val-

ues contribute much to the sum, boundaries with higher trans-

parency can still be discerned. Use of the global Schmid factor

in Fig. 11e rather than the local Schmid factor provides a result

that is very similar to the local Schmid factor result shown in

Fig. 11f. This suggests that the slip transfer character can be

estimated from an experimental measurement that uses orienta-

tion information on either side of the grain boundary to assess

the slip transfer parameter. Finally, the parameters identified

in Eqs. (2) to (5) clearly contain much irrelevant information.

Thus, strategies to meaningfully filter out the most relevant slip

transfer components, such as the strategy used for m′
3m

in the

tantalum sample discussed above, need to be explored.

3.4. Twin transfer in hexagonal metals

Twinning as a possible accommodation mechanism for het-

erogeneous strain in neighboring grains was investigated in

commercially pure titanium with a moderately strong (about 6

times random) {0 0 0 1} fiber texture [38, 56–58]. Four-point

bending specimens were selected in two orientations such that

the tensile surface strain was either introduced along the pre-

ferred 〈0 0 0 1〉 direction or at 45° from it. In commercial pu-

rity Ti, the critical resolved shear stress for {1 0 1 0} 〈1 2 1 0〉

prismatic slip is much lower than {0 0 0 1} 〈1 2 1 0〉 basal slip,

{1 0 1 1} 〈1 2 1 0〉 pyramidal 〈a〉 slip, and {1 0 1 1} 〈2 1 1 3〉 pyra-

midal 〈c + a〉 slip [59–64]. Therefore, in the 〈0 0 0 1〉 sample

orientation, most grains are in a ‘hard’ orientation, as their 〈c〉-

axis is aligned close to the tensile direction. This alignment

favors the operation of the {1 0 1 2} 〈1 0 1 1〉 T1 and {1 1 2 1}

〈1 1 2 6〉 T2 extension twins as well as pyramidal 〈c + a〉 slip

due to comparably high resolved stresses on those systems (i.e.

large Schmid factors). The second sample orientation had a mix

of ‘soft’ and ‘hard’ grain orientations.

The majority of twins in Ti, {1 0 1 2} 〈1 0 1 1〉 T1 extension

twins, have a shear of 0.17, which is small compared to the 0.70

twin shear strain in TiAl. Consequently, there is little evidence

of damage at modest strains in Ti. However, extension {1 1 2 1}

〈1 1 2 6〉 T2 twins in Ti have a shear strain of 0.67. Though rare

(observed in 6 of 1920 grains) microcracks have been observed

in connection with T2 twins (Fig. 12) for probably the same

reasons as in TiAl. Because the locations where T2 twins inter-

act with grain boundaries have large local shears, it is difficult

to extract information about accommodating slip operation, but

twin accommodation is obvious, as illustrated in Fig. 12, and

discussed in more depth in [58].
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Figure 11: Maps of slip transfer parameters defined in Eqs. (2)

to (5) show similar trends but differences in detail; a–d uses a

logarithmic scale, while e and f uses a narrow linear scale.

Figure 12: Microcrack nucleation at a {1 1 2 1} 〈1 1 2 6〉 T2

extension twin, with complex accommodation by {1 0 1 2}

〈1 0 1 1〉 T1 extension twins on either side of the boundary.

Figure 13: Example of slip transfer across grain boundaries by

twinning (“T+T”).

Out of all of the grains that showed evidence of T1 exten-

sion twinning, a fraction of about 1/3 appeared to have twin-

ning correlated to localized deformation in a neighboring grain,

as exemplified in Fig. 6, where slip stimulated twins formed be-

tween grains 1 and 2, and in Fig. 13, where a twin in one grain

led to formation of a twin in the neighboring grain [56]. Such

effects are much more commonly observed in magnesium al-

loys [65–67]. These two cases where alignment of slip or twins

in the initiating grain leads to formation of twins in the neigh-

boring grain are analyzed in the following.

Soft grains with clear indications of operating prism slip

(traces) located next to hard5 grains were categorized based on

the presence of correlated T1 twin activity in the neighboring

(receiving) hard grain. For such pairs, 15 cases showed no twin

activity (“S+0”) and in 11 cases correlated activity (“S+T”)

across the grain boundary was observed. If a twinning sys-

tem was activated in the hard grain, it always had the highest

m′ value among the six possible T1 twinning systems, but was

not necessarily the one with the highest Schmid factor based

on global unidirectional tension. The corresponding distribu-

tions of (global) twinning Schmid factor and m′ for both grain

pair populations are shown in Fig. 14. While the Schmid fac-

tor distributions are very similar, the m′ distributions clearly

separate the two populations (there are two S+0 outliers that

might develop correlated twinning at higher strain). This sug-

gests that nucleation of favorably oriented twins is triggered by

altering the stress state close to the grain boundary due to local-

ized (prismatic) slip.

Figure 15a presents the correlation between κ and ψ, i.e.

the alignment of displacement vectors and shear planes, for

S+0 and S+T conditions. Cases where slip is correlated with

twinning (open circles) cluster in the lower-left corner at high

m′ values in accord with the right-most distribution of Fig. 14.

This plot examines whether there is a preference for slip trans-

fer based on slip vector κ, or plane alignment ψ. There is no

clear trend of either systematically lower κ or ψ observed when

5Soft grains are defined as having at least one prism slip system with m >

0.4, while hard grains have no prism system with m > 0.15.
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Figure 14: Distribution of twin Schmid factor in receiving hard

grains (left, red) and deformation system alignment between

soft and hard grains (blue, right) for cases with (S+T) and with-

out (S+0) twin activity correlated to prismatic slip in soft neigh-

boring grains.

slip is transmitted (circles), or when the most favorably oriented

twinning system remains inactive (dots).

In the sample with predominantly hard orientations, an eval-

uation of similar crystallographic relationships was done for

twinned grains that showed correlated twinning (“T+T”) ac-

tivity across an impinged boundary, e.g. Fig. 13. Figure 15b

presents the geometrical alignments found for correlated twin

activity. Similar to the case of slip-correlated twinning, the vast

majority of observations clusters at high m′ values. However,

this m′ distribution has a more pronounced low-end tail with

eight values (about 1/3 of all cases) falling into the range of

0.8–0.1. For all except one of those situations, the low m′ is

predominantly due to a relatively larger misalignment ψ of the

twin planes—the misalignment κ of Burgers vectors typically

stays below 30°. This larger tolerance of twinning plane mis-

alignment suggests that twins in the receiving grain are able to

adjust their spatial expansion in such a way as to follow the

trace imposed by the twin in the originating grain. Such a close

alignment of a twin triggered by another one has indeed been

observed by Fernández et al. [68] who investigated twin–twin

geometries in three dimensions using serial sectioning.

Every T+T case was visually inspected to identify the likely

order of twin generation based on the extent that the twins

propagated in the neighboring grains (overall kinematic appear-

ance). Figure 16 presents the distribution of Schmid factor ra-

tios between the triggering and triggered twin system based on

an assumed unidirectional state of tension at 16 grain bound-

aries for which the direction of twin propagation was obvious.

This distribution exhibits a marked shift to values above unity,

with a probability of only 2 % that its median is unity. This

shift is consistent with the view that the triggering twins grow

because they are well aligned with respect to the global state

of stress (e.g. arising from uniaxial tension). Once they im-

pinge on a grain boundary, the resulting local alteration of the

stress field in the neighboring grain ahead of the twin tip is able
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(a) Relationship between observed twin system (circles) or best-

aligned but inactive twin system (dots) in a grain with localized slip

activated in the neighboring grain. Activated twin systems cluster in

the lower-left corner and have consistently larger m′ values than those

of the best-aligned inactive ones except for two (dots) of exceptionally

high m′.
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(b) Observed twin system (circles) in a grain next to one with twin ac-

tivity. Small κ is more frequently observed than small ψ. The majority

of cases exhibits m′ > 0.8.

Figure 15: Geometric correlation between observed (or best-

matching but inactive) twin system in a receiving grain and ei-

ther slip traces a or twins b that impinge on the grain boundary

from a neighboring grain. Angles κ and ψ quantify misalign-

ment between Burgers vectors and twinning/slip plane normals,

respectively. Isolines of m′ = cos κ cosψ are plotted and labeled

in light gray. There is a slightly greater tolerance for variation

in slip plane alignment than slip direction alignment.
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Figure 16: Distribution of Schmid factor ratio between origi-

nating (1st) and triggered (2nd) twin system. The observed shift

to values larger than 1 suggests that the originating twin system

is largely dictated by the global stress, while the triggered twin

system responds to a (different) local stress state induced by the

impinging twin.

to trigger activity on a twin system6 that is less favored by the

global state of stress. Therefore, the (global) Schmid factor of a

triggered twin system is usually lower than that of the imping-

ing one, since otherwise the former would likely have acted as

a trigger itself.

3.5. Subsurface twin nucleation conditions

Thus far, surface observations indicate that twin nucleation

by accommodation of localized shear from a neighboring grain

is an important grain boundary mediated deformation mecha-

nism. As there is less mechanical constraint on the surface than

in the interior, it is also important to determine if this process

also occurs below the surface where there is more constraint.

This is currently being assessed using 3D X-ray diffraction on

in-situ deformed tensile samples with the same microstructure

as shown in Fig. 6; initial results from this ongoing investiga-

tion are presented briefly. This non-destructive method relies on

collecting diffraction patterns at small increments of strain from

which both the elastic stress state and the emergence of new ori-

entations (twins) can be identified as a function of strain [45].

An elaborate diffraction tomographic analysis is required to ex-

tract the stress state and spatial locations of grains with twins

nucleated within them [69]. From this analysis, several twin

nucleation events have been identified, which are described in

Table 2. The first two columns identify the sample and layer of

material interrogated along the tensile axis and the engineering

strain where a twin nucleated and grew large enough to detect.

The third column identifies the Schmid factor rank of the ob-

served twin; the twin system with highest Schmid factor was

6The triggered system is likely well aligned with the triggering system ac-

cording to m′.

Table 2: Summary of subsurface twinning events.

Sample Eng. Twin Schmid m′ m
layer strain factor rank of neighbor system

A-1 1.50 % Lowest 0.95 pyr 〈a〉 0.48

A-2 1.50 % Highest

A-3 1.50 % 2nd lowest 0.96 basal 0.46

B-1 1.13 % Highest 0.89 pyr. 〈c + a〉 0.52

B-2 1.56 % 2nd lowest 0.96 T1 twin 0.50

B-3 1.74 % Lowest

B-3 1.74 % Lowest 0.95 2nd pyr. 〈c + a〉 0.57

activated in only two of seven observations. In five of the seven

twins, the last two columns indicate whether the twin had a

high m′ value with a slip system in a neighboring grain, the slip

system, and its Schmid factor based on the (average) stress ten-

sor7 operating on the neighboring grain within the same layer.8

This assessment identifies the possibility of an S+T event based

upon the estimated geometry; the twin in layer A-3 is the most

likely instance of S+T twin nucleation due to basal slip being

more likely to be strongly activated than the others. This is dif-

ficult to prove, as localized slip bands cannot be identified in X-

ray diffraction data, though it may be possible to extract some

strain information from peak shape analysis based on methods

described in [70]. This table shows that the nucleation condi-

tions vary significantly from one event to the other, such that

there is no obvious trend. Clearly the stress state and orienta-

tion of the neighboring grains have a large influence on twin

nucleation, and the local stress states near the twin differ from

the grain average stress state [71].

3.6. Slip transfer across phase boundaries

In the above sections, transfer of deformation activity has

been considered between grains of the same phase. In most Ti

alloys, in addition to the hexagonal α phase, the body-centered

cubic β phase is present to some extent. In the Ti-5Al-2.5Sn

alloy, there are pockets of β in grain boundaries and triple junc-

tions, evident as white patches in Fig. 7. In a study of slip

transfer between α and β phases, a similar statistical characteri-

zation was done. However, only cases are considered for which

surface slip traces were observed in both of two neighboring

phases. If the slip traces are aligned at the phase boundary the

situation were termed “S+S”, while for non-correlated traces

were termed “S+0”. The results in Fig. 17 show more datum

points closer to the horizontal axis than the vertical axis, sug-

gesting that the slip plane alignment may account for more of

the observed slip transfer than alignment of the Burgers vec-

tors [72]. The correlation is not as convincing as with the α to

α grain boundary analysis, as there are observations with large

7Generalized Schmid factors are greater than 0.5 in some instances because

the grain average stress tensor differs significantly from uniaxial tension.
8This analysis does not yet include m′ analysis for grains that are above and

below the parent grain, which will be reported in the future.
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Figure 17: Geometric correlation between two observed slip

systems in neighboring grains that have traces aligned (“S+S”)

or not aligned (“S+0”) at the α/β phase boundary. Angles κ

and ψ quantify misalignment between Burgers vectors and slip

plane normals, respectively. Isolines of m′ = cos κ cosψ are

plotted and labeled in light gray. The S+S data being system-

atically closer to the horizontal than the vertical axis suggests

that the alignment of plane normals is of greater importance for

slip transfer than the slip direction alignment.

misorientations (upper right part of the plot). Also, this differs

from observations in TiAl where the slip plane did not matter

much, and with slip transfer in the α phase in titanium where

the alignment of the Burgers vectors was a stronger indicator of

slip transfer than that of plane normals.

4. Discussion

Consistent with [26], the results presented here illustrate

how the geometry of the slip systems at the grain boundary

needs to be integrated with their activity to determine the na-

ture of slip transfer process. A number of different approaches

to account for the geometry and activity of slip systems and

their roles in strain transfer have been assessed. Different al-

loy systems appear to follow different dependencies on these

variables. In several cases, the slip direction is more influen-

tial on slip transfer than the slip plane, such as in TiAl, where

the fracture initiation parameter does not even consider the slip

planes. In other cases, such as in titanium alloys, both the slip

plane and direction, described by m′, must be included. The im-

portance of the angle of intersection of the slip plane traces on

the grain boundary plane, cos θ, remains an open question. The

strong dependence of grain boundary resistance on the activated

slip systems and the geometric relationships between them and

the grain boundary is exemplified by the two tantalum samples

that share the same microstructure but show quite different slip

transfer characteristics when deformed in different directions.

All of these studies show that it is important to identify which

slip systems are active in the context of slip transfer.

Comparison of crystal plasticity finite element simulations

of quasi-3D (columnar grain model) and true 3D microstruc-

tures with experimental characterization reveal the need to have

a good representation of the 3D microstructure in order to an-

alyze the local deformation behavior involved in strain transfer

at grain boundaries. Accurate simulations allow evolving local

stress tensors to be estimated, and consequently the spatial vari-

ability of the driving force for activating a particular slip system

can be identified. For example, operation of an unexpected slip

system can be stimulated by a slip transfer condition that pro-

vides a high local driving force for its activation. Simulations

of real microstructures are particularly useful for evaluating re-

sults from experimentally characterized microstructures.

It is also likely that deformation behavior on the surface, as

examined experimentally in most of the studies presented here,

differs from the highly constrained conditions in the bulk of

the material. The fact that slip band features on both sides of

grain boundaries are commonly correlated (despite the fact that

the planes associated with slip band features generally do not

have a common intersection in the grain boundary below the

surface) may suggest that the free surface biases and perhaps

even facilitates strain transfer. However, another possibility is

that the slip planes continue to be aligned below the surface,

as the accommodating system most likely follows the driving

force and aligns itself with the incoming slip band trace. This

subsurface geometrical accommodation could be accomplished

by local cross slip and/or climb. Regardless, these considera-

tions indicate that care must be taken in the interpretation of

slip transfer based on surface characterization alone. Unfortu-

nately, it is difficult to characterize the nature of slip or strain

transfer in subsurface regions due to the lack of spatial reso-

lution of advanced X-ray techniques. Thus, development of

novel approaches to compare subsurface and surface deforma-

tion processes are needed to determine how the nature of slip

transfer events on the surface differs from the bulk, e.g. [68].

Such difficulties do not negate the significance of deformation

phenomena on surface grains, because the surface is often the

location of stress concentrations and environmental attack that

are life-limiting for structural components.

Because a simple phenomenological model without explicit

grain boundary properties was used in the 3D crystal plastic-

ity simulation, the good spatial agreement with experimental

measurements suggests that fine-scale details of the slip trans-

fer process may not need to be modeled in order to gain a good

estimate of the local driving forces that activate slip. This in-

dicates that correctly simulating the 3D grain geometry may be

more important than improving fine-scale aspects of constitu-

tive models. This implies that the models used to obtain large-

scale statistical information, such as the spatial distribution of

‘hot spots’, are meaningful if the model is a credible represen-

tation of a real material. Nevertheless, methods to introduce

fine-scale details of slip transfer into crystal plasticity models

are needed to assess the conditions that lead to the nucleation

of damage.

Continuing efforts to do nondestructive 3D characteriza-

tion of deforming 3D microstructure patches will certainly shed

more understanding on the nature of slip transfer when com-
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bined with simulations of the experiment. For example, near-

field methods that provide a much more accurate microstruc-

tural characterization will enable more accurate simulation of

local stress state evolution in complex regions of multi-crystal

interfaces, and may enable clear explanations of why rare

events happen. The ability to predict rare events will enable

spatial prediction of the nucleation of critical damage sites.

With such information, it may be possible to predict the fail-

ure process in a more deterministic way.

5. Conclusions

The analysis of slip transfer occurring in Ta, Ti, and Ti al-

loys (serving as examples of body-centered cubic and hexago-

nal model materials) shows that many observations can be ra-

tionalized in terms of the geometrical alignment of activated

slip systems in neighboring grains. Because of the difficulty in

identifying the driving force for activating all of the observed

(and unobserved) deformation systems near grain boundaries,

correlations between observations and analytical theories tend

to have considerable scatter. Combined characterization and

simulation of geometrically accurate patches of real microstruc-

tures can provide mutually beneficial information for both the

correct interpretation of observations, and identification of

mechanisms and phenomena that need to be introduced into

models of crystal plasticity. Development of good modeling

strategies that track the evolution of slip behavior at and near

grain boundaries will increase the ability to predict damage nu-

cleation and evolution in a deterministic and predictive way.
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