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An investigation of a low-carbon, Fe-Cu–based steel, for Naval ship hull applications, with a
yield strength of 965 MPa, Charpy V-notch absorbed impact-energy values as high as 74 J at
–40 �C, and an elongation-to-failure greater than 15 pct, is presented. The increase in strength is
derived from a large number density (approximately 1023 to 1024 m-3) of copper-iron-nickel-
aluminum-manganese precipitates. The effect on the mechanical properties of varying the
thermal treatment was studied. The nanostructure of the precipitates found within the steel was
characterized by atom-probe tomography. Additionally, initial welding studies show that a
brittle heat-affected zone is not formed adjacent to the welds.
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I. INTRODUCTION

APPROXIMATELY 20 years ago, the United States
Navy developed a high-strength low-alloy (HSLA) steel,
denoted HSLA-100, with a yield strength of 100 ksi
(689 MPa), as a replacement for HY-100 steel to reduce
fabrication costs in ship construction.[1–4] HSLA-100
possesses similar strength and toughness values as HY-
100, but because of the reduced nominal carbon content,
it is weldable without preheat, thereby reducing fabrica-
tion costs.[3–5] To compensate for the decrease in strength
on reducing the C concentration, Cu was added to
HSLA-100 for precipitation strengthening, whereas Cr,
Ni, and Mo were added to increase hardenability.[2–7]

The thermal processing of HSLA-100, a solutionizing
(austenitizing) and quenching step followed by temper-
ing at 620 �C to 690 �C, produced a tempered martens-
itic steel containing Cu precipitates.[2–4] Studies by Foley
et al.[8,9] have demonstrated that tempering of HSLA-
100 overages the Cu precipitates, thereby reducing their
strengthening contribution.

Earlier research on steels alloyed with Cu, however,
showed that significant strengthening could be attained
without tempering.[10–13] To develop a precipitation-
strengthened ferritic variant of HSLA-100 steel, Mo and
Cr were removed, reducing hardenability, and the
thermal processing was simplified to hot rolling followed
by air cooling. These changes produced a ferritic HSLA

plate steel with a yield strength in excess of 482 MPa
(70 ksi), a Charpy V-notch (CVN) absorbed impact-
energy better than 136 J (100 ft-lbs) at -40 �C, improved
weldability, and enhanced atmospheric corrosion resis-
tance.[8,14–18] This steel, ASTM A710 grade B, was used
in construction of a demonstration bridge in northern
Illinois. The body-centered-cubic (bcc) nanoscale Cu
precipitates within the steel are coherent with the matrix
providing significant precipitation strengthening. Good-
man et al. first documented this in a binary Fe-Cu steel
many years ago by using field-ion and atom-probe
microscopies.[19,20]

Additional increases in yield strength were achieved
by changing the thermal processing to hot rolling
followed by quenching into water and subsequently
isothermal aging. The result was a high-strength low-
carbon (HSLC) steel with yield strengths of approxi-
mately 700 MPa (100 ksi) and excellent CVN absorbed
impact-energy values.[18,21] This steel is denoted NUCu-
100, where the number 100 stands for the yield strength
of the steel in ksi.* For example, when NUCu-100 is

solutionized at 900 �C and aged at 524 �C, the steel
achieves a yield strength of 712 MPa (103 ksi) at room
temperature and a CVN absorbed impact energy of 64 J
(47 ft-lbs) at -40 �C.[18] The strength of this steel is
derived primarily from bcc Cu precipitates, although
there is possibly a small contribution from niobium-
carbide (NbC) precipitates at long aging times that
delays overaging.[21–23]

Investigation, by atom-probe tomography (APT)[24–26]

of the bcc Cu precipitates in a NUCu-100 steel specimen
solutionized for 30 minutes at 1100 �C and directly aged
for 100 minutes at 490 �C demonstrated the existence of
chemically complex Cu-rich precipitates containing Fe,
Ni, Mn, and Al.[27,28] The precipitate/a-Fe matrix
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heterophase interfaces are enriched in Ni and Mn
forming a spherical shell-like structure, whereas the Al
enhancement is found toward the inner region of the Cu
precipitates.

The focus of the present study is investigation of a
ferritic multicomponent Fe-Cu–based steel with a yield
strength of 965 MPa (140 ksi), which also possesses an
elongation-to-failure greater than 15 pct, a CVN
absorbed impact-energy as high as 74 J at -40 �C,
potentially improved weldability (no brittle heat-af-
fected zone), and better corrosion resistance. This HSLC
steel is being studied in a program to develop an
explosion resistant steel[29] for the United States Navy.

We first discuss the results of preliminary research on
an arc-melted heat demonstrating the viability of
developing a HSLC steel with the described properties.
We then discuss the results of a more comprehensive
investigation on three 45.5-kg (100-lb) laboratory heats
processed by ArcelorMittal Steel Global Research &
Development Laboratory. We show the effects on
microstructure and mechanical properties of increasing
the nominal Ni and Al concentrations from that found
in NUCu-100. The presence of the Cu-rich[30] precipi-
tates is verified and characterized in detail using APT.
Additionally, NbC and heterogeneously nucleated
NiAl-type precipitates are present. The results of
preliminary welding studies are discussed.

II. PRELIMINARY RESEARCH

Initial research was done on a 100-gram steel heat arc-
melted in an argon atmosphere. Additional Ni and Al
(>99.99 at. pct pure) were added to a piece of 525 MPa
(76 ksi) yield strength NUCu steel. Ni and Al have an
additive effect on the precipitation strengthening,[31–33]

permitting the development of even stronger steels. The
Ni and Al concentrations were selected based on prior
experience.[34,35] The composition of the arc-melted steel
heat is given in Table I. The resulting 12.3-mm-diameter
ingot was homogenized at 1150 �C for 72 hours and
then cold swaged, without intermediate anneals, pro-
ducing a 6-mm-diameter rod. This represents a 75 pct
reduction in area, indicating that this steel possesses a
significant capacity for cold working. The rods were
solutionized at 1050 �C, quenched into water at room
temperature, and subsequently aged at 550 �C for

2 hours. Subsized tensile specimens with a 25.4-mm
(1-in.) gage length were machined from the rod.
Tensile tests were performed at room temperature and

at -35 �C. At both temperatures, yield strengths of
approximately 840 MPa (122 ksi) and ultimate tensile
strengths of approximately 945 MPa (137 ksi) were
obtained. The elongation-to-failure was approximately
30 pct at both testing temperatures. The fracture was
completely ductile as characterized by the fracture
surface. Additionally, a subscale CVN specimen tested
at -35 �C only partially fractured and bent in the testing
apparatus. As with the tensile specimens, the fracture
was ductile.

III. EXPERIMENTAL METHODS

A. Alloy Details

Three 45.5-kg (100-lb) laboratory heats were pro-
duced for this research at ArcelorMittal Steel Global
Research & Development Laboratory by vacuum induc-
tion melting. The resulting slabs were prepared (top
cropped, and the sides machined) and reheated to
approximately 1150 �C and hot rolled into 12.3-mm-
(0.5-in.-) thick plates in several passes. The temperature
of the final pass was approximately 900 �C. The
compositions of the three heats, determined by spectro-
graphic analysis at ArcelorMittal Steel, are given in
Table I. The heats are denoted NUCu-140-x, where 140
stands for the target yield strength in ksi and x
designates the heat number.** The N content does not

exceed 0.001 wt pct, a result of the vacuum induction
melting process. The nominal concentrations of S and P
should be as small as possible. In the NUCu-140-2 heat,
however, the P concentration is 0.014 wt pct, which is 2
to 4 times greater than in the other two heats. The plates
were mechanically cut into rods (12.3 mm · 12.3 mm ·
250 mm) and solutionized at 900 �C, 1000 �C, or
1100 �C, followed by quenching into water at room
temperature.

Table I. Compositions of NUCu-140-x Steels (Weight Percent and Atomic Percent)*

C Mn Si Cu Ni Al Nb P S

Arc-melted steel wt pct 0.04 0.47 0.47 1.36 2.78 0.66 0.07 0.007 0.001
at. pct 0.19 0.48 0.94 1.19 2.64 1.37 0.042 0.013 0.002

NUCu-140-1 wt pct 0.05 0.47 0.46 1.34 2.71 0.60 0.07 0.005 0.001
at. pct 0.23 0.48 0.92 1.17 2.57 1.24 0.042 0.009 0.002

NUCu-140-2 wt pct 0.04 0.48 0.48 1.37 2.86 0.69 0.07 0.014 0.004
at. pct 0.19 0.49 0.96 1.20 2.71 1.43 0.042 0.025 0.007

NUCu-140-3 wt pct 0.05 0.52 0.48 1.29 2.87 0.58 0.07 0.004 0.005
at. pct 0.23 0.53 0.96 1.13 2.72 1.20 0.042 0.007 0.009

*Nitrogen content does not exceed 0.001 wt pct.

**In earlier publications and conference proceedings, we denoted
the same heats as NUCu-150-x or AlNiCu-150-x. We make the change
to NUCu-140-x to better relate the steel to similar Cu alloyed steels
previously developed at Northwestern University.
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The tensile specimens are ASTM standard specimens
(ASTM E 8 – 04) with a gage length of 25.4-mm (1-in.)
and a diameter of 6-mm (0.25-in.). The CVN specimens
are also ASTM standard size specimens (ASTM E 23 –
02a). The specimens and additional material (12.3 mm ·
12.3 mm · 25 mm blocks) for hardness testing and APT
were solutionized at 900� C and aged either at 500 �C or
550 �C and then quenched into water at room temper-
ature precluding extra precipitation. The hardness and
APT specimens were aged from 1 to 100 hours, whereas
the tensile and CVN specimens were aged either for
6 hours at 500 �C or 2 hours at 550 �C.

B. Optical Microscopy

Sections of the solutionized and water-quenched
specimens perpendicular to the rolling direction were
cold mounted and polished to a final surface finish of
1 lm using standard procedures. The mounted speci-
mens were etched for approximately 10 to 15 seconds
with a 2 vol pct Nital solution allowing observation of
the microstructures.

C. Mechanical Properties

Hardness testing was performed using a Wilson
Rockwell hardness tester using the standard Rockwell
diamond indenter and a 150-kg testing load (Rockwell C
scale). Tensile testing was performed on a Sintech screw-
driven testing machine in accordance with ASTM
standards (ASTM E 8 – 04), with a 20-kilopound (kip)
load cell under displacement control at a strain rate of
0.04 s-1. The specimen strain was measured using a 1-in.
extensometer. The CVN tests were performed using a
Tinius Olsen impact-testing machine in accordance with
ASTM standards (ASTM E 23 – 02a).

D. Welding Studies

Welding tests were performed on the NUCu-140-1
steel heat. Welding rods for the 965 MPa yield strength
level are not commercially available; therefore, a 10-
mm-diameter section of NUCu-140-1 steel was cold
swaged to a 2.5-mm diameter for use as a welding rod. A
12.3-mm-thick plate of NUCu-140-1 was solutionized at
900 �C, water quenched to room temperature, and then
aged for 2 hours at 550 �C. A bead of the welding rod
was melted on the aged plate using argon-shielded metal
arc welding; the heat input was 3.6 kJ mm-1 and the
travel speed was 2.5 mm s-1.

Specimens were mechanically cut from the welded
plate, cold mounted, and polished, using standard
procedures, to a final surface finish of 1 lm for optical
microscopy and hardness testing. Hardness testing was
performed in accordance with ASTM standards (ASTM
E 384 – 99) using a Buehler Micromet II microhardness
tester with a Vickers microhardness indenter, a load of
200 g, and a testing time of 10 seconds. The results were
reported in GPa. Vickers microhardness (HVN) testing
was performed to discern the changes in hardness within
the weld, fusion zone (FZ), and heat-affected zone

(HAZ) on a shorter length scale than accessible with
standard Rockwell hardness C (HRC) testing. For
optical microscopy, the specimens were etched for
approximately 10 to 15 seconds with a 2 vol pct Nital
solution.

E. Atom-Probe Tomography

Atom-probe tomography tip blanks (0.3 mm · 0.3
mm · 25 mm) were mechanically cut from the aged
blocks. The APT tip blanks were electropolished using
standard procedures.[24,36] Initial polishing was per-
formed with a solution of 10 vol pct perchloric acid in
acetic acid at 8 to 20 Vdc at room temperature. This was
followed by final electropolishing using a solution of 2
vol pct perchloric acid in butoxyethanol at 8 to 15 Vdc,
producing a tip with a radius <50 nm. LEAP and
conventional three-dimensional atom-probe (3DAP)
tomography[24–26] were performed at a specimen temper-
ature of 50 K and a residual pressure of <1 · 10–8 Pa.
The pulse repetition rate was 2 · 105 Hz and the pulse-
to-standing-dc voltage ratio (pulse fraction) was 15 to
20 pct. Visualization and quantitative evaluation of
datasets were performed with the Imago Visualization
and Analysis Software (IVAS�) and with ADAM 1.5, a

custom software application developed at Northwestern
University.[37] Compositional analyses of the precipi-
tates, their heterophase interfaces, and matrix were
performed with the proximity histogram method (proxi-
gram for short), giving compositional profiles with
respect to distance from an isoconcentration sur-
face.[37–39] The Cu-rich precipitates were delineated by
a 5 at. pct Cu isoconcentration surface. The parameters
chosen for obtaining a noise-free reference isoconcen-
tration surface are a voxel size of 0.8 to 1.0 nm, a
delocalization distance of 2.0 nm, and a confidence
sigma parameter £1. Neither the reference isoconcen-
tration surface nor the proxigrams varied significantly
when these parameters were changed by up to 50 pct,
indicating a numerically stable evaluation procedure
and representative results.
The volume equivalent radius,[40] R, of a precipitate is

given by

R ¼ 3

4p
nX
g

� �1
3

½1�

where n is the number of atoms detected within a
delineated precipitate, the atomic volume, X, is
1.178 · 10-2 nm3 for bcc Fe, and the overall detection
efficiency, g, of the multichannel detector plate is
estimated to be 0.5. The value of n belonging to a
precipitate is determined from the envelope method[24,41]

based on a maximum separation distance of 0.5 nm, a
minimum precipitate size of 20 Cu atoms, and a grid
spacing of 0.15 nm.

�IVAS is a trademark of Imago Scientific Instruments, Madison,
WI.
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IV. RESULTS

A. Optical Microscopy

Figures 1(a) and 1(b) display the microstructure of
NUCu-140-1 after quenching from 900 �C and 1100 �C,
respectively. After quenching from 900 �C, the micro-
structure consists of equiaxed grains and a smaller
volume fraction of elongated, acicular-like grains. The
average ferrite grain size, determined by the ASTM
intercept method (ASTM E 112 – 96), is 7 lm. Increas-
ing the solutionizing temperature to 1100 �C increases
significantly the average ferrite grain size to 42 lm and
the grains are blocklike in shape with some containing
distinct lathlike features. Solutionizing at 1000 �C gives
an intermediate microstructure with a grain size of
24 lm. The ferrite grain size is controlled by tempera-
ture, time at temperature, and the presence of NbC in
the austenite during solutionizing. The solubility of NbC
in austenite increases as the temperature increases. For
example, with low C content, the solubility of Nb in
austenite increases from 3 · 10-3 wt pct at 900 �C to
4 · 10-2 wt pct at 1100 �C.[21–23]

The microstructure of NUCu-140-3 is similar to
NUCu-140-1, but with a slightly larger grain size of
8.6 lm when solutionized at 900 �C. The grains of
NUCu-140-2, when solutionized at 900 �C, are mixture
of elongated acicular grains and blocklike grains, similar

to that observed when NUCu-140-1 is solutionized at
1100 �C. The grain size is 10.3 lm.

B. Mechanical Properties

Figure 2 shows hardness vs aging time for NUCu-
140-1 as a function of solutionizing and aging temper-
atures. As depicted by the hardness curves the steel ages
faster at an aging temperature of 550 �C than at 500 �C.
Also, higher solutionizing temperatures result in an
increased hardness. The measured maximum hardness
at 500 �C (Figure 2(a)) aging is higher than that at
550 �C (Figure 2(b)). Two hardness peaks are observed
at both aging temperatures. When aged at 500 �C, the
first hardness peak occurs at 5 to 6 hours (Figure 2(a)),
whereas the second peak occurs at approximately 12 to
24 hours (Figures 2(a) and 2(c)). At 100 hours, the
hardness decreases to 37 from 38.5 HRC, indicating that
the steel is overaged (Figure 2(c)). When aged at 550 �C,
however, the first hardness peak occurs at approxi-
mately 2 hours, whereas the second peak occurs between
5 and 6 hours (Figure 2(b)). The hardness value
decreases at 7 hours indicating overaging (Figure 2(c)).
Figure 3 shows the engineering stress vs engineering

strain curves for NUCu-140-1 as a function of solution-

Fig. 1—Microstructure of NUCu-140-1 steel solutionized at (a)
900 �C or (b) 1100 �C and quenched into room-temperature water.

Fig. 2—Rockwell hardness C of NUCu-140-1 steel vs aging time,
after solutionizing at 900 �C, when aged to (a) 12 h at 500 �C, to (b)
6 h at 550 �C, and to (c) 100 h at 500 �C.
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izing and aging temperature. Increasing the solutioniz-
ing temperature results in greater yield and ultimate
tensile strength values. The 0.2 pct offset yield strength
of the steel after quenching from 900 �C and aging for
2 hours at 550 �C is 973 MPa (141 ksi). The yield
strength increases by more than 10 pct to 1096 MPa
(159 ksi) when the steel is quenched from 1100 �C and
aged for 2 hours at 550 �C. This increase in yield
strength, however, is accompanied by a decrease in
elongation-to-failure from approximately 22 pct when
solutionized at 900 �C to approximately 17 pct when the
steel is solutionized at either 1000 �C or 1100 �C.
NUCu-140-1 aged for 6 hours at 500 �C, however, has
given a larger value of yield strength, 1001 MPa
(145 ksi) than when aged at 550 �C for 2 hours. The
tensile fracture surfaces of all the specimens exhibit a
classic cup-and-cone type surface with dimpling indi-
cating ductile failure.

Table II summarizes the tensile properties of the three
steel heats when solutionized at 900 �C and aged for
either 2 hours at 550 �C or 6 hours at 500 �C. A 900 �C
solutionizing temperature was selected as this gives the
most clearly ferritic microstructure (Figure 1) and the
largest value for the elongation-to-failure, with only a
minimal loss of yield strength when compared with
solutionizing at 1000 �C or 1100 �C (Figure 3). The
aging times were selected for near-peak hardness values
at the given aging temperature (Figure 2).

When aged at 550 �C, NUCu-140-2 has the largest
yield strength, 1049 MPa (152 ksi). The elongation-to-
failure value is 20 pct, which is lower than the two other
heats. NUCu-140-3 is the least strong heat with a yield
strength of 849 MPa (123 ksi). Table III displays the
CVN absorbed impact-energy values for the three heats
when tested between 25 �C and -62 �C. NUCu-140-1
and NUCu-140-3 have similar values of CVN absorbed
impact-energy and, therefore, possess good cryogenic
impact toughness. NUCu-140-2, however, is more
brittle at room temperature. Figures 4(a) and 4(b)
display the fracture surfaces of NUCu-140-1 and
NUCu-140-2 Charpy specimens tested at room temper-
ature. The NUCu-140-1 specimen exhibits significant
plastic deformation with shear lips seen on the edges and
a granular center region. The NUCu-140-2 specimen
shown exhibits little if any plastic deformation and the
failure surface is cleavagelike, as determined by scanning
electron microscopy (SEM).
When aged at 500 �C, NUCu-140-1 exhibits the

largest value of the yield strength, 1001 MPa (145 ksi).
NUCu-140-3 is somewhat weaker with a yield strength
of 911 MPa (132 ksi). Both heats have similar values of
elongation-to-failure, 22 pct. The CVN absorbed impact
energies are significantly lower when the steel is aged at
500 �C. For example, when NUCu-140-1 is aged at
550 �C for 2 hours the absorbed impact-energy at room
temperature is 208 J (153 ft-lbs), but when aged at
500 �C for 6 hours, the absorbed impact-energy at room
temperature is only 82 J (60 ft-lbs). A comparable
difference exists when the heat is tested at -23 �C. The
NUCu-140-3 heat also demonstrates a similar variation
when aged at 500 �C and 550 �C. We did not test
NUCu-140-2 aged at 500 �C, because the CVN tests
indicated that the heat is brittle under impact loading.

Fig. 3—Engineering stress vs engineering strain curves for NUCu-
140-1 steel. The specimens are solutionized at 900 �C, 1000 �C, or
1100 �C and then aged for either 2 or 6 h at 500 �C or 550 �C. The
strain rate is 0.04 s-1.

Table II. Tensile Properties of NUCu-140-1, NUCu-140-2, and NUCu-140-3 Steels Solutionized at 900 �C and Aged at Either

550 �C or 500 �C

Aged 2 h at 550 �C Aged 6 h at 500 �C

Yield
Stress
(MPa)

UTS
(MPa)

Elongation-to-
Failure (Pct)

Yield
Stress
(MPa) UTS (MPa)

Elongation-to-
Failure (Pct)

NUCu-140-1 973 994 22 1001 1042 22
NUCu-140-2 1049 1049 20 — — —
NUCu-140-3 849 890 23 911 952 22

Table III. Charpy V-Notch Absorbed Impact Energy for

Steels Solutionized at 900 �C and Aged for 2 h at 550 �C

Temperature, �C

Charpy Absorbed Impact Energy, J

NUCu-140-1 NUCu-140-2 NUCu-140-3

25 208 71 212
-12 79 — —
-23 79 19 52
-40 66 — 74
-62 25 — —
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C. Welding Studies

The microhardness profile and optical micrographs of
the weld, FZ, HAZ, and base plate are presented in
Figure 5. The Vickers microhardness value of the base
plate (Figure 5(d)) is 3.2 GPa prior to welding. The
microhardness in the HAZ (Figure 5(c)) is reduced
to 2.0 GPa, whereas the FZ (Figure 5(b)) and weld
(Figure 5(a)) have a microhardness value of approxi-
mately 2.7 GPa. The micrographs indicate that the grain
size is much larger in the weld and FZ than in the HAZ or
base metal. The grain size in the HAZ is equal to 3.2 lm,
whereas the grain sizes in the FZ and weld are 15 and
34 lm, respectively. The grains within the FZ are either
acicular in appearance or possess a blocklike appearance,
whereas the grains within the weld have predominantly
large blocklike shapesThe grains in theHAZare similar in
appearance to the base metal, which consists of equiaxed
grains with a smaller volume fraction of elongated grains.

D. Atom-Probe Tomography

Figure 6(a) displays the atom-by-atom reconstruction
of a 44 · 44 · 78 nm3 volume of NUCu-140-1

quenched from 900 �C and aged at 500 �C for 24 hours.
The Cu atoms, shown as red dots, have aggregated to
form Cu-rich precipitates, a few of which are labeled by
arrows with the letter ‘‘A’’ in the figure. The mean
radius, Rh i, of these precipitates, after 24 hours of
aging, is 1.5 ± 0.1 nm and their number density is
NV = (1.2 ± 0.1) · 1024 m-3. Figure 7 displays the
evolution of the quantity Rh i with time when the steel
is aged at 500 �C. The aging times investigated coincide
with underaged, near peak hardness, and overaged
conditions. The value of Rh i increases from 0.9 nm at
3 hours to 1.8 nm at 100 hours, with the quantity NV

concomitantly decreasing from (3.3 ± 0.7) · 1024 to
(6.1 ± 1.5) · 1023 m-3. The temporal evolution of the
particle size distributions (PSDs) for all three aging
times is discussed elsewhere in detail.[30] The composi-
tional evolution of the Cu-rich precipitates is also
presented in Reference 30, and the results are summa-
rized briefly herein. Most importantly, the precipitates
are Cu-rich containing significant concentrations of Fe,
Ni, Al, and Mn. The precipitate cores contain only
about 50 at. pct Cu after 3 hours of aging at 500 �C, and
the core Cu concentration does not increase further with
aging up to 100 hours. The precipitate contains a
substantial amount of Fe. The precipitates are enriched
to about 10 at. pct Ni, 15 at. pct Al, and 1.5 at. pct Mn
after 24 hours of aging. At this time, a spherical shell
surrounds each precipitate with increasing Ni, Al, and
Mn concentrations developing at the precipitate/a-Fe
matrix heterophase interfaces of the Cu-rich precipi-
tates. Additionally, the gradient of the copper concen-
tration profiles across the interfaces become sharper.
After 100 hours of aging, the surrounding spherical shell
contains 17 at. pct Ni, 15 at. pct Al, and 2.6 at. pct Mn,
and these elements are concurrently depleted in the core
of the Cu-rich precipitates. The enrichment of Ni, Al,
and Mn at the precipitate/a-Fe matrix heterophase
interfaces occurs subsequent to the formation of the
Cu-rich precipitates, as discussed in detail elsewhere.[30]

In addition to the Cu-rich precipitates, a small NbC
precipitate is observed, as shown in Figure 6(b), the
more highly magnified area with the label ‘‘B’’ in
Figure 6(a). This NbC precipitate shown is approxi-
mately 3.5 nm in radius and NV is estimated to be in the
range 1021 to 1022 m-3, which is two orders of magni-
tude less than the NV value for the Cu-rich precipitates.
Figure 8 displays a three-dimensional reconstruction

of a sample region intersecting a grain boundary (GB),
obtained from the NUCu-140 arc-melted heat after
100 hours of aging at 500 �C. The location of the GB is
indicated by the dashed lines with the label ‘‘GB’’ in
Figure 8 and is unambiguously identified by the discon-
tinuity in a set of resolved {110} lattice planes visible in a
different projection of the three-dimensional dataset.
This GB is enriched in carbon with peak concentrations
of up to approximately 3 at. pct locally, and additionally
shows segregation of B and P, but no significant
enrichment in S, as discussed elsewhere.[30] At the
positions with label ‘‘A’’ are Cu-rich precipitates anal-
ogous to the Cu-rich precipitates visible in Figure 6. At
label ‘‘B’’ in Figure 8 is a precipitate about 3 nm in
radius that is highly enriched in Ni and Al. A proxigram

Fig. 4—The Charpy V-notch specimen fracture surfaces as observed
by optical microscopy, for testing at room temperature: (a) NUCu-
140-1 and (b) NUCu-140-2.
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concentration profile analysis reveals that the composi-
tion of this precipitate is 36 ± 2 Ni – 40 ± 2 Al –
11 ± 2 Fe – 7 ± 1 Mn – 4 ± 1 Cu – 0.8 ± 0.4 Si
(at. pct), whereas C and Nb were not detected.

V. DISCUSSION

A. Microstructure and Mechanical Properties

The multiple hardening peaks seen in Figure 2 are
probably related to the temporal evolution of the
complex Cu-rich precipitates.

The smaller CVN absorbed impact-energy values for
NUCu-140-2 require discussion. Elevated concentration
of P in this heat may play a role because segregation of
P to GBs is known to result in embrittlement of
steels.[42–44] Segregation of P, in addition to C, B, and
S, is observed at a GB in a steel designated NUCu-170,
which was made at the same time as NUCu-140-2.[30]

However, the small differences in the P contents in the
three heats (Table I) seem to be too small to give such a
drastic reduction in Charpy value. Also, the cleavage
nature of the fracture surface indicates that the fracture
is mainly planar in nature and not intergranular. The
grains of NUCu-140-2, when solutionized at 900 �C, are
larger (10.3 lm compared with NUCu-140-1 and
NUCu-140-3, 7.0, and 8.6 lm, respectively). Also, the
grains in NUCu-140-2 are more acicular. The origin of
the impact loading embrittlement in NUCu-140-2
requires further investigation.

The smaller yield strength value of NUCu-140-3,
when compared with NUCu-140-1, is primarily attrib-
uted to the larger grain size, but the smaller Cu
concentration, 1.29 wt pct, compared with 1.34 wt pct,
plays a small role. The Hall–Petch relationship,[45,46]

rYS / d�1=2, where d is the grain diameter and rYS

correlates with the reduced yield strength.
We attribute the change in yield strength and elon-

gation-to-failure when varying the solutionizing tem-
perature to the increase in volume fraction of large
grains containing lathlike features, most likely indicat-
ing an increasing amount of low-carbon concentration
martensite (Figure 1). The observed change in micro-
structure is related to the dissolution of NbC precipi-
tates at the two higher solutionizing temperatures.
Niobium-carbide precipitates pin the austenite GBs
inhibiting grain growth during solutionizing.[47] At
higher solutionizing temperatures, the NbC precipitates
dissolve, leading to larger austenitic grain diameters,
which increase the hardenability. Aging at 500 �C gives
a larger value of yield strength than aging at 550 �C.
This is attributed to a smaller solid solubility of Cu at
the lower temperature.
We attribute the relatively high CVN absorbed impact

energies measured at temperatures below 0 �C to a
possible reduction of the local Peierls stress in the
matrix. Small, misfitting precipitates may locally
decrease the Peierls stress and reduce the rate of increase
in yield strength on cooling,[48,49] possibly resulting in an
improvement to the CVN absorbed impact-energy
values at low temperatures.

Fig. 5—Vickers microhardness profile and microstructures of the welded NUCu-140-1 steel plate. The microstructures are (a) weld, (b) fusion
zone, (c) heat-affected zone, and (d) plate.
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B. Welding

The preliminary welding experiment indicates that a
high-strength welding filler metal could be developed on
the basis of this steel. The reduction in hardness values
within the HAZ is most likely a consequence of the
growth and coarsening of the Cu-rich precipitates since
the matrix remains fine-grained ferrite as in the base
plate. We note, however, that a brittle martensitic HAZ
is not formed.

Fig. 6—Three-dimensional atom-by-atom LEAP tomographic recon-
struction of NUCu-140-1 steel after quenching from 900 �C and
aging at 500 �C for 24 h. Copper atoms are shown as red dots; see
color legend at the bottom. Nanometer-sized Cu-rich precipitates
have formed, see arrows with label ‘‘A’’ in (a), with an average ra-
dius of 1.5 ± 0.1 nm, at a number density of NV = (1.2 ± 0.1) ·
1024 m-3. Additionally, NbC precipitates are detected at a number
density of approximately 1021 to 1022 m-3; see magnified area ‘‘B’’ in
(b). The dimensions of the reconstructed volume in (a) are 44 nm ·
44 nm · 78 nm. Only 50 pct of the Fe atoms (blue color) are shown
for clarity.

Fig. 8—Three-dimensional atom-by-atom conventional 3DAP tomo-
graphic reconstruction of NUCu-140-laboratory heat after quench-
ing from 900 �C and aging 100 h at 500 �C. In addition to small
nanometer-sized Cu-rich precipitates, label ‘‘A,’’ a grain boundary
that is enriched in C, B, and P runs diagonally through the recon-
struction volume. A larger precipitate highly enriched in Ni and Al,
label ‘‘B,’’ has formed at the grain boundary. The dimensions of the
reconstructed volume are 16 nm · 16 nm · 19 nm.

Fig. 7—Temporal evolution of the mean precipitate radius, Rh i, of
the Cu-rich precipitates in NUCu-140-1 at 500 �C. The quantity Rh i
is given for 3, 24, and 100 h aging and was determined from PSDs
containing 208, 94, and 42 precipitates, respectively.[30] The quantity
Rh i increases from 0.9 nm after 3 h aging to 1.8 nm after 100 h
aging.
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The carbon equivalent[7] of the NUCu-140 steels is
determined by

Carbon equivalent wt pctð Þ

¼ C +
Mn

6

� �
+

CuþNi

15

� �
+

CrþMoþ V

5

� �

½2�

where ‘‘Carbon equivalent’’ indicates the susceptibility
of the steel to cracking during welding. A value equal to
0.4 wt pct is obtained for the NUCu-140 steels, which as
seen in a Graville diagram (Figure 9), resides in zone I,
indicating that the steels are weldable without concern
for a brittle HAZ. The value for carbon equivalent is
greater than the 0.3 wt pct obtained for NUCu-100 but
smaller than the values reported for HSLA-100 and HY-
100 in Reference 2. In addition to the excellent welda-
bility and lack of a HAZ, the steel does not contain Cr,
leading to formation of Cr6+, a carcinogenic fume,
during welding.

C. Atom-Probe Tomography

The nano-size Cu-rich precipitates, because of their
comparatively large NV values, are responsible for the
increase in strength during aging (Figure 2). The source
of the strengthening from small coherent Cu-rich
precipitates in steels, however, is unresolved and has
been recently reviewed.[50] The source of this contro-
versy is possibly a result of a combination of a number
of precipitation strengthening mechanisms include
lattice mismatch, modulus mismatch, and chemical
hardening.[51–57] Also, when the dislocation enters the
precipitate two partial dislocations are created that
combine when the dislocation leaves the precipitate.
Energy must be supplied to move the dislocation out of
the precipitate.

The Fe content in the Cu-rich precipitates, as mea-
sured in this investigation, is about 25 at. pct.[30]

Previous atom-probe studies of thermally aged Fe-Cu–
based alloys have consistently detected significant
amounts of Fe in Cu-rich precipitates about 2 nm in

radius, in both binary Fe-Cu alloys[20,58] and multicom-
ponent Fe-Cu–based alloys.[27,28,30,59] Small-angle neu-
tron scattering (SANS),[56,60] using indirect methods that
involve magnetic scattering for deconvoluting the pre-
cipitate composition, however, suggests a much smaller
amount of Fe of up to 10 at. pct in the precipitates. We
note that SANS provides precipitate compositions based
on questionable assumptions,[61] whereas the APT
results are model independent. Additionally, the recent
first-principles calculations by Liu et al.[55] finds that the
shear modulus relevant for dislocation glide varies at
absolute 0 K from a negative value of 20 GPa for pure
bcc Cu to a positive value of 78 GPa for bcc Fe, with
a zero value for compositions near 50 at. pct Fe and
50 at. pct Cu. The results of this study predict that bcc
Cu precipitates with Cu-rich concentrations, in a binary
Fe-Cu alloy, are mechanically unstable, which is con-
sistent with APT observations showing significant
quantities of Fe in Cu precipitates with about 2-nm
radius.[20,27,28,30,58,59]

Nickel and Mn spherical shell enrichment has been
observed for model Fe-Cu-Ni and Fe-Cu-Ni-Mn
steels,[30,58,59,62–64] but the concomitant enrichment in
Al is a new result. Approximately equal proportions of
Ni and Al in the spherical shell surrounding the Cu-rich
core at 100 hours of aging may possibly be related to
formation of a B2 ordered intermetallic phase. This
conclusion cannot be made on stoichiometry alone.
Conventional XRD studies have proven inconclusive
because of counting statistics limitations. Recent syn-
chrotron radiation experiments on the similar NUCu-
170 steel at the Advanced Photon Source (APS),
Argonne National Laboratory, however, has success-
fully identified the Ni-Al-Mn enrichment as a B2
crystalline structure.[65] The segregation of Ni, Al, and
Mn to the precipitate/a-Fe matrix heterophase interfaces
may possibly slow growth and coarsening, which makes
the steel less prone to weakening resulting from over-
aging of the precipitates.
The presence of a larger, 3-nm radius, precipitate

heterogeneously nucleated at a GB consisting predom-
inantly of equal quantities of Ni and Al indicates that
precipitates of this stoichiometry are stable within this
steel at this temperature. The composition of the
precipitate is suggestive of a NiAl (B2 structure)
precipitate with Fe, Mn, and Cu substituting for Ni
and Al in presently unknown proportions. The presence
of NiAl precipitates at a GB and Ni-Al-Mn enrichments
at the heterophase interface of the Cu-rich precipitates
indicates that the driving force for homogeneous nucle-
ation is not sufficient, at the given composition and
thermal treatment, to obtain NiAl (B2) precipitates
within the ferrite grains.

VI. SUMMARY AND CONCLUSIONS

The details on the investigation of an essentially
ferritic nanoscale precipitation-strengthened steel,
NUCu-140 (140 designates the nominal yield stress in
ksi), are presented. The steel is derived from the United

Fig. 9—Carbon equivalent diagram (Graville diagram) comparing
the weldability of the NUCu series of steels with HSLA-100 and
HY-100 steels. The comparatively low carbon equivalent of NUCu-
140-x, 0.4 wt pct, indicates that the steels are weldable without con-
cern for a brittle HAZ.
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States Navy�s current HSLA-100 steel by increasing the
Cu, Ni, and Al concentrations and omitting Cr and Mo.

1. The steel achieves a 965 MPa yield strength, elonga-
tion-to-failure values greater than 15 pct, and good
CVN absorbed impact-energy values as high as 74 J
at -40 �C by simple heat treatment of solutionizing
(austenitizing) at 900 �C, followed by a quench into
water at room temperature, and subsequent aging
for 2 hours at 550 �C.

2. The increase in strength is derived from a large
number density (approximately 1023 to 1024 nm-3)
of Cu-rich coherent precipitates containing Fe, Ni,
Al, and Mn.

3. Segregation of Ni, Al, and Mn to the precipitate/
a-Fe matrix heterophase interfaces of the Cu-rich
precipitates is observed at 24 hours of aging. This
segregation becomes more distinct with further
aging to 100 hours.

4. Heterogeneous nucleation of a larger, 3-nm radius,
precipitate within a grain boundary is observed.
The stoichiometry of the precipitate is suggestive of
a NiAl (B2 structure) precipitate with Fe, Mn, and
Cu substituting for Ni and Al in presently unknown
proportions.

5. The HAZ formed within NUCu-140 steel plate dur-
ing welding is ductile. The microstructure in the
plate�s HAZ is ferritic after welding. The hardness
in the HAZ is reduced, however, because of possi-
ble overaging of the Cu-rich precipitates. The steel�s
carbon equivalent, 0.4 wt pct, indicates that the
steel may be weldable without preheat or postheat.
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