
1. Introduction

Creation of advanced structural steels and other alloys is
achieved by reducing ferrite grain size through mechanical
alloying, intensive plastic deformation, and or low-tempera-
ture phase transformations.1–5) However, fusion welding
with remelting and resolidification of these steels is expect-
ed to destroy the optimum microstructure that is obtained
before welding. Therefore, new methods must be developed
and conventional technology must be optimized to produce
fine ferrite grain size in the weld metal. To achieve this
goal, one must understand and control various physical
processes that occur during welding of steels. Figure 1 il-
lustrates reaction sequences that occur in a low-alloy steel
weld metal region.6) At temperatures greater than 1 800 K,
the dissolved gases react with alloying elements to form
oxide or nitride inclusions. As the weld metal cools, the pri-
mary solidification occurs by the formation of the d-ferrite
phase through epitaxial growth of grains from the heat-af-
fected-zone (HAZ). As the weld cools further, austenite
may form in the interdendritic region and grow into the fer-
rite. Further cooling, below 1 600 K, leads to complete
transformation of d-ferrite to the austenite phase. With a
decrease in temperature to �1 000 K, allotriomorphic a-
ferrite nucleates along the austenite grain boundaries. With
a further drop in temperature, the allotriomorphic ferrite
grows inward toward the center of the grain. Continued 
decrease in temperature leads to the formation of
Widmanstatten ferrite followed by acicular ferrite and
martensite.

In the past, extensive research has been done to relate the
inclusion formation and decomposition of austenite in low-
alloy steel welds.7–26) Based on these research, it is possible
to design welding consumables that maximize the forma-

tion of acicular ferrite in welds and thereby obtain better
strength and toughness. However, the extension of this
knowledge to a wide variety of welding processes, consum-
able compositions, and shielding gases still eludes welding
metallurgist due to the complex interactions between inclu-
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Fig. 1. Schematic illustration of inclusion formation; solidifica-
tion to d-ferrite; transformation of d-ferrite to austenite;
and decomposition of austenite to different a-ferrite mor-
phologies, including allotriomorphic ferrite, Widmanstät-
ten ferrite, bainite, and acicular ferrite.



sion formation, solidification, and solid-state transforma-
tions. The present overview focuses on current research ac-
tivities at Oak Ridge National Laboratory (ORNL) that at-
tempt to describe these interactions through computational
thermodynamic and kinetic models, post-weld and in situ
weld characterization. 

2. Inclusion Formation 

The first reaction that is known to influence the weld mi-
crostructure is inclusion formation.27) Reactions between
dissolved elements such as carbon, nitrogen, oxygen, alu-
minum, titanium, silicon, and manganese form the inclu-
sions. The following inclusion characteristics affect the mi-
crostructure evolution: number density, volume fraction,
composition, and heterogeneity of inclusions (surface and
bulk composition). Previous research focused on develop-
ing thermodynamic and kinetic models to describe the in-
clusion characteristics as a function of weld metal composi-
tion and process parameters.28) The model was based on se-
quential oxidation framework that was proposed originally
by Bailey and Pargeter and by other researchers29–32) and
was later modified to include overall transformation kinetic
theory.33) This model removed the limitation of the fixed
oxidation sequence assumed by other researchers and
linked the oxidation sequence to the weld composition and
cooling rate. This allowed the model to be applicable over
wide range of weld compositions and the weld cooling
rates. The model has been evaluated for both normal weld-
cooling conditions as well as rapid cooling conditions typi-
cal of high-energy-density welding processes.34)

Recently, the model has been coupled to numerical-heat-
transfer and fluid-flow models.35) This coupled model con-
siders growth and dissolution as a function of thermal ex-
cursions experienced by the inclusions due to fluid flow in
the weld metal. All of these inclusion models were tested
for gas-shielded welding processes (e.g., gas–metal arc
welding), slag-shielded welding processes (e.g., shielded
metal arc and submerged arc welding), and, to a limited ex-
tent, on the high-energy-density welding processes (e.g.

electron beam and laser welding). In an attempt to extend
the inclusion model to a wide range of welding processes,
current research has focused on inclusion formation in self-
shielded flux-cored arc-welding processes (FCAW-S).36)

During the FCAW-S process, there is no shielding by ei-
ther gas or slag. Because there is no intentional shielding,
oxygen and nitrogen from the atmosphere may dissolve into
the liquid weld metal and produce porosity. To alleviate this
problem, tubular electrodes containing Al, Ti, and Zr were
used.37,38) These elements react with dissolved oxygen and
nitrogen to form oxides and nitrides, respectively. The ten-
dencies to form these oxide and nitride inclusions were
evaluated in two weld compositions produced by the
FCAW-S process [see Table 1]. The inclusions in these
welds were characterized with optical microscopy, scanning
electron microscopy, and transmission electron microscopy.
The types of inclusions were identified through composi-
tion measured by energy-dispersive spectroscopy.

The microstructural characterization showed that pre-
dominant inclusions in the weld “H” were aluminum ni-
trides [see Figs. 2(a) and 2(b)]. Detailed analyses of the ex-
traction replica did not show the presence of Al2O3 or any
other oxides or titanium carbonitride. Thermodynamic sta-
bility diagrams for the Fe–Al–O, Fe–Ti–N, and Fe–Al–N
systems that consider the interaction with other alloying el-
ements (including C and Mn) were calculated for 1 800 K
using ThermoCalc® software.39) The stability diagram for
Weld H [see Fig 2(c)] shows that Al2O3 formation is not
feasible. Even though there is a large concentration of alu-
minum in this weld, only AlN will form. This observation
is in agreement with the experimental observation. Detailed
analyses show that this outcome is due to the thermody-
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Table 1. Composition of self-shielded flux-cored arc welds.

Fig. 2. (a) Transmission electron micrograph showing the presence of aluminum nitride inclusion in the “H” weld, (b)
scanning electron microscopy image of similar inclusion, and (c) calculated stability diagram at 1 800 K for
Fe–Al–O, Fe–Al–N and Fe–Ti–N for the base weld composition of steel H. The stability diagram shows that for
this weld composition, the Al2O3 and Ti(CN) reaction will not occur and that the AlN reaction will be promoted.



namic interaction between aluminum, oxygen, and nitrogen
on the thermodynamic stability of liquid steel and Al2O3.
The stability diagram for Weld H shows that the supersatu-
ration of titanium and nitrogen is not sufficient to induce a
Ti(CN) reaction. 

The diagrams also show, in a counterintuitive way, that
the reduction of aluminum concentration in this weld will
lead to Al2O3 formation. The microstructural characteriza-
tion of the “L” weld shows spherical Al2O3 oxide inclusions
with heterogeneous nucleation of a facetted Ti(CN) phase
on the surface [see Fig. 3(a)]. Other inclusions composed
of highly facetted Ti(CN) with heterogeneous formation of
Al2O3 on the facets. These observations indicate that both
oxides and nitrides form simultaneously and that the inclu-
sions tend to act as heterogeneous nucleation sites for other
phases. Detailed analyses of extraction replicas from the
weld did not show any presence of AlN inclusions. The cal-
culated stability diagram for Fe–Al–N, Fe–Al–O and Fe–
Ti–N for the “L” weld is shown in Fig. 3(c). The diagram
shows that Al2O3 and Ti(CN) reaction is possible; however,
AlN reaction is not feasible for the nominal composition at
1 800 K. This result is in agreement with the experimental
observations. 

The above results demonstrate that it is possible to de-
scribe inclusion formation in a wide range of welding
processes by employing equilibrium thermodynamic calcu-
lations that consider multicomponent interactions in liquid
steel. 

3. Weld Solidification Microstructure

The effect of weld composition and cooling rate on the
solidification grain structure, alloying element partitioning,
and phase selection has been studied extensively.40) The
previous section illustrated that, depending upon aluminum
concentration, either an aluminum oxide reaction or an alu-
minum nitride reaction can be triggered. This reaction may
lead to different amounts of aluminum remaining in the so-

lution. In this study, the effect of aluminum concentration
on the solidification microstructure was considered in self-
shielded Fe–C–Al–Mn steel welds [see Table 1] through
computational thermodynamic and kinetic calculations. 

The microstructure of weld H contained columnar den-
drites of d-ferrite with classical a-ferrite microstructure be-
tween the dendrites [see Fig. 4(a)]. Thermodynamic calcu-
lations indicate following phase transformation sequence.
(1) as the weld cools, first d-ferrite forms from the liquid.
(2) With further cooling, the austenite may nucleate at the
interdendritic d-ferrite regions and grow into the d-ferrite.
(3) As cooling continues below the solidus temperature,
diffusion-controlled growth of austenite into d-ferrite can
occur. (4) The transformation of d-ferrite to austenite may
not reach completion due to extended stability of d-ferrite.
(5) At low temperatures (below 1 000 K), the austenite that
formed at high temperature will decompose into the classi-
cal a-ferrite microstructure. This sequence is in general
agreement with the experimentally observed microstruc-
ture. The kinetics of the transformation were evaluated with
a diffusion-controlled growth model.41,42) The solidification
and subsequent solid-state transformation during cooling of
the weld from 1 800 K at a rate of 10 K s�1 was simulated.
The kinetic calculations [see Fig. 4(b)] reiterated that the
retention of d-ferrite is essentially due to incomplete
austenite formation, as shown by the presence of �40%
ferrite, at 1 500 K. Further cooling (below 1 500 K) did not
change the amount of austenite greatly before the onset of
low-temperature a-ferrite formation. Other calculations
also show that increase in the weld-cooling rate would lead
to retention of more d-ferrite. This result was also in agree-
ment with the experimental observations.43)

Thermodynamic calculations of weld L indicate that
even in this weld, d ferrite would form from the liquid first.
The calculations also show that the austenite that forms in
the interdendritic regions is expected to replace the d ferrite
completely and would transform to the classical d-ferrite
microstructure. In agreement with these predictions, the
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Fig. 3. (a) Scanning electron microscopy images showing (a) the heterogeneous nucleation of Ti(CN) on an Al2O3 inclu-
sion, (b) an Al2O3 formation on a facetted Ti(CN) inclusion, and (c) a calculated stability diagram at 1 800 K for
Fe–Al–O, Fe–Al–N and Fe–Ti–N for the base “L” weld composition. The stability diagram shows that for this
steel composition, the Al2O3 and Ti(CN) reactions are promoted and that the AlN reaction is not feasible.



final microstructure [see Fig. 4(c)] contained a fine a-fer-
rite microstructure. The kinetics of austenite growth into d-
ferrite at high temperature were evaluated further with a ki-
netic model.41,42) The calculations [see Fig. 4(d)] show that
100% austenite formed as the weld cooled to 1 600 K. The
variation of cooling rate expected in the FCAW-S process
was also evaluated. The results show that weld metal is ex-
pected to transform to 100% austenite for all cooling rates,
therefore guaranteeing that a fine a-ferrite microstructure
forms from the austenite. These results are in agreement
with the experimental observations. These results show that
the solidification and subsequent solid-state transformations
at high-temperature can be predicted successfully with
computational thermodynamic and kinetic calculations. 

4. Rapidly Cooled Weld Microstructure

The results in the previous section assumed that solidifi-
cation always occurs with d-ferrite as the primary phase
formation. This is based on the thermodynamic phase dia-
gram. It did not consider the potential change in solidifica-
tion mode at high-cooling-rates. Solidification may then
occur with significant undercoolings below their equilibri-
um stability temperatures. Most relevant nonequilibrium
solidification features in welding occur as a result of in-
creased liquid-solid interface velocities under rapid cooling
conditions. This increased velocity may lead to changes in
solidification morphology, partitioning, and primary phase
selections.44–49) In welds, epitaxial solidification occurs
from the heat-affected-zone, the nucleation of solid phase

occurs readily.
To explore the possibility of primary solidification by a

nonequilibrium phase in low-alloy steels, weld microstruc-
ture evolution in the H Weld [see Table 1] was investigated
as a function of weld cooling rate using an in situ time-re-
solved X-ray diffraction (TRXRD) technique.50) The welds
were made by striking an arc on a stationary steel cylinder
produced by a surface-cladding operation in which a self-
shielded FCAW process was used. The gas–tungsten arc-
welding process was used to produce stationary welds on
these bars to remelt and resolidify the FCAW deposits. The
average welding current was maintained at 110 A; voltage
was maintained at 17.5 V. Two different welding conditions
were used to vary the weld metal (WM) cooling rate. In the
first experiment, the arc was extinguished at 17 s after initi-
ation. This condition leads to a rapid cooling of the weld
[see Fig. 5(a)]. During this experiment, the phase transfor-
mation events in both the HAZ and the WM were moni-
tored. Previous research has shown that, during a static
welding experiment, the measured peak cooling rates are
six times higher (�1 500 K s�1) than the normal weld-cool-
ing rates (�250 K s�1). In the second experiment, the arc
current was reduced in a slope-down fashion from the peak
current. This allowed the WM to cool slowly, as shown 
in Fig. 5(b). In this slow-cooling experiment, the trans-
formation events were monitored only in the WM region 
of steel H. TRXRD measurements were performed on a
31-pole wiggler 10-2 beam line51) at Stanford Synchrotron
Radiation Laboratory with the Stanford Positron Electron
Accumulation Ring. A photon energy of 12.0 keV (l�

ISIJ International, Vol. 42 (2002), No. 12

1347 © 2002 ISIJ

Fig. 4. (a) Optical microscopic view of columnar dendritic d-ferrite microstructure in a weld with composition
Fe–0.23wt%C–0.5wt%Mn–1.7wt%Al–30wtPPM T–60wtPPM O–640wtPPM N. (b) Calculated phase fraction for
the same weld as a function of cooling time from 1 800 K at a rate of 10 K s�1 based on a diffusion-controlled
growth model. (c) Optical microstructure of a weld with composition Fe–0.15wt%C–0.6wt%Mn–0.5wt%Al–
580wtPPM Ti–300wtPPM O–330wtPPM N, showing classical a-ferrite microstructure that forms at temperatures
below �1 000 K from a 100% austenite phase. (d) Calculated phase fraction, based on the diffusion controlled
growth model, for the same weld composition as a function of cooling time from 1 800 K at a rate of 10 K s�1.



0.1033 nm) was chosen to maximize the number of peaks
diffracting into the 2q window of the X-ray detector. In
general, three body-centered cubic (bcc) ferrite peaks
[(110), (200), and (211)] and three face-centered cubic (fcc)
austenite peaks [(111), (200), and (220)] were identified. A
730-mm-diameter pinhole was used to achieve the time res-
olution necessary to capture phase transformations during
the rapid thermal cycling. This setup yielded a beam flux
on the sample of 1010 to 1011 photons/s. The diffraction
spectra were collected at 0.05 s time intervals during tran-
sient heating and cooling of stationary arc welds.

The TRXRD data from the HAZ region are presented in
Fig. 5(c). The measurements were made in the HAZ very
close to the fusion line, where the HAZ temperatures were
the highest. The results show the phase transformation
events from the arc-on to the arc-off period. At room tem-
perature, only diffraction peaks from the ferrite phase were
observed. After the arc was struck, heating occurred and
caused a shift in the ferrite bcc (110) peak to lower 2q val-

ues as the crystal lattice of the ferrite phase expanded. After
7 s of arc-on, diffraction from austenite [fcc (111) peak]
was observed. Continued weld heating led to an increase in
austenite intensity. After the arc was shut off (17 s), the
austenite rapidly transformed to ferrite, as shown by the de-
crease in austenite fcc (111) diffraction intensity and a cor-
responding increase in ferrite bcc (110) peak intensity. The
persistence of ferrite at high temperature is evident from
the intensity of bcc (110) diffraction peaks. This finding
suggests that both ferrite and austenite are present near the
fusion line.

The TRXRD data from WM region is presented in Fig.
5(d). While the arc was on, liquid was the only phase that
was stable, as indicated by the absence of diffraction peaks.
After the arc was extinguished, the liquid continued to exist
as the only phase for an additional 0.2 s before the appear-
ance of the austenite phase, as indicated by the fcc (111)
peak. As the weld cooled further, the austenite peaks shift-
ed toward higher 2q values, indicating a decrease in lattice
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Fig. 5. Schematic illustration of gas tungsten arc spot weld experiment forcing (a) rapid weld cooling by sudden arc ex-
tinction and (b) slow weld cooling by gradual reduction of welding current. TRXRD data in an image format
showing the fcc (111) and bcc (110) diffraction peaks from the (a) HAZ, (b) rapidly cooled WM region and (c)
slowly cooled WM region.



spacing due to a drop in temperature. At about 3 s after the
onset of solidification, ferrite was observed to coexist with
the austenite, as indicated by the addition of the bcc (110)
peak. Upon further cooling, the ferrite peaks also shifted
toward higher 2q values as the temperature approached am-
bient conditions. This result of primary austenite solidifica-
tion was verified through repeated experiments. The in situ

TRXRD results clearly show that, under rapid weld-cooling
conditions, the equilibrium ferrite mode of solidification is
replaced by nonequilibrium austenite. 

To evaluate the hypothesis that the mode change was
brought about by an increase in the cooling rate, weld cur-
rent slope-down experiments were performed on steel H.
The TRXRD measurements were obtained from the WM
region of steel H during the slow- cooling experiment [see
Fig. 5(e)]. The data show that at �15 s after the slope down
started, only liquid was present and no diffraction from fer-
rite or austenite was evident. The continued decrease in the
welding current led to the appearance of bcc (110) diffrac-
tion peaks as the first solid phase. This confirmed the hy-
pothesis that the reduced cooling rate would lead to primary
ferrite solidification.

It is well known that the stability of the liquid-solid inter-
face leads to different solidification phases and morpholo-
gies, and that it is indeed possible to describe these varia-
tions in primary phase solidification with an interface-re-
sponse function model. Fukumoto and Kurz extended the
binary model for dendrite solidification to the multicompo-
nent Fe–Cr–Ni–C system by coupling the calculations with
computational thermodynamics.52–54) We have adopted the
same approach here and have applied it to the Fe–C–Al–Mn
system. The results [see Fig. 6(a)] show that the dendrite tip
temperature of ferrite is higher than that that of the austen-
ite for the entire range of interface velocities. This suggests
that the ferrite interface will be far ahead of the austenite
interface. Consequently, the predicted primary solidification
phase will be ferrite. The plot also shows the calculated in-
terface velocity for the spot-welding conditions.55) The cal-
culated variation in the partitioning coefficients for alu-
minum and carbon is shown in Fig. 6(b). The partitioning
coefficients for Al and C for the austenite solidification
mode are less than unity and tend to approach unity at high-
er liquid-solid interface velocities. In the case of ferrite so-
lidification, carbon partitioning is similar to that of austen-
ite. However, the partitioning coefficient for aluminum is
greater than unity and tends to approach unity at higher ve-
locities. The quantitative results from interface function
models for the steel H do not in themselves support the ob-
served transition from equilibrium ferrite to nonequilibrium
austenite solidification. The calculations essentially show
that the primary ferrite solidification would occur for all in-
terface velocities. Even though this result is in agreement
with slow-cooling-rate welds [see Fig. 5(d)], it is not in
agreement with results from rapidly cooled welds [see Fig.
5(c)]. Further work is needed to understand this inconsis-
tency. 

5. Competition between Bainite and Acicular Ferrite

Formation

The transformation of austenite to various ferrite mor-

phologies, including allotriomorphic-, Widmanstätten-,
bainitic- and acicular-ferrite in steel welds has been studied
extensively.7–10,14,56,57) However, there is a need to develop
models to describe the competition between the acicular
ferrite and bainite reactions. The bainite and acicular ferrite
form by similar transformation mechanisms except for the
nucleation sites.58) Bainite nucleates along the austenite–
austenite grain boundary or along the ferrite–austenite
grain boundary. In contrast, acicular ferrite nucleates intra-
granularly on inclusions within the austenite grains.56,59)

Based on energetic considerations, the heterogeneous nu-
cleation of ferrite on inclusions may be less favorable than
nucleation on the boundaries.60–62) Therefore, as long as the
free boundaries exist, the bainitic transformation kinetics
will be more rapid than the transformation kinetics for acic-
ular ferrite. Previous research has shown that it is possible
to reduce the nucleation rate of bainite along the austenite
grain boundaries by forming allotriomorphic ferrite all
along the austenite grain boundary, thereby promoting acic-
ular ferrite formation.59) Kinetics of both acicular ferrite
and bainite transformations are affected by autocatalysis;
i.e., previously formed ferrite subunits initiating the nucle-
ation of other ferrite subunits. In this section, some of the
preliminary work on modeling the relative competition be-
tween acicular ferrite and bainite is presented. 

Controlled thermal cycle experiments were performed on
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Fig. 6. (a) Calculated dendrite tip temperature and planar inter-
face temperature for ferrite and austenite solidification
for a steel composition Fe–0.23wt%C–0.5wt%Mn–
1.7wt%Al as a function of liquid-solid interface velocity.
(b) Corresponding variation in partition coefficient for
aluminum and carbon (dotted potion is for planar growth
and solid line for dendritic growth).



low-alloy steel welds with two different titanium levels (7
and 17 wt. PPM). Only MnO·SiO2 inclusions were found in
the welds containing 7 wt. PPM Ti (Ti07). These welds have
a predominantly bainitic microstructure in the WM region
because MnO·SiO2 does not take part in nucleating acicu-
lar ferrite. In contrast, Ti-rich oxides were found on the sur-
faces of MnO·SiO2 inclusions in welds containing
17 wt. PPM Ti (Ti17). These welds have a predominantly

acicular ferrite microstructure. Both types of welds have
similar hardenability, as indicated by the nominal composi-
tion (see Table 2). Rods of 6.35 mm diameter were ma-
chined from all-WM test specimens. The samples were
austenitized at 1 200°C for 10 min and were cooled at a rate
of 50 K s�1. This cooling rate was designed so that a thin al-
lotriomorphic ferrite layer would form along the austenite
grain boundaries before the onset of bainitic/acicular ferrite
formation. 

The measured relative radius changes for both the sam-
ples are shown in Fig. 7(a). The plots indicate that the
transformation kinetics are sluggish in the Ti07 weld com-
pared with those of the Ti17 weld. A geometrical method
[see Fig. 7(b)] developed by Eldis63) was used to convert the
measured transformation strains into a volume fraction. The
converted ferrite fraction is shown as a function of tempera-
ture in Figs. 7(c) and 7(d). The data from the Ti07 welds
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Table 2. Composition of Ti-containing low-alloy steel weld
metals.

Fig. 7. (a) Measured relative radius change from Ti07 and Ti17 welds (the data have been offset in the y axis for clarity)
as a function of temperature while cooling from 1 473 K at a rate of 50 K s�1. (b) Methodology to convert the rela-
tive length change to ferrite fraction. Measured ferrite fraction as a function of temperature for (c) Ti07 and (d)
Ti17 weld as a function of temperature. The plots in (c) and (d) also show the calculated bainite fraction using a
published kinetic model for bainitic transformation. Optical micrographs of (e) Ti07 sample with predominantly
bainitic and (f) Ti17 sample containing predominantly acicular ferrite microstructure, after the simulated weld
thermal cycle experiment.



showed a change in transformation rate at �700 K, which is
below the calculated martensite start (Ms) temperature.
This change is interpreted as evidence of martensite forma-
tion. The results suggest that the Ti07 welds might have a
mixture of bainite and martensite. The plots indicate that
the transformation kinetics just below the bainitic start (Bs)
temperature for Ti17 welds are slightly more sluggish than
the kinetics for Ti07. Interestingly, the rate of transforma-
tion for Ti17 welds increased above that of the Ti07 welds
after certain undercooling below Bs temperature.

The corresponding microstructures of the Ti07 and Ti17
samples are shown in Figs. 7(e) and 7(f). The Ti07 samples
clearly show predominantly bainitic microstructure, and the
Ti17 samples clearly showed predominantly acicular ferrite
microstructure. These results were interpreted based on bai-
nite transformation kinetic theory.64–67)

According to this published bainite transformation kinet-
ic theory,64–67) the growth of bainite occurs by subsequent
formation of a ferrite subunit by a diffusionless mechanism.
Additionally, the carbon partitioning from this plate occurs
after the cessation of growth. As a result, further nucleation
of the subunit will take place from an austenite that is en-
riched in carbon. This leads to cessation of bainite forma-
tion when the carbon content of the austenite reaches T0

composition (or T�0 with 400 J mol�1 strain energy). In addi-
tion, the model also allows for enhancement of the nucle-
ation through the autocatalysis effect due to previous ferrite
subunits. With this model, the rate of change in extent of
the transformation at a temperature for bainite formation is
given by the following equation,67)

....(1)

where 

K1 is a parameter related to austenite grain boundary sur-
face area per unit volume,

u is the ferrite subunit volume, 
x is the current extent of transformation, 
q is the maximum bainite volume fraction that can form

at that temperature, 
K2 is a constant, 
R is gas constant, 
T is temperature in Kelvin, 
DG 0

m is the maximum driving force of the nucleation of
ferrite, 

r is another constant given by 2 540 J mol�1, 
GN is the Universal nucleation function given by GN

(J mol�1)�3.6375TC�r, 
b is the autocatalysis factor.

The autocatalysis factor is given by the following equation,

b�l1(1�l2x̄) .............................(2)

where x̄ is the bulk carbon concentration in the units of
mole fraction l1 and l2 and are constants. Previous re-

searchers using isothermal kinetic data derived the con-
stants K1, K2, and l2

67) and the variation of subunit volume
with temperature. The K1 parameter represents the nucle-
ation rate of bainite at any boundary. If the austenite grain
boundaries are free, K1 for bainite formation will be related
to grain boundary area per unit volume (SV

g–g).65) If the
austenite grain boundaries are decorated by the allotriomor-
phic ferrite, it will be related to the allotriomorphic fer-
rite–austenite interfacial area per unit volume (SV

g–a) that is
capable of nucleating.68) In the case of acicular ferrite, the
K1 parameter is related to the inclusion-austenite interfacial
area (SV

g–inc) that is capable of nucleating bainitic sub-
units.19,24,25)

The additivity law was assumed, and Eq. (1) was applied
to the transformation data shown in Fig. 7 in the tempera-
ture range between the Bs and Ms temperatures. The best-fit
parameters were obtained [see Table 3] assuming 2.098�

104 J mol�1 as a value for K2 of and 30.327 as a value for
l2. The DG0

m is calculated assuming praequilibrium trans-
formation using methodology described in the published lit-
erature69) and online software repository.† The Table 3
shows that the K1 and l1 values for Ti07 welds were differ-
ent from the values for the Ti17 welds. The variation of fer-
rite fraction predicted using fitted values are shown in Figs.
7(c) and 7(d). The analysis assumes that only bainitic fer-
rite formed in Ti07 samples and that only acicular ferrite
formed in Ti17 samples. Although this assumption is valid
based on the microstructural observations, it may be com-
plex in other conditions. Such situations may occur when
the austenite grain boundaries are not fully decorated with
allotriomorphic ferrite.70) Detailed analysis of model pre-
dictions and experimental ferrite fractions from Figs. 7(c)
and 7(d) show some interesting features. In the case of Ti07
welds, the maximum experimental ferrite fraction achieved
at 737 K is 0.81, and the kinetic model was able to fit this
value very well. In contrast, the maximum experimental
ferrite fraction achieved at 737 K is 0.97, although the
model predicts only 0.87. This result shows that the trans-
formation to acicular ferrite appears to go further than
bainitic transformation. This change may be related to larg-
er carbon trapping between the acicular ferrite subunits
than that between the bainitic ferrite subunits.66)

Additionally, the K1 value for Ti07 welds was higher than
the value for Ti17 welds, and the autocatalysis factor for
Ti17 weld is higher than that for Ti07 welds. Recently,
Tszeng71) theorized that the effect of autocatalysis on
bainitic transformation kinetics is based on the shape of the
bainite subunit. In addition, theoretical consideration of
changes in SV

g–g, SV
g–a, SV

g–inc and K1 on and the types of in-
clusion characteristics24) on competition between acicular
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Table 3. Best-fit coefficients for a bainite kinetic model de-
rived with the transformation data from Ti07 and
Ti17 samples.

† Materials Algorithms Project Program Library: http://www.msm.cam.ac.uk/map/steel/programs/mucg46-b.html 



ferrite and bainitic ferrite for generic weld metal composi-
tion is being pursued further through theories of simultane-
ous transformation kinetic models.72)

The above results indicate that microstructural control
necessitates that the welding process must be capable of
varying the dissolved gases (through gas shielding, slag
shielding, or deoxidizer addition), rapid cooling rates and
precise control of WM composition. Although, above con-
trol of the evolution of WM microstructure can be achieved
with traditional welding processes (including shielded
metal arc welding, submerged arc welding, flux-cored arc
welding and gas–metal arc welding), the added constraint
of reducing weld heat input for welding ultra fine-grained
steel makes the application of the traditional processes dif-
ficult. The newly developed laser-assisted arc-welding
(LAAW) process shows great potential. The LAAW process
requires a minimum joint-fit setup, which makes it practical
for a wide range of weld geometries. The laser heat source
and arc heat source are coupled (see Fig. 8), and, and the
heat-input to the welds can be minimized by controlling the
arc power and laser power. In addition, shielding gas and
filler metal can be used to precisely control inclusion char-
acteristics and microstructure evolution. Currently, the
LAAW process is being evaluated at ORNL for wide range
of steels.73)

6. Summary and Conclusions

The results presented in this paper have demonstrated
that it is indeed possible to control the evolution of WM
microstructure by modifying inclusion characteristics, WM
solidification, and solid-state transformation. The competi-
tion between oxide and nitride inclusions in Fe–C–Al–Mn
steel weld was described. The roles of WM composition
and cooling rate on solidification and subsequent solid-state
transformation in Fe–C–Al–Mn welds were described with
diffusion-controlled-growth models. The formation of non-
equilibrium austenite solidification at rapid cooling in
Fe–C–Al–Mn stationary welds was successfully identified
with an in situ TRXRD technique. This nonequilibrium
phase selection was analyzed with interfacial response
function models. Rapid transformations of austenite to aci-
cular ferrite in steels with titanium-containing inclusions
were compared with sluggish transformation of austenite to
bainite during continuous cooling. Theoretical evaluation of
these results showed that acicular ferrite formation has a

large autocatalysis factor compared with that of bainite.
The LAAW process was introduced as a potential process
for welding ultra fine-grained steels.
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