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Abstract 
Only in the last few years has considerable progress 
been made in obtaining reproducible mechanical 
properties data for FeAl. Two sets of observations 
are the foundation of this progress. The frrst is that 
the large vacancy concentrations that exist in FeAl at 
high temperature are easily retained at low 
temperature and that these strongly affect the iow- 
temperature mechanical properties. The second is 
that room temperature ductiiity is adversely affected 
by the presence of water vapor. The purpose of this 
paper is not to present a comprehensive overview of 
the mechanical properties of FeAl but rather to 
highlight our understanding of key phenomena and 
to show how an understanding of the factors which 
control the yield strength and fracture behavior has 
followed from the discovery of the above two 
effects. 

In trod uc tion 
FeAl is a B2 or ordered body-centered-cubic 
compound that exists over a large compositional 
range, from 36.5 to 49.5 at. % A1 at room 
temperature, and up to a maximum temperature of Th 

Figure 1. The B2 structure adopted by FeAl, 
showing the slip vectors at low 
temperature, <111>, and high 
temperature, <loo>. 

1583 K (at 46 at. % Al) (1). Iron-rich-deviations 
from the stoichiometric composition are 
accommodated by Fe anti-site atoms. In addition, 
triple defects - two vacancies on the Fe sublattice site 
with an antisite (Fe) atom on the other (Al) sublattice 
- are present, especially in near-stoichiometric 
compositions (2). Irrespective of Fe:AI ratio, slip in 
FeAl occurs by the movement of anti-phase 
boundary (APB) coupled a/2<111> dislocations at 
low temperature but by the glide of perfect <100> 
dislocations at high temperature, see Figure 1. The 
temperature of this transition appears to decrease 
with increasing aluminum concentration (3-6). Slip 
occurs on { 112) or { 110) at low temperature but at 
room temperature and above slip is on { 110) (3,7- 
21). 
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mechanical properties of FeAl were first 
reported as long ago as 1956 (22), but it is only in 
the last few years that progress has been made in 
obtaining reproducible mechanical data. Two sets 
of observations are the foundation of this recent 
progress. The first is that the large vacancy 
concentrations that exist in FeAl at high 
temperature are easily retained at low temperature 
(23) and that these strongly affect the low- 
temperature mechanical properties (23-25), see 
Figure 2. The second is that room temperature 
ductility is reduced by water vapor (26). 
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Figure 2. Graph of microhardness versus A1 
concentration in FeAl alloys after 
1000 K anneals and various 
subsequent heat treatments. After 
reference 23. 
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The purpose of this paper is to highlight our 
understanding of the key phenomena for FeAl 
and to show how these flowed from the 
discovery of the above two effects. 
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Vacancv Effects 
The substantial retention of vacancies, even after 
slow cooling following elevated temperature 
annealing, and their effect on mechanical 
properties was not noted until 1989 (24). It is 
now known that a low-temperature, long-term 
anneal (23) (typically, five days at 673 K for 
binary FeAl) will remove most of these vacancies 
and allow the intrinsic mechanical properties of 
FeAl to be determined. Without such an anneal, 
now routinely used by researchers on FeAl, it 
becomes impossible to compare different data 
since the vacancy effects dominate the strength 
and ductility, see Table I. In fact, the much- 
quoted early data by Westbrook (22) on the 
hardness of FeAl is, perhaps, misleading since it 
does not take into account vacancy effects. Once 
the importance of residual vacancies was noted, 
great smdes were made in understanding the 
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mechanical properties of FeAl, particularly 
regarding the compositional dependence of the 
room-temperature yield strength and the 
temperature dependence of the yield stress for a 
given composition. 
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Table 1. Elongation and strength of large-grained 
Fe-45A1 annealed at 1273K and after 
various subsequent heat-treatments 
(27). The stregths indicated are yield 
strengths except when no plastic 
elongation occurred, when they are 
fracture strengths. 

Room-TemDerature Stre nmh 

Chang et ai. (28) calculated the room-temperature 
equilibrium vacancy concentrations in FeAl, 
arising from mple defects, and showed that the 
dependence of the vacancy concentration on the 
Fe:A1 ratio was very similar to the hardness 
dependence on this ratio, implying that the 
vacancies controlled the room-temperature yield 
strength. 

Later, Xiao and Baker (29) measured the vacancy 
concentrations at room temperature as a function 
of Fe:A1 ratio and demonstrated the close 
similarity of this dependence with the dependence 
of the yield strength on Fe:A1 ratio, see Figure 3. 
The room temperature yield strength behavior 
now seems to be reasonably well understood 
except for the details of the vacancy 
strengthening mechanism in FeAl. 
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hardening rate with further increases in vacancy 
concentration. 

A final point concerns the effect of grain 
boundaries on the room temperature strength. It 
has been shown that the Hall-Petch slope, a 
measure of grain boundary strengthening, has a 
maximum at the stoichiometric composition (even 
though this is the only composition to show 
cross-slip (27)) and decreases on the iron-rich 
side of this composition. This trend is similar to 
the variation of the lattice resistance with 
aluminum concentration (31). Whilst the latter 
behavior can be related to the vacancy 
concentration, it is unlikely that vacancies control 
the grain boundary strength. Thus, the origin of 
the dependence of the grain boundary 
strengthening behavior on aluminum 
concentration is unclear. The unusual 
dependence of the Liiders strain at room 
temperature, EL, on the grain size, d, viz., EL a 

d-1-4 for both Fe-34A1 and Fe-40A1, and EL a d- 
1.9 for Fe-45A1, where for a given grain size the 
Liiders strain increases in the order Fe-45A1 > 
Fe-40A1 > Fe-34A1 (Liiders yielding does not 
occur at the stoichiometric composition) (3 1,32) 
is also unclear. 
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Figure 3. Graph of yield stress and percentage 
vacancy concentration on iron sites, 
Y,/f,, versus aluminum concentration 
for large-grained low-temperature- 
annealed FeAl. After reference 29. 

Chang et al. (28) also demonstrated that the 
hardness showed a square-root dependence on 
the concentration of quenched-in vacancies 
irrespective of Fe:A1 ratio, see Figure 4. This 
behavior might be anticipated if there is no 
change in  slip behavior with increasing vacancy 
concentration (see below). If vacancies pin the 
dislocations causing them to bow out, then the 
strength increase due to vacancies is proportional 
to the reciprocal of their spacing on the slip 
plane, h. Since h is roughly proportional to Cv- 
In, where C, is the vacancy concentration, the 
experimentally-observed parabolic relationship 
between hardness and C, is obtained. 

Whilst Figure 4 is quite useful from a practical 
standpoint, the yieId strength and strain- 
hardening rate (both of which determine the 
hardness) are not described by such a simple 
functional relationship (30), see Figure 5. This 
is because vacancy clustering may occur and high 
vacancy concentrations lead to a change in 
dislocation behavior, e.g. cross-slip is promoted 
(30) which results in a substantially-reduced 

The Yield Strengsh Anomaly 

By removing the residual vacancies in large- 
grained FeAl (which strengthen FeAl at low 
temperature but weaken it at high temperature) 
and using large-grained material (to minimize the 
effects of grain boundaries which strengthen at 
low temperature but weaken at high temperature), 
Xiao and Baker (33) showed that polycrystalline 
iron-rich FeAl exhibits a yield strength peak with 
increasing temperature, Le., a so-called yield 
strength anomaly. A small peak was also present 
in the earlier data of Baker and Gaydosh (34) on 
Fe-37A1-2Ni and later noted in directionally- 
solidified FeAl by Chang (35). Subsequently, 
this yield strength peak, which occurs at around 
0.45 Tm, where Tm is the homologous melting 
temperature, was reported in several other papers 
in which the effect of strain rate, single crystal 
orientation and Fe:Al ratio were examined (36- 
43 ,  see, for example, Figure 6. 
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Figure 4. Graph of microhardness versus (vacancy concentration)lD for FeAl polycrystals quenched from 
various temperatures. After reference 28. 
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Figure 5. Graph of yield stress and strain hardening rate as a function of vacancy concentration for single- 
slip oriented single crystals of Fe-40A1. After reference 30. 
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Figure 6. Graph of yield strength vs. temperature for large-grained, low-temperature annealed, off- 
stoichiometric FeAl strained under tension at 1 x 10" s-1. After Baker et al. (41). 

Three models have been proposed to explain this 
so-called anomalous temperature dependence of 
the yield strength exhibited by FeA1: the local 
climb-lock model (46); the dislocation 
decomposition model (36); and the vacancy 
hardening model (47). (The APB-dragging and 
cross-slip pinning models, which have been used 
to explain the yield stress peak as a function of 
temperature observed in a number of weakly- 
ordered B2 compounds, seem quite inappropriate 
for FeAl(43)). Prior to the introduction of any of 
these models, it was noted (33) that the 
anomalous yield stress peak occurred around the 
temperature of the <111> to <loo> slip 
transition. However, this transition alone can not 
explain the yield peak for two reasons. First, the 
(homologous) temperature at which the yield 
peak is observed is approximately independent of 
Fe:Al ratio (41,43) but the slip transition 
temperature increases with increases in this ratio 
(48), see Figure 6.  Second, there has to be a 
mechanism whereby < 1 1 1 > slip becomes more 
difficult with increasing temperature for a yield 
peak to occur (a slip transition would presumably 
simply produce a change in the slope of the yield 
stress-temperature curve). Thus, each of the 
three models noted above has a means whereby 
movement of the APB-coupled a/2<111> 
dislocations is impeded by a mechanism whose 
propensity increases with increasing temperature. 
Each model will be briefly outlined. 

The Loca 1 Climb Loc k Model 

In the local climb lock model by Moms (46), 
local climb and realignment of APB-coupled 
a/2<111> edge partials is thought to occur in 
order to minimize their self-energy (the driving 
force for the process), with the result that some 
dislocation segments do not have their APB lying 
on the slip plane. The activation barrier 
associated with the process arises because the 
APB length and, hence, energy clearly increases 
from the initial to the final dislocation 
configurations. Dragging the climbed segments 
leads to an increased critical resolved shear stress 
(CRSS) for <111> slip. Greater climb and, 
hence, a larger density of climb-locked 
dislocation segments will occur with increasing 
temperature. Hence, the CRSS for <111> slip 
rises with increasing temperature until the point at 
which <100> slip becomes easier (the CRSS for 
<lo> slip decreases continuously with 
increasing temperature (3)) and takes over. This 
gives rise to the yield peak. 

A problem with the model is that the yield stress 
peak is expected to occur at lower temperatures 
with increases in aluminum concentration, due to 
changes in APB energy (46). Experimental 
observations, see Figure 7, do not appear to bear 
this out: at a strain rate of 1 x lo4 s-l, the yield 
peak occurs at about the same temperature for all 



iron-rich alloys but decreases in magnitude 
whereas near-stoichiometric Fe-48A1 does not 
show a yield strength peak. The model also 
implies a strain rate dependence in the anomalous 
region (since climb dissociation is not 
instantaneous) contrary to experimental 
observations (45). 

The Dislocation Decomposition Model 

In this model (36), segments of a < l l l >  
dislocations dissociate into a<100> and a<011> 
segments. The latter two dislocations are not 
mobile in FeAl at temperatures below the yield 
peak temperature and pin the <11 1> dislocation. 
Since recombination of the a/2<111> partials 
must occur before the a<l l l>  dislocation can 
dissociate and because this requires thermal 
activation, the decomposition will occur more 
readily at higher temperatures. This produces a 
greater number of pinning points and, hence, 
more difficult <111> slip with increasing 
temperature, until <loo> slip intervenes. Thus 
far, this dislocation decomposition has not been 
observed in FeAl even through a search for it 
was the focus of a recent paper (49). The 
dislocation decomposition model suffers from the 
problem that as the strain rate is decreased, more 
dissociated segments might be expected and, 
hence, the yield peak should increase in 
magnitude but occur at a lower temperature, as 
<loo> slip intervenes. This is inconsistent with 
experiments, see Figure 7. 

The Vacancv-Hardening Model 

George and Baker (47) divided the relationship 
between the yield stress and temperature for FeAl 
into four regions, see Figure 7. Their vacancy- 
hardening model for the yield stress anomaly 
(47) is based on the idea (43) that immediately 
below the yield strength peak (Region I11 on 
Figure 7)  vacancies are essentially immobile and 
impede dislocation motion (see earlier), and that 
above the peak (in Region IV) the vacancies are 
able to migrate and, hence, aid dislocation climb. 
Using the approximation (28) that the increase in 
strength from the vacancies is proportional to 
(vacancy concentration)l/2 and knowing that the 
vacancy concentration increases exponentially 
with increasing temperature, it was shown that 
the strength increase with increasing temperature 
up to the yield strength peak was proportional to 
exp[ -Ef/2kT], where Ef is the activation enthalpy 
of formation of vacancies, k is Boltzmann's 
constant and T is the absolute temperature. 
Above the yield strength peak, the ability of 

vacancies to migrate produces dislocation creep. 
Thus, at constant strain rate, the strength above 
the peak is approximately proportional to 
exp[ED/mkTl, where m is a material constant, ED 
is the activation enthalpy for diffusion (= Ef+ 
Em), where Em is the activation enthalpy of 
vacancy migrauon. A prominent yield strength 
peak is thus expected for a material where Ef is 
low relative to Em, i.e. vacancies are easily 
formed but migrate with difficulty until higher 
temperatures. This is, indeed, the case for FeAl 
where Ef and Em have been measured to be 95 
kJ/mol and 164 kJ/mol, respectively (50). 
Mathematically fitting experimental data for Fe- 
40A1 to their model, George and Baker (47) 
obtained a value of Efof 92 kJ/mol, which is 
close to the experimentally-determined value 
determined using other techniques (50), and a 
reasonable value of m for dislocation creep of 
3.8. 

According to this model (47), the yield strength 
below the peak is approximately independent of 
strain rate whereas above the peak, in the 
dislocation creep regime, the yield strength has a 
strain rate, y, dependence proportional to yl/*. 

It follows that the yield strength peak should 
itself be strain rate dependent, the peak moving to 
higher stresses and higher temperatures with 
increasing strain rate and to lower stresses and 
lower temperatures with decreasing strain rate, 
see Figure 7. This prediction is borne out in 
practice (43,51) and at very low strain rates the 
yield peak can even not be present at all. The 
model is also consistent with the observation that 
the time held at the peak yield stress temperature 
prior to testing affects the magnitude of yield 
stress at that temperature (45). This effect arises 
because vacancy formation is not instantaneous 
but requires time, with increasing times (which 
result in greater vacancy concentrations) leading 
to larger yield stresses (45). 

A further interesting implication of this model is 
that it does not require the slip vector transition 
from <111> to <loo> with increasing 
temperature. Rather the slip transition is a by- 
product of the vacancy hardening of c l l b  slip. 
Hence, the model may have more general 
applicability than simply to an alloy where this 
slip transition occurs. 
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Figure 7. Schematic showing the yield stress versus temperature for FeAl separated into four regions. The 
slip systems are shown (52,53) as are the effects of strain rate, which are only important in 
Regions I and IV. 

Finally, Yoshimi et al. (42,44) have recently 
noted a tensionkompression asymmetry in the 
yield strength of Fe-39A1 single crystals. In 
tension, crystals oriented near <100> show the 
yield stress peak at a lower temperature than 
other orientations whilst in compression crystals 
oriented near <111> exhibit the yield stress peak 
at the lowest temperature. The origin of this 
behavior is at present unclear but is presumably 
related to the effect of the hydrostatic stress 
component on the dislocation core. 

The Environmental Effect 

The effect of environment on the mechanical 
properties of FeAl was first noted by Liu, Lee 
and McKamey (26) for Fe-37A1. This alloy 
exhibited 2% elongation and transgranular 
cleavage in  air, 5.5% elongation and mixed mode 
failure in vacuum; and 18% elongation and 
intergranular fracture in dry oxygen. (The yield 
strength was independent of the testing 
environment.) Liu et al. (26,54-56) proposed 
that the low ductility observed during tensile 

testing was due to local embrittlement at 
advancing crack tips from hydrogen arising from 
the reaction: 3H20 + 2A1 4 A 2 0 3  + 6H. 
Indeed, subsequently moisture has been shown 
to reduce both the fracture toughness and to 
increase crack growth rates in FeAl(57-63). 

The effect, which has now been shown to be 
common to many aluminides and silicides 
(64,65), is so pervasive that the effects of 
microstructural or alloying changes on 
mechanical properties are largely overwhelmed 
by it (66-68), see Figure 8. Hence, to study the 
effect of metallurgical variables on the intrinsic 
mechanical properties one has to test under 
conditions where the water vapor embrittlement 
does not occur, i.e, either in a benign atmosphere 
(e.g. argon, oxygen or vacuum), or at strain rates 
too fast for the environment to be important. 
Under such conditions, it has been demonstrated 
that reductions in grain size and the addition of 
boron can improve ductility, in all but the 
stoichiometric composition (64,66-68), see 
Figure 8. 
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Figure 8. Elongation versus strain rate for both boron-doped and undoped, low-temperature-annealed 
Fe-45A1 of different grain sizes tensile tested in air (68). At high strain rates (21 s-l) the effects 
of grain size and of boron on the elongation of Fe-45Al are evident but at slow strain rates (4 x 
lo4 s-l) their influence is overcome by the environment. 

On the other hand, the ductility of FeAl for a 
given heat-treatment or environmental condition 
decreases with decreasing Fe:Al ratio (69) (until 
at 50 at. % A1 no  tensile elongation is observable 
in polycrystals), the effect of environmental 
moisturehydrogen (and of residual vacancies) 
being to simply reduce the overall magnitude of 
the ductility, see Figure 9. The ductility of FeAl 
increases with increasing temperature irrespective 
of Fe:AI ratio with the fracture mode also 
changing with increasing temperature from 
transgranular cleavage to ductile rupture for iron- 
rich alloys but from intergranular fracture to 
transgranular cleavage to ductile rupture for near- 
stoichiomemc alloys (4 1,43). 

Thus far, unlike Ni3A1(70), no solution has been 
developed to mitigate the environmental 
embrittlement problem in FeAL (Boron additions 
prevent intergranular fracture in iron-rich FeA1, 
but fracture still occurs at low strains in the 
presence of water vapor (56)). And unlike 
Ni3A1, where environmental embrittlement 
causes intergranular fracture (71), in FeAl the 
presence of water vapor can produce either 
premature intergranular or transgranular fracture 
depending on the Fe:A1 ratio and possibly grain 
size (25,26,54-60,66-68). Indeed, even single 
crystals are susceptible to environmental 
embrittlement (32,61,62,72-74) although there is 
some disagreement over whether the environment 
affects the fracture plane. 



Environmental Embrittlement Mechanisms 

The phenomenology of the environmental 
embrittlement of FeAl has been covered in a 
number of reviews (75-78). Here, we point out 
some of the salient features of recent research 
which provide clues to the embrittling 
mechanisms involved: 

i) Kasul and Heldt (79), by measuring crack 
growth velocity in air for B2-ordered Fe-35A1, 
determined the critical velocity for environmental 
embrittlement to be -7 x 10-5 m.s-1. Crack 
velocities greater than this were not affected by 
the environment. 
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Figure 9. Effect of aluminum concentration and 
test .environment on the room 
temperature tensile ductility of B- 
doped and B-free FeA1. After 
reference 69. 

ii) Fractograpky of tensile-tested iron-rich FeAl 
specimens, which show intergranular fracture in 

vacuum and transgranular cleavage in air 
(26,55,56,66,67), show the same fracture mode 
all the way across the gauge. This suggests 
either that hydrogen ynifonnlv embrittles the 
specimen or that the strain rates are such that the 
hydrogen generation reaction can keep pace with 
the growing crack, Le. the hydrogen doesn't 
have to diffuse very far. 

iii) Kasul and Heldt (79), by examining the effect 
of hydrogen charging and subsequent degassing 
at elevated temperature on the room-temperature 
fracture of Fe-35A1, estimated that the diffusion 
coefficient of hydrogen in FeAl at room 
temperature is -4 x 10-16 rn2s-l. A problem with 
this estimation is that it assumes the same 
diffusion mechanism at room temperature as at 
elevated temperatures. (They also found 
increasing transgranular cleavage for increasing 
hydrogen content.) However, this low 
diffusivity of hydrogen suggests either that the 
hydrogen embrittlement (which affects the whole 
specimen, see ii)) is not due to hydrogen 
transport by diffusion (it has been suggested that 
moving dislocations might assist diffusion and 
have an affect on the dislocation structure 
(79,80)) or that the embrittlement is a near 
surface phenomenon. 

iv) Li and Liu (81) modeled the temperature 
dependence of the environmental embrittlement 
of Fe-36.5A1 and concluded that the rate- 
controlling process was the reaction between the 
water vapor and the aluminum. (It has been 
shown that  the dissociation of hydrogen 
molecules at the surface of FeAl is facilitated by 
iron (82)). In other words, diffusion of 
hydrogen into the material did not control the 
process. 

v) Gleason et al. (83), using x-ray photoelectron 
spectroscopy and ultraviolet photoelectron 
spectroscopy, confirmed that hydrogen was 
produced from water vapor at the surface of 
FeAI, and that alloying elements, such as boron, 
affect the dissociation rate. They also noted that 
the hydrogen absorption and dissociation is 
mostly influenced by the iron. 

vi) Through first principles calculations of the 
cohesive energy, Yoo and Fu (84) have shown 
that fracture of FeAl cannot be by elastic fracture 
(the measured fracture toughness values are too 
high (57-62,74)). A fact corroborated by the 



observed tensile elongation prior to failure even 
in water-vapor embrittled FeAl (26,55,56,66,67) 
and the inability to obtain electron channeling 
patterns from fracture surfaces of all 
compositions (85) except stoichiometric FeA1. 
Stoichiomemc FeAl typically fractures in tension 
at around one half to one third of the yield stress 
measured in compression (85). 

vii) Robertson and Birnbaum (86) used TEM in- 
situ straining in an environmental cell to show 
that wet gases lead to changes in the mobility of 
dislocations in the related compound Fe3A1. (The 
effect was. reversible.) They suggested that 
hydrogen locally enhanced plasticity, reducing 
the local yield stress and causing highly localized 
deformation. This is consistent with the highly 
localized deformation at the fracture surface 
observed by Gaydosh and Nathal(25) for a FeAl 
single crystal tested in air. 

viii) Munroe and Baker (87) suggested, based 
on their TEM observations, that <loo> 
dislocations produced by interaction of gliding 
<111> dislocations might nucleate cleavage 
cracks on { 1001, the observed fracture plane 
(74). Thus, Li and Liu (81) suggested that 
hydrogen could lower the energy of <loo> 
dislocations and, hence, aid their formation. 
Note that whilst this crack nucleation mechanism 
produces an init ial  transgranular crack, 
subsequent crack propagation could be either 
transgranular or intergranular. Interestingly, 
whilst polycrystalline Fe-43A1 (56) ,  Fe-45A1 
(85) and Fe-48A1 (41) fracture intergranularly at 
room temperature some transgranular cleavage 
areas do occur on fracture surfaces (41). 

From the above observations one can conclude 
that the rate-controlling process in the 
environmental embrittlement of FeAl is the 
formation of atomic hydrogen from water vapor, 
a process that may be affected by alloying. How 
crack nucleation occurs is unclear. It may be by 
the <loo> dislocation formation mechanism 
suggested by Munroe and Baker (87), which 
may be enhanced by hydrogen (81). However, 
surface imperfecti-ons and specimen flaws can 
always provide crack nucleation sites. The r6le 
of hydrogen on the crack propagation process is 
unclear. Diffusion of hydrogen appears to be too 
slow to aid crack propagation (79). One 
possibility, therefore, is that the embrittlement 
occurs very near the surface and hydrogen does 
not have to diffuse very far. Another possibility, 
to which several observations point, is that 
hydrogen is transported into the material by 

gliding dislocations (79,80). Understanding this 
process would be very valuable for improving 
the environmental resistance of iron aluminides 
through alloying additions and/or 
thermomechanical processing. Decreasing the 
environmental susceptibility of these alloys will 
extend the range of their potential industrial 
applications. 

Conch si on s 

In the last few years, two features of the . 

mechanical behavior of FeAl have become well 
established, viz., the environmental effect and 
that vacancies control the strength. 
Understanding these phenomena has enabled a 
greater understanding of the fracture behavior of 
FeAl and allowed such features as the yield 
strength anomaly to be observed. 
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