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Abstract 
The mechanical properties of ex-situ and in-situ metallic glass matrix composites 

(MGMCs) have proven to be both scientifically unique and of potentially important for 

practical applications. However, the underlying deformation mechanisms remain to be 

studied. In this article, we review the development, fabrication, microstructures, and 

properties of MGMCs, including the room-temperature, cryogenic-temperature, and 

high-temperature mechanical properties upon quasi-static and dynamic loadings. In 

parallel, the deformation mechanisms are experimentally and theoretically explored. 

Moreover, the fatigue, corrosion, and wear behaviors of MGMCs are discussed. 

Finally, the potential applications and important unresolved issues are identified and 

discussed. 
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1. Introduction 

1.1 Development of bulk metallic glasses 

Before 1960, highly-disordered arrangements of atoms, similar to that of a 

liquid state, have never been found in solid metals and alloys. In 1960, the first reported 

metallic glass, scientifically obtained, was the alloy, Au75Si25 (It is noted that all of the 

compositions in the text are in atomic percent, at. %) produced at the California 

Institute of Technology (Caltech) of USA by Klement, Willens, and Duwez [1]. The 

so-called metallic glass is the one that retains the disordered atomic structure of 

high-temperature melts. Figure 1(a) shows the amorphous structure of the equimolar 

CuZr alloys with 200 atoms by computer simulations. It is impossible to locate the 

atoms by translation and rotation operations in the disordered structure. In contrast, 

atoms in the equimolar cubic crystalline CuZr phase have a regular arrangement, as 

shown in Figure 1(b). The early glass-forming alloys had to be cooled extremely 

rapidly to avoid crystallization. Usually, the metallic glasses could only be produced 

into ribbons, films, or wires, since heat could be extracted quickly enough to achieve 

the critical cooling rate of 105 – 106 K/s. In the early 1970s, low-dimensional metallic 

glasses, such as amorphous ribbons and wires, mainly included magnetic Fe- and 

Co-based ribbons, which were focused on their excellent softer magnetic properties [2]. 

Meanwhile, based on Turnbull’s criterion: a liquid with Tg / Tm = 2/3 (Tg and Tm 

denoting the glass-transition and melting temperatures, respectively) becomes very 

sluggish in crystallization, and a glass alloy is easily to be obtained, researchers were 
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trying their best to find “bulk” metallic glasses. One arbitrarily defines the millimeter 

scale as ‘‘bulk’’. 

In 1974, Chen firstly found bulk metallic glasses (BMGs) in the ternary 

Pd–Cu–Si alloy, which yielded a cylindrical sample, l - 3 mm, in diameter and several 

cm in length with a critical cooling rate to be less than l03 K/s [3]. In 1982, a bulk glassy 

ingot could be produced with a composition of Pd40Ni40P20, and it was slowly cooled 

(1.4 K/s) on a fused silica surface [4]. In 1980s, more and more BMGs were developed 

in various alloy systems, and there were considerable efforts on the fundamental 

understanding of structural, atomic, and electronic transport properties and 

low-temperature behavior as well as further exploration of mechanical, magnetic, and 

chemical properties [5]. 

During the late 1980s, Inoue’s group at Tohoku University of Japan 

succeeded in developing many multicomponent BMG systems, consisting mainly of 

common metallic elements with lower critical cooling rates. For example, they found 

the exceptional glass-forming ability in La–Al–Ni and La–Al–Cu alloys [6]. 

Cylindrical samples with diameters of up to 5 mm or sheets with similar thicknesses 

were made fully glassy by casting La55Al25Ni20. By high-pressure die casting, the 

Mg80Cu10Y10 BMGs with a maximum thickness of about 10 mm in cylindrical and 

sheet shapes could be produced [7]. Moreover, in the early 1990s, the 

Zr65Al7.5Ni10Cu17.5 BMGs were fabricated by water quenching with a diameter up to 16 

mm [8], and the Zr55Al10Ni5Cu30 BMGs were produced by suction-casting the molten 

alloys into a copper mold with a diameter of 16 mm [9]. In 1997, the Pd–Cu–Ni–P 
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family with the super high glass-forming ability (GFA) and with a critical casting 

diameter of 72 mm was discovered in Inoue’s group [10]. It is one of the significant 

breakthroughs during the development of BMGs. Another significant breakthrough is 

the development of a Zr41.2Ti13.8Cu12.5Ni10Be22.5 BMG, commonly referred to as 

Vitreloy 1 (Vit1), with a critical cooling rate less than 10 K/s in Johnson’s group from 

Caltech [11]. Up to now, the world’s largest glassy alloy ever made is 

Pd42.5Cu30Ni7.5P20, which can be cast into amorphous rods in a 80-mm diameter by 

copper-mould casting in 2012 [12]. Table 1 exhibits some of BMGs with the critical 

diameters larger than 10 mm by various methods [8, 10-34]. Figure 2 shows some 

maximum diameters of the BMG systems with their discovered years. 

With the coming of the 21 century, the widespread enthusiasm for research 

on BMGs is driven by both a fundamental interest in the structures and properties of 

disordered materials and their unique promise for structural and functional 

applications. Specially, BMGs are considered as potential candidates in the structural 

engineering field, since the most enduring attractions of BMGs are their impressive 

suite of mechanical properties [35]. It is well known that BMGs exhibit high strengths 

(even an ultrahigh strength of over 5 GPa [35]), high hardness, high specific strengths 

(strength / density), superior elastic limits (2 %), high scratch and wear resistances, etc. 

However, the lack of the macroscopic plasticity or ductility severely limits their 

structural applications at room temperature. In the late 1990s, some research shifted 

towards toughening strategies for BMGs by developing in-situ and ex-situ metallic 

glass matrix composites (MGMCs), which possess high toughness and inhibit the rapid 



Page 5 of 298

 

5 
 

propagation of shear bands. As a result, combining the high strength and toughness 

makes MGMCs promising as structural engineering applications. 

In this article, we review recent advances in in-situ and ex-situ MGMCs, with 

particular emphases on the deformation and fracture mechanisms. Atomistic as well as 

continuum modeling and experimental work on deformation behavior under various 

loadings are discussed, and theoretical developments are described. 

1.2 Ex-situ bulk MGMCs 

In searching for bulk shapes of amorphous alloys, i.e., BMGs, Inoue’s group 

from Tohoku University contributed substantially to the progress, as discussed above. 

In parallel, in designing toughening BMGs for mechanical applications, Johnson’s 

group from Caltech made very great contributions, and a series of in-situ and ex-situ 

MGMCs have been successfully found (discussed below).  

Monolithic BMGs usually fail with the localized deformation at room 

temperature, caused by the prompt propagation of single initiated shear bands [35]. The 

so-called shear bands in BMGs are the deformation bands with a thickness of only 10 

nm [36], distributed on the lateral surface of deformed samples, much less than the 

thickness of deformation bands in conventional crystalline alloys with a typical value 

of several microns. Plastic deformation of metallic glasses is entirely localized into thin 

shear bands. In order to avoid the early failure of monolithic BMGs upon loading, the 

simplest method that could be easily considered is to add secondary phases, which can 

directly arrest the evolution of shear bands into macro-cracks and encourage the 

formation of multiple shear bands. This kind of dual-phase composites is ex-situ 
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MGMCs. The category of such ex-situ composites includes the particle-reinforced and 

fiber-reinforced MGMCs, according to the continuity of secondary phases, i.e., by 

reinforcing alloys with particles, long or short fibers. 

1.2.1 Particle-reinforced MGMCs 

The first ex-situ MGMCs (particle reinforced) were synthesized by Choi-Yim 

and Johnson in 1997 [37]. The nominal compositions of the three alloys: 

Cu47Ti34Zr11Ni8, Zr52.5Ti5Al10Cu17.9Ni14.6 (V105), and Zr57Nb5Al10Cu15.4Ni12.6 (V106) 

were selected as the glass matrices. Ceramics, such as SiC, WC, or TiC, and the metals, 

W or Ta, were used as secondary phases. The volume fractions (vol. %) of particles 

ranged from 5 % – 30 %, and the sizes of the particles varied between 20 and 80 μm. 

Short [aspect ratio (length / diameter) = 3] tungsten wires with a diameter of 100 μm 

were also used with a volume fraction of 10 %. A mixture of the pre-alloyed metallic 

glass-forming elements and second phases were combined by induction melting. The 

composite ingots were, then, remelted at temperatures ranging from 850 to 1,373 K 

under vacuum in a quartz tube using an induction-heating coil and, then, injected 

through a nozzle into a copper mold using the high-purity argon under a 1-atm pressure. 

Figure 3(a) shows an optical micrograph of the uniformly-distributed WC 

particles in the V106 matrix, which is the first report on the synthesis of ex-situ 

MGMCs [37]. The size of particles is about 50 μm, and the vol. % of WC is 10 % [37] 

. Figure 3(b) presents the X-ray diffraction patterns of the V106 matrix, the alloy 

reinforced with 10 vol. % WC, and pure WC particle [38]. The X-ray results of the 

composite present diffraction peaks from WC particles superimposed on the broad 
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diffuse scattering maxima from the metallic glass matrix, and no other crystalline 

phases can be detected. The optical micrograph together with the X-ray diffraction 

indicates the successful fabrication of particle-reinforced MGMCs with uniform 

dispersions.  

Figure 3(c) shows the quasi-static compression stress-strain curves of V106 

composites reinforced with Ta, W, and WC particles [39]. The unreinforced V106 had 

only the plastic deformation of ~ 0.5 % in compression [39]. The plastic strain of the 

tungsten-reinforced samples was ~ 7 %, whereas the samples reinforced with Ta and 

WC showed a less plastic strain (~ 3 – 5 %) from Figure 3(c). The compression samples 

made from SiC particles and 3-μm W particles had no plasticity [39].  

Up to now, there exist many different particle-reinforced ex-situ MGMCs, such 

as WCp / Zr-based [37-39], WCp / Cu-based [37], SiCp / Zr-based [37-39], SiCp / 

Cu-based [37, 38], Tap / Zr-based [37-40], TiB2p / Mg-based [41], ZrCp / Zr-based [42], 

porous W / Zr-based [43, 44], porous Mo / Mg-based [45, 46], porous Ti / Mg-based 

[47], Tip /Mg-based [48], porous SiC / Zr-based [49], Cup / Cu-based [50], TiNbp 

/Zr-based [51], Tip / La-based [52], and Cp / Zr-based bulk MGMCs (the subscript, p, 

denoting particles) [53]. All these ex-situ dual-phase composites exhibit toughness at 

room temperature. Figure 4 presents the scanning-electron-microscopy (SEM) image 

of the transverse cross section of the Mg65Cu25Gd10 MGMC with 40 vol. % Ti powders 

[48]. It is found that the Ti powders maintain its original size and shape with a diameter 

less than about 150 μm, and disperse very homogeneously in the glassy matrix. This 

trend indicates that Ti powders did not dissolve into the Mg-based glassy matrix, 
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demonstrating that the Mg-based molten alloys have good castability and high fluidity 

as well as good wetability with Ti powders. Conventional Mg alloys with the high 

specific strength are widely used in structural applications. Here, current 40 vol. % Tip / 

Mg-based MGMCs have a higher specific strength of about 3.3 × 105 Nm / kg with the 

remarkable plastic deformation of 40 % [48].  

By adding the ductile metals, such as Ti particles, or brittle intermetallics, 

such as ZrC particles, into the glass matrix, the intrinsic brittleness of monolithic BMGs 

is greatly improved. Meanwhile, the other mechanical properties, such as hardness, are 

enhanced. For instance, due to the increase of ZrC in the Zr55Al10Ni5Cu30 glass matrix, 

the hardness of the composites is obviously increased, as shown in Figure 5(a) [42], and 

the yielding strength and elastic modulus exhibit a close-to-linear increase with the 

increase in the ZrC content, ranging from 0 to 20 vol. %, as exhibited in Figure 5(b) 

[42]. A similar phenomenon has been found in TiB2p / Mg-based MGMCs with the 

highest specific strength of 3.5 × 105 Nm / kg among all the existing alloys, including 

all commercial light-weight alloys based on Mg, Al, and Ti, as well as high-strength 

steels, and Zr-based BMGs [41].  

It should be noted that some MGMCs include a very high volume fraction of 

secondary phases, and someone argues that whether such kinds of dual-phase 

composites should have a metallic glass matrix or crystalline matrix. Here, we simply 

define the continuous phase as the matrix. Although the crystalline phase has a very 

high volume fraction, the continuous metallic glass is definitely considered to be the 
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matrix. This character distinguishes other common composites with amorphous phases 

as the reinforcements [54, 55].  

1.2.2 Fiber-reinforced MGMCs 

In 1998, with the tungsten and carbon-steel continuous wire reinforcement, the 

Zr41.2Ti13.8Cu12.5Ni10.0Be22.5 matrix was quenched to a glass after infiltrating the 

reinforcement, and long-fiber reinforced MGMCs were firstly synthesized by 

Dandliker et al. [56, 57]. The SEM micrographs of an 80 vol. % tungsten-wire 

reinforced composite are shown in Figure 6 [56]. The presence of continuous long 

fibers in the glass matrix can effectively retard the prompt development of shear bands 

upon loading, analogous to the case in particle-reinforced MGMCs. Note that the 

unreinforced metallic glass is elastic up to 1,900 MPa, and shows no significant plastic 

deformation. In contrast, the composite reinforced with steel wires has a plastic strain 

of over 2 % and slightly improved ultimate strength, and the composite sample 

reinforced with tungsten wires also has an increased ultimate strength, in addition to a 

plastic strain of nearly 16 % before failure [56]. 

Fiber-reinforced metallic matrix composites are widely found in Al, Mg, Cu, 

and Ti alloys, which can increase their strengths. Here, for MGMCs with fibers as 

reinforcements, ductilization instead of strength enhancement is paid more attention. 

Up to now, there are Wf / Zr-based [56-62], Wf / Cu-based [63], Cuf / Zr-based [64], Taf 

/ Zr-based [65], stainless-steel fiber / Zr-based MGMCs (the subscript, f, denoting 

fibers) [66]. For this kind of composites, the modulus of the composites is usually 

calculated, using the Rule of Mixture (RoM):  
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                       (1 )c f mE fE f E= + −                          (1) 

where Ec, Ef, and Em are the moduli for the composite, the fiber, and glass matrix, 

respectively, and f is the volume fraction of fibers. According to Eq. (1), Ec is easily 

calculated, which is highly consistent with the experimental results [57]. Besides, some 

functional applications of continuous fiber-reinforced MGMCs may be achieved. For 

example, it has been demonstrated that copper-fiber-reinforced MGMCs are promising 

candidates for the applications where a direction-dependent conductivity is required to 

enhance the efficiency in the heat flow [64]. Wang et al. have found that the short 

irregular brass fibers can dramatically reduce the resistivity of the Ni-based BMG, 

leading to an improved material with both the high strength and good conductivity for 

functional applications [67]. 

Regardless of particle- or fiber-reinforced MGMCs, the wetting behavior has 

an important effect on the bonding at the interface [68]. The fiber-reinforced MGMC is 

taken as an example. The infiltration pressure, the volume fraction of fibers, and the 

filtration length together determine the reactive wetting. For a system in which the melt 

partly wets the fibers, the extra pressure, P, is needed to put the metallic melt to 

infiltrate into fibers. For the ideal unidirectional infiltration, the analytical solution of 

the filtration velocity, v, can be derived as [68]: 

          
2

lg
0

2 cos
[ ( ) ]

8 f
Rv P g H hV

h R
σ θ

ρ
η

= + + +                    (2) 

where h is the length of fibers, H0 the height of the melt, R the radius of the fiber, g the 

gravitational acceleration, η  the viscosity of the melt, ρ the density of the melt, θ the 
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contact angle, and lgσ  the surface tension of the melt. Based on Eq. (2), the determined 

infiltration-dynamics investigation is believed to provide the valid foundation for 

controlling preparation conditions of fiber-reinforced MGMCs. 

1.3  In-situ MGMCs 

The nature of plasticity improvement by introducing secondary phases in the 

metallic glass matrix is that the secondary phases can impede the rapid propagation of 

shear bands initiated in the matrix, and promote the formation of multiple shear bands. 

Furthermore, the localized shear bands can accommodate the plasticity. Except for the 

effective addition of ex-situ phases, in-situ crystalline phases during the solidification 

of melts may be another good selection, which could not only afford the plastic 

deformation within them, but also retard shear banding [69]. Usually, the in-situ 

crystalline phases mainly comprise nanocrystallites, dendrites, and crystalline phases, 

which undergo the martensitic transformation during plastic deformation. Besides, only 

a few special brittle intermetallic phases [70, 71] or in-situ two amorphous phases 

through the phase separation [72, 73] can toughen the BMGs. The gain of plasticity is 

attributed to the unique glassy structure correlated with the chemical inhomogeneity on 

the micron scale, the hard phases surrounded by the soft phases, leading extensive 

shear-band formation, interactions, and multiplication [72]. 

1.3.1 Nanocrystalline ductilization 

Fan et al. found that the Zr53Ti5Ni10Cu20Al12 and Zr60Cu20Pd10Al10 

as-quenched BMGs exhibited significant plastic strains [74, 75]. High-resolution 

electron microscopy showed that nanocrystals with an average grain size of about 2 nm 
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were embedded in the amorphous matrix of the two BMGs. The increased ductility was 

explained by the multiplication of shear bands due to the stress concentration in the 

vicinity of the nanocrystals [74, 75]. Xing et al. found that Zr62-xTixCu20Ni8Al10 (3 < x < 

5) amorphous alloys crystallized via the precipitation of icosahedral quasicrystals in the 

primary crystallization step, leading to nano-sized quasicrystals embedded in an 

amorphous matrix [76]. Kim et al. found that Ti40Zr29Cu8Ni7Be16 BMGs crystallized by 

forming a few 3–5-nm-sized quasicrystals with the volume fraction of about 7 % in the 

amorphous matrix, enabling the fabrication of quasicrystal-reinforced MGMCs. The 

stable low-energy interface between the glass matrix and quasicrystals may act as a 

source for the multiple-shear-band formation, corresponding to plastic strains larger 

than 6 % at room temperature [77]. Surprisingly, Inoue et al. found that the as-cast 

Cu50Zr50 BMG can sustain a compressive plastic strain of more than 50 % at room 

temperature, an exceptional value, which is explicable by the compensation of any 

shear softening through nanocrystalline coalescence and pinning of shear bands [78].  

In a word, the improved plasticity is obtained for nanocrystallite-reinforced 

MGMCs. Experimentally, it is proposed the ductilization effect of nanocrystals in the 

MGMCs is from a strong interaction between nanocrystals and local shear bands during 

deformation [79]. Nanocrystals can grow in shear bands, delocalize the shear, and 

deviate and blunt cracks by the aid of in-situ deformation in the TEM analysis [80]. By 

simulations [81], features of the deformation morphologies of the composites are 

similar to those observed in experiments, including (1) the deformation initiated at the 

interfaces; (2) the bending of shear bands around crystallites, resulting in the 
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propagation in an orientation away from the maximum shear direction; and (3) 

blockage of shear bands by crystallites. Several factors affect the overall mechanical 

behavior. The dominant effect is the presence of weak interfaces, which play a dual role 

in that they weaken the entire specimen and also provide multiple locations for 

shear-band initiation. A second factor is the resistance to the plastic deformation of the 

nanocrystallite, when a shear band tries to propagate through it. The third factor is the 

shear-induced nanocrystal growth. The newly-formed crystalline phase is much less 

likely to participate in further deformation, thus impinging on shear-band activities. 

Such participation is neither the result of heating due to mechanical work nor due to the 

presence of compressive strains. 

In fact, not only the nanocrystallite can act as obstacles to impede the fast 

propagation of shear bands [74-82], but also the nanoscale heterogeneity in amorphous 

alloys could act as precursors for the formation of multiple shear bands [83-85]. Thus, 

shear banding is preferentially initiated at the interfaces or soft regions, and these shear 

bands can distribute the applied strain more homogeneously, resulting in the enhanced 

plasticity. 

1.3.2 Dendrite or Ta solid-solution ductilization 

In 2000, the first in-situ ductile-metal (dendrite)-reinforced MGMC based on 

glass-forming compositions in the Zr-Ti-Cu-Ni-Be system had been successfully 

developed by Hays et al. [86]. Primary dendrite growth and solute partitioning in the 

molten state yielded a microstructure consisting of a ductile crystalline Ti-Zr-Nb β 

phase, with a body-centered cubic (bcc) structure, in a Zr-Ti-Nb-Cu-Ni-Be bulk 
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metallic glass matrix, which resulted in a dramatic increase in the plastic strain to 

failure, impact resistance, and toughness of the metallic glass. This finding opens the 

possibility of producing an entirely-new class of high strength, tough, impact, and 

fatigue-resistant metallic materials, which combine the high strength of the metallic 

glass matrix with the ability to experience plastic deformation under unconfined or 

otherwise unstable loading conditions. 

Figure 7 shows a dual-phase microstructure containing β-phase dendrites in 

a glass matrix, and an estimated fraction is about 25 vol. % of β phases [86]. The inset 

of the XRD-identified peaks [labeled with (hkl) values] are due to the bcc phase. Upon 

cooling from the high-temperature melt, the alloy undergoes the partial crystallization 

by the nucleation and subsequent dendritic growth of the β phase in the remaining 

liquid. In order to provide a deep understanding of the formation of such kinds of 

dual-phase composites, a pseudo-binary phase diagram for the in-situ 

β-phase-reinforced composites had been constructed by Lee et al. [87]. Figure 8 

exhibits the processing map for the in-situ β-phase composites during a cooling 

experiment [87]. The Vit 1 alloy, (Zr75Ti25)55[Be50(Cu55Ni45)50]45, and monolithic 

crystalline phase, Zr75Ti25, are selected as binary axes, and the in-situ composite, 

(Zr75Ti15Nb10)75 [Be50(Cu55Ni45)50]25, is marked by an arrow at x = 0.424, according to 

the lever rule from each solubility limit, based on the fact that the amorphous matrix 

occupies 60 vol. %, and the β phase takes up the remaining 40 vol. %. The actual 

amorphous and crystalline phase compositions turn out to be M 

(Zr42.2Ti9.4Nb3.2Cu13.7Ni10.7Be20.8) and B (Zr71.1Ti13.1Nb13.4Cu1.6Ni0.8), determined by 
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the electron-microprobe analysis. M sits on x = 0.076 based on a Be content of 20.8 at. 

% as the amorphous matrix of the composite, compared with 22. 5% Be in Vit 1. The 

phase (B) occupies x = 0.947 from [(97.6 − 55.0) / (100 − 55) = 0.947], according to the 

Zr75(TiyNb1−y)25 overall content of 97.6 %. Note that Vit 1, 

(Zr75Ti25)55[Be50(Cu55Ni45)50]45, has 55 % of Zr75(TiyNb1−y)25, while the monolithic 

phase has 100 % Zr75(TiyNb1−y)25. Figure 9 shows the SEM results, and the estimated 

volume fractions from the phase diagram are in good agreement with the measured 

volume fractions of the phase [87], as exhibited in Table 2 [87], and all show very good 

agreement between the phase diagram predictions and experimental values. 

In addition, recently, a series of plastic Zr-based MGMCs have been 

designed, based on a pseudo ternary phase diagram with apexes of zirconium, 

(titanium + niobium), and X, where X represents the moiety of Cu5Ni4Be9 [86, 88], as 

displayed in Figure 10. Four compositions are on a line in the phase diagram, which 

can be written as (Zr75Ti25-xNbx)100-yXy. The Zr41.2Ti13.8Cu12.5Ni10Be22.5 BMG (Vit 1), 

with the best glass-forming ability known so far in the Nb-free Zr-Ti-Cu-Ni-Be 

system, lies on the same line with x = 0 and y = 45. Here, we fixes the value of x (x = 

6.66), and varies the value of y (y = 20, 22, 25, and 28). Copper-mould suction 

casting, a cost-effective in-situ processing method, is employed to synthesize 

composites (3 mm in diameter), and the mechanical properties of these composites are 

studied. 

Figure 11 shows the X-ray diffraction patterns of four composites with 

different compositions, labeled as Zr54, Zr56, Zr58, and Zr60, respectively, in Figure 
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10) [88]. The detailed compositions of Zr54, Zr56, Zr58, and Zr60 are listed in Table 

3. It is identified that the β-Zr phase with a bcc structure is detected, and its 

diffraction peaks are superimposed on the broad diffuse scattering maxima from the 

glass matrix. The crystal-plane indices of the β-Zr phase corresponding to diffraction 

peaks are marked in Figure 11. The intensity of the first peaks around 36 degree with 

the crystal-plane index of (110) is remarkably increasing from Zr54, Zr56, and Zr58, 

to Zr60, which indirectly demonstrates that the volume fraction of the β-Zr solid 

solution is increased. The differential scanning calorimeter (DSC) traces exhibit the 

endothermic characteristics of a glass transition, followed by multiple exothermic 

crystallization reactions at higher temperatures (not shown), further suggesting the 

glass nature of the matrix. 

Figure 12 presents the SEM images of the cross sections of the developed 

composites [88]. For the Zr54 alloy, very few dendrites are distributed in the glass 

matrix, as shown in Figure 12(a), which is consistent with a low intensity of the β-Zr 

phase peaks detected in the XRD pattern of Figure 11. For the Zr56 alloy, the 

dendrites with a very fine microstructure possess a volume fraction of about 50 %, as 

displayed in Figure 12(b). Figure 12(c) exhibits a well-developed flowery dendritic 

morphology for the Zr58 alloy, and the characteristic spanning length of an individual 

dendrite is about 20 μm. The flowery dendrites, with a volume fraction of about 55 % 

for the Zr58 alloy, are homogeneously distributed in the glass matrix. A typical 

dendritic morphology develops in the glass matrix in the Zr60 alloy, as illustrated in 

Figure 12(d), in which the volume fraction of the dendrites is about 60 %, and the 
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primary dendritic arm has a diameter of 1 - 2 μm. As designed above, the slight tuning 

of atomic ratios dramatically changes the microstructure, which gives a reminder that 

we should strictly control the chemical compositions of glass-forming alloys to avoid 

the full crystallization of glass matrices. 

The compressive engineering stress-strain curves of designed alloys at room 

temperature are displayed in Figure 13(a) [88]. The yielding strength (σy), the yielding 

strain (εy), the ultimate strength (σmax), and the fracture strain (εf) of these composites 

together with mechanical properties of Vit 1 are summarized in Table 3 [88, 89]. 

Compared with the fracture strain of Vit 1, all the four composites are markedly 

improved, due to the transfer of the local stress concentration to the surrounding glass, 

when the soft β-Zr phase yields upon loading [86], especially for the Zr60 alloy with a 

fracture strain of 17.0 %. All these composites exhibit the work-hardening behavior 

during plastic flows. The tensile engineering stress-strain curve of the Zr60 composite 

is shown in Figure 13(b) [90]. The ultimate tensile strength is about 1,480 MPa, and 

the tensile fracture strain attains 2.9 %. Generally, BMGs and MGMCs exhibit 

softening under tensile loading at room temperature, even though they display a large 

compressive fracture strain [86-90]. During the past 15 years, there are many such 

dendrite / MGMCs successfully designed, which exhibit the macroscopic ductility and 

high strength at room temperature, together with the high thermal stability of the glass 

matrix [91], which include the dendrite / Zr-based [86-90, 92-97], dendrite / Ti-based 

[98-105], dendrite / Co-based [106], dendrite (flake) / Mg-based [107], dendrite / 
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La-based [108, 109], dendrite / LaCe-based [110], and dendrite / Fe-based MGMCs 

[111, 112].  

In in-situ ductile crystalline-reinforced composites, the characteristic 

morphology of crystalline phases is mainly dendritic, and the bcc dendritic β-Zr and 

β-Ti solid solutions are most popular in Zr- and Ti-based MGMCs. Moreover, in-situ 

Ta particle-reinforced MGMCs are widely recognized. The Ta particles are more 

ductile than the glass matrix. As early as in 2002, Fan et al. had discovered 

precipitated micron-scale Ta-rich solid-solution particles distributed in a metallic 

glass matrix during melting of the master alloy of the glass-forming 

(Zr70Ni10Cu20)82Ta8Al10 BMG [113]. The microstructure of the as-cast composite 

samples is shown in Figure 14 [113]. Particles of the Ta-rich solid solution, with an 

average size of 10 – 30 μm and volume fraction of about 4 %, are dispersed 

throughout the glass matrix. The particles are oblong in shape and do not appear to 

possess a dendritic morphology and an average chemical composition of the 

crystalline particles is Ta93.2Zr5.4(Cu+Ni+Al)1.4 .  

For this kind of composites, in contrast to dendrite composites, the 

differences between them are manifested by not only the morphology, but also the 

chemical constitute. In the developed dendrite composites mainly, including Zr- and 

Ti-based BMG matrix, the β solid solutions are composed of Zr, Ti, and Nb for the 

Zr-based matrix, Ti, Zr, and V for the Ti-based matrix, and Zr and / or Ti occupy the 

most atomic percents. During solidification, Nb and / or V are partitioned into both 

matrices and β solid solutions, and they are as a stabilizer, favoring the formation of 
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bcc solutions [100, 114]. Analogous formation has been widely known in crystalline 

Zr and Ti alloys [115, 116]. However, in in-situ Ta-reinforced composites, only a few 

elements can dissolve into bcc Ta particles [113, 117, 118]. Ta has a melting 

temperature near 3,000 degrees, and tends to precipitate prior to other elements with 

lower melting temperatures upon cooling. With the dramatical decrease of the 

processing temperature, it is difficult to diffuse along the interface between the melts 

and Ta particles for other glass-forming elements, and Ta-rich particles form. 

Similarities between the elementary Ta and W have been found in the design of 

in-situ Wp / MGMCs [119]. Although the differences between dendrites and Ta 

particles obviously exist, the function of these two reinforcements during plastic 

deformation is the same. These Ta-rich particles serve more than as traditional force 

carriers in the composites but as the main obstructions for the shear-band propagation 

[113, 117, 118, 120, 121]. Finite-element analysis (FEA) demonstrates that 

homogeneously-dispersed Ta-rich particles form a network in the matrix to effectively 

localize shear banding and, thus, avoid catastrophic failures [121]. The deformation 

behavior of the dendrite or Ta particle / MGMCs would be investigated in detail in 

Section 3. 

1.3.3 Transformation-mediated ductilization 

It has been demonstrated that a diffusionless phase transformation during 

plastic deformation can significantly enhance the ductility / toughness of different 

crystalline materials [122], known as the transformation-induced plasticity (TRIP) 

effects. As the tensile strength increases, conventional steels show a decrease in 
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elongation to failure, which is a measure of formability; that is, the higher its strength, 

the less formable the steel is. Dual-phase (DP) and TRIP steels deviate from this 

general rule by combining the high strength with the significantly-higher elongation 

values than those of conventional steels of the same strength level. Specially in TRIP 

steels, a certain amount of metastable-retained austenites can transform into 

martensites upon mechanical loading. During plastic flows, the improved toughness 

can be achieved, accompanied by the obvious work hardening. If this concept can be 

applied to the fabrication of in-situ BMG composites, a new kind of MGMCs could 

be obtained, which combine the high strength with the macroscopic ductility via the 

phase transformation upon mechanical loading.  

Recently, this kind of composites has been successfully synthesized by 

different research groups, and the distinguished work hardening was achieved 

regardless of tensile or compressive loadings [123-133]. The parent phase has a size 

of about several microns, similar to that of dendrites or Ta-particles and larger than 

that of nanoprecipitates within the amorphous matrix [74-78, 134]. Up to now, the 

discovered parent phase in the metallic glass matrix is the equiatomic CuZr 

intermetallic compound [123-133], which exhibits the same shape-memory effect as 

Ni-Ti and Cu-Zn-Al alloys [135]. The equiatomic CuZr phase has different metastable 

structures, i.e., the high-temperature B2 CuZr phase with a cubic primitive structure 

(Pm-3m), and monoclinic martensites (P21/m and Cm), as schematically shown in 

Figure 15 [136, 137]. Meanwhile, the lattice parameters of the basic structure and of 

the superstructures of the martensites are a = 0.3278 nm, b = 0.4161 nm, c = 0.5245 
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nm, and β = 103.88°, and a = 0.6316 nm, b = 0.8562 nm, c = 0.5331 nm, and β = 

105.27°, respectively [136]. 

During plastic deformation or cooling, the B2 CuZr phase transforms into 

martensites, and is not stable at room temperature for most of CuZr-based alloys. For 

example, the B2 CuZr phase can exist in equilibrium above 988 K [137], and below it, 

the B2 CuZr phase decomposes into the low-temperature equilibrium phases 

(LT-EPs), such as Cu10Zr7 and CuZr2. However, undergoing rapid quenching, this 

eutectoid decomposition may be avoided, and, thus, the B2 CuZr phase may be 

reserved to room temperature [137]. Figure 16 shows a schematic of the continuous 

cooling transformation (CCT) diagram for the Cu50Zr50 alloy [137]. It can be seen that 

two important factors have to be considered for the formation of the CuZr-based 

MGMCs, i.e., the formation of the amorphous phase and the B2 CuZr phase. On one 

hand, the formation of the amorphous phase is usually determined by the stability of 

the liquid phase and its resistance to crystallization [138]. On the other hand, during 

quenching, the supercooled liquid competes with the B2 CuZr phase and the 

low-temperature equilibrium phases (LT-EPs). When the cooling rate is higher than 

the critical cooling rate for the full glass formation (Rc), only the amorphous phase is 

observed. In contrast, the LT-EPs are obtained under much lower cooling rates. In 

such a case, an appropriate cooling rate is required in order to obtain the B2 CuZr 

phase and the amorphous phase simultaneously. Therefore, the competition among the 

metastable B2 phase, the amorphous phase, and the LT-EPs during quenching is the 

dominant factor for the formation of CuZr-based MGMCs, as shown in Figure 16. 
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The formation of the CuZr-based MGMCs is highly dependent on the location and the 

shape of the “nose” of the competing phases in the CCT diagram. This trend means 

that the processing cooling rate must fall between the critical cooling rate for the full 

glass formation, Rc, and the critical cooling rate for the B2 phase formation, Rb2, in 

order to obtain both the B2 CuZr phase and the amorphous phase.  

After the formation mechanisms are well understood, the mechanical 

properties could be controllably tailored by tuning the microstructure. Figure 17 

presents the variation of the tensile ductility, eT, as a function of the crystalline 

fraction, Vc, in the Cu47.5Zr47.5Al5 MGMCs [132]. More than the tensile ductility of 10 

% can be reached by tailoring the microstructure. It turns out that eT exhibits a 

unimodal hump-shaped relation with Vc. It achieves its maximum value in the 

crystallinity range of about 40 % – 70 % and decreases steeply on both sides of the 

plateau. Recent studies have indicated that there exists a topological transition in a 

statistically-critical microstructural condition for this kind of MGMCs, where the 

microstructure is the most effective in hindering the propagation of shear bands [95, 

102, 108]. This transition can be termed as the percolation and the transition point as 

the percolation threshold. The relationship between eT and Vc can be modeled 

quantitatively according to the percolation theory [139]: 

                   ( )p
T c ce V V β−∝ −                                (3) 

where p
cV is the percolation threshold or the critical crystalline volume fraction to 

generate the microstructural percolation, and β is a power exponent [139]. The 

calculation is well consistent with the experimental result, when the parameters, p
cV  
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and β, are quantified as 55 % and 2, respectively. The percolation threshold has been 

successfully achieved in the transformation-mediated MGMCs. 

       In addition, the mechanical properties can be tailored by varying the 

microstructure via adding minor elements. Song [137] has systematically investigated 

eleven CuZr-based alloy systems, altogether 36 different compositions. Even if the 

addition of minor elements is operated, the microstructure and mechanical properties 

are greatly affected. Wu et al. found that the twinning property of the reinforcing 

crystals could be dramatically improved by reducing the stacking fault energy through 

microalloying, effectively altering the electron-charge density redistribution on the 

slipping plane [130]. Notably, the Co substitution of Cu in the B2 CuZr structure 

drastically reduces the electron-charge-density redistribution. Consequently, a minor 

addition of Co can remarkably improve the tensile ductility with a value of about 7 % 

and work-hardening capability of MGMCs. The implications of the 

transformation-mediated ductilization are important for developing high-performance 

MGMCs. 

1.4 Fabrication of bulk metallic glasses and composites 

1.4.1 Fabrication of monolithic BMGs 

As early as in 1960, Au-Si binary amorphous alloys have been successfully 

quenched via high cooling rates [1]. Later, amorphous alloys with ribbon or strip 

types were mainly developed by melt spinning [5]. Until later in 1970s, some BMGs 

with low critical cooling rates have appeared. For example, Drehman et al. 

synthesized Pd40Ni40P20 BMGs with a slow cooling rate of 1.4 K / s on a fused silica 
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surface under 10-6 Torr vacuum [4]. Coming into 1990s, in Inoue’s group, in order to 

produce BMGs with a thickness above 10 mm, copper-mold suction casting [9], water 

quenching of a melt in a quartz tube [8], and unidirectional zone melting by the usage 

of arc melting as a heat source [140] were widely employed. Up to now, copper-mold 

suction casting is the most common technique to fabricate BMGs, and the most 

developed BMGs are based on this method all over the world.  

Figure 18 exhibits a typical schematic illustration of copper-mold suction 

casting. The suction-casting system consists of two chambers: an upper chamber, in 

which the alloy ingot is remelted, and a lower chamber, which holds a copper mold. 

The mold and the arc-melting hearth are connected by a round orifice, which has a 

diameter of about 1 mm. The lower chamber is connected to a vacuum reservoir 

through a pneumatically-actuated valve. To cast a sample, an ingot of the desired 

composition is melted under an Ar. While the ingot is molten, the valve is opened, 

creating a vacuum in the mold chamber and sucking the molten alloy into the mold. 

As a result, the rod and plate samples or samples with even more complex shapes can 

be fabricated by designing the inner shape of the mold. Other types of 

copper-mold-suction-casting systems are the same in essentials, while different in 

minor points. For instance, from the arc melter in Liaw’s group from The University 

of Tennessee, as shown in the inset in Figure 18 [141], it can be seen that the 

four-piece suction-casting die is sized to seat in the hearth leaving a 0.15-mm gap 

�between the upper (crucible) and lower�(mold) portions. Moreover, the die was 

split into upper and lower portions in order to minimize the heat flow into the casting 
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mold. With the development of the large-sized monolithic BMGs, all kinds of new 

methods come into play, including the spark-plasma sintering [142], 

electromagnetic-vibration process [143], pulsed-laser forming [144], low-pressure 

die-casting [145], melt atomization and spray deposition [146], continuous casting 

[147], etc. Any routes, which as long as could “beat” the crystallization in melts by 

processing, would be popular in both the scientific research and technology fields. 

People have been always searching for strategies to optimize the GFA by 

computer simulations [148-150] and / or employing advanced ways to pinpoint GFA 

[151, 152]. Very recently, Ding et al. [152] proposed a high-throughput strategy. 

Using this approach, the composition with the highest thermoplastic formability in the 

glass-forming system of Mg-Cu-Y is quickly identified. The method provides a 

versatile toolbox for unveiling complex correlations of material properties and glass 

formation, and should facilitate a drastic increase in the discovery rate of metallic 

glasses. Despite an increasing theoretical understanding of glass formation, BMGs are 

predominantly developed through a sequential and time-consuming trial-and-error 

approach.  

1.4.2 Fabrication of ex-situ MGMCs 

As described before, as early as in 1997, ex-situ particle-reinforced Zr-, 

and Cu-based MGMCs have been successfully synthesized by melt infiltration using 

an induction heating coil and, then, injected melts through a nozzle into a copper mold 

[37]. Figure 19 shows the schematic diagram of the apparatus [37]. In this method, the 

top-fill casting-liquid metal is forced downward by a pressurized gas into a preform, 
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and the particle-reinforced and fiber-reinforced MGMCs can be easily synthesized. 

Actually, this technique has been extensively employed to synthesize metal and 

ceramic matrix composites [153, 154]. As the case of copper-mold suction casting to 

obtain BMGs, melt infiltration is the most popular in the fabrication of ex-situ 

MGMCs [37-53]. During melt infiltration, the extra pressure, the infiltration 

temperature, and melt / fiber interface have an important effect on the infiltration 

kinetics. Equation (2) imparts the quantitative analysis of the effect of the extra 

pressure. The simple theoretical treatments are given as follows. 

To follow the temperature evolution during infiltration, a representation 

of the thermal behavior of both the fibers and melt is required as well as for the 

combined composite. The enthalpy (H) of the composite can be derived via Eq. (4) 

[155]: 

298

( ) (1 )
T

f f m m s m mH M C M C dT f M G= + + −∫                 (4) 

where M is the mass fraction, C the specific heat, fs the matrix solid fraction, and G 

the heat of fusion. The subscript, f, denotes the fiber and m the matrix. In the case of 

the melt, a fixed melting point is used, at which the state change (e.g., phase 

transformation) occurs, leading to a large step in the resultant H(T) function. The fiber 

is assumed not to undergo state changes, such as phase transformation, and, hence, 

has no step in the H(T) function. The functions for the melt and matrix components 

can, hence, be combined to produce that of the composite, using the mass fractions of 

the fibers and melt (Mf and Mm, respectively). 
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Moreover, the dual-phase boundary is of critical importance in the 

consideration of the thermal evolution during infiltration. A concentric fiber / melt 

cell, consisting of the appropriate melt volume for the fiber radius (Rf) and fiber 

volume fraction (Vf), may be introduced for the consideration of heat transfer on the 

scale of a single fiber, the outer cell (Rc) radius given by the following Eq. (5) [155].  

                f
c

f

R
R

V
=                                  (5) 

Using the one-dimensional axisymmetry of a cell containing a single 

central fiber, surrounded by the appropriate volume of the melt given by the fiber 

volume fraction (Vf), it is possible to simply follow the heat transfer with time. The 

effect of the heat-transfer coefficient across the interface was considered. Based on 

Eqs. (4) and (5), the effects of the infiltration temperature and melt / fiber interface on 

fabrication can be quantitatively analyzed, which reminders people of optimizing the 

ex-situ MGMCs processing. 

1.4.3 Fabrication of in-situ MGMCs 

During the past two decades, considerable research efforts have been 

directed towards the development of in-situ metal matrix composites (MMCs), in 

which the reinforcements are formed in-situ by the exothermal reactions between 

elements or between elements and compounds [156]. Using this approach, MMCs 

with a wide range of matrix materials (including aluminum, titanium, copper, nickel 

and iron), and second-phase particles (including borides, carbides, nitrides, oxides, 

and their mixtures) have been produced.  
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Contrary to the conventional in-situ MMCs, the ductile phase is the 

secondary phase in in-situ MGMCs, specially for dendrites and Ta solid solutions, 

rather than the metallic glass matrix. These secondary phases play an important role in 

the ductilization of monolithic BMGs. The high strength originates from the network 

structure of the amorphous matrix. Most in-situ dendrite or Ta-particle-reinforced 

MGMCs are obtained by copper-mold suction casting. From the first in-situ dendrite 

composites [86, 89], people have noticed the heterogeneous distribution of secondary 

phases from the outer surface to the center of synthesized samples [88, 114, 157-159]. 

Kong et al. [157] has found that the secondary dendrite arm spacing (SDAS) closely 

depends on the cooling rate, and an increased SDAS dominates from the outer surface 

to the center. Even if the composition is fixed, different microstructures, including the 

size and volume fraction, could be obtained, related to the different cooling rates, 

using different-sized molds [160]. Utilizing the copper-mold suction-casting method, 

irreproducible microstructures prevail, resulting in irreproducible mechanical 

properties [160], which limits the industrialization of such kinds of high-performance 

composites. For the synthesis of the homogeneous in-situ MGMCs, copper-mold 

casting has not been the top priority yet. Therefore, several strategies mentioned 

below have been proposed to solve this stubborn problem (inhomogeneous 

microstructures), and homogeneous in-situ MGMCs have been obtained. 

1. Semi-solid processing 

In 2006, an innovative method was developed, based on the controlled 

solidification in the liquid-solid dual-phase region to produce spherical crystalline 
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particles homogeneously dispersed in the amorphous matrix [161]. Firstly, alloy 

pieces sectioned from the ingots were encapsulated in quartz tubes in a high vacuum 

and heated to a temperature above their melting point. Secondly, the melts were, then, 

cooled to the temperature inside the liquid-solid dual-phase region, and held at that 

temperature for about 5 min. At last, cylindrical samples with a diameter of 8 mm 

were prepared by quenching the molten alloy inside the quartz tube into the iced 

water. The synthesized composites by this semi-solid processing method exhibit the 

improved toughness. The spheroidization makes the crystals coarsen, which can more 

effectively increase cracking resistance [161-163]. Later, the ductile spherical crystal / 

metallic glass has been found in our group [162]. Semi-solid processing has been 

recognized as a good candidate to fabricate in-situ MGMCs with uniform 

microstructures. 

Another exciting example to produce uniform in-situ composites by 

semi-solid processing happens in 2008 [94, 100, 164, 165]. This strategy, developed 

at Caltech, is carried out, using a water-cooled copper boat, diagrammed in Figure 

20(a). An ingot is heated, while resting in an indentation boat with a water-filled 

copper tube. The sample is isolated in a Ti-gettered argon environment by a quartz 

tube and is heated by an induction coil. The high thermal conductivity of copper 

prevents the destruction of the boat, while the radio-frequency stirring and levitation 

homogenize the sample. A picture of equipment is shown in Figure 20(b). Overall, the 

technique route is refered to be the following features: (1) selecting a 

highly-processable glass-forming system with a large GFA, and finding dendrites that 
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form in equilibrium with the glass-forming liquid, which have a lower shear modulus 

than the resulting glass; (2) processing the dual-phase alloys between the solidus and 

liquidus temperatures, which will coarsen the dendrites, create a homogeneous 

microstructure, and match the length scale of dendrites with the plastic zone size of 

the amorphous matrix; and (3) quenching rapidly to vitrify the remaining liquid and 

form a dual-phase composite consisting of an amorphous matrix with ductile 

secondary phases. In this design route, it is key to make sure that dendrites have lower 

shear moduli than glass matrices in order to obtain the macroscopic tensile ductility, 

since shear bands, initiated in plastically-soft regions with a lower shear modulus, G, 

can be arrested in surrounding regions of higher yielding stresses or stiffnesses. RoM 

can be employed to predict the G value of dual-phase composites here, as shown in 

Figure 21(a) [94]. The glass matrix has a higher shear modulus (~ 33 GPa) than the 

bcc dendrite (~ 28 GPa), indicating that the dendrite is a soft inclusion. Calculating 

the volume fraction of the glass by RoM yields 56 %, in excellent agreement with the 

image analysis and DSC scans [94]. Consequently, in-situ dendrite composites with a 

uniform microstructure by semi-solid processing, as shown in Figure 21(b). By the 

extension of semi-solid processing, thermoplastic processing [166] and semi-solid 

forging [164] are well developed to produce near-perfect replications and net shapes. 

2. Bridgman solidification (unidirectional solidification) 

Bridgman solidification is widely employed to synthesize conventional 

crystalline alloys, since the microstructure can be controlled by tailoring the 

temperature gradient and withdraw velocity [167]. By varying the withdrawal 
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velocities in a controlled manner, the alloys with tailorable volume fractions and sizes 

of crystalline phases are obtained, owing to the variation of the cooling rates. 

Furthermore, the distribution of the crystalline phase is still homogeneously attributed 

to the availability of the invariable cooling rates, since the direction of the thermal 

conduction and extraction is mainly along the longitudinal direction for rod-shape 

samples obtained by the Bridgman solidification. The early study on the formation of 

MGMCs by the Bridgman solidification was mainly carried out in La-based alloy 

systems, and precipitated α-La dendrites were as the reinforcement [18, 109, 

168-170]. Since the La-based alloys have the intrinsic low strength, even if the 

optimal experimental parameters be chosen, only hundreds of MPa of the strength is 

achieved [109].  

Later, significantly-ductile high-strength Zr-based [69, 95, 158, 162, 

171-173] and Ti-based composites [102, 174, 175], consisting of amorphous phases 

and ductile bcc dendrites, came forth using the Bridgman solidification by Qiao et al. 

The Bridgman solidification apparatus used by Qiao et al. is shown in Figure 22(a), 

and the illustration is exhibited in Figure 22(b), which consists of an induction coil, a 

quartz tube, a heat insulator, a graphite heater, and a liquid Ga-In-Sn alloy with a 

water-cooled bath. The graphite heater was heated by an induction coil to melt the 

alloy under an argon atmosphere, and it can shield an electromagnetic field from an 

induction coil. The temperature was measured by W/Re thermocouples, and the 

temperature gradient (GT) could be attained. After heating to the required temperature 

and holding for several minutes, a sample was directionally solidified into the liquid 
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Ga-In-Sn alloy with a withdraw velocity of v. The cooling rate (Rcooling) could be 

calculated, according to the equation of Rcooling = GTv. 

Figure 23(a) [69] displays the XRD patterns of the 

Zr37.5Ti32.2Nb7.2Cu6.1Be17.0 composites fabricated by the Bridgman solidification with 

different velocities, v = 0.2 - 1.5 mm / s. It can be seen that the peaks for the bcc β-Zr 

phases are superimposed on the broad diffuse-scattering amorphous maxima, when 

the v increases to 0.5 mm / s or higher, and the crystal-plane indices of the β-Zr phase 

corresponding to peaks are marked. For the sample with v = 0.2 mm/s, not only the 

peaks for the β-Zr phase but also additional peaks (not indexed) corresponding to 

other crystalline phases are observed. The DSC results for Zr37.5Ti32.2Nb7.2Cu6.1Be17.0 

composites are shown in Figure 23(b) [69, 95]. The samples with v ≥ 0.5 mm/s 

exhibit a glass transition, followed by a single exothermic event during continuous 

heating, which is an indicator of an eutectic crystallization event. If the composition 

of the metallic glass matrix is off eutectic, the multi-step exothermic events can be 

observed [91]. However, no glass transition and exothermic event are observed for the 

sample with v = 0.2 mm / s, indicating that this composite is only composed of the 

crystalline phases. The glass-transition temperature (Tg), the onset crystallization 

temperature (Tx), and the integrated heat of crystallization (ΔHx) of the samples are 

summarized in Table 4 [69, 95]. From Table 4, it can be seen that Tg and Tx do not 

change sharply. The heat of crystallization in these composites relative to the heat of 

crystallization in the matrix alloy is an estimation of the volume fraction of the glass 

[94]. It has been demonstrated that the compositions of matrixes in DH-series alloys 
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(Zr-Ti-Cu-Be-Nb system) are similar [94]. Therefore, the analysis of the heat of 

crystallization of the glass matrix of the composites compared with that of the matrix 

of DH1 alloy (Zr36.6Ti31.4Nb7Cu5.9Be19.1) (ΔHx = 100.90 J / g) gives a direct estimate 

of the volume fractions of β-Zr dendrites to be 64 %, 43 %, 42 %, and 40 % 

corresponding to v of 0.5, 0.8, 1.0, and 1.5 mm / s, respectively. 

The microstructure of the sample with v = 1.0 mm/s is illustrated in Figure 

24(a) [95]. It can be seen that dendrites homogeneously disperse in the glass matrix. 

An individual dendrite tree is indicated in the inset of Figure 24(a), which has a 

spanning length, s (μm), of about 330 μm. The dependences of spanning lengths of 

individual dendrite trees on varied withdrawal velocities are shown in Figure 24(b) 

[95], which roughly obeys a linear relationship. The relationship between s and v is 

approximately expressed by the following equation. 

          239 588s v= − +                             (6)  

By controlling the withdrawal velocities, v, the sizes of dendrites have 

been effectively tailored, which verifies that the microstructures of the composites can 

be tuned by the Bridgman solidification even when the composition is fixed. In 

addition, with the increase of withdrawal velocities, i.e., the increase of cooling rates, 

the growth of dendrites is suppressed, leading to the decrease of volume fractions of 

dendrites. Figure 24(c) plots the dependences of the fracture strengths and the plastic 

strains of the composites developed by the Bridgman solidification on v. It is noted 

that the mechanical data are collected from Ref. [95]. All the composites by the 

Bridgman solidification have a high fracture strength (＞1,700 MPa) and exhibit the 
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large plasticity. The composite with v = 1.0 mm / s combines the highest fracture 

strength (~ 3,000 MPa) and the largest plastic strain (＞ 30 %) [95]. In contrast to the 

composites with a diameter of 3 mm by copper-mold-suction casting, from the 

compressive engineering stress-strain curves of these composites (unpublished data), 

the yielding strength and the yielding strain are ~ 1,670 MPa and ~ 2.0 %, 

respectively, while the fracture strength and the fracture strains are ~ 2,070 MPa and 

~ 4.0 % for the samples fabricated by the Bridgman solidification, respectively. The 

bended sample is exhibited in the inset in Figure 24(c). The crack does not happen 

during bending until the bending angle is approaching 130 degree. It demonstrates 

that the Bridgman solidification is an advanced method to adjust and optimize the 

mechanical properties of the in-situ MGMCs. 

Until now, both the semi-solid processing and Bridgman solidification 

may yield a uniform “near-equilibrium” dual-phase microstructure throughout the 

samples, leading to the improved ductility. The ductility of composites is tailored by 

designing a series of proper compositions, when semi-solid processing is selected. 

Through tuning the compositions of the composites, different scaled and 

volume-fractioned dendrites in the glass matrix can be obtained, and the enhanced 

ductility and toughness can be achieved. However, the ductility can’t be tailored for 

the composites with the same composition by semisolid processing, since the cooling 

rates are fixed. Comparably, the ductility could be definitely tuned by the Bridgman 

solidification regardless of the fixed or tuned compositions in the composites. 

1.5 Summary 



Page 35 of 298

 

35 
 

This section clarifies the development history of MGMCs. According to the 

reinforcement phases in the glass matrix, the classification of MGMCs is 

schematically illustrated in Figure 25, based on the development of MGMCs until 

now. Artificially introducing ex-situ reinforcements with high melting temperatures 

into the glass-forming melts makes ex-situ MGMCs. Spontaneously, the partial 

crystallization of glass-forming melts elicits in-situ MGMCs. Specially, more 

advanced methods to fabricate homogeneous in-situ MGMCs are in expectation, other 

than the semi-solid processing and Bridgman solidification.  
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2. Deformation behavior of bulk metallic glasses 

2.1 Free-volume model 

The classical free-volume theory was originally developed by Turnbull 

and Cohen to describe the molecular transport in glass-forming liquids [176, 177]. In 

1977, Spaepen further developed this theory and established the free-volume model of 

the plastic flow in metallic glasses [178]. This model essentially views the basic "flow 

event" as an individual atom jump that is driven by the shear stress and assisted by 

thermal fluctuations, as schematically shown in Figure 26. A series of atomic jumps 

result in the free-volume creation that eventually contributes to the plasticity of glasses.  

Within this physical picture, Spaepen constructed the constitutive model 

that uses the free volume, fv , as the internal state variable of the system. The 

macroscopic plastic-strain rate, pγ , can be expressed by the following equation [178]: 

*
p exp 2 exp sinh

2

m

f B B

v Gf
v k T k T
χ τγ

⎛ ⎞ ⎛ ⎞ ⎛ ⎞Δ Ω
= − −⎜ ⎟ ⎜ ⎟ ⎜ ⎟⎜ ⎟ ⎝ ⎠ ⎝ ⎠⎝ ⎠

             (7) 

The first term on the right-hand side accounts for the probability that an atom is on the 

potential jump site. The remaining terms describe the frequency (or the activation rate) 

of atomic jumps. In this equation, χ  is a geometrical factor, *v is a critical volume 

that permits an atomic jump, f is an attempt frequency, mGΔ is the activation energy, 

Bk  is the Boltzmann constant, T is the temperature, τ is the applied shear stress, and 

Ω is the atomic volume. By considering a dynamic competition between the 

stress-driven creation and diffusion-mediated annihilation, Spaepen derived the time 

evolution of free volumes as: 
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     (8) 

where Dn  is the number of diffusive jumps necessary to annihilate a free volume equal 

to *v , and S  is the Eshelby modulus.  

It is well known that the diffusive-like atomic jump is usually driven by the 

pressure or normal stress gradient. However, the atomic jump in the free-volume model 

is shear-stress-driven. A possible reason stems from the shear-induced dilatation effect 

inherent to metallic glasses [179-181]. Such dilatations would invoke the local pressure 

within glasses, which would drive atomic diffusion and accompany the free-volume 

evolution. The Spaepen's free-volume model presents a relatively-systematic 

theoretical framework to the problem of the glass flow, which points out a direction into 

the fundamental understanding of the glass-flow mechanism through atomistic defects. 

Since it is proposed by Spaepen [182], the free-volume model has been 

extensively developed and widely applied. For example, within the framework of the 

free-volume model, Johnson [182] developed a self-consistent dynamic free-volume 

model for describing the uniform steady-state flow in metallic glasses and 

deeply-undercooled glass-forming liquids. Recently, the free-volume model has also 

been developed to allow for large deformations [183], coupled thermomechanical 

deformations [184, 185], and even the localization process, i.e., shear banding 

[186-188], of plastic flows in metallic glasses.  

2.2 Shear-transformation zone (STZ) model 
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Inspired by the shearing deformation of two-dimensional bubble glasses 

[189], Argon proposed that the number of atoms involved the “flow event” should be a 

few to ~ 100 [190]. The “flow event” can be described by a local plastic or inelastic 

rearrangement of atom clusters, commonly termed as the “shear-transformation zone” 

(STZ). The first quantitative model of the STZ behavior was developed by Argon 

himself, who treated the problem in the context of an Eshelby-type inclusion [191, 

192]. He argued that an isolated STZ is not free, but confined to the surrounding elastic 

matrix. Using Eshelby’s insightful theory, Argon calculated the free energy for the STZ 

activation in the SYZ-elastic matrix system as 

         
( )

( )
( ) ( ) ( )2 20

0

2 17 5 1
30 1 9 1 2 c c

stz

F G T
G T

ν τν γ
ν ν γ

⎡ ⎤+−
Δ = + + Ω⎢ ⎥− −⎣ ⎦

         (9) 

where 0τ  is the athermal shear stress at which the STZ transforms, and ( )G T  is the 

temperature-dependent shear modulus. The second term in the bracket captures the 

dilatational energy associated with the STZ operation, and  is the ratio of the 

dilatation to the shear strain, called a dilatation factor. The characteristic strain, cγ , of 

an STZ with the characteristic volume, cΩ , depends on glass compositions and 

structural states, being of order ~ 0.1 at high temperatures and ~ 1.0 at low 

temperatures. Under steady-state conditions, the STZ operations can occur in favor of 

and in opposition to the sign of the applied shear stress. Each net forward operation 

ascribes, cγ , to the steady-state macroscopic shear strain, γ , which is given by 

                          STZcC Hξγ γ=                            (10) 
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where Cξ is the concentration of STZs, namely the fraction of a material that is 

available to STZ operations in a unit volume element, and the net activation frequency, 

STZH , of an STZ obeys a rate law of the form:  

STZ exp expc c

B B

Q QH f
k T k T
τ τ⎡ ⎤⎛ ⎞ ⎛ ⎞− Ω + Ω

= − − −⎢ ⎥⎜ ⎟ ⎜ ⎟
⎝ ⎠ ⎝ ⎠⎣ ⎦

            (11) 

Here, Q  is the activation-energy barrier for an STZ under an unstressed field. It is 

important to point out that an STZ is not a structural defect in metallic glasses, as Argon 

suggested [190]. The STZ is essentially a local cluster of atoms that undergoes an 

inelastic shear distortion from one relatively-low-energy configuration to a second such 

configuration, crossing an activated configuration of higher energies and volumes. The 

transitions between STZ states could be thermally activated. In a manner, an STZ in 

metallic glasses has an analogy with a dislocation motion in crystals, but on short-range 

order (SRO) length scales. Although an STZ is a “flow event”, not a defect, it is 

strongly affected by local atomic structures, such as free volumes, short-range chemical 

or topological order. For example, the availability of free volumes is important for 

STZs to operate in a given volume of BMGs. In fact, STZ operations occur 

preferentially in those regions having a higher free volume, as relatively less dilatation 

is required. Later, some people [193-195] introduced a concept of the “flow defect” 

analogous to STZs in terms of free volumes. He succeeded in extending individual 

atomic jumps to atomic-cluster rearrangements and derived an expression of strain 

rates quite similar to Eq. (10). Recently, much work [196, 197] has successfully 

developed the STZ dynamics by taking the free volume into account.  
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          Since Argon proposed the STZ model, scientists have made great efforts to 

capture such a "flow event" via experimental or simulation ways. About 20 years later, 

Falk and Langer [198] for the first time observed the STZ-type atomic motion by 

atomistically-modeling viscoplastic deformation in amorphous solids. STZs can be 

treated as pre-existing “flow defects” in metallic glasses, which comprise a group of 

atoms susceptible to structural rearrangements upon external agitations. Based on the 

microscopic observations, they argued that the density and internal states of these STZs 

should be added to the constitutive description of metallic glasses. At the temperatures 

well below the glass temperature, the transitions between STZ states are not thermally 

activated but, rather, are controlled entropically. That is, the rate factors are determined 

by the number of paths that the molecules within a zone can follow in moving around 

each other while going from one state to the other [198]. Considering the two-state 

nature of STZs (denoted by the symbols"+" and "-"), the time-dependent number 

densities, n± , of STZs in those states can be written by 

              ( ) ( )1 2n R n R n C n Cτγ τγ± ± ± ±= − − +∓ ∓                   (12) 

where R±  are the rates at which ±  states transform to ∓  states that are the free 

volume (or entropy) activated at temperatures well below the glass-transition 

temperature, 1C  and 2C  are coefficients related to the annihilation and creation of 

STZs, respectively. The plastic strain rate, pγ , has the form 

                    [ ]p
c R n R nγ γ + + − −= Ω Δ −                        (13) 
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where γΔ  is the increment of the local shear strain. These results provide the richness 

to the STZ formulism. Experimentally, Schall et al. [199] used a colloidal glass and 

identified localized irreversible STZs in the presence of an applied shear.  

2.3 Tension-transformation-zone (TTZ) model 

In metallic glasses, the distortional (shear) and volumetric (dilatation) 

components of deformation are highly coupled [179-181, 200, 201], which 

distinguishes from that of their crystalline counterparts. The inherent competition 

between shear and dilatation deformations determines the materials' plasticity, which is 

indicated by the well-known Poisson's ratio criterion for plasticity, i.e., the larger the 

Poisson's ratio is, the more plastic of BMGs [202-204]. As for the distortional 

component of deformation, which is well described by the STZ model [190]. But we 

should keep in mind that although it is shear dominated, the STZ is always 

accompanied by a slight dilatation (or free-volume creation) [195, 205]. In most cases, 

the STZ-type deformation is predominated, resulting in the macroscopic (homogeneous 

or inhomogeneous) plastic flow in metallic glasses. Nevertheless, a question naturally 

arises: whether the dilatation could dominate the deformation process of metallic 

glasses or not? If the answer is affirmative, what does that mean? 

An intriguing work reported by Xi et al. [206] opens a window into the 

answer to the above questions. They observed that in some brittle metallic glasses, the 

apparent mirror-like zone on the facture surface exhibits the unique, nanoscale periodic 

corrugation (NPC). The further investigation reveals that the NPCs are peak-to-peak or 
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valley-to-valley matched [207]. This tread implies that the dilatation (or cavitation) 

should dominate the deformation process of materials in front of the crack tip. In a 

typical tough metallic glass (Vitreloy 1), Jiang et al. [208, 209] also observed the NPC 

on the dynamic mode-I fracture surface, indicating the universality of NPCs. They used 

high-resolution atomic-force microscopy (AFM) to scan the NPC, and found that NPCs 

are actually a series of self-organized nanovoids, as shown in Figure 27(a) [210]. The 

nucleation sites of nanovoids construct the valley part of the NPC, while the link sites 

of nanovoids correspond to the peak part. The repeated nucleation and link of these 

nanovoids lead to the formation of the NPC, as illustrated in Figure 27(b) [209]. Jiang 

et al. [210] further adopted a detrended fluctuation analysis to quantitatively analyze 

the AFM profiles of the NPC. They revealed that the landscape of the valley part of the 

NPC are almost memoryless with a significant fractal feature. This feature means that 

the formation of these nanovoids is quasi-brittle with very limited plastic growth.  

On the atomistic scale, Jiang et al. [209] proposed a basic, atomic cluster 

motion, defined as a tension transformation zone (TTZ), to describe the quasi-brittle 

dilatation deformation in metallic glasses. Conceptually, a TTZ can be regarded as the 

counterpart of a STZ suffering a remarkable dilatation but only a slight shearing. TTZs 

are less viscoplastic than STZs and more prone to the fracture than flow, when 

subjected to stresses. Through TTZs, the stored energy is dissipated mainly by the new 

surface formation, resulting in the brittle fracture of metallic glasses. Conversely, the 

STZ-mediated deformation always lead to the ductile fracture of metallic glasses where 

the significant plastic flow occurs ahead of the crack tip [211-213]. Therefore, the 
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ductile-to-brittle transition (DBT) of metallic glasses can be well understood within the 

picture of STZ versus TTZ of atomic-cluster motions [214-216], as illustrated in Figure 

28 [217]. Jiang et al. [218] have performed a series of three-point-bending experiments 

on as-cast and annealed Vitreloy 105 metallic glasses over a wide range of 

temperatures, where a clear DBT was observed. By connecting the macroscopic DBT 

and the microscopic STZ-to-TTZ transition, they predicted a critical size (a TTZ 

volume) of cluster motions corresponding to the transition. According to the TTZ 

concept, the characteristic spacing of NPCs can be predicted [209, 219], which agrees 

well with the experimental measurements.  

The TTZ-type motion of atomic clusters has been confirmed by a recent work 

reported by Murali et al [220]. They performed atomistic simulations on the fracture 

behavior of two typical metallic glasses, one brittle (FeP) and the other ductile (CuZr). 

The results shows that brittle fracture occurs in the FeP glass where the crack tip 

propagates by a series of the nanoscaled void nucleation and coalescence processes 

with the very limited plastic growth, while blunting of the crack tip through extensive 

shear banding, indicative of a ductile fracture, is seen in the CuZr glass. The nanoscaled 

void nucleation is essentially the TTZ model proposed by Jiang et al. [209]. Obviously, 

TTZ shows some differences, compared to the classical cavitation process. Firstly, TTZ 

is at the nucleation stage of cavitation, during which new surface formation is the main 

way to dissipate the applied energy, and plastic growth can be neglected. Second, TTZ 

occurs usually on a nanoscale or even sub-nanoscale, while the classical cavitation is 

usually at a length scale more than the micrometer. Finally, the TTZ can be activated by 
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the shear-induced dilatation or direct hydrostatic tension, whereas the classical 

cavitation is activated mainly by the direct hydrostatic tension. Like STZ, TTZ is also 

not a structural defect, but a dynamic "event". Therefore, the TTZ model still needs 

further experimental evidence.  

2.4 Cooperative shear model  

Even though the free-volume, STZ, and TTZ models provide explanations 

for the strain softening and the heterogeneous deformation in metallic glasses, it is 

difficult to quantitatively describe the strength and ductility of metallic glasses at room 

temperature. Based on the concept of inherent states (IS) and potential-energy 

landscapes (PEL) developed by Stillinger et al. [221, 222], Doye and Wales [223, 224], 

and Milandro and Lacks [225], Johnson et al. [226] proposed a cooperative shear model 

(CSM) to characterize the deformation in metallic glasses. Later, Demetriou et al. [227] 

applied the CSM for the rheology of the glass-forming metallic liquid. A quantitative 

equation is given as follows: 

            2 0

0

( )( / )/
/

q
eW W W WW

G
αηγ δ δε

η
−

=                (14) 

where γ  is the strain rate, and α is a parameter incorporating two unknown 

proportionality constants: the conversion efficiency of the dissipated energy into the 

potential energy and a factor quantifying the deviation of the system’s relaxation rate 

from Maxwellian, η is the viscosity, W is the activation barrier for the shear flow, which 

involves the shear modulus given by the curvature of the energy-density function, and ε 

is the flow-induced shift in the specific configurational potential energy of shear zones 
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[227]. Pan et al. [228] have proposed an experimental scheme to characterize STZs of 

plastic flows in BMGs, and obtained the measured STZ volumes in different 

glass-forming systems, which are determined to be 2.54 ~ 6.56 nm3. The accordance 

between the measured STZ volumes and those predicted by theoretical analyses [226] 

and molecular-dynamic (MD) simulations [229] unambiguously demonstrates that the 

plastic deformation of metallic glasses occurs upon cooperative shearing of unstable 

clusters of atoms instead of the individual atom motion. STZs with a large size 

reinforce the shear capability of the metallic glass and promote the formation of 

multiple shear bands, which concurs with the fact that a higher Poisson’s ratio is 

available [228]. 

2.5 Flow-unit model 

Very recently, to understand the plasticity and glass transition in metallic 

glasses (MGs), Wang et al. [230-235] proposed the dynamic flow-unit model, 

according to which, MGs can be regarded as the composite of the perfect elastic matrix 

and liquid like flow units (MG = ideal glass + flow units), and the flow phenomenon in 

MGs is the percolation of the localized flow units. Jiao et al. [230] present the 

experimental results on the distribution and evolution of energy barriers of flow units in 

MGs via an activation-relaxation method. The dynamical heterogeneity of MGs arises 

from its structural inhomogeneity, and there exist the close correlations among the flow 

units, dynamical and structural heterogeneities, and relaxation behaviors in MGs. Zhu 

et al. [232] experimentally characterized the evolution of flow units associated with the 
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flow “defects” in MGs by monitoring the fictive temperature change of a typical 

metallic glass.  

Up to now, the β relaxation has been considered to be the dynamic response 

of the atoms in the flow units, which can be detected by the dynamic spectrum like 

dynamic mechanical spectroscopy [230-238]. The β relaxation has the comparable 

activation energy with that of the flow unit and is closely related to the initiation and 

evolution of the flow units in MGs. As a result, the flow of MGs is correlated with 

inherent relaxation processes. Thus, the distribution and evolution of energy barriers, 

size, and intrinsic relaxation time of flow units in a MG can be determined through the 

β-relaxation studies using an activation-relaxation method [238]. The pronounced 

macroscopic tensile plasticity is achieved in a La-based MG, which possesses strong β 

relaxations and nanoscale heterogeneous structures [233]. 

Based on Ref. [235], a comprehensive picture on the hidden flow as well as 

its correlation with deformation maps and relaxation spectrum is proposed. As 

exhibited in Figure 29 [235], below the β-relaxation peak, TT1, only reversible flow 

units can be activated, as illustrated by the high mobility atoms (red balls) embedded in 

the elastic shell (blue balls). The flow units with high-concentration free volumes may 

be related with the high-density inhomogeneity. Such isolated reversible motions 

within the matrix can be regarded as hopping events across inherent structures and 

contribute to the β relaxation. The brittle nature of MGs is not changed by these few 

easy flowing spots. With increasing the temperature, adjacent weak-bonded regions 

around flow-unit regions are gradually transformed into a liquid state, since the applied 
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strain lowers the energy barrier and increases the fraction of the flow units. At this 

stage, the liquid-like zones lead to localized plastic events and lower the yielding stress, 

but the MGs do not exhibit macroscopic plasticity.  

At around the β-relaxation-peak temperature, Tβ, a connectivity percolation 

of liquid-like zones takes place. The percolation of the flow units facilitates the 

multiplication of shear bands. For most MGs, Tβ is located at about 0.8–0.9 Tg. 

Consequently, homogeneous deformation easily happens. Usually, the sub-Tg 

endothermic peak is observed, which is thought to be related with the β relaxation. The 

cooperative translational movements take place above Tβ and can be regarded as a kind 

of confined glass-to-liquid transition (GLT), leading to an endothermic peak. Such 

hidden flowing movements need external energy to facilitate. 

When the temperature approaches Tg, the sample behaves like a macroscopic 

flow, associated with the distinguished plasticity. A heat capacity jump of about 3R/2 

related to the translational freedom addition can be observed and a critical transition 

from the broken-ergodic to ergodic states on the energy landscape occurs. The sample 

transforms into a liquid-like state above Tg, the viscosity change becomes the 

dominating factor for the deformation behavior. As viscosity rapidly decreases and 

approaches the α-relaxation peak, Tα, the sample transitions from the non-Newtonian to 

Newtonian flows. 

2.6 Serration kinetics 
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In crystalline alloys, the motion of dislocations is related to the 

macroscopic-plastic deformation. An intriguing example of the plastic deformation is 

characterized by the Portevin-Le Chârtelier (PLC) effect [239], described as the 

repetitive discontinuous yielding in the stress-strain curve subjected to a constant strain 

rate. A typical Al alloy system exhibits the PLC effect [240, 241], in which the 

inhomogeneous deformation with various localization bands caused by the PLC effect 

is observed, and the onset of the jerk flow is commonly attributed to a strain-rate 

softening instability, resulting from the dynamic-strain-ageing (DSA) mechanism 

[242]. A serrated flow, similar to the PLC effect known for crystalline alloys, is a 

characteristic feature of the inhomogeneous plastic deformation of BMGs on 

stress-strain curves [243-251]. It has been demonstrated that the serrations are highly 

related to shear banding during deformation in metallic glasses [247, 248]. Theoretical 

explanations on shear banding could unveil the underlying physical origins in metallic 

glasses.  

Jiang et al. [252] have found that one serration event could correspond to the 

operation of several shear bands simultaneously. Once yielding, serrated flows in 

stress-strain curves dominate. In the stress-ascending stage, BMGs are under straining. 

On the other hand, in the stress-dropping stage, a rapid decrease of stresses results in the 

formation of a viscous shearing layer, accompanied by the increase of free volumes. 

The strain is accommodated within the shearing layer, i.e., the straining energy, 

produced in the stress-ascending stage, is dissipated. Repeatedly, as stresses are 
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increasing during compression, strains are accommodated elastically, until the stress 

level reaches the value that it can activate a next serrated flow. 

Antonaglia et al. [251] employed the mean-field interaction model to predict the 

scaling behavior of the distribution, D(S*), of avalanche sizes, S*, in the experiments. 

D(S*) follows a power law multiplied by an exponentially-decaying scaling function. 

The size of the largest observed avalanche depends on the experimental tuning 

parameters, such as either the imposed strain rate or stress. Similar to crystalline 

materials, the plasticity of BMGs reflects the tuned criticality showing a remarkable 

quantitative agreement with the slip statistics of slowly-compressed nanocrystals. 

Sun et al. [244, 249] and Wang et al. [253] have recently reported a close 

correlation between the dynamic behavior of the serrated flow and the plasticity in 

metallic glasses and show that the plastic deformation of ductile metallic glasses can 

evolve into a self-organized critical (SOC) state characterized by the power-law 

distribution of shear avalanches. The stick–slip model is most popular in depicting the 

serration kinetics [244, 249, 253-257], as follows: 

The machine-sample system (MSS) is loaded at a low constant rate, v, from 

the time, t = 0, as presented in Figure 30. The elastic energy is gradually stored in the 

system, providing the driving force, kM kS vt/( kM+ kS ), with kM and kS being the 

stiffnesses of the machine and the sample, respectively. Once the sample is loaded up to 

the yielding stress, the primary shear bands will generate, the elastic energy stored in 

the MSS will be released, and the shear bands will quickly slip across the entire sample 

in a cooperative manner. The governing kinetic equation for MSS is expressed as: 
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where x is the vertical plastic shear displacement, d is the sample diameter, M is the 

effective inertia of MSS, typically on the order of 10 - 100 kg [249], and ''x is the 

second derivative of x. bσ  is the internal resistant stress of the shear band, which can 

be given by the constitutive law. Defining the elastic constant: 
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where L and E are the height and Young’s modulus of the sample, respectively, and S is 

defined by 2/ / (4 )S M MS k k d E Lkπ= = . Eq. (15) becomes: 

''( ) bk vt x pxσ− − =  (17)

with 24 /p M dπ= . From Eq. (17), k and bσ  can be treated as the factors of shear 

banding, the stiffness of the system, and the intrinsic properties of BMGs. Only the 

single shear-band movement is discussed in this model. Profuse shear bands are 

mutually operated. It is assumed that each shear band is a single unit. The driving force 

is ( )M S j M Sk k x k nk+∑ , here, n is the number of units, jx  is the displacement of the 

jth shear band, and jx∑ is the sum over all units. With the same treatment, the kinetic 

equation for the system is: 

' ' ' ''1( ) ( ) , 1, 2...i i j bik vt x k x x p x i n
n

σ− + − − = =∑  
(18)

where biσ  is the internal resistance of the ith shear band, ' 24 /p M dπ= ,  

'
2

4
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= =
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, and ' 1( )i jk x x
n

− ∑  is the interactions among 

shear bands. It reflects the effect of other shear-band movements during sliding on the 

ith shear band. The shear-band interactions are perfectly described by the MSS model, 
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which will significantly affect the serration dynamics. It is found that the intermittent 

sliding of shear bands will cause serrations on the stress-strain curves. Sun et al. [249, 

254] have found that when the spring stiffness was lower than the critical value, the 

shear-band slipping would become unstable, and the stick-slip motion appeared. Based 

on this criterion, the transition from the serrated to nonserrated flows with the strain rate 

or temperature is well predicted, and the effects of various extrinsic and intrinsic factors 

on the shear-band stability can be quantitatively analyzed in BMGs. Han et al. [258] 

developed a model to explain the influence of the stiffness of the machine and sample 

achieved in the device on the plastic deformation of BMGs. It is found that the larger 

the critical S is, the easier the stable behavior can be achieved. As the aspect ratio 

(length / diameter) is fixed, the smaller the sample is, the stronger effect that the energy 

stored in the testing machine has on the mechanical behavior of BMGs, e.g., the larger 

serration magnitude is obtained for the smaller sample. 

Recent progresses in serration kinetics strongly correlate the serration in 

metallic glasses with shear banding, affected by the structure of shear bands [259], the 

temperature rise of shear bands during deformation [260], the compositional 

dependence of the shear-band dynamics [261], and the velocity of propagating shear 

bands [245, 248], and features, which are all indispensable for a full description and 

understanding of shear-band dynamics. More comprehensive mechanisms are 

expected. For example, very recently, we have unveiled an exponential decay of 

shearing stresses with the time or strain during serrations in BMGs [253, 262]. The flow 

stresses with the time satisfy the following relation: B xA eσ − ⋅= ⋅ [253, 262]. The burst 

sizes, σΔ , in different BMGs with varied dimensions are predicted by 

2 (0.8 )
0.9 sin

v p g rl E c T T
aD

ρ
σ

θ
−

Δ = [263]. Here, D is the diameter, lv is the thickness of the 
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shearing layer, ρ is the density, pc is the heat capacity, Tr is room temperature, Tg is 

the glass-transition temperature, E is the Young’s modulus of BMGs, and a is the 

aspect ratio of the tested samples. In a word, affected by all kinds of intrinsic and 

extrinsic factors [264, 265], understanding the plasticity is still a great challenge. 

2.7 Universal equation for the strength in metallic glasses 

In the absence of defects, such as dislocations or grain boundaries, the fracture 

strength of metallic glasses is considered to be close to the theoretical strength of ideal 

solids [266]. Different BMGs exhibit large variations of fracture strengths, e.g., 

Ce-based BMGs with a fracture strength of ~ 500 MPa at room temperature [267], but 

the Co-based BMGs with ~ 5,000 MPa, one order larger than the former [268]. The 

understanding of the material parameters governing the strength of the amorphous 

structure is, therefore, of essential importance to the future design of BMGs with 

desired mechanical properties. 

The fracture strength of BMGs is believed to be directly associated with the 

atomic bond due to the lack of defects, such as dislocations [5]. Thus, the strength of a 

BMG is expected to be closely related to the physical parameters determined by the 

atomic-cohesive energy. Whereas the thermal energy for the glass transition spreads 

around the entire body of the solids during heating, the mechanical energy of shearing 

is highly confined in the localized shear bands of BMGs. The energy density, a variable 

that only depends on the initial and final states, can be expected to be similar for the 

thermal and mechanical processes [269]. This investigation gives: 

                  
0

0
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T
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where yτ  is the maximum shear stress upon yielding, 0γ is the shear strain of the basic 

shear unit (STZ), ρ  is the density of the material, Cp is the heat capacity, Tg is the 

glass-transition temperature, and T0 is the ambient temperature. From Eq. (19), it is 

assumed that once the temperature within the shearing layer reaches Tg, a viscous 

shearing layer forms, which could not withstand the propagation of shear bands, and 

softening happens, accompanied by the catastrophic failure. Usually, the yielding 

strength, 2y yσ τ= , since the shearing angle is approximate 45 degree, with respect to 

the loading direction. After a series of simplifications, all the variables are determined, 

according to the classical thermodynamics. This process gives: 

                  050 50g g
y

T T T
V V

σ
− Δ

= =                              (20) 

where V is the molar volume of BMGs. Generally, the final fracture strength is slightly 

larger than the yielding strength, and an average ratio, /f yσ σ  = 1.1 is adopted:  

                 01.1 55 55g
f y g
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T

V M
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Δ
= = = Δ                        (21) 

where 0ρ is the density at room temperature, and M is the molar mass. The calculated 

fracture strength from Eq. (21) versus the measured values of 27 BMGs from 11 

different BMG systems is shown in Figure 31 [269]. A remarkable agreement is 

observed between the calculated and measured strength values. This study provides a 

physical understanding for the strength of BMGs, based on their unique deformation 

mode of localized shear banding. In particular, a simple unified equation is derived to 

allow the calculation of the strength of a BMG directly from their Tg and other material 

constants that can be physically determined. Furthermore, Tg of a variety of MGs shows 
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a heredity from the eutectic or peritectic point, Tm(AxBy), which is from the binary phase 

diagram of two base elements in MGs [270]. ( )0.55g m AxByT T=  is universally identified 

in many different glass-forming systems [270]. Here, Tm(AxBy) is highly dependent on 

the melting points of two dominant base components. As a result, a more universal 

equation for the fracture strength, fσ , can be predicted by the following equation: 

                0 0
( ) 00.01 55f m AxByT T

M M
ρ ρσ = −                           (22) 

2.8 Introduction of the simulation work 

Computational modeling is an effective means in the understanding of 

materials’ structures and properties, including physical and mechanical behavior. Up to 

now, many research efforts have been conducted to incorporate theory and modeling to 

complement experimental investigations, which play several key roles in research, 

particularly in disordered systems. For example, the simulations of liquids and glasses 

can date back to the earliest stages of simulation studies [271, 272]. The simulation 

work can provide key tests of theory, giving unparalleled insights that lead to new 

theoretical ideas, and providing a connection between theory and experiments. 

     Despite the long history of BMGs, many outstanding fundamental scientific 

issues remain unclear, because there are no appropriate experimental techniques to 

detect localized stress distributions and localized structural changes in amorphous 

structures, such as: (1) Is the yield stress the localized-shear deformation 

initiation-controlled or propagation-controlled? (2) Does the propagation of shear 

bands occur purely mechanically or accompanied by a thermal activation? (3) Why the 

widths of shear bands are kept so narrow (10 – 20 nm [36]) even after severe 
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deformation? (4) Whether or not the shear-band propagation can be described as the 

dislocation propagation? and (5) Why the yield strain is insensitive to alloy systems?  

      From the computational point of view, a major advantage of simulations on 

studying the structures and deformation mechanisms of BMGs is that a detailed picture 

of the model under investigation is available, and, therefore, they have been very 

helpful in explaining the connection between macroscopic properties and atomic 

structures. For example, atomistic simulations can be employed to investigate the 

following scientific issues [273]: (1) the construction of a model structure, (2) the 

deformation simulation, (3) analyses of the structures and properties of deformation 

sites and their changes with plastic deformation, and (4) the extraction of some physical 

concepts concerning deformation mechanisms. Among all the above studies, the 

atomistic simulation of the shear-band formation is of great significance with multiple 

reasons: (1) the atomistic simulation is one of the only few available methods to 

approach the atomistic process of the shear-band formation; (2) the mechanism of the 

shear-band formation seems to be common to any metallic glass, meaning that the 

phenomenon is not sensitive to the details of interatomic potentials; and (3) the 

thickness of the shear bands is as narrow as 10 – 20 nm, the size of which can be 

accessible by the present large-scale computers. In this review article, we will focus on 

the formation mechanism of shear bands in metallic-glass-matrix composites.  

     Simulations can also be used to compare with experimental results to validate 

the model. Thus, one can use simulation results to measure properties that are not 

accessible to experiments. In many cases, as will be demonstrated in the next sections, 
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simulation results can motivate experimental investigations. However, it should be 

noted that while simulations have provided significant insights, they also face many 

limitations. Just as experimental techniques, such as microscopy, calorimetry, and 

diffraction, are critical for understanding materials by providing the important 

information, the simulation methods also have inherent limitations, including limited 

time and length scales.  
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3. Deformation of metallic glass matrix composites 

under uniaxial quasi-static loading 

3.1 Deformation of BMGs under quasi-static compression and 

quasi-static tension at room temperature 

3.1.1 Compression of BMGs  

Almost all the monolithic BMGs exhibit very limited compressive plasticity, 

usually less than 2 % at room temperature [274]. The brittle behavior is analogous to 

the one in the ceramics. When people know how to design more free volumes in the 

samples, certain plasticity is obtained, e.g., most samples for compression are selected 

to be less than 2 mm in diameter. Even so, the intrinsic brittle nature has not been 

alleviated so far. After yielding, a number of serrations, associated with the 

accommodation of plasticity, appear on the stress-strain curves [247, 248, 251, 252]. 

The more serrations, the more plastic the BMGs is. The occurrence of serrations can be 

explained by the multi-step shearing models [275]. 

Taking the shear bands as a source of zero thickness in an infinite medium, 

a detailed temperature-rise (ΔT) profile along the width direction of shear bands, x, and 

with the time, t, can be performed by solving the heat-diffusion equation: 

             
21( ) exp( )

42 p

H xT
tC t αρ πα

−
Δ =

′′
                         (23) 

where H is the energy per unit shear surface, pC is the heat capacity, and α′  is the 

thermal diffusivity, and ρ is the density. Generally, the measured shear offset is a result 

of multi-step shearing [275], and each serration contributes to the finally-observed 

shear offset. After calculations, the thermal energy converted from the storage elastic 
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energy during serrations is not enough to result in ΔT higher than Tm, even though there 

are few ΔT values higher than 0.8 Tg. Only if the final fracture is available, ΔT is greatly 

higher than Tm, which causes that the shear layer could not sustain the loading [275]. 

Consequently, stable compressive plastic flows happen. 

Making a strong yet stretchable glass poses a great challenge to materials 

scientists. During the past years, people have been always looking for ways to improve 

the room-temperature plasticity of monolithic BMGs on the premise of keeping the 

amorphous structure. By the simple method of shot-peening [276], BMGs show 

increased plasticity in bending and in compression, through a combination of the 

reduced likelihood of surface cracking and more uniform deformation induced by a 

high population of pre-existing shear bands. By the introduction of the geometrical 

constraints [252, 277-280], the outstanding plasticity is naturally obtained. The 

intrinsically-improved plasticity has been achieved by designing BMGs with high 

Possion’s ratios [84, 202], and super plasticity emerges, as found in Zr-Al-Ni-Cu 

systems [84]. Like pursuing the high GFA, it is of importance to render BMGs with 

superior plasticity without strength degradation. 

3.1.2 Tension of BMGs  

          The strength-ductility paradox in BMGs under tension is a long lasting 

problem, which is yet to be tackled for structural applications despite that substantial 

efforts have been paid over the past decades. In bulk samples with the thickness or 

diameter larger than 1 mm, there has no tensile ductility found unless they are through 

the artificial design. For example, it is found that a complex stress distribution in 
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notched BMGs resulted in a distinguished tensile ductility [281, 282]. By the 

carefully-controlled surface mechanical attrition treatment, the formation of gradient 

amorphous microstructures across the sample thickness effectively promote multiple 

shear banding, while delaying the cavitation in BMGs, thus resulting in superior tensile 

ductility [283]. However, there are numerous reports on finding the tensile ductility in 

micro- even nano-scale metallic glasses, such as films or wires [284-289]. An 

outstanding example is that the Al90Fe5Ce5 metallic glass with a size < 20 nm can be 

extremely elongated to ~ 200 % [286]. In such a small dimension, STZs will cooperate 

strongly with each other, and propagate throughout the whole sample. Meanwhile, the 

short-range or modest-range strain relaxation via atom diffusion will be considerable, 

which also assists the homogeneous deformation [285, 286].  

       The asymmetry of compression and tension in BMGs has been revealed [179]. 

Under tension, free propagation of shear bands facilitates crack opening. Only if 

structural heterogeneity exists, the free propagation could be inhibited. In comparison, 

crack evolution from shear bands is retarded even if shear banding occurs, since the 

normal pressure is available under compression, which goes against crack opening. 

This is why very limited compressive plasticity is popular, while zero tensile ductility 

prevails in BMGs. The notification of such asymmetry reminds us of importing 

structural heterogeneity in BMGs so as to improve the plasticity and toughness. 

3.1.3 Size-dependent mechanical properties 

Due to that metals and alloys are most common in their polycrystalline 

form, the interaction between defects and grain boundaries is particularly interesting. In 
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bulk, grain boundaries act as obstacles to dislocation motion as conveyed through the 

classical Hall–Petch relation, describing the characteristic increase in the yielding 

strength of polycrystalline metals with decreasing the obstacle distance, down to the 

grain sizes of about 40 nm [290]. However, when the grains are reduced to about 40 

nm, the polycrystalline metals cannot accommodate multiple dislocations, which 

engages alternative plastic-deformation mechanisms like grain-boundary sliding, 

partial dislocation emission, and absorption at grain boundaries [291]. At grain sizes 

below 20 nm, the Hall–Petch relation gives way to the so-called ‘‘inverse’’ Hall–Petch, 

manifested through softening with the decreased grain size due to the activation of the 

grain boundary-assisted deformation. 

But for amorphous alloys without dislocations and grain boundaries, 

although the size-dependent mechanical response is existing, the deformation 

mechanisms are totally different from those in crystalline alloys. As discussed above, 

most of BMGs exhibit zero tensile ductility and little compressive plasticity at room 

temperature. In comparison, when the diameter or thickness of MGs is reduced to 

micro- and / or nano-scale, the pronounced tensile ductility and compressive plasticity 

are available, accompanied by serrations on the stress-strain curves after yielding 

[284-289, 291-293]. Upon decreasing the diameters of amorphous alloys, the 

deformation shows more pronounced intermittent characteristics, which is due either to 

the more frequent initiation of new shear bands or to repeated post-initiation growth 

(reactivation) of pre-existing shear bands in multiple steps. 
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From the values of the yielding strength measured from a large number of 

Cu-based and Zr-based micropillars [284, 294], there is no dependence of the yielding 

stress on the pillar diameter over the current size scale, since the strength of amorphous 

alloys is essentially controlled by the interatomic bonding and has a roughly linear 

relationship with the elastic modulus [226]. In other words, “smaller is stronger’’ is not 

present in amorphous alloys, as observed in nano-sized crystalline alloys due to 

dislocation nucleation rather than multiplication controlled mechanisms.  

As far as the size-dependent plasticity is concerned, the tensile ductility and 

compressive plasticity are easily obtained in micro- and nano-scaled amorphous alloys 

even if in very brittle Fe- and Mg-based alloys [292, 295]. Greer et al. [291] gave some 

explanations for the size-dependent plasticity in amorphous alloys, as discussed below. 

Due to larger stress drops in smaller diameter pillars, a shear band tends to stop. 

Consequently, it requires the re-building of the stress to re-activate the pre-existed 

shear bands or to initiate another one. In a thick pillar, a propagating shear band has a 

less opportunity to stop due to small load drops. Specially in BMGs, the nucleation of a 

shear band may directly lead to the catastrophic failure. In this sense, the deformation 

of larger specimens is essentially controlled by the nucleation of shear bands. With 

decreasing the sample diameter, however, the frequent arrest of shear bands indicates 

that the deformation becomes more likely controlled by shear-band propagation. 

Therefore, more serrations dominate with decreasing the sizes, which is related to 

larger plasticity. And the improved plasticity is easily obtained.  

3.2 Deformation of MGMCs under quasi-static compression  
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3.2.1 Compression at room temperature  

Since most engineering materials serve at room temperature, it is popular to 

study the room-temperature mechanical behaviors. As stated above, the introduction of 

secondary crystalline phases in BMGs as the structural heterogeneity effectively 

improves the room-temperature toughness. The secondary phases themselves act as 

carriers to absorb the plasticity. And profuse shear bands induced by the blockage of 

shear-band propagation can accommodate more plasticity [95, 101].  

1) Compression of ex-situ composites  

As far as ex-situ MGMCs are concerned, especially for intermetallics 

particle-reinforced composites, the improvement of plasticity mainly origins from 

resultant multiple shear bands, while the carrier absorbability by particles themselves is 

little, as the dislocation proliferation in hard and brittle intermatallics is very difficult. 

On contraries, in ductile-metal particles or metal-fiber reinforced MGMCs, both shear 

bands and metal carriers contribute to the macroscopic plasticity.  

Here, we first give a brief statement on the long fiber / metallic glass 

composites. MGMCs reinforced with 110-μm and 250-μm-diameter STS304 stainless 

steel fibers are referred to as ‘S1’ and ‘S2’, respectively, and the LM1 BMG is referred 

to as Vit1 [66]. The SEM image of the S2 composite is shown in Figure 32(a) [66]. The 

STS fibers are randomly distributed in the matrix, and their volume fraction is about 65 

and 68 % in the S1 and S2 composites, respectively. Figure 32(b) shows typical 

engineering compressive stress–strain curves of the LM1 alloy and S1 and S2 

composites [66]. The yielding and maximum strengths of the LM1 alloy are 1,664 
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MPa, and the plastic strain is hardly observed. In the S1 composite, the maximum 

strength is 1,062 MPa, and the fracture does not take place even above the strain of 32 

%. The maximum strength of the S2 composite is 1,204 MPa, which is slightly higher 

than that of the S1 composite, but the fracture starts at the plastic strain of 11 %. 

Overall, the long fiber-reinforced MGMCs exhibit large compressive plasticity under 

quasi-static loading at room temperature [56, 59, 60, 66, 296]. 

The deformation mechanisms of fiber-reinforced MGMCs are mainly from 

Ref. [296]. After carefully checking the fracture morphologies, it is found that the 

failure mode of the tungsten composite may change from the shear fracture to splitting 

fracture with increasing the fiber volume fraction [296]. Shear and splitting fracture 

mechanisms at room temperature are discussed as below [296]. Usually, the 

shear-fracture angle under compression is less than 45ᵒ. Thus, the Mohr-Coulomb 

criterion has been used to explain the deviation from the maximum shear-stress plane in 

monolithic metallic glasses by taking the normal stress into account. This critical 

shear-fracture condition can be expressed as [296, 297]: 

                    0 0θ θτ τ μ σ= +                               (24) 

where 0τ  is the critical shear strength on the shear-fracture plane without a normal 

stress, 0μ  is a constant of the material, indicating the effect of the normal stress on the 

shear-fracture plane, and θτ  and θσ  are shear and normal stresses on the 

shear-fracture plane. According to the rule of mixtures in the fiber-reinforced 

composite, 0τ  in Eq. (24) can be expressed as: 

                          0 (1 )m f f fV Vτ τ τ= − +                           (25) 
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where mτ  and fτ  are critical shear strengths on the shear-fracture plane of the 

metallic glass matrix and the tungsten fiber, respectively. In addition, shear and normal 

stresses, θτ  and θσ , on the shear-fracture plane of the composite can be written as: 

sin cosshear c cθτ σ θ θ=       (26a)                   

                              2sinshear cθσ σ θ=                            (26b) 

where shearσ is the compressive fracture strength of the composite failed in a shear 

mode, and cθ  is the actual shear-fracture angle. Substituting Eqs. (25), (26a), and 

(26b) into Eq. (24), one can obtain: 

               2
0(sin cos sin ) (1 )shear c c c m f f fV Vσ θ θ μ θ τ τ− = − +              (27) 

Since the fracture strength of the tungsten fiber is higher than that of Vit1, 

this critical shear strength, fτ , should be higher than mτ . As a result, the compressive 

fracture strength, shearσ , of the composite will increase with increasing the fiber 

volume fraction, as schematically illustrated in Figure 33(a) [296]. With increasing the 

fiber volume, the splitting fracture mode can be easily observed. Besides, multiple 

shear bands are distributed between the fibers. The failure of the composite can be 

reflected microscopically by the competitive processes between the shear-band 

development in the matrix and splitting fracture of the tungsten fiber. 

It is supposed that there exist critical shear fracture stresses on the 

shear-fracture plane, 1V
θ

τ  and 2V
θ

τ , for composites with fiber volume fractions of V1 

and V2, respectively (V1 < V2). Shear fracture may occur for the two composites, when 

the following conditions are satisfied: 

                   1 1 1 1

0 0

V V V V
θ θ

τ τ μ σ= +                              (28a) 
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                   2 2 2 2

0 0

V V V V
θ θ

τ τ μ σ= +                              (28b) 

where the superscript denotes the parameters under the V1 and V2. 1

0

Vμ  and 2

0

Vμ are 

almost equal, as the fracture angles are very similar. 0τ  increases with increasing the 

fiber volume fraction. Therefore, 2

0

Vτ  should be higher than 1

0

Vτ . One can obtain two 

critical shear fracture conditions from Eqs. (28a) and (28b), which are represented by 

the two lines, AB and CD, as illustrated in Figure 33(b) [296]. Constant 1

0

Vμ  and 2

0

Vμ  

represent the slopes of the two lines. The Mohr circle represents the stress state of the 

composite under compression. A certain point on the Mohr circle represents normal and 

shear stresses on a plane. The diameter of the Mohr circle represents the applied 

compressive stress along the loading axis and will enlarge with increasing the applied 

load. The specimen will fail in a shear mode, when the Mohr circle touches one of the 

two critical shear-fracture lines. At this time, the diameters of the two Mohr circles, 

1

shear

Vσ  and 2

shear

Vσ , in Figure 32(b) represent the compressive fracture strengths of the 

composite - i.e., 

                    
1

01

1 1

0 0

2

2

1 ( )shear

V
V

V V

τ
σ

μ μ
=

+ −
                         (29a) 

                    
2

02

2 2

0 0

2

2

1 ( )shear

V
V

V V

τ
σ

μ μ
=

+ −
                         (29b) 

From Eqs. (29a) and (29b), 2

shear

Vσ > 1

shear

Vσ since 2

0

Vτ  > 1

0

Vτ . For the composites with a 

higher fiber volume fraction to fail in a splitting mode, the higher the lateral strain and, 

therefore, higher compressive stresses are needed. Consequently, the critical stress for 

the splitting fracture, splitσ , will increase with increasing the fiber-volume fraction, as 

illustrated in Figure 33(a). The critical stress for the splitting and shear fracture trend 
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lines will intersect at a critical fiber volume fraction, VC, [Figure 33(a)]. As shown in 

Figure 33(b), the two critical stresses, 1V
splitσ  and 2V

splitσ , are represented by the two 

vertical lines, EF and GH, respectively. For the low-volume-fractioned composites, 

1 1<V V
shear splitσ σ . As the applied load increases, the stress Mohr circle, a, will first contact 

the critical shear fracture line, AB, prior to the critical splitting fracture, line EF, and the 

composite will fail in a shear fracture mode. For the composites with a volume fraction 

of fibers of V2, 2 1V V
shear splitσ σ> . In this case, the stress Mohr circle, b, will first contact the 

critical splitting fracture line, GH, prior to the critical shear-fracture line, CD, and the 

composite will fail in a splitting mode. Consequently, shear fracture will occur at Vf  < 

Vc, whereas the splitting fracture happens when Vf  > Vc. 

          Although tungsten fibers have the super high strength of about 3,500 MPa, 

little ductility can be obtained [298]. In comparison, Ta fibers [65] or stainless steel 

fibers [65] possess larger ductility, and splitting would not easily occur in these 

composites.  

         Besides the long fiber / MGMCs, the mechanical performances of short fibers 

or particles / MGMCs are attractive. Figure 34 displays the specific fracture strength 

and compressive plasticity of a series of monolithic BMGs and ex-situ 

particle-reinforced MGMCs [48]. It is noted that the Mg65Cu25Gd10 MGMC with 40 

vol.% Ti powders is found to have a high specific strength of 3.3 × 105 Nm / kg with the 

remarkable plastic deformation of 40 % [48], suggesting a novel guideline to develop 

Mg-based alloys having high specific strength with high ductility. 

2) Compression of in-situ composites 
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As discussed above, the nanocrystal-reinforced MGMCs exhibit notable 

compressive plasticity, since not only the nanocrystals can act as obstacles to impede 

the fast propagation of shear bands [74-82], but also the nanoscale heterogeneity in 

amorphous alloys could act as precursors for the multiplication of shear bands [83-85]. 

An analogous function is found in dendrites or Ta solid-solution / MGMCs.  

Besides, the larger-sized dendrites or Ta particles are easier to absorb the 

plastic-strain energy than the small-sized nanocrystals, since the severe lattice 

distortion and local amorphization in the dendrites, as well as pile-ups of dislocations 

close to the interface between the dendrites and the glass matrix upon straining, are 

jointly responsible for the accommodation of compressive plastic strains [248]. For 

such kinds of stable solid solutions, almost no phase transformation happens during 

plastic deformation [69, 94, 95, 101]. There are only a few studies indicating the 

deformation-induced phase transformation in β-Ti dendrites [299] and crystallization 

of the amorphous matrix in the (Cu60Zr30Ti10)0.95Ta5 composite upon room-temperature 

compression [300]. Taking Zr58.5Ti14.3Nb5.2Cu6.1Ni4.9Be11.0 composites as an example, 

the compositions of the dendrites and the glass matrix are to be 

Zr66.52Ti15.07Nb8.06Cu9.74Ni0.60 and Zr49.79Ti12.90Nb2.85Cu20.77Ni13.70, respectively [248]. 

Noted that Be is not detected by EDS, and it is almost all enriched in the glass matrix. 

Figure 35 shows the compressive engineering stress-strain curves of the composites, 

dendrites, and glass matrix, respectively. The yielding strengths of the composites, 

dendrites, and glass matrix are about 1.3, 0.8, and 2.0 GPa, respectively. The high 

yielding strength and zero plasticity are for the glass matrix, while the low yielding 
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strength and large plasticity for the dendrite. The dual-phase composites split the 

difference, combining the high yielding strength and large plasticity. The yielding 

strength of the composites is simply calculated by the RoM model: 

                (1 )c d d d gf fσ σ σ= + −                            (30) 

where cσ , dσ , and gσ are the yielding strengths of the composite, dendrite, and glass 

matrix, respectively, and fd is the volume fraction of dendrites. Equation (30) yields 

cσ = 1.34 GPa, which is in good agreement with the experimental value of 1.3 GPa. 

For another kind of in-situ MGMCs, transformation-mediated ductilization 

composites [128, 129], multiple yielding occurs. For Cu-Zr-Al MGMCs, triple yielding 

dominates, and the mechanisms that are responsible for the triple yielding are as 

follows: (1) the first yielding results from the yielding of the B2 CuZr phase and the 

initiation of its martensite transformation (MT); (2) the second yielding originates from 

the combined action of the further development of MT and the multiplication of shear 

bands; and (3) the third yielding is due to the formation of a high density of dislocations 

and partial detwinning [129].  

3.2.2 Compression at high temperatures 

Subjected to the high-temperature surroundings, BMGs or the glass matrix 

in MGMCs are easily crystallized. The crystallization has a great effect on the 

mechanical properties of BMGs or MGMCs [70]. 

1) Compression of ex-situ composites at high temperatures 

Figure 36 shows compressive stress–strain curves at four different test 

temperatures (77, 294, 373, and 473 K) for 60 vol. % Wf / Zr-based MGMCs [59]. The 
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yielding strength and total strain are distinctly influenced by the testing temperatures. 

The yielding strength is 2,800 MPa at 77 K and 1,670 MPa at 473 K. The 

room-temperature yielding strength is 2,100 MPa. Obviously, the temperature 

drastically affects the compressive strength and plastic strain of composites. For the 

metallic glasses, softening takes place, subjected to high temperatures [301], while for 

W fibers, decreased yielding points are available at high temperatures. Ultimately, 

decreased plastic flows with the temperature are obtained.  

2) Compression of in-situ composites at high temperatures 

In-situ dendrite / MGMCs as promising materials are rarely studied on their 

mechanical properties at high temperatures. Actually, the use of in-situ MGMCs in 

commercial applications requires an understanding of how they behave at elevated 

temperatures. Presently, the high-temperature deformation of in-situ 

Zr39.6Ti33.9Nb7.6Cu6.4Be12.5 composites with Tg of 600 K is investigated. Figure 37 

shows the comparison of the stress–strain responses at various temperatures of testing 

(300, 550, 600, and 650 K) [302]. From Figure 37(a), at room temperature (300 K), 

which is well below Tg of the composite, the yield strength is sensitive to the strain rate, 

but the effect is not as pronounced as that seen at T = 650 K. When the testing 

temperature is increased to 550 K, i.e., T < Tg, the composite’s stress–strain response 

becomes completely rate insensitive with all the plots, as shown in Figure 37(b). When 

the testing temperature is increased to 600 K, i.e., T = Tg, the yielding strength of the 

composite decreases, relative to room temperature, when tested at a strain rate of 10−4 
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s−1 in Figure 37(c). At 650 K, i.e., T > Tg, the positive strain-rate sensitivity prevails 

from Figure 37(d). Specially, at a strain rate of 10 s−1, softening happens.  

In-situ dendrite / La-based MGMCs exhibit homogeneous flows at high 

temperatures [303]. In those composites, with a low reinforcement volume percentage, 

the flow behavior is dominated by the properties of the matrix phase. Above the 

threshold / critical volume fractions of dendrites, the deformation of La dendrites is 

dominating the composite properties. The dendrite / MGMCs have a higher strength 

than single amorphous phases at high temperatures due to the dendrite-phase hindering 

the viscous flow of the glassy matrix, unlike the room-temperature deformation 

behavior. Besides, Fu et al. [70] have studied the high-temperature deformation 

behavior of in-situ intermetallics / Zr-Cu-Al compsites. Inhomogeneous flows and 

apparent brittle fracture were observed at low temperatures, with a transition to the 

homogeneous flow at high temperatures. During the inhomogeneous deformation, as 

the volume percentage of the second phase increases, the flow stress increases, from 

two separate contributions: the load transfer from the amorphous matrix to the 

reinforcements and direct hardening of the glassy matrix due to changes in the glass 

composition and structure upon the precipitation of reinforcements [70]. 

3.2.3 Compression at low temperatures  

It has been demonstrated that the improved plasticity together with the 

increased strength could be obtained for monolithic BMGs at cryogenic temperatures, 

such as at the liquid-nitrogen temperature (77 K) [304-306]. The serrations in the 

stress-strain curve disappear at 77 K. During shear banding at cryogenic temperatures, 
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both the instantly high-temperature rise and the rapid heat conduction enable the 

disappearance of serrations, avoiding the early failure [306]. Li et al. [304] have found 

that the normalized strength, σ/E (the strength to the Young’s modulus), shows a linear 

relationship with the normalized temperature (T/Tg), and an equation can be established 

as: 

                       ( )
g

TaE b
T

σ = −                               (31) 

where σ  is the strength of BMGs, E is Young’s modulus, T is the testing temperature, 

Tg is the glass-transition temperature, and a and b are constants. Equation (31) is of 

importance to calculate the low-temperature strength. 

Mechanical properties of 70 vol. % Wp / Zr-based composites were measured 

at 693, 298, and 77 K. As shown in Figure 38(a) [307], the plastic strains decrease 

significantly upon lowering the testing temperature, i.e., over 110 % (a stopped test) at 

693 K, about 58 % at 298 K, and 20 % at 77 K, while the yielding strengths increase 

significantly, i.e., 390 MPa at 693 K, 930 MPa at 298 K, and 1,300 MPa at 77 K, 

respectively. It indicates that ex-situ MGMCs exhibit the increased strength and 

reduced plasticity at cryogenic temperatures, and analogous cases happen in in-situ Ta 

solution / MGMCs, as shown in Figure 38(b) [307]. The investigation on Ta-containing 

composites shows the increased strength with the unchanged plastic strain of 13 % 

upon lowering the testing temperature from 298 to 77 K. The yielding and maximum 

strengths obtained at 298 K are about 1,760 and 1,830 MPa, whereas at 77 K they are 

about 2,040 and 2,120 MPa — a 16 % increase. 
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By contrast, for the dendrite-reinforced MGMCs, a 

distinguishingly-increased maximum strength is available. However, a 

ductile-to-brittle transition seems to be present by lowering the temperature to 77 K, 

which is caused by the ductile-to-brittle transition of the dendrites [308]. Besides, a 

semi-empirical formula is proposed by Qiao et al. [308] to predict the maximum 

strength at 77 K for BMGs and MGMCs, as follows: 

                 0
max.77 55 gT

M
ρσ σ= Δ + Δ                         (32) 

where 0ρ  is the density, M is the molar mass, gTΔ is the temperature difference 

between the glass-transition temperature, gT , and room temperature, 0T , and σΔ is the 

average difference of the maximum strengths at 77 and 298 K, with a value of 314 ±  

80 MPa. Equation (32) is an effective prediction for the low-temperature (77 K) 

strength. 

3.3 Deformation of MGMCs under quasi-static tension 

Even if no tensile ductility at room temperature has been found in 

monolithic BMGs, it is still possible to obtain such properties in MGMCs, since the 

evolution from shear bands to cracks could be effectively retarded by the secondary 

phases. Only if the rate by the absorbance of plasticity is larger than that by crack 

opening, toughness can be definitely achieved in MGMCs under tension.  

3.3.1 Tension at room temperature  

1) Tension of ex-situ composites 

       Although a great deal of investigations on compressive properties of ex-situ 

MGMCs were conducted, studies on tensile properties were scarcely covered. As 
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early as in 1998, Conner et al. [57] have examined the tensile behavior of ex-situ 

tungsten and steel fiber / Vit 1 composites, and it was found that any tensile ductility 

could be scarcely obtained for tungsten-fiber-reinforced MGMCs, regardless of 

volume fractions of fibers. In contrast, ductile steel-fiber-reinforced composites 

possess the macroscopic plastic-deformation ability, when volume fractions of steel 

fibers are over than 60 %. Later, people found final strains of 7 and 17 % for 80 vol. 

% Ta and 80 vol. % Mo-fiber-reinforced Zr-based MGMCs, respectively [309]. 

Similarly, Lee et al. [61] detected a tensile elongation of 7 % in 60 vol. % Ta fiber / 

Vit 1 composites. At the meantime, however, almost brittle fracture upon quasi-static 

tension was the result for 60 vol. % W fiber composites [61]. It is known that tungsten 

fibers have a higher strength than typical Zr-based BMGs, such as Vit 1 [310]. But the 

elongation of composites is hardly enhanced due to the brittleness of tungsten fibers. 

Consequently, the above excellence in ductile fiber-reinforced MGMCs can be 

explained in terms of the following mechanisms of thermally stable and ductile 

reinforcing fibers: (1) blockage of crack propagation, (2) multiplication of shear bands 

inside the matrix, (3) plastic deformation of fibers, and (4) fracture prevention by 

bridging effects. Besides, tensile ductility in brittle fiber / MGMCs at room 

temperature is hardly achieved, since the fiber pullout or fiber / matrix interfacial 

debonding frequently found in typical fiber-reinforced matrix composites is hardly 

observed. [42, 57].  

2) Tension of in-situ composites 
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For in-situ MGMCs, the crystalline phases with lower shear moduli than the 

resulting glasses are distributed within the glass matrices. Upon loading, the 

propagation of shear bands can be arrested by the soft crystalline phases, the length 

scale of which matches the plastic-zone size of the glass matrices [94, 95]. As a 

consequence, the tensile instability can be suppressed, and the significantly-improved 

toughness prevails. 

Figure 39 plots the ultimate strength and tensile ductility of various in-situ 

MGMCs, including dendrite-reinforced, Ta-solution-reinforced, and 

transformation-mediated composites in La-, Zr-, Ti-, and CuZr-based alloy systems 

[90, 94, 99, 101, 103-105, 108, 109, 113, 126, 132, 160, 311-313]. The 

dendrite-reinforced La-based MGMCs exhibit low strength due to the intrinsic low 

strength of La [108]. For other kinds of composites, high strengths are easily obtained. 

It is noted that although the macroscopic tensile ductility is achieved, most these 

composites soften rather than work harden after yielding. An exception is that the 

transformation-mediated MGMCs possess the work-hardening capacity upon tension, 

due to the stress-induced martensitic transformation from B2-CuZr to B19′-ZrCu 

[126, 132]. Another exception is that the role of β phases surrounding α phases 

prevents the formation of twins, and, thus, work hardening occurs in dendrite 

composites [103, 311]. Homogeneous deformation together with work hardening is of 

importance for engineering structural materials, avoiding early localized failure. 

Therefore, how to design MGMCs with distinguished work hardening upon tension at 

room temperature would draw more attention in the scientific and technical fields.   



Page 75 of 298

 

75 
 

3.3.2 Tension at high temperatures 

For actual structural engineering applications of MGMCs, many kinds of 

extreme conditions other than quasi-static loadings at room temperature should be 

appreciated. For instance, the high-temperature mechanical behavior, such as in the 

supercooled liquid region (SLR), is scarely studied. Previously, the superplastic 

deformation of monolithic BMGs and superplastic formability are widely observed, 

although nanocrystals precipitate after high-temperature deformation [314-316]. 

These BMGs are observed to exhibit Newtonian behavior at low strain rates but to 

become non-Newtonian at high strain rates [314, 315]. It is not clear what would be 

the flow behavior, when the volume fraction of secondary phases is higher in contrast 

to the very low-volume fractioned nanocrystals, precipitated in monolithic BMGs. 

 Figure 40(a) presents the tensile true stress–strain curves of ex-situ porous 

tungsten / Zr-based metallic-glass interpenetrating composites, with Tg of 628 K and 

Tx of 701 K, spanning a wide range of temperatures at a strain rate of 1 × 10-4 /s 

[317]. The inset is the microstructure with a volume fraction of W phases of 80 %, 

and the morphology of amorphous phases (dark) is irregularly distributed. At room 

temperature, the composite experiences brittle fracture. When the temperatures vary 

from 618 K to 718 K, all curves show the stress overshoot at the first deformation 

stage, followed by obvious “work-hardening’’ phenomena [317]. The W phase 

dominates the deformation processes due to its high volume fraction and strength. The 

existence of amorphous phases is beneficial to the deformation and formability in the 

supercooled liquid region. 
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  Figure 40(b) displays the stress-displacement curves of in-situ dendrite / 

Ti-based MGMCs at 613 K with a volume fraction of dendrites of 43 % (Tg being 

about 603 K, and the SLR being about 30 K) [318]. The composites exhibit softening 

after yielding and expected tensile ductility in the SLR. The inset in Figure 39(b) 

presents the pictures of the tensile specimens before and after tension. Obviously, the 

local necking occurs, and the specimens are drawn to a point, which gives the 

evidence of softening. The average tensile strength is about 970 MPa at a high 

temperature of 613 K, compared to the 1,640 MPa at room temperature [101, 318]. 

The presence of dendrites within the glass matrix distinguishingly increases the 

viscosity of the composites at high temperatures. Consequently, the superplastic 

elongation is absent for in-situ dendrite composites. 

Figure 40(c) shows the tensile true tress–strain curves at 693 K (Tg of 669 K 

and SLR of 94 K) for the in-situ Ta-particle-reinforced MGMCs with a composition 

of Zr55.9Cu18.6Ni10Al7.5Ta8 (at. %) [319]. All curves are characterized by a stress 

overshoot in the initial stage of deformation, followed by a steady-state flow with a 

stress plateau in the extended strain region. The peak of the stress-overshoot 

increases, as the strain rate increases, while the steady flow stress seems to be 

independent of the strain rate with an average value of about 25 MPa. It is noted that 

super elongation is obtained regardless of strain rates, as shown in the inset, similar to 

that in the monolithic BMGs. In contrast to the behavior in dendrite-reinforced 

MGMCs [318], the low-volume-fractioned Ta solution of 10 %, as exhibited in the 

inset, could not effectively withstand the viscous flow of the glass matrix in the SLR. 
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Besides, superplastic compression is achieved for this kind of composites [320]. 

Marandi et al. [321] recently developed a constitutive description of in-situ dendrite / 

La-based MGMCs, which is able to describe the stress–strain responses observed, and 

there was a good correlation with the experimental data. 

3.3.3 Tension at low temperatures  

Although the enhanced plasticity, together with the increased strength, is 

obtained for the monolithic BMGs upon low-temperature compression [304-306], 

the tensile ductility is not improved [216]. It was observed that the macroscopic 

fracture mode varies from the ductile shear fracture to brittle normal tensile fracture, 

and the microscopic fracture feature changes from the micron-scaled vein patterns to 

nano-scaled dimples with decreasing test temperatures, which indicate a significant 

ductile-to-brittle transition (DBT) behavior. What would happen to dual-phase 

MGMCs when the secondary crystalline phase exists is not clear. 

Figure 41(a) presents the tensile stress-strain curve of in-situ dendrite 

MGMCs with a composition of Ti48Zr20Nb12Cu5Be15 at 77 K [322]. The tensile 

strength and ductility are about 2,200 MPa, and 8 %, respectively. In comparison, 

upon the quasi-static compression at 77 K, the plasticity can attain 15 % [323], much 

larger than that upon tension. The volume fraction of bcc dendrites is approximately 

56 %, and the average span and the interval of neighboring dendrites [102] are 15 and 

10 μm, respectively [323]. The pictures of samples before and after deformation are 

shown in Figure 41(b), and it is observed that obvious necking is present, in agreement 

with softening in Figure 41(a). In contrast, work hardening dominates upon 
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compression. It is the first to obtain the low-temperature tensile ductility in in-situ 

dendrite reinforced MGMCs. The high-volume-fractioned and coarsened dendrites 

facilitate the tensile ductility even at low temperatures. Besides, 

phase-transformation-induced ductility can be ruled out, since it has been 

demonstrated that only diffraction patterns from the bcc phase after deformation can 

be detected, as shown in Figure 41(c). Analogous diffraction patterns have been 

widely reported [101, 105, 318]. Although the tensile ductility can be achieved in such 

kind of MGMCs, it is not clear whether other kinds of MGMCs exhibit similar 

mechanical behavior.  

3.4 Modeling  

Although MGMCs show enhanced ductility in experiments [89, 94, 101], the 

microstructural evolution of these MGMCs are yet to be investigated in detail, 

especially on the atomistic scales. At present, the understanding of these deformation 

mechanism topics relies mainly on post-mortem microstructure observations in 

experiments, such as, Narayan et al. [324] showed that larger dendrite sizes led to 

higher ductility, compared with smaller ones, whereas finer interdendritic spacing 

results in significant improvements in both the ductility and yield strength of MGMCs 

due to the confinement of shear-band nucleation in the glass matrix. Recently, more and 

more simulations work has been proved to be an excellent complement to experimental 

results, which allows one to explore the distinct properties of MGMCs that are not 

accessible to experiments. For example, the large-scale molecular-dynamics (MD) and 

phase-field models can be employed to investigate the effects of secondary crystalline 
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phases on the structural evolution of MG-matrix composites from the atomistic scale, 

including different inclusion shapes, volume fractions, crystalline orientations, residual 

stresses, and atomic bonding conditions, as discussed below  [325-327]. 

3.4.1 Shape effects 

The MD model is setup in the binary MG alloy Cu64Zr36 (at.%). By inserting 

discontinuous Cu particles into the Cu64Zr36 glass matrix, a mixed structure can be 

generated, with a typical geometry of this composite illustrated in Figure 41(a) [327]. 

By adjusting these structural parameters, various patterns of Cu nanocrystal- enhanced 

MGMCs can be generated as illustrated in Figure 42 [327]. Tension simulations are 

performed on three composites (I, II, and III) with different geometries of nanocrystals 

by adjusting the aspect ratio b/a (6.5, 5.7, and 3.7, respectively).  

The stress–strain curves of this set of MGMCs shows that the tensile 

stresses of MGMCs increase linearly with the applied strain in Ref. [327]. Then, an 

abrupt stress drop appears after global yielding due to the STZ localization and the 

formation of shear bands near structural inhomogeneities, such as free surfaces and 

glass / crystal interfaces, resulting in shear-banding-induced strain softening in the 

amorphous matrix [220]. Local sites with more free volumes tend to be sheared at a 

lower stress, which contributes to the initiation of individual STZs in the glass matrix, 

resulting in shear bands with the thickness of ~ 10 nm [36, 260, 327]. At 

relatively-large strains, the sudden stress drops on the stress–strain curves of MGMCs 

appear, which is attributed to the penetration of an operating shear band through the 

crystalline inclusions, as illustrated in Figure 42(c).  
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To contrast the behaviors of the composites and the monolithic MG 

sample, the typical deformation patterns of Composites I and III, and Monolithic MG 

are exhibited in Figures 42(d) and (e). From Figure 42(d), it can be observed that shear 

bands have been greatly suppressed by the nanocrystals (indicated by the arrow), 

when Composite I is deformed at a strain of 15 %. For the monolithic MG, a shear 

band initiates from the left free surface and then traverses the entire length of the MG 

sample without any resistance at a strain of 10 % in Figure 42(e), which is the typical 

deformation mechanism of monolithic MGs.  

Similar mesoscaled simulation results are also reported on the deformation 

of MGMCs with different geometries, as shown in Figure 43 [326], which display the 

representative microstructures of Comp1, Comp2, and Comp3. In Comp1, dendrites 

are represented by dispersed disks, while in Comp2, the more randomly-distributed 

dendrites form spatially-disconnected regions. In Comp3, the dendrites are highly 

stretched ellipses that form a connected framework. Figure 43 (a)-(c) show the strain 

contours of Comp1, Comp2, and Comp3, respectively, at a nominal strain of 11.5 % 

[326]. It can be observed that a fully-developed shear band exists in Comp1, while 

several shear bands started to form and propagate in Comp2, implying extensive 

plasticity prior to the catastrophic failure. In Comp3, strain is still globally distributed 

without a sign of shear-band initiation. 

From the discussion above, two mechanisms are responsible for the 

enhanced global plasticity of MGMCs, compared with the monolithic MG. Firstly, 

due to the stress concentration and strain mismatch around crystalline inclusions, STZ 
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operations in the glass matrix are promoted. Second, crystalline inclusions with 

appropriate geometry provide effective barriers to shear-band propagation.  

3.4.2 Volume-fraction effects 

Figure 44 shows the stress–strain curves of composites with various 

crystalline volume fractions of 24.2 %, 33.3 %, 43.5 %, and 50.1 %, respectively [327]. 

It can be observed that the yield strength of MGMCs is slightly lower than that of 

monolithic specimens. This stress drop of the global yielding stress becomes larger as 

vol. % increases from 14.5 % to 50.1 %. However, it can also be observed that the 

ultimate tensile stress (UTS, the first peak stress on the stress–strain curve) of the 

composites decrease first, compared to the monolithic MG, and then goes up, as the 

vol. % increases. For instance, the UTS decreases from ~ 4.6 to ~ 4.1 GPa, as vol. % 

increases from 0 % (Monolithic MG) to 24.2 % (Composite IV). However, the UTS 

goes up to ~ 5.1 GPa as the fv increases to 50.1 % (Composite VII), which is even 

greater than that of the monolithic MG. 

The atomistic mechanism for this phenomenon can be revealed by 

examining the deformation process of ‘Composite VII’ in Figure 44(b)–(d) [327]. It 

can be observed that no shear band appears under the strain of 13 % [Figure 44(b)], 

15 % [Figure 44(c)], and 16 % [Figure 44(d)], since the deformation mechanisms 

change as the vol. % increases. Because almost all of the nanocrystals have been 

plastically deformed, which provides an efficient delocalizing mechanism that helps 

transmit shear distortion from one glass subdomain to another. Therefore, in contrast 

to the shear-localization dominated global yielding for low vol. % composites (e.g., 
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‘Composite II’ with vol. % = 14.5 %), the deformation mechanism of global yielding 

of high fv composites (e.g., in ‘Composite VII’ with vol. % = 50.1 %) is governed by 

the activation of lattice slipping in the crystalline second phase, as illustrated in Figure 

44(e) and (f). Therefore, optimizing the volume fraction of the crystalline inclusions is 

extremely important in enhancing the global plasticity of MGMCs. 

3.4.3 Orientation effects 

Three composites consisting of Cu nanocrystals with various orientations 

but the same aspect ratio (b/a = 5.7) are constructed, as shown in Figures 42(f)-(h) 

[327]. The crystalline pattern of ‘Composite Inclined’ is inclined to the Y direction at 

20º, while that of ‘Composite Random’ is composed of nanocrystals randomly 

distributed and oriented in the glass matrix, which is designed to mimic the geometry of 

the dendritic trees obtained in experiments [86]. Since good plasticity of MGMCs 

relies on the efficiency in blocking the shearing paths in the glass matrix, the 

crystalline shape and orientation are two important factors in designing MGMCs. For 

‘Composite Inclined’ with θ = 20º (i.e., the tension direction inclined to the crystalline 

phase), the stress drop induced by global yielding in the stress–strain curve is 

significant, compared with the case of θ = 0º, and the deformation pattern is exhibited 

in Figure 42(f) [327] at a strain of 15 %. It can be noticed that a cross-sectional shear 

band is formed. For the deformation of ‘Composite Random’, two major shear bands 

(labeled ‘1’ and ‘2’) occur in the composite at a strain of 10 %, as indicated by the 

dashed lines in Figure 42(g) [327]. Upon interactions with the secondary crystalline 

phase, the local shear bands propagating along ‘path 1’ penetrate through the 



Page 83 of 298

 

83 
 

crystalline inclusions and merge together to form a dominant shear band, while the 

shear band along ‘path 2’ disappears, as shown in Figure 42(h), which is consistent 

with the experimental studies observed on SEM micrographs [86]. From the 

deformation patterns of ‘Composite Dendritic’ in Figure 42(g) [327], it is observed 

that shear localization is greatly restricted by the dendritic inclusions. Once nucleated 

in a dendritic tree, dislocations will move along the glide planes until being absorbed 

by the surrounding glass matrix. Therefore, the crystalline dendrites, as well as the 

orientation effects, play an important role in the structural evolution of the MGMCs.  

3.4.4 Residual stress and atomic-bonding conditions 

The MGMC simulation model used in this section consists of cylindrical 

reinforcing tungsten fibers with a diameter of 0.2 μm, which are embedded in a 

Zr-based BMG (Zr41Ti14Ni10Cu12.5Be22.5) plate with edged notches, as shown in Ref. 

[325]. In experimental studies [325], the tensile hoop stress around the interface 

would promote the cracks to propagate toward the reinforcing fibers, while the 

compressive hoop stress should deflect cracks away from the fibers. The current 

phase-field simulation would provide further information on how shear-band 

propagation affected by these two opposite residual stresses at the matrix / inclusion 

interface.  

The effects of residual stresses, as well as atomic-bonding conditions at the 

matrix/inclusion interface, on shear banding and crack propagation can be 

summarized into several deformation modes, as illustrated in Figure 45 [325]. Mode I: 

Perfect adhesion (w = 0) and no residual stress (g = 0) at the matrix/reinforcement 
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interface, cracking inside the crystalline reinforcement appears caused by shear band 

touching the interface, illustrated in Figure 45(a) and (b). Increasing the applied load, 

the shear band is triggered to split in front of the inclusion to suspend more plastic 

strains, as shown in Figure 45(b). Mode II: With the compressive residual stress (g = - 

435 MPa) at the matrix / inclusion interface, shear bands tend to occur along the 

surface of the reinforcement, as exhibited in Figure 45(c). Mode III: With the tensile 

residual stress (g = 175 MPa) at the interface, the shear band propagates straightly 

before it touches the interface, resulting in the cracking inside the inclusion, as 

displayed in Figure 45(d). Mode IV: For the interface with defective atomic bonding 

condition (0 < w <1), the shear band would split into two branches and propagate 

around the reinforcing fiber as illustrated in Figure 45(e). Mode V, in the worse 

atomic-bonding condition at the interface (w = 1), the shear-band propagation 

immediately transfers from one side of the reinforcement to the other side around the 

inclusion, as shown in Figure 45(f). 

Besides, at the continuum level, a two-phase finite-element model by 

Qiao [105] quantitatively describes macroscopic MGMC deformation mechanics. The 

model is based on a five-step deformation regime, which starts with the pure elastic 

deformation, then adds plasticity in the crystalline phase, then goes through three 

stages where both phases yield, then the crystallites harden, and finally the composite 

softens and fails. The examination of shear band–inclusion interactions indicates that 

the nucleation and diffuse transmission of numerous shear bands is critical to the 

strain delocalization [328]. 
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The current simulation results can quantitatively describe the occurrences 

of these deformation modes by characterizing the residual stresses and 

atomic-bonding condition at the matrix / reinforcement interface. Therefore, this 

simulation approach is very useful in the development and design of MGMCs with 

the improved fracture toughness and ductility. 
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4. Deformation of metallic glass matrix composites 

under uniaxial dynamic loading 

4.1 Dynamic compression and dynamic tension of BMGs 

As discussed above, usually, the mechanical performances are studied under 

quasi-static loading including quasi-static compression and tension. In engineering 

structural applications, not all the loadings on structural materials are quasi-static, and 

dynamic loadings often exerted on them [329, 330]. Usually, the strain rates are higher 

than 102/s, and they can be achieved through the Split–Hopkinson pressure bar (SHPB) 

and shock impact, etc. Regardless of BMGs upon dynamic compression or tension, 

almost brittle failure results, associated with adiabatic shearing [215, 331-336]. Under 

adiabatic circumstances, the increase of free volumes at the initial stage and the 

subsequent significant temperature rise were believed to accelerate strain softening of 

BMGs. But for conventional crystalline alloys, such as Ti and Al alloys, etc., unusual 

plastic flows come about, since there is enough time for the multiplication of 

dislocations [329, 337]. 

 In general, the temperature change and the applied mean stress that cause the 

volumetric dilatation can be linked in the following form [215]: 

                          
3

mT
B

σ
α

Δ =                                (33) 

where mσ is the superimposed mean stress (negative under tension), B is the bulk 

modulus, and α is the thermal expansion coefficient. For a typical Zr-based BMG, 

Zr56.7Cu15.3Ni12.5Nb5.0Al10.0Y0.5, mσ is ~ 2.3 GPa, B is ~ 117 GPa, and α is ~ 10−5 K−1 

[215]. Here, the temperature change is ~ 950 K, greatly higher than Tg of 670 K [215]. It 
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is reasonable to deduce a rapid drop in the viscosity within shear bands, favoring the 

nucleation of vein patterns. Similar results are broadly populated in monolithic BMGs 

[215, 331-336]. Acceleration of shear banding under high-speed dynamic loading 

makes BMGs fail very early. The existence of secondary phases may alleviate the fast 

propagation of shear bands. The spread discussion is as below. 

4.2 Dynamic compression of ex-situ composites 

Up to now, the studies on dynamic loading of MGMCs widely focus on 

dynamic compression on ex-situ MGMCs [65, 66, 338-342]. Other loading modes or 

dynamic loading on in-situ composites are scarcely investigated. Almost all the ex-situ 

MGMCs have a distinctly-improved plastic strength upon dynamic compression than 

that upon quasi-static compression. For the tungsten fiber or porous tungsten reinforced 

MGMCs, the positive rate sensitivity of the fracture strength is attributed to the large 

volume fraction of W, which is known to be highly rate sensitive [338]. Due to the high 

strength of W and Ta reinforcements, the dynamic-deformation behavior is dominated 

by shear banding in the glassy matrix, cracking along the phase boundaries, and severe 

deformation of W or Ta reinforcements [65, 338-342], similar to the behavior 

happening under quasi-static compression [343]. 

However, in the stainless-steel-continuous-fiber reinforced composites with 

a diameter of 110 μm for fibers, the shear fracture occurs rarely, and the complete 

fracture does not take place even when the fibers are severely buckled [66]. These 

fibers could interrupt the propagation of the cracks initiated in the matrix, and they 

promote the continuous deformation without fracture according to the strain-hardening 
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effect of the fibers themselves [66]. Figures 45(a) and (b) show the overall 

morphologies of the stainless steel (S) and tantalum (T) specimens after dynamic 

compression [65]. The S specimen is super-compressed into a plate, and the fibers are 

curved severely and dispersed in a radial shape. The T specimen, where the shear 

fracture has taken place, is broken into many small pieces. Unlike the S specimen, the T 

specimen has a smooth fracture surface, and pulled-out fibers are not observed. With 

the increase of fiber diameters, such as in the 250-μm-diameter-S-fiber-reinforced 

composites, fibers are not cut by shear cracks, because the fiber diameter is large 

enough to restrict the propagation of shear cracks [66]. This composite has the higher 

yielding and maximum compressive strengths and plasticity than the small 

diameter-fiber-reinforced composite because of the sufficient ductility of S fibers, the 

effective interruption of propagation of shear cracks, and the strain hardening of fibers 

themselves [66]. Based on the above research, superplasticity is expected upon 

dynamic compression for ex-situ MGMCs, which have high volume fractioned and 

large-diameter fibers. 

4.3 Dynamic compression of in-situ composites 

As early as in 2006, Lee et al. [344] have conducted dynamic compression 

on in-situ dendrite-reinforced MGMCs, and found that the maximum compressive 

strength upon dynamic loading is obviously lower than that upon quasi-static loading. 

Later, we have investigated the mechanical behavior of a series of in-situ Zr- and 

Ti-based MGMCs [90, 158, 172, 173], and all the studied composites unveil brittle 

failure upon dynamic compression. Furthermore, the absence of plasticity generally, 
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observed for the dynamically-fractured samples, may be due to the insufficient time for 

the formation of multiple shear bands and low resistance to fracture [173]. 

Interestingly, the failure strength under dynamic loading is approximately equal to the 

yielding strength under quasi-static compression for such kind of dual-phase 

composites [173]. Very recently, Chen et al. [345] found a similar shear banding 

behavior in an in-situ dendrite / Zr-based MGMCs. Based on the calculation, the 

mismatch between the shear-band toughness of these two phases decreases with 

increasing strain rate. The shear-band toughness in dendrites is much higher than that in 

the amorphous matrix in the quasi-static condition, while these values become close for 

the dynamic situation [345]. Therefore, it is reasonable to deduce a brittle fracture upon 

dynamic loading. 

However, a breakthrough comes about. Striking plasticity upon dynamic 

compression for dendrite / Ti- and Zr-based MGMCs attains [346-348]. The common 

feature in these composites, which possess the plastic-flow ability at room temperature, 

is the special microstructure, characterized by both coarsen and high-volume fractioned 

dendrites and “ductile framework” [346, 347]. Even the work-hardening capacity under 

dynamic compression is programmable by tailoring the microstructure [346]. 

Here, an example is shown. Ti-based in-situ composites have a normal 

composition of Ti62Zr12V13Cu4Be9 with a diameter of dendritic arms of 3 - 5 μm, and 

the volume fraction of dendrites is about 60 % [348].  

Figure 47(a) [348] displays the engineering stress-strain curve of the 

Ti62Zr12V13Cu4Be9 in-situ MGMCs upon quasi-static compression with the strain rate 
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of 10-3 /s. The yielding strength is about 1,350 MPa, and the plasticity prior to failure is 

38.4 %. It is worth noting that the approximately linear work-hardening behavior 

dominates, once the yielding happens until the final fracture. Figure 47(b) [348] shows 

the fractograph of the deformed samples upon quasi-static compression. It is deduced 

that the final fracture is along the primary shear bands with a shearing angle of about 45 

deg. with respect to the loading direction. The magnified deformation region near the 

crack is presented in Figure 47(c) [348]. Numerous shear bands with a spacing of about 

2 μm are homogeneously distributed on the lateral surface of the deformed samples, 

which is in accordance with the large compressive plasticity.  

Figure 47(d) [348] exhibits the engineering stress-strain curves upon 

high-speed dynamic compression with varying strain rates in the range of 1,400 – 2,500 

/s. It is amazing to note that all the composites upon varied dynamic loading exhibit 

plastic flows, and most of tested samples are not broken. Instead, the barreling happens, 

indicating the macroscopic plastic deformation, and stable flows prevail during 

barreling. Here, the maximum plastic-flow stresses are simply taken as the yielding 

stresses. Then, the yielding stresses are over than 1,525 MPa, distinguishingly higher 

than the yielding stress of 1,350 MPa upon quasi-static compression. The increased 

yielding stress, together with remarkable plastic flows, renders this in-situ dendrite / 

MGMCs promising as engineering materials under dynamic loading.   

Figure 47(e) [348] presents the SEM image of the magnified lateral surface. 

Multiple shear bands are distributed over the whole lateral surface. The obvious 

barreling, shown in the inset of Figure 47(e), gives an evidence of plastic deformation. 
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Microscopically, the ductile dendrites accommodate plasticity, characterized by the 

multiplication of dislocations and lattice distortions, together with the appearance of 

Moiré patterns [348]. 

Here, the Johnson-Cook (J-C) plasticity model [349] is employed to model the 

flow behavior of this composite. The J-C model represents the von Mises flow stress, σ, 

as a function of the equivalent plastic strain, ε, equivalent plastic strain rate, ε , and 

temperature, T, as follows: 

              *( )(1 ln *)[1 ( ) ]n mA B Tσ ε ε= + + −                     (34) 

where A, B, C, and m are constants, n is strain hardening exponent, *ε  is the 

normalized equivalent plastic strain rate (typically normalized to a plastic strain rate of 

10-3 /s), i.e., 0*= /ε ε ε  (ε  and 0ε  are the applied strain rate and the referred strain 

rate, respectively), and T* is the homologous temperature defined as: 

* ( ) / ( )room melt roomT T T T T= − −                       (35) 

where T is the material temperature, Tmelt is the melting temperature, and Troom is the 

room temperature. In the current analysis, the dynamic compression occurs at room 

temperature. Thus, the temperature effect is ignored. As a consequence, Eq. (35) can be 

rewritten as follows: 

                     ( )(1 ln *)nA Bσ ε ε= + +                          (36) 

By fitting the flow curves in Figure 47(d) based on the J-C model, the constitutive 

relationship for the current in-situ dendrite / MGMCs is obtained as:  
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0.03(1350 54 )(1 0.003ln *)σ ε ε−= + + . The experimental and theoretical values become 

very close. The J-C model plays an important role in predicting the flow stress upon 

dynamic compression for this kind of dendrite / MGMCs.  

Besides, the dynamic compression of B2 CuZr / Cu46Zr46Al8 MGMCs has 

been studied in our group [322]. Previously, the phase-transformation-induced 

plasticity has been widely found in in-situ CuZr-based BMGMs ductilized by a shape 

memory CuZr (B2) phase [127, 129, 132]. It is worth noting that almost all the 

mechanical testing is under quasi-static tension and compression, and the high-speed 

loading to such composites has yet to be investigated. It is first to conduct the dynamic 

compression to Cu46Zr46Al8 MGMCs, synthesized by suction casting with a diameter of 

5 mm, and the stress-strain curves are exhibited in Figure 48 [322]. When the strain 

rates are lower than ~ 103 /s, only elastic deformation happens, and the composites have 

not entered into the plastic deformation. By contrast, when the strain rates are higher 

than ~ 103 /s, both elastic and plastic deformations take place. Although these 

composites exhibit high strengths, the scattered strengths exist upon dynamic loading, 

and a similar phenomenon is found in brittle Mg- and La-based BMGs [350]. 

Remarkably, a plastic strain of about 1 % can be found, different from the brittle 

fracture for Mg- and La-based BMGs, indicating the occurrence of phase 

transformations upon dynamic loading. It has been demonstrated that during 

deformation of CuZr-based composites, polymorphical nanocrystals precipitate and 

subsequently these nanocrystals undergo twinning [127]. The formation of such 
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structural heterogeneities hampers shear-band generation and results in 

macroscopically detectable plastic strains. 

4.4 Dynamic tension of ex-situ composites 

As discussed above, almost brittle rupture occurs for monolithic BMGs 

upon dynamic compression and tension. However, very recently, we found a certain 

tensile ductility of about 1 % for Vit 1 BMGs upon dynamic tension with a strain rate of 

about 620 / s, as displayed in Figure 49(a) [322]. Profuse shear bands are distributed on 

the lateral surface of the deformed samples, as shown in the inset in Figure 49(a). The 

gauge diameter of BMG samples is about 2 mm. Without doubt, this is first time to 

obtain tensile ductility in BMGs under high-speed dynamic tension. The detailed 

deformation mechanism should be focused on further studied.  

In contrast to the substantial compressive deformation behavior of 

MGMCs investigated, there are limited data to reveal the tensile properties of the 

composites, especially the dynamic tensile deformation behavior. Wu et al. [351] 

reported that there existed significant asymmetry phenomena, including failure mode, 

failure stress, and plasticity under compression and tension for Zr-and Ti-based 

MGMCs, indicating that it is essential to investigate the tensile behavior of MGMCs for 

drastically understanding the failure behavior of BMGs or MGMCs. 

It has been verified that the Pd40Ni40P20 BMGs behave brittle fracture upon 

dynamic tension, remarkably similar to the behavior upon quasi-static tension [352]. 

What would happen for ex-situ porous W / MGMCs under dynamic tension? Figure 

49(b) displays the true stress-strain curves of ex-situ porous W / MGMCs under tension 
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at different strain rates [353]. Although the fracture strength increases with strain rates, 

this kind of ex-situ composites behaves as the brittle rupture. Cavities and cracks are 

widely observed on the fracture surface, as shown in the inset of Figure 49(b) [322]. 

The cracks mainly prefer to propagate through the W phase (marked by rectangle) or 

along the interface between the metallic-glass phase and the W phase (marked by 

ellipses) rather than through the metallic glass phase [353]. The study reminders us of 

avoiding the usage of such kinds of composites upon dynamic tension. In contrast, 

high-strength flexible laminates [354] give a response to plastically strain upon 

dynamic tensile loading due to strain rate hardening. 

4.5 Hypervelocity impact of MGMCs 

Ascribed to striking mechanical properties, BMGs and MGMCs are 

particularly attractive in military and space applications, where this kind of advanced 

material may be subject to the high-velocity impact during service. Therefore, it is of 

essence to study the deformation behavior under high strain rates to clarify their 

underlying deformation mechanisms and widen their practical applicability. Up to now, 

the strain rates produced by the SHPB technique are usually limited within 102 – 103 / s, 

which are insufficient to deeply probe the deformation behaviors of BMGs subjected to 

the hypervelocity impact, for instance impacted by space debris or micrometeoroids in 

space exploration. 

Nowadays, a few investigations have addressed the high impact velocity 

shock response of monolithic BMGs [355, 356]. The plate-shaped Zr51Ti5Ni10Cu25Al9 

BMG samples were impacted at the velocities of 1.40, 2.59, 3.36, and 4.27 km/s with 
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the spherical aluminum projectiles launched by a two-stage light gas gun [356]. It is 

found that the damage morphologies of the post-impact samples present three different 

regions: melting area, owing to the kinetic energy of projectile converted into heat; 

vein-pattern area, attributed to the failure of the sample in a compression-shear mode 

during the impact process; and a radiate core feature area, caused by the occurrence of 

spallation under tensile stress [356]. Besides, no phase transformation takes place after 

hypervelocity impact [356]. 

For the ex-situ MGMCs, as early as in 2000, ballistic tests have been 

performed to fire 85 % (vol. %) Wf / Vit 1 MGMCs into 4130 steel and 6061 T651 

aluminum targets. The composite rods failed by localized adiabatic shear banding and 

exhibited self-sharpening behavior [357]. The penetrator performance was 10 - 20 % 

better than the tungsten-heavy-alloy penetrators of comparable aspect ratios [58, 357]. 

The Wf / Cu82Al10Fe4Ni4 composites bear similar good self-sharpening property to the 

above composites, since the failure mode of the composite projectile during penetration 

is the rapid peeling of tungsten fibers from the projectile [358]. Meanwhile, it can be 

found that the microstructure-morphology change of Wf / Cu82Al10Fe4Ni4 composites 

occurs after the hypervelocity impact [358]. The long rod penetration experiments of 

tungsten-fiber / Zr-based metallic glass matrix composite (WF/Zr-MG) and tungsten 

heavy alloy (93W) into Q235 steel targets are conducted by employing H100 smooth 

bore artillery within the speed range from 765 m/s to 1,809 m/s [359]. The experimental 

results indicate that the WF/Zr-MG rod has much better penetrating performance than 

the 93W rod, when the penetration velocity exceeds 1,000 m/s. The deformation and 
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shear failure of the WF/Zr-MG composite mainly occurs in the edge layer of the rod 

nose during the high-speed penetration, and it displays the localizing and sharpening 

features. 

The difference in spall behavior between the Vit 1 and in-situ 

dendrite-reinforced composite (Zr56.3Ti13.8Cu6.9Ni5.6Nb5.0Be12.5) was studied by Zhuang 

et al. [360] The spalling in Vit 1 was induced by shear localization, while in β dendrite 

composites, it was due to debonding of the β phase boundary from the matrix. The spall 

strengths at strain rate of 2 × 106 / s were determined to be 2.35 and 2.11 GPa for Vit 1 

and the composite, respectively [360]. The more brittle a BMG is, the more likely it is 

to experience severe spalling. Hamill et al. [361] have also investigated the spalling 

behavior of in-situ dendrite-reinforced MGMCs. Vit 1 is subject to poor shock-spalling 

behavior, even resulting from impacts with small Al projectiles. However, the in-situ 

composites are shown to have excellent combinations of hardness and toughness for 

use as shields. 

4.6 Comparison among bulk metallic glasses and composites, and 

other materials 

Lacking dislocations in BMGs, it is impossible to reach steady-state plastic 

flows upon dynamic loading, although serrations are frequently observed on the 

stress-strain curve upon quasi-static compression at room temperature. Compared to 

the mechanical behaviors of BMGs upon dynamic loading, ex- and in-situ MGMCs are 

rendered to be good candidates for military and space applications, ascribed to their 

good self-sharpening property.  
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5. Fracture toughness of bulk metallic glasses and 

metallic glass matrix composites 
As an indispensible parameter for the application of structural materials, 

fracture toughness represents the resistance of materials to the propagation of cracks. 

The higher fracture toughness corresponding to the large energy absorption before 

fracture indicates the better damage tolerance. As promising engineering materials, the 

investigations on the fracture toughness of metallic glasses, especially the MGMCs, 

have been conducted in recent decades. This part will focus on the fracture-toughness 

behavior of BMGs and MGMCs. 

5.1 Fracture toughness of metallic glasses. 

Fracture toughness of BMGs under different conditions was investigated 

[362-364], and the values of fracture toughness are highly variable, spanning a wide 

range. Until now, the mechanism of fracture in metallic glasses have attributed to many 

extrinsic and intrinsic reasons. The challenge is to obtain metallic glasses with high 

toughness. 

Due to the limit of the GFA of metallic glasses, the investigations on fracture 

toughness are very disperse and non-uniform in earlier studies. Indirect and 

non-standard methods are used to measure facture toughness in amorphous ribbons 

[365-370]. After 1990s, the advent of BMGs with a large size of even centimeters 

BMGs makes a giant leap for the structural application of metallic glasses, which also 

deepens the fundamental understanding of their fracture mechanisms. 
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However, assessing the fracture toughness of metallic glasses is still full of 

challenges. The demanded specimen size for fracture toughness tests often exceeds the 

critical thickness for the GFA [371]. Up to now, the investigations of fracture toughness 

of BMGs are mainly centered on some BMGs with the large GFA, such as Zr-, Pd-, 

Cu-based BMGs, which makes it easier to utilize unified and conventional methods to 

measure their fracture toughness.  

Gilbert et al. [372] reported that the monolithic Zr41.2Ti13.8Cu12.5Ni10Be22.5 

(Vitreloy-1) BMGs possess a high precracked fracture toughness, about 55 MPa√m, 

which is even comparable with that of the high-strength steels or aluminum alloys. 

Kawashima et al. [373] studied the toughness of Zr55Al10Ni5Cu30, revealing a 

precracked fracture toughness in a range of 35.9 - 50.3 MPa√m with an average of 43.3 

MPa√m. A high precracked fracture toughness of 53 MPa√m was obtained in 

Zr50Cu40Ni10 [374]. In some other alloy systems, Gu et al. [375] studied fracture 

toughnesses of Ti40Zr25Cu12Ni3Be20 for both pre-cracked and notched specimens, 

which is in excess of 100 MPa√m, although they exhibit zero compressive plasticity at 

the same sizes, which is dramatically different from other brittle materials, such as 

ceramics, and silicon. 

For some other BMGs, which are not adequately tough to produce the 

pre-cracks, notch toughness is also used to study the toughness of BMGs. Schroers et 

al. [376] showed that Pt-based BMGs (Pt57.5Cu14.7Ni5.3P22.5) exhibited a high notch 

fracture toughness, approximately 80 MPa√m and estimated a large notch-tip plastic 

zone of about 1.4 mm ahead of the notch radius of 200 μm. In Cu60Zr20Hf10Ti10, 
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Wesseling et al. [377] reported notch-toughness values in excess of 65 MPa√m by 

using specimens with a root radius of 110 μm, and the estimated plastic zone size of 

63.7 μm is comparable to the order of magnitude of some Zr-based BMGs [373, 378]. 

However, although both precracked and notch toughness have been 

measured in many alloy systems, it should be noted that it’s hard to compare them 

directly [379], because the notch fracture toughness shows an obvious correlation with 

the notch root radius [374, 380-383]. Relative to the sharp crack tip of precracked 

specimens, the tip of the notch for notch specimens is blunt. In 

Zr44.1Ti12.6Ni6.8Cu13.4Be23.1, with the changes of the notch-root radii from 250 μm to a 

fatigue precrack, the average toughness obtained increases from precracked specimens 

of 18.4 ± 1.4 MPa√m to 131 MPa√m at the notch root radius of 250 μm [383], 

indicating a significant effect of the notch radius. By simulating the mean-stress 

variation in the notch tips, Henann et al. [380] claimed that the fracture toughness 

increases linearly with the square root of the notch-tip radius. 

It is also necessary to note here that some BMGs appear to be insensitive to 

the notch-radius variation. It is found that the root radius appeared to have insignificant 

influence on the facture toughness of the brittle Mg59.5Cu22.9Ag6.6Gd11 BMG [384]. 

Unlike Zr-based glasses, which usually have a large plastic zone, a tiny plastic zone, 

only about rp = 5 μm, and a few shear bands can be observed ahead of the notch root of 

150 μm, corresponding to the low fracture toughness, ~ 10 MPa√m. Similar 

insensitivity to the notch radius can also be noticed in Ti40Zr25Cu12Ni3Be20 [375] and 

Zr55Al10Ni5Cu30 [373]. Inappreciable differences in the fracture-toughness values can 
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be seen for pre-cracked and notched specimens. Apart from the influence of different 

notch radii of specimens, an obvious inconsistency of fracture toughness in the BMGs 

with identical compositions and under uniform test procedures has been noticed in 

different studies. Even in the same systems, the fracture-toughness values vary greatly 

for each of the precracked or notched specimens [373]. It gives an implication that 

fracture toughness is very sensitive to the subtle fluctuation of the initial 

microstructure.  

The improvement on GFA allows us to investigate the fracture toughness 

more systematically. However, almost all BMGs still show much poorer fracture 

toughness than other ductile metals [385], although they can potentially yield 

plastically at much higher strengths. It seems to be an inherent mutual contradiction 

between the properties of toughness and strength in materials. More recently, two kinds 

of BMGs combining remarkable toughness with high stresses have been reported in Pd- 

[371] and Zr-based [386] alloy systems, showing excellent damage tolerance, which is 

previously inaccessible to the toughest and strongest engineering materials. Demetriou 

et al. [371] at Caltech reported that the Pd79Ag3.5P6Si9.5Ge2 BMG exhibited a 

unparalleled combination of damage tolerance and high yielding stress, considering the 

lack of microstructural defects, such as dislocations for crystalline materials. More 

importantly, the results demonstrate that it is potentially accessible, remarkable 

toughness and high strength simultaneously in BMGs. As shown in Figure 50 [371], 

this BMG demonstrates an extensive plastic shielding of an initially sharp crack, 

accommodated by an extensive shear-band sliding. 
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Compared with the expensive Pd-based BMGs, Xu et al. [386, 387] 

successfully obtained a highly-tough Zr-based BMG (Zr61Ti2Cu25Al12, ZT1) by the 

careful composition design, showing a high toughness comparable to the 

Pd79Ag3.5P6Si9.5Ge2 BMG and a robust GFA (a critical diameter of ~ 10 mm for a 

copper-casting method), as well as the absence of costly elements. Yi and 

Lewandowski et al. [364] also reported that a Zr-based BMG has high toughness at 77 

K, which stands out as an outstanding metallic alloy for engineering applications. 

5.2 Toughness mechanism in BMGs 

As mentioned above, the toughness of BMGs exhibits strong sensitivity to the 

subtle fluctuation of structural states and testing conditions. Many extrinsic effects 

have been considered to influence the fracture toughness, including the residual stress 

induced by the large thermal gradient of rapid quenching [388-390], test temperature 

[364], loading condition [374, 391], size effect [392], etc. For example, by comparing 

Zr55Cu30Al10Ni5 BMGs with different oxygen levels [393, 394], it is concluded that the 

oxygen trapped in oxides eases the initiation of a straight crack and embrittles the glass. 

It is noticed that it is not possible to obtain a precrack straight through the metallic glass 

in very low oxygen states. Residual stresses also play a significant role on fracture 

toughness. Aydiner et al. [395] simulated the residual stress in the Vit 1 plate with 8.25 

mm in thickness and estimated the surface compression stress of - 230 MPa and the 

interior tension stress of + 90 MPa. This non-uniform distribution of stress states in the 

BMG samples has been indicated to play significant influence on fracture toughness by 
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lowering the stress intensity at the crack tip and by the superposition of residual stresses 

[372, 388, 390].  

In addition to these extrinsic factors mentioned above, the influence of 

internal microstructures of BMGs on a more subtle level has also been discussed in 

some studies concerning the free-volume effects. Although for the nominally-identical 

BMGs, the free-volume difference may still exist due to different processing 

conditions. In this regard, the capacity of generating multiple shear bands plays a very 

important role on the shear-banding behavior during the extension of the crack. Higher 

amounts of free volumes in BMGs promote more shear transformations and then 

stimulate the formation of macroscopic shear bands under the external force. When this 

flow process occurs at the crack, the stress concentration can be mitigated, resulting in 

higher toughness [371]. Launey et al. [388] confirmed that fracture toughness in 

Zr44Ti11Ni10Cu10Be25 is significantly degraded by the reduction of free volumes due to 

structural relaxation. Similar results are obtained in Zr61Cu17.3Ni12.8Al7.9Sn1 [396]. The 

modeling work by Falk et al. [397] and Rycroft et al. [398] pointed out that the volume 

involved in the shear transformation can affect the fracture toughness of metallic 

glasses. 

In crystalline materials, the toughness is correlated with the competition 

between the plastic flow and brittle fracture. During deformation, the plastic 

deformation is considered to be controlled by the shear modulus, μ, and the dilatation, 

and the bonding breakage corresponding to the brittle fracture near the crack is believed 
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to be controlled by bulk modulus, Pugh et al. [399] introduced a solidity index, S, to 

characterize the toughness of materials.  

S = μ / B                                    (37) 

It further demonstrated that a lower S favors a higher ductility and fracture toughness 

[399, 400]. The same approach has also been taken on BMGs to describe shear banding 

in the plastic zone related to the shear transformations of cluster of atoms, dominated by 

μ and the dilatation of metallic glass, influenced by B in the vicinity of a crack tip [202, 

401]. S is also expressed in term of Poisson’s ratio, ν, with a value of 3/2(1-2ν)/(1+ν) 

for isotropic metallic glasses. Thus, the higher the solidity index, the lower is the 

Poisson’s ratio. 

Schroers and Johnson [376] attributed to the high fracture toughness of 

Pt57.5Cu14.7Ni5.3P22.5 (~ 80 MPa√m) to the lower S. i.e., higher Poisson’s ratio about 

0.42. They thought that the low shear modulus was in favor of the formation of multiple 

shear bands to relax the stress by shear deformation, before the extensional instability 

occurs. 

By the careful comparison of BMGs with different v or S, Lewandowski et al. 

[202, 401] found that the fracture toughness of BMGs was closely related to the 

Poisson’s ratio. If v > 0.31 - 0.32, BMGs trend to be tough. Otherwise, they will show 

relatively low fracture toughness. This trend can be well explained that why the Pd- and 

Zr-based BMGs have a much higher fracture toughness than the Mg- and Fe-based 

BMGs. The finite-element simulation results using the Mohr-Coulomb-based 

constitutive model demonstrated that the extent of the plastic zone ahead of a notch tip 
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and the excessive plastic strain with shear bands will be alleviated by a higher Poisson’s 

ratio [402]. However, the insensitivity of Poisson ratio to the fracture toughness is 

reported in some Ni-based BMGs [403]. The fracture toughness of the Ni-based BMGs 

varies significantly, whereas they have small difference in Poisson’s ratios. 

Demetriou et al. [371] proposed that fracture toughness of BMGs is 

closely related to a dimensionless parameter, f, which represents the net activated 

shear-transformation events before a cavitation event in the core of an operating shear 

bands.  

log f ~ Tg/T(B/μ -1)                               (38) 

They attributed the very high fracture toughness in Pd79Ag3.5P6Si9.5Ge2 to both the 

larger B/μ and Tg. This law contains both the influence of glass transition and Poisson’ 

ratio. 

 As discussed above, although a great success has been achieved to understand 

the tough mechanism in metallic glasses in term of various extrinsic and intrinsic 

factors. The above-mentioned exceptions in some alloy systems always remind us that 

the investigation on toughening mechanisms in BMGs is far from over. It appears that 

the high toughness can be related to the abundant shear-banding behavior near the crack 

tips. In this view, enhancing the free-volume concentration and reducing the structure 

relaxation will benefit the improvement of fracture toughness. A lower μ/B, or higher 

Poisson’s ratio will also cause an easier shear transformation. However, it’s still hard to 

obtain a composition, which has both the high GFA and adequate Poisson’s ratio. The 

answers may lie in further understanding the toughening mechanisms of BMGs. 
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Although many problems exist for the development of BMGs, it is a fact that BMGs 

possess super high toughness, as shown in the Ashby map in Figure 51 [404].  

5.3 Fracture toughness of MGMCs 

Owing to the lack of the sub-microstructure, metallic glasses are more 

sensitive to the flaws. Due to the absence of microstructures in monolithic BMGs, the 

plastic deformation occurs by the initiation and propagation of the local shear bands. As 

mentioned above, they possess poor ductility and relatively low fracture toughness, 

compared with crystalline materials. To circumvent this problem, MGMCs composites 

have been successfully obtained by introducing the ex or in-situ second phase. The 

presence of secondary phases can effectively arrest the highly-localized shear bands 

before they can develop and become cracks, and promote the formation of profuse 

shear bands. Consequently, significant improvement on toughness has been achieved in 

these MGMCs. Fracture toughness of these MGMCs relies on many factors, e.g., the 

composition, reinforcement size and fraction volume, and loading condition, etc., 

leading to various results. However, very few reports have dealt with the fracture 

toughness of MGMCs. 

5.3.1 Fracture toughness of ex-situ MGMCs 

In order to understand the effect of glass matrix on fracture toughness, two 

kinds of ex-situ composites with the same volume fraction of TiNb embedded in the 

Cu-based and Zr-based glass matrix, respectively, are fabricated [405]. Compared with 

the Cu-based glass matrix, the higher toughness of the Zr-based glass matrix is 

beneficial to the higher fracture toughness of the composite by promoting the formation 



Page 106 of 298

 

106 
 

of micro-crack and multiple shear bands at the crack tip. Thus, a tougher glass matrix 

will contribute to the whole fracture toughness of MGMCs.  

Jang et al. [406] further considered that if the plastic zone of a glass matrix is 

larger than the average distance of particles, the shear bands can stably propagate in the 

glass matrix without causing the catastrophic failure. The plastic-zone size can be 

associated with the crack-tip opening displacement [407]. For a given volume fraction 

of the second phase, the average distance of particles will be constant. However, the 

higher fracture toughness of the glass matrix gives a larger plastic zone size. Therefore, 

the propagation of shear bands in the tougher glass matrix will extend more stably than 

in the relatively-brittle glass matrix.  

       Zheng et al. [408] stimulated the initiation and propagation of cracks in the 

fiber-reinforced BMG composite. Results indicate that the presence of fibers can slow 

down the crack propagation and significantly influence shear banding in the glass 

matrix, which enhance the fracture toughness of composites. Hassan et al. [409] further 

studied the effect of loading modes and temperatures on the fracture toughness of 

W-particulate-reinforced Zr-based MGMCs. They found that the toughness of MGMCs 

is higher than that of pure W and but lower than that of the Zr-based glass matrix. 

Increasing test temperatures leads to significant increases in fracture toughness under 

both Mode I and Mixed Mode I/II conditions. 

Accordingly, the fracture toughness of MGMCs is influenced by many 

factors, including the intrinsic factors (compositions and microstructures, etc.) and 

extrinsic factors (loading temperatures, loading rates, etc.). As we know, MGMCs 



Page 107 of 298

 

107 
 

share the virtues of the high strength of the amorphous matrix and the large plasticity of 

the crystal phase. According to a Mode-I opening crack, the characteristic dimension, 

RP, of a crack tip’s ‘plastic zone’ can be expressed as: 

2(1/ 2 )( / )p IC YR Kπ σ≈                      (39) 

where σY is the applied nominal stress.  

5.3.2 Fracture toughness of in-situ MGMCs 

For in-situ MGMCs, microstructural length scales (such as length and scale of 

dendrites) should match the characteristic length to shield an opening crack tip. When a 

microstructural length scale of dendrites should match the microcrack-tip plastic zone, 

the stable plastic deformation occurs for the prohibition of the unconstrained 

propagation of the shear band. The shear bands are deflected between the glass matrix 

and the dendrite, similar to that in monolithic BMGs. The deflection of microcracks 

leads to the decrease of the crack-tip driving force, and, thus, bring about the mixed 

loading mode at the crack tip, which results in the high fracture toughness and large 

plasticity. 

MGMCs containing nanocrystalline particles, such as nanoscale crystallites, 

can be produced by the annealing process from a metastable metallic glass or by 

controlling the solidification process. Ramamurty and co-workers investigated the 

effect of crystallization on the impact toughness through the annealing process in 

MGMCs of La-Al-Cu-Ni-Co [410] and Zr-Ti-Cu-Ni-Be-Al [411]. They found that the 

ductile to brittle transition was induced by the even rather low percentage of 

nanocrystals. For example, the impact toughness of the monolithic La-Al-Cu-Ni-Co 
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BMG is 9.43 kJ/m2. However, it decreased to 2.85 kJ/m2 upon the partial crystallization 

(a volume fraction of 19 %). With increasing the crystallinity, the toughness containing 

a crystal volume fraction of 50 % decreased to a minimum of 0.79 kJ/m2. Then, with 

further increasing crystallinity over 80 %, toughness increased to 1.37 kJ/m2. For the 

partially-crystallized composites with the composition of Zr-Ti-Cu-Ni-Be-Al, the 

impact toughness decreased for the formation of brittle intermetallic compounds by the 

annealing process. Although Poisson’s ratio decreases with increasing the content of 

crystallization [202], the impact toughness reduces to near zero after the annealing 

process, which is unlike the empirical correlation between the fracture energy and 

Poisson’s ratio for the monolithic BMGs.   

For in-situ dendrite MGMCs, Hofmann et al. [94, 412] evaluated the fracture 

toughness and crack-resistance curve behavior. They found that the DH3 composite 

(Zr39.6Ti33.9Nb7.6Cu6.4Be12.5) exhibited excellent fracture toughness, e.g., fracture 

toughness increased to ~ 160 MPa m1/2. Obviously, the in-situ ductile 

dendrite-reinforced Zr-based MGMCs have the fracture toughness as high as those of 

the toughest steels and crystalline titanium alloys. Basically, these alloys have 

relatively low Young’s modulus, giving rise to extremely-high values of G1C (~ 

K1C
2/E). It is reported that the fracture toughness of the Fe-based MGMCs with a 40 % 

volume fraction of the dendrite is 40 MPa m1/2, which is higher than the value of 27 

MPa m1/2of the monolithic Fe-based BMG [413].  

According to Figure 52 [412], it can be found that the fracture-toughness 

values of these composites depend on the fraction volume and spacing of dendrite 
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phases. The dendrite volume fraction (67 %) and the dendrite spacing (5 μm) of the 

DH3 alloy are higher than that of the DH1 composites (the volume fraction of 67 % and 

the dendrite spacing of 2 μm ), which shows that DH3 has the lower yielding strength 

that DH1 [94]. However, the toughness (173 MPa m1/2) and tension plasticity (13.1 %) 

of the DH3 alloy are higher than the values of DH1 (the toughness of 87 MPa m1/2 and 

tension plasticity of 9.58 %). Clearly, the Zr-based MGMCs have the 2 - 4 times 

tougher than their corresponding unreinforced matrix alloys of Vit 1 (54 MPa m1/2).  

As potential structural materials, in-situ MGMCs will undergo various 

temperatures during loading. Therefore, investigations concerning the effect of the 

temperature on the deformation behavior and fracture toughness are important. Roberts 

et al. [96] investigated the impact toughness of in-situ dendrites / MGMCs by Charpy 

impact from 300 K to 100 K. They found that the toughness of the glassy matrix and Vit 

1 was reduced to ~ 30 % of their room-temperature toughness. When the surrounding 

temperature was decreased to between 175 K and 200 K, the impact toughness 

decreased rapidly. As the temperature is further deceased, the ductile-to-brittle 

transition behavior occurs in the dendrites. The impact toughness at 100 K is just ~ 15 

% of the value at room temperature.   

Hassan et al. [414] further investigated the effects of the testing temperatures 

from 150 K to 653 K and loading conditions on the fracture behavior and toughness 

using the precrack samples by bending tests. Under the same loading rates, the 

toughness is increased slightly below 505 K (0.77 Tg), and exhibits the same increasing 

trend with increasing temperature. As the temperature is increased to 603 K, the 
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toughness decreased to 20 MPa·m1/2. On the other hand, under the same temperatures, 

the fracture toughness is decreased from 20 MPa·m1/2 at 0.05 mm/s to 15 MPa·m1/2 at 

0.5 mm/s at 505 K, which is similar to the results at 603 K. However, at 623 K, when 

the loading rate is increased from 0.5 mm/s to 5 mm/s, the fracture toughness is 

increased from 5 MPa·m1/2 to 20 MPa·m1/2. The increased toughness in 

high-temperature ranges is caused by ductile fracture features of the dendrite phase and 

glass matrix, and the brittle fractures at high loading rates or low temperatures occur. 

For comparison, it is very interesting to note that an increased toughness is 

accompanied by lowering the surrounding temperatures for multicomponent 

CrMnFeCoNi high-entropy alloys (HEAs), which have exceptional damage tolerance 

with tensile strengths above 1 GPa and fracture toughness values exceeding 200 

MPa·m1/2  [415], as exhibited in Figure 51. 
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6. Fatigue behavior of metallic glass matrix 

composites 
According to the literature reports [416, 417], there are approximately 90 % of all 

service failures due to mechanical problems, and 75 % of ground vehicles failures are 

associated with fatigue. Therefore, fatigue is a very important property for structural 

applications and is necessary to be characterized. The fatigue lifetime is generally 

presented by the number of loading cycles to initiate and propagate a crack to a critical 

size, since fatigue failures of materials usually include three stages: crack initiation, 

stable crack propagation, and fast fracture [417]. However, fatigue behavior of BMGs 

and MGMCs is still quite limited, compared with the other mechanical property studies 

of BMGs and MGMCs [249, 304, 307, 418-420], which will be reviewed in this 

section. 

6.1 Fatigue behavior of BMGs 

The fatigue behavior of metallic glasses was mainly reported on ribbons or 
wires since 1975, due to the low GFA of BMG [421, 422]. Until 1998, the 
four-point-bending fatigue results of BMGs are first reported [423]. From then on, the 
fatigue behavior on different kinds of BMGs (e.g., Zr-, Fe-, and Cu-based BMGs) are 
studied extensively with various loading modes, such as three-point-bending, 
four-point-bending, and tension-tension modes [390, 424-435]. However, these fatigue 
results show large difference among BMG alloys, including fatigue limits and lifetime 
[436, 437]. According to the reported studies, many factors can be involved to yield 
such a large difference of these fatigue results of BMGs, such as the composition, 
material quality, specimen geometry, chemical environment, surface condition, 
temperature, cyclic frequency, mean stress, and residual stress [436, 437]. 
Nevertheless, some factors might play a key role, while the others have minor effects 
on the fatigue properties of BMGs. 

Bending tests are widely used to assess the fatigue resistance of engineering 

materials due to the convenient specimen mounting and dismounting, and the uniform 

maximum tensile stress on the specimen makes it possible to test brittle materials in 
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tension fatigue without special sample gripping, as illustrated in Refs. [437, 438] for the 

three- and four-point bending setups. The nominal maximum tensile stress (σ) of the 

bending specimen can be calculated as follows: 

2 1
2

3 (S S )
2

P
bt

σ −
=          (40) 

where P is the applied load, b is the specimen width, t is the specimen thickness, S1 is 

the inner span (zero for the three-point-bending setup), and S2 is the outer span.  

Since BMGs are brittle alloys, and their sizes are limited, so far, three- and 

four-point bending fatigue studies are employed widely. Gilbert et al. [423] first 

reported four-point-bending fatigue results of Vit1 BMG alloys. Later three- and 

four-point bending fatigue tests were used extensively to investigate the fatigue 

behavior of both BMGs and MGMCs. 

The three- and four-point-bending fatigue behavior, represented by an S-N 

curve (S is the applied stress, and N is the cycles to failure) of BMGs are shown in 

Figure 53(a) and (b) [437], respectively. It can be observed that the endurance limits of 

BMGs vary from 360 to 770 MPa under three-point-bending fatigue [Figure 53(a)], 

while the endurance limits of BMGs ranged from 150 to 850 MPa for the 

four-point-bending fatigue [Figure 53(b)]. Therefore, it is very clear that the fatigue 

properties (endurance limits and lifetimes) of BMGs display a wide range under 

bending-fatigue experiments. 

6.2 Fatigue behavior of MGMCs 

Besides monolithic BMG alloys, the fatigue behavior of MGMCs is also 

reported, mainly employing the four-point-bending fatigue test. Flores et al. [439] 
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found that the fatigue-endurance limit and toughness of MGMCs with a composition of 

Zr56.2Ti13.8Nb5.0Cu6.9Ni5.6Be12.5 (developed based on the Vit1 alloy) was improved, 

compared with the Vit1 alloy, in which the composites contained a relatively-fine 

dispersion of dendritic crystalline inclusions. Qiao et al. [440] conducted 

four-point-bending fatigue tests on a nano-particle (~ 5 nm)-dispersed MGMCs with 

the composition of (Zr58Ni13.6Cu18Al10.4)99Nb1, which have a fatigue-endurance limit of 

559 MPa. Moreover, the four-point-bending fatigue of a dendritic inclusion (β phase) 

dispersed MGMC (Zr39.6Ti33.9Nb7.6Cu6.4Be12.5, at.%) was conducted by Launey et al. 

[441]. A relatively-high fatigue-endurance limit was obtained. 

The stress-life (S-N) fatigue results of the MGMC 

(Zr39.6Ti33.9Nb7.6Cu6.4Be12.5) are shown in Figure 54(a) [442]. The fatigue-endurance 

limit is 567 MPa, which is defined as the stress range with a lifetime larger than 107 

cycles, as shown in Figure 54. It can also be observed that the composites exhibit a 

decreasing fatigue-life cycle with increasing the stress range. The tension–tension 

fatigue result with the same composition is given as a comparison in Figure 54(a). It can 

be noticed that an increased fatigue limit is obtained for the four-point-bending fatigue, 

compared with the tension–tension fatigue for this MGMC [443]. Upon bending, half 

of the specimen is under compression loading, and the propagation of the fatigue-crack 

tip is not easy, while the crack can propagate easily under mode I upon tension loading. 

Therefore, the four-point-bending fatigue-endurance limit is improved, compared with 

that of tension-tension fatigue. For both tension–tension and four-point-bending 

fatigue, MGMCs have larger fatigue-endurance limits than 
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Zr56.5Cu6.9Ni5.6Ti13.8Nb5.0Be12.5 MGMCs, since the composite 

Zr58.5Ti14.3Nb5.2Cu6.1Ni4.9Be11.0 has a higher volume of crystalline dendrites [442, 443], 

which can effectively blunt the crack tip upon loading. For the 

Zr39.6Ti33.9Nb7.6Cu6.4Be12.5 MGMC [441], the characteristic length scales of the crack 

size and microstructure are matched correctly, which can work together to retard the 

initial extension of small flaws and to prevent the single shear-band opening failure. 

Therefore, the Zr39.6Ti33.9Nb7.6Cu6.4Be12.5 MGMC exhibits a higher four-point-bending 

fatigue-endurance limit than other MGMCs. However, for the Cu47.5Zr38Hf9.5Al5 

composite reinforced with a CuZr phase, the crystalline inclusion does not facilitate the 

retardance of the fatigue crack, which is attributed to the brittleness of crystalline 

second phases. Recently, the fatigue behavior of the Zr48Cu47.5Co0.5Al4 composite is 

investigated, and it is found that the fatigue endurance is much improved than the 

reported results on the MGMCs, as shown in Figure 54(b). It can be observed that the 

fatigue-endurance limit of Zr48Cu47.5Co0.5Al4 is ~ 1,200 MPa, while in the reported 

results, the fatigue-endurance limit usually has a stress range of 200 – 700 MPa, which 

should be attributed to the stress-induced martensitic transformation of crystalline 

inclusions from B2-CuZr to B19′-ZrCu [444]. 

The typical four-point-bending fatigue-fracture morphology of MGMCs is 

shown in Figure 55 [442] with the composition of Zr58.5Ti14.3Nb5.2Cu6.1Ni4.9Be11.0 at the 

stress range of 792 MPa and cycle number of 14,776. Figure 55(a) displays the lateral 

surface near the fracture surface of MGMCs, in which no shear bands can be observed, 

indicative of a brittle failure of MGMCs, since the maximum applied stress is lower 



Page 115 of 298

 

115 
 

than the yielding strength. Four typical fatigue stages can be generally observed on the 

SEM fractograph: the crack-initiation site (stage I), the crack-growth region (stage II), 

the fast fracture region (stage III), and the final fracture region (stage IV). The 

fatigue-initiation site is exhibited in Figure 55(b), which is usually associated with 

casting defects. Under fatigue testing, stress concentration will appear around these 

defects, finally leading to an early failure of specimens. After initiation, cracks will 

propagate into stage II, as shown in Figure 55(c). Striations can be observed at this 

stage, which is formed by ductile deformation at the crack tip as it opens and closes. 

Along the propagating direction, striations form, and the strain energy dissipates. A 

magnified striation area is displayed in Figure 55(d), in which fine striations (hundreds 

of nanometers) can be observed beside the existence of coarse striations (~ 3 mm) both 

marked by arrows. The spacing of these fine striations is in accordance to the amount 

that the crack front moved forward during one stress cycle [443]. The stages II and III 

can be clearly separated by a dashed line, as displayed in Figure 55(e). Typical vein 

patterns dominate in the fast fracture region [stage III]. Figure 55(f) is a magnified 

graph of stage III, in which the final fracture region (stage IV) can also be noticed 

between the two dash lines with a spacing of ~ 4 μm. The final fracture region is 

generally corresponding to a pure shear, similar to the shear-off set region during 

compression, accompanied with the light and sound emissions [427]. 

For the fractography of the composites subject to tension-tension fatigue at 

a stress range of 810 MPa, the four typical fatigue stages can also be observed, as 

shown in Figure 56 [443], including (I) the crack-initiation site, (II) the crack-growth 
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region, (III) the fast fracture region, and (IV) the final fracture region. In Figure 56(a), 

the initiation site is located in the interior of the specimen. Stages II and III can be 

discerned by a dashed line. In Figure 56(b), a magnified area of stage II is exhibited 

near the dashed line, with a spacing of 4 to 6 μm for coarse striations. Usually, there is a 

plastic zone ahead of the crack extension. When the crack extends into the glass matrix, 

the plastic strain is accommodated by the operation of shear bands. The crack easily 

extends along the shear bands, and the coarse striations form.  

6.3 Fatigue propagation of BMGs and MGMCs 

In general, the fatigue-crack-growth data of BMGs and MGMCs are shown 

in Figure 57(a) [436]. It can be observed that the fatigue-crack-growth rates of the 

Zr-based BMGs and composites are comparable to those observed in traditional 

crystalline alloys, such as an ultrahigh-strength steel (300-M) and an age-hardened 

aluminum alloy (2090-T81).  

As proposed by Gilbert et al. [390], the crack-growth rate (da/dN) in a 

steady state of BMG and MGMCs follows the Paris law [445]:  

( K)mda C
dN

= Δ         (41) 

where C is a material constant, m is the crack-growth exponent, and ΔK is the 

cycle-stress-intensity-range factor. ΔK can be estimated from the morphology of the 

fracture surface [446], using the following equation: 

                     K ( )aFσ π λΔ = Δ                        (42) 

where a is the depth of the fatigue-crack tip, and F(λ) is the boundary-correction factor 

and defined as follows (e.g., for the cylindrical sample): 
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F(λ) = 0.66 - 0.02398 λ + 1.664 λ2     (43) 

here, λ = a/D, where D is the specimen diameter. The calculation at the final stage of 

stage II is very close to the experimental data of fine-striation spacings of 330 to 500 

nm (Fig. 56). It is reasonable to deduce that each fine striation is created during one 

stress cycle for the present MGMCs on the basis of the analysis of experiments and 

calculations [446]. The decreasing crack-growth rate indicates the effective blunting of 

the ductile dendrites at the crack tip and the increased toughness of the composites 

[446]. As a consequence, the improved tension-fatigue limit is realized. 

For Zr-based BMGs and composites, the crack-growth exponent is 

generally in the range of 1 to 3, which is typical of ductile crystalline alloys in the Paris 

regime [446]. However, the ΔKth values of Zr-based BMGs are usually lower than 

those of crystalline alloys. The fatigue fracture toughness that starts the unstable 

fatigue-crack propagation in Zr-based BMGs is also much lower than in these 

crystalline alloys. This feature could be the reason why BMGs fail after a limited 

number of cycles once crack initiation has occurred. 

The S-N curves of some typical crystalline alloys are also plotted in Figure 

57(b) [437] to compare with the BMGs and MGMCs. Among the crystalline alloys, the 

ultrahigh-strength steel (300-M) with the strength of 2.3 GPa displayed the highest 

endurance limit, followed by In 718 superalloy and Ti-6Al-4V, while the Zirconium 

alloys has the lowest endurance limit. The fatigue-endurance limits of BMGs and 

MGMCs are comparable with these conventional crystalline materials, but depending 
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on the experimental methods on the BMG and MGMC alloys, especially the alloy 

composition modification and fabrication procedure. 

An examination of these plots (Figures 53 and 57) demonstrates that the 

fatigue life-time of BMGs and MGMCs are comparable under three- and 

four-point-bending fatigue. However, the test volume under three-point bending is 

much smaller than that under four-point bending. In general, a greater test volume 

usually includes more defects and free volumes in BMG or MGMCs, which will 

facilitate the shear-band formation and crack initiation, therefore, leading to lower 

fatigue endurance limits in four-point-bending than in three-point-bending tests. 

Moreover, a shear-band mechanism is proposed by Liaw et al. to explain the 

characteristics of the observed fatigue cracking [447]. It can be commonly noticed that 

there are two kinds of striations, fine and coarse striations [447], observed in the 

crack-propagation region for BMGs. The fine striation is related to the crack 

propagation by one fatigue cycle, while the coarse striations are caused by the 

discontinuous shear bands ahead of the fatigue crack. In crystalline alloys, the 

fatigue-crack-growth mechanism is related to a specified movement of dislocations, 

while shear banding plays a critical role in the fatigue behavior of BMGs [257]. 

During fatigue loading, shear bands usually form near flaws, defects, or 

machining marks in BMGs, which easily leads to stress concentrations. In general, the 

material density is low within shear bands, including many flow defects, in the form of 

free volumes. Thus, shear-band areas are easier to be deformed in BMGs. It can be 

imagined that a fatigue crack initiates from the opened shear band, and then 
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preferentially propagate along the shear bands. During fatigue loading, the fatigue 

crack will advance in a direction perpendicular to the tensile-stress direction after each 

fatigue cycle. At the crack tip, a plastic zone is formed in which many shear bands 

appear. A plastic wake is produced due to the plastic zone left by the propagating crack, 

which is schematically shown in Fig. 57(c)(i) [447]. Then, the fatigue crack prefers to 

propagate along the shear bands at the crack tip, since shear bands are weaker than the 

bulk. As displayed in Fig. 57(c)(ii) [447], the crack advances one fine striation spacing 

every fatigue cycle. In general, the crack may propagate for several cycles along one 

shear band to form the coarse striation, as illustrated in Fig. 57(c)(iii) [447]. With 

increasing the crack length, the maximum stress intensity, Kmax, becomes larger and 

larger. When Kmax reaches the fracture toughness, KIc, the BMG specimens fail. 

6.4 Simulations on fatigue behavior of MGMCs 

According to Wang’s work [448], the fatigue characteristics and mechanisms 

of BMGs and MGMCs can be understood through the molecular-dynamics (MD) 

simulation, especially the stress-driven disorder-to-order transitions [259, 449], 

although it is not studied as extensively as the temperature-driven structural 

disorder-to-order transition process [450-452]. Irrespective of the stimulation by 

temperature or stress, the structural transition from the disorder to order states requires 

“diffusive” reshuffling of atoms. Although it is well known that STZs promote the 

plastic deformation of BMGs under stress, how the stress leads to “atomic diffusivity” 

in BMGs is still not quite clear. To quantify and understand the atomic-structure 

evolution, the MD simulations of the cyclic-stress–induced glass–to-crystal transition 
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were reported on a binary MG Al50Fe50 alloy. The details of MD simulations can be 

found in Ref. [448]. The evolution of atomic geometries is analyzed by the 

“deformation–diffusion” decomposition, 

0 ,ji ji i ji id d J s j N= + ∈        (44) 

where i is the analyzed atom, j ∈ Ni are i’s original neighbors in a reference 

configuration, 0
jid  is the original distance between atoms, j and i, in the reference 

configuration, and jid  is their current distance vector. The first term in Eq. (44) 

reflects the local deformation, while the second term reflects additional atomic 

movements beyond mere shape change. The extent of local diffusion is defined by 

222 01 1| s | min | J |
i

i i

i ji ji i jiJj N j Ni i

D d d
N N∈ ∈

= = −∑ ∑      (45) 

where the local deformation gradient, Ji, needs to be numerically optimized to minimize 

2
iD , which will accumulate during repeated cyclic mechanical deformation. Figure 

58(a) shows the atomic configuration of the notch area after 275 cycles of fatigue 

loading, in which the long-range atomic arrangement represents crystallization [448]. 

Statistics of the atomistic-diffusional displacement ( 2
iD ) after different cycles (1, 20, 

70, 175, and 275) are plotted in Figure 58(c). It can be noticed that the variation of atom 

fraction vs. 2
iD  in the first half cycle showed a sharp decrease, followed by an 

increased atom fraction and reaching a peak value at large 2
iD  with increasing the 

cycle number, e.g., the corresponding 2
iD equals 5.8 Å2 for the peak after 275 cycles. 

Although the peak 2
iD  becomes sharper with increasing numbers of cycles, it occurs at 

an approximately constant of 2
CD  (~ 5.5 Å2), which represents the initiation of 

crystallization. Moreover, the averaged D2 showed a nonlinear increase with 
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increasing strain cycles, as the black solid line shown in Figure 58(d), in which the 

average grain size can be classified into three regimes according to the cycle number 

[Figure 58(d), black circle curve]. In regime I (cycles from 1 to �110), the average 

grain size remains a subnanometer. In regime II (cycles from 110 to �175), rapid 

grain growth starts following the incubation period (regime I). In regime III (cycles 

after 175), the grain-growth rate decreases significantly, but the D2 still increase.  

Atomistic simulations of monotonic deformation (strain � 8 %) of the 

same sample geometry are shown in Figure 58(b) to compare with cyclic deformation 

[Figure 58(a)]. It can be observed that neither the obvious localization nor long-period 

atomic arrangement of atoms appears. To quantify the relative diffusive to displacive 

nature of the structural transformation based on atomic trajectories, a 

“diffusion-to-shear ratio,” 2
2/D J , is calculated, where 2J  is the mean Mises shear 

strain invariant from Ji. From the MD simulations, monotonic loading beyond global 

yielding gives a lower 2
2/D J  than subyielding cyclic loading. Moreover, the value 

of 2
2/D J  increases with incremental deformation cycles, due to the cumulative 

nature of random atomic displacements. Therefore, crystallization is easier to appear 

in cyclic loading than monotonic loading. Note that crystallization in both 

experiments and simulations is a mechanical deformation-driven process without the 

obvious temperature rise. 
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7. Wear and corrosion resistance of metallic glass 

matrix composites 

7.1 Wear behavior of bulk metallic glasses and their composites 

Metallic glasses have excellent mechanical, physical, and chemical properties 

owing to their unique structures. These outstanding features have attracted much 

attention as well as wide promising applications in many fields. BMGs are supposed to 

have excellent anti-abrasive behavior because of their high strength and hardness. 

However, the results from recent studies seem to have a conflict with this trend. Some 

research reveals that metallic glasses perform better during the abrasive test than their 

crystalline counterparts, or even better than the traditional structural materials [453, 

454]. However, some other research points out that metallic glasses behave much 

worse than expected wear resistance during the friction tests [455, 456]. Such conflict 

may be explained in this way: the friction and wear behavior is not the intrinsic 

properties for materials, but the performances under certain conditions. They are in 

large correlation with abrasive conditions and testing parameters, such as loading, 

sliding speed, sliding distance, lubricating condition, friction mode, testing 

environment, and so on. 

(1) The effect of loading 

Loading is an important parameter during friction. Fu et al. [457, 458] studied 

the tribological behavior of the Zr41.2Ti13.8Cu12.5Ni10Be22.5 BMG under different loads. 

They found that with increasing the load, the coefficient of friction declined, while the 

wear rate rose. And such phenomena existed in different abrasive counterparts and 
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testing conditions, as shown in Figure 59(a) and (b) [457]. Similar behavior was also 

observed in the Fe40Ni40B20 BMG [459-461] and the friction between the Co-based 

metallic glass and alloy steels [462]. Wong and Li [463] have found that the wear loss 

of the as-cast and as-quenched Fe81B13.5Si3.5C2 BMGs increased linearly with 

increasing load.  

(2) The effect of the sliding speed 

The sliding speed, a crucial parameter during friction, has an interesting 

relationship with abrasive and friction coefficients. The correlation is not linear, but 

behaves like a single curve with a summit [457, 462]. The coefficient of friction for the 

Zr41.2Ti13.8Cu12.5Ni10Be22.5 BMG decreases, as the speed increases and reaches the 

minimum rate at 1 m/s. When the speed goes higher, the heat generated during sliding 

will interfere with the measurement [457], as shown in Figure 59(c). Li and Wang [462] 

studied the correlation between the sliding speed and frictional coefficient on two 

Co-based metallic glasses. The results revealed that there was a maximum value for the 

frictional coefficients at different sliding speeds. Possible explanations may be due to 

the transformation of abrasive mechanisms, which was caused by the oxidation of 

metallic glasses during friction.  

(3) The effect of the sliding distance 

Theoretically, the wear loss of materials will increase with increasing the 

sliding distance. However, from a practical view, this trend is not always the case. This 

is because an adaption exists in the primary friction stage. The wear loss during this 

stage can be either more severe or less severe than the stable friction stage [464]. Figure 
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60 presents the effect of the wear volume and wear rate on the sliding distance on four 

BMGs, as shown in (a) [465] and (b) [466], respectively. A linear relationship is 

present, if the primary stage is ignored [465]. The Zr41.2Ti13.8Cu12.5Ni10Be22.5 BMG 

possesses a severe volume loss during early stages of sliding [466], as shown in Figure 

60(b). Similar behavior was observed by Ozawa et al. [467]. Wong and Li [463] found 

that the wear loss of Fe81B13.5Si3.5C2 BMGs was minimal that it could be ignored during 

the primary adapted stage.  

(4) The effect of the lubricating condition and friction mode  

Blau [468] pointed out that the wear resistance of the 

Zr52.5Cu17.9Ni14.6Al10Ti5 BMG was worse under lubricating conditions. Similar results 

were also reported in Bakka’s work [469]. Ishida et al. [470] performed sliding-wear 

and rolling-wear tests on the Ni53Nb20Ti10Zr8Co6Cu3 BMG and found that the latter has 

a great wear resistance than the former. Thus, the tribological behavior of BMGs is 

closely related to the friction mode. Fleury et al. [471] reported the different wear 

behavior of a series of BMGs under the reciprocating and unidirectional motion.  

(5) The effect of the environment 

Fundamental understanding is still needed on the wear behavior of 

metallic glasses under different environments. Despite the fact that several reports have 

claimed the sensitivity of metallic glasses to wear environments, the detailed 

mechanisms are still unclear. Miyoshi and Buckley [472] studied the wear properties of 

Fe-based metallic glass by pin-on-disc devices. They pointed out that the oxide layer 

formed on the surface of metallic glass is very stable. Such layer can not only reduce 
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the coefficient of friction, but also prevent the substrate from abrasion. Wu et al. [473, 

474] studied the effects of oxygen on the tribological behavior of a Zr-based BMG 

using pin-on-disk wear tests in three different environments, i.e., air, oxygen, and 

argon. It was found that the wear rate of the BMG specimens increased dramatically 

with increasing the oxygen content in the testing environment. Figure 61(a) and (b) 

revealed that the outermost-worn surface consisted mainly of monoclinic and 

tetragonal ZrO2 [473]. By comparing the abrasive behavior of BMGs between air and 

vacuum environments, Fu et al. [457] found that the wear loss was less in vacuum, and 

yet the coefficient of friction was larger. 

(6) The effect of the friction counterpart 

So far, the reports on the friction counterpart are relatively rare, and the 

results are contradictory. Fu et al. [457] discussed the tribological behavior between the 

Zr-based BMG and itself or 52100 steel. It was shown that the change in the counterpart 

does not significantly affect the coefficient of friction or wear loss. An interpretation 

for such a phenomenon can be put in this way: During the friction between the metallic 

glass and 52100 steel, a transfer of matters will happen from the metallic glass to the 

counterpart of steels, and, thus, lead to the formation of a metallic glass layer on the 

steel. Fleury et al. [471] pointed out that the change on the surface of the metallic glass 

during friction can depend on either its friction counterpart or the friction mode. Wu et 

al. [475] used pin-on-disk sliding measurements to study the tribological behavior of a 

Zr52.5Cu17.9Ni14.6Ti5Al10 BMG against the zirconia and steel as counterparts. The results 

showed that the wear of the Zr-based BMG pins against a steel counterpart was 
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considerably larger than against a zirconia. The viscous flow and transferred materials 

induced by frictional heating took place on the worn surface of the glassy pin and the 

counterpart disk, respectively. 

7.2 The wear mechanisms  

Under the friction force, the abrasive surface will suffer from a shear stress 

along the sliding direction, leading to its break-down. Thus, the metal debris is peeled 

off from the surfaces. If the difference of the hardness values between two friction 

counterparts is large, metals will transfer from the soft surface to the hard one, leading 

to the adhesive wear. If the hardness values of two friction counterparts are equal or 

similar, debris in slice or particles formed will finally peel from two surfaces, leading to 

the stripping wear or abrasive wear. The peel of debris will inevitably lead to the 

initiation and expansion of cracks. Based on this asperity-contact model, Archard [476] 

puts forward an abrasive equation: 

~~
FkW A=                             (46) 

where kA, named as Archard Coefficient, is a parameter related to the material and the 

abrasive counterpart. 

(1) Adhesive wear 

Adhesive wear occurs when surfaces slide against each other, and the 

pressure between the contacting asperities is high enough to cause the local plastic 

deformation. During deformation, the matter transformed from soft to hard surfaces, 

leaving a scratch (also called furrows) on the soft surface. Thus, the worn surface 

produced by the adhesive wear is normally characterized by the transfer of materials 
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from one surface to another. The wear equation of the adhesive wear is consistent with 

Eq. 46, and the kA value ranges from 10-3 to 10-5 [464]. Parlar et al. [454] investigated 

the sliding tribological properties of the Zr-based BMG. The analysis on the wear track 

from the worn surface and collected wear debris indicated that the BMG surface 

experienced the severe plastic deformation with the inhomogeneous shear 

deformation, abrasive and adhesive wear during sliding. The decrease of wear rates is 

related to the material transfer from the counterpart and the formation of protective 

oxidation during sliding.  

(2) Abrasive wear 

Abrasive grains, the particles with the high hardness, sharp corners, and 

ridges exist at the interface abrasive surface. They can directly cut asperities into debris, 

or plunge into the counter friction surfaces and then shape into debris by deformation. 

The wear equation of the abrasive wear is also consistent with Eq. (46), but the kA value 

varies from 10-1 to 10-2 [464] , and the wear loss is higher than the one of adhesive wear. 

Siegrist et al. [477] investigated the tribological properties of the 

Zr52.5Cu17.9Ni14.6Al10Ti5 BMG. No microcracks were found in the complete amorphous 

alloy abrasive zone, and the abrasive mechanism is the micro-plowing effect in the 

supercooled liquid region. They also investigated the graphite and ZrC / MGMCs. The 

effect of the metallic glass and its composites on the friction coefficient can be 

divided into two regions, a low-coefficient and a high-coefficient regions. The former 

is only one third of the latter in the numerical value. They believed that this variation 
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can be attributed to the contamination of the matrix material, which further resulted in 

the geometrical change of the friction track.       

(3) Stripping Wear 

Stripping wear is due to the accumulation of the stress-induced plastic 

deformation during the contact and interaction of asperities. The accumulation of 

plastic deformation will lead to periodic dislocations under the surface of metals. Under 

the plastic sheer stress, the accumulation of stress deformation causes a pile-up of 

dislocations around inclusions at a certain depth of the sub-surface, then leading to the 

formation of cracks or holes. According to the stress-field theory, when cracks initiate 

at a certain depth, a normal stress paralleled to the surface will prevent the expansion of 

cracks from the direction vertical to the surface. So the cracks are forced to expand 

along the direction parallel to the surface at a certain depth. When the cracks reach the 

critical length, the materials between cracks, and the material surface will be peeled off 

as debris. 

The wear rate of the stripping wear is consistent with the Archard wear 

equation [477, 478], and 

AvA ffk ′= /2 0γ                        (47) 

where the coefficient, kA, is related to the plastic shear strain, 0γ , the volume fraction 

of inclusions, vf , the volume fraction of the critical hole area, when leading the debris 

to rapidly fracture, Af ′ , and kA varies from 10-3 to 10-5 [477, 478] 

Few reports are on the wear behavior of MGMCs [477, 479]. It was found 

that adding a low volume content of graphite, and especially ZrC generates a significant 
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decrease in the coefficient of friction. The investigation of the wear rate indicates that 

the graphite- / ZrC-reinforced bulk metallic glass composites display an even lower 

wear rate than the 100Cr6-bearing steel [477] . 

Figure 62 shows the variation in the friction coefficient of in-situ 

Zr58.5Ti14.3Nb5.2Cu6.1Ni4.9Be11.0 MGMCs with the sliding time under different normal 

loads and sliding velocities [479]. It can be clearly seen that the friction coefficient is 

reduced fast from a higher initial value of about 0.443 to 0.299 during the first 75 s 

under the lower loading and sliding velocity due to the settling down of the indenter and 

the breaking-in of the worn surface for MGMCs to that of the steel counterpart. The 

initial coarse surface was smoothened owing to the higher friction during the 

running-in period. Then the friction coefficient fast increases up to a steady state. 

However, the curves are quite unstable with great many waves caused by the rapid 

damage of the worn surface. The friction coefficient becomes steadier with the values 

varying between 0.299 and 0.415. At a higher normal load of 10 N, the friction 

coefficient slightly increases within the first 160 s, and then the trend almost exhibits a 

steady state due to the formation of lubricating films with increasing the normal load. 

Furthermore, the values of friction coefficients always show a very steady status with 

the range of 0.30 - 0.43 at 0.3 m/s attributed to more contact areas between the rubbing 

surfaces and lubricating films. Overall, the friction coefficient shrinks in the range of 

0.27 - 0.38 at 10 N. In addition, the curve of the friction coefficient fluctuates with 

numerous waves in the large amplitude until 290 s at 0.4 m/s. Then the trend fluctuates 

almost about a constant of 0.33, indicating that the running-in period was longer with 
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an increase in the sliding velocity. The friction coefficients are between 0.235 and 

0.400. Besides, during contact wear, a high temperature rise may lead to crystallization, 

which affects the wear behavior [480]. As a whole, little attention has so far been paid 

to the tribological properties of ex-situ and in-situ MGMCs. More studies should be 

focused on the wear behavior of MGMCs.  

7.3 Corrosion resistance of bulk metallic glasses and their 

composites 

With the ever increasing number of the new BMGs systems and very 

recent fast-growing understanding of the mechanisms regarding their excellent 

mechanical properties, the application prospect of these amorphous alloys as practical 

engineering materials has been more promising. Subjected to the actual service 

surrounding, corrosion is inevitable. Therefore, the study of corrosion resistance of 

BMGs and MGMCs is essential.  

Previously, the corrosion resistance of BMGs is widely investigated. For 

example, Pang et al. [481] synthesized Fe–Cr–Mo–C–B–P BMGs with the high 

corrosion resistance in aggressive HCl solutions. The BMGs maintained the metallic 

luster even by anodic polarization or after immersion for 1 week in an extremely 

aggressive 12 N HCl solution. This trend is presumably due to the synergistic effect of 

molybdenum and chromium in the single solid-solution phase formed. The metalloid 

element, P, beneficially affects both the kinetics of passivation and the composition of 

passive films, which lead to the improvement of corrosion resistance of BMGs. Later, 

Guo et al. developed a novel Fe43Co4.5Cr16.5Mo16.5C14B4Y1.5 BMG, which possesses the 
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corrosion resistance comparable to (or better than) that of a 316L stainless steel in a 

simulated acid rain and seawater solution [482]. Wang et al. [483] increased the 

corrosion resistance of Fe-based BMGs by minor alloying. 

Besides, the corrosion resistance of Zr-based BMGs is extensively studied 

[484-486]. Li et al. [485] found a Zr56Ni20Al15Nb4Cu5 BMG with excellent corrosion 

resistance in H2SO4, HCl, and NaCl solutions. In-situ anodic-polarization experiments 

revealed a tendency towards a diffusion-controlled mechanism other than passivity in 

Zr50Cu40Al10 BMGs [483]. Jiang et al. [486] has investigated the corrosion behavior of 

the as-cast, deformed, and relaxed Zr52.5Cu17.9Ni14.6Al10.0Ti5.0 BMGs using 

cyclic-anodic-polarization tests. It is speculated that the corrosion behavior is related to 

the amount of free volumes. As the free volume decreased, the glasses became more 

corrosion resistant [486]. The as-cast and the deformed glasses are less resistant to pit 

propagation, while the relaxed one is more vulnerable to pit nucleation. The increase in 

free volumes favors the pit propagation, and the chemical ordering caused by the 

relaxation may promote the pit nucleation.  

At present, there is little information about the corrosion resistance of 

MGMCs. The investigation of the corrosion resistance can’t only explore the corrosion 

mechanism but expand practical applications of MGMCs. For instance, by coating 

metallic glass thin films on the steel wires, the corrosion resistance is considerably 

enhanced, ascribing to strong protective layers grown on the surface of the coated steel 

wires by anodization [487]. Gu et al. [488] found that Cu47.5Zr47.5Al5 MGMCs, 

including CuZr nanocrystals, exhibits the greater corrosion potential and lower 
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corrosion current density as well as the distinct passive region. Combined with the 

corrosion morphologies, it uncovers that MGMCs have a higher corrosion resistance in 

the seawater than that in monolithic BMGs, which is attributed to an appropriate 

amount of CuZr nanocrystals dispersed homogeneously in the glassy matrix.  

    The chemical and electrochemical corrosion properties of the in-situ 

Ti45(Zr-Be-Cu-Ni)55-xNbx MGMCs, with x = 0, 5, 10, and 15 at.% and containing 

different volume fractions of crystalline β-(Ti,Zr,Nb) phases, have been investigated in 

a hydrogenated 1 M H2SO4 + 2 ppm F- electrolyte at 353 K [489]. In comparison to the 

monolithic Ti-based BMGs and Ti-6Al-4V alloy, the in-situ composite with the 20 

vol.% of β-(Ti,Zr,Nb) phases exhibits high corrosion resistance. Furthermore, the 

results indicate that the corrosion properties of the Ti-based BMGs are enhanced, as the 

Nb content is increased, and the in-situ MGMCs formed with 10 at. % Nb exhibit the 

best corrosion resistance. However, as the volume fraction of dendrites is increased to 

40 %, as a result of the increase of the Nb content, the corrosion properties are found to 

be moderately degraded. This trend was explained by the difference in the Nb contents 

between the matrix and the dendrites. In composites with a volume fraction larger than 

21 %, (i.e., Nb = 15 at. %), most of Nb atoms are used to form the dendrites. That 

excessive difference in the compositions between the dendrite and matrix induces a 

galvanic effect, which results in the dissolution of the less corrosion-resistant phase, 

i.e., the matrix in these in-situ composites. After immersion tests, the crystalline 

dendrites emerge from the amorphous matrices, suggesting that the matrices have been 

preferentially dissolved. Results of Auger electron spectroscopy (AES) analyses after 
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potentiostatic tests indicate that the oxide layer formed on the matrix is essentially 

composed of TiO2, and the oxide layer formed on the surface of the dendrites is found 

to include both TiO2 and NbO oxides. The combination of these two kinds of oxides is 

believed to provide a high corrosion resistance to the dendrites. 

In our research group, the corrosion behavior of in-situ dendrite / metallic 

glass matrix composites has been investigated very recently [490-492]. In order to 

understand the corrosion resistance of these in-situ Ti40Zr24V12Cu5Be19 MGMCs, three 

typical environments have been chosen for electrochemical tests, which are 10 vol.% 

H2SO4, 40 wt.% NaOH,  and 3.5 wt.% NaCl aqueous solutions, respectively [490]. 

Potentiodynamic polarization and electrochemical impedance spectroscopy (EIS) were 

conducted on these samples. Figure 63 shows the typical polarization curves of in-situ 

dendrite-reinforced Ti40Zr24V12Cu5Be19 MGMCs in different solutions [490]. The 

corrosion current density, Icorr, for the sample in NaOH solutions is significantly larger 

than its counterparts in both H2SO4 and NaCl solutions. Also notably, the polarization 

profile of the sample in NaCl solutions is rather different from the other two in both 

H2SO4 and NaOH solutions [493], which are characterized with a wide passivation 

region. Apparently, it suggests that the in-situ dendrite-reinforced Ti40Zr24V12Cu5Be19 

MGMCs have an impressive corrosion resistance in the strong acidic environment, 

while their performance suffered badly in the strong alkaline environment. In other 

words, their passivation layer in NaOH was not complete or stable. The irregular 

passive region of polarization curves from the sample in the NaCl solution was 

attributed to the presence of the attacking elements, Cl− ion, which can be adsorbed 
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quickly on passive films at the beginning of the corrosion process and does damage on 

films subsequently. 

The excellent corrosion resistance in the acid environment can be attributed 

to the formation of a passive film on the sample surface. Figure 64 represents the X-ray 

photo-electronic spectroscopy (XPS) depth profiles of states and distributions of 

alloying elements in the Ti46Zr20V12Cu5Be17 passive film after the elechemical 

corrosion experiment in the 10 vol.% H2SO4 solution [491]. It was indicated that the 

main element, Zr, of passive films is composed of two kinds of states: Zr4+and Zr0. Ti 

was also found by the XPS analysis in the form of Ti4+ and Ti0. It is confirmed in some 

studies that the presence of TiO2 and ZrO2 of the passive film in an alloy could 

increases its corrosion resistance [489, 494]. Therefore, it is understandable that the 

Ti40Zr24V12Cu5Be19 MGMCs holds the higher passive film stability in the acid 

environment and has a great corrosion resistance. 

Additionally, the corrosion properties of in-situ 

Zr58.5Ti14.3Nb5.2Cu6.1Ni4.9Be11.0 MGMCs in the NaCl solution of various concentrations 

were studied by the potentiodynamic-polarization curves test [492]. The anodic and 

cathodic polarization curves in NaCl aqueous solutions with concentration varying 

from 1 wt.% NaCl to 15 wt.% NaCl in the ambient condition are shown in Figure 65(a) 

[492]. It can be seen that all of the potentiodynamic-polarization curves in solutions 

with different concentrations of NaCl have a similar profile. In the initial part of anodic 

polarization curves, for all the samples, the polarization curves exhibit a rapid increase 

in current densities, indicating an active dissolution state at the beginning of corrosion. 
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With the further increase of the applied potential, the curves are starting to level off, 

suggesting the formation of passive films on the surface of Zr-based MGMCs. In other 

words, the dissolved passive elements were combined with the oxygen atoms in the 

vicinity to form a compact oxidation-protective film, which acted as a barrier for the 

anodic dissolution [493].  

The impedance data of the Zr-based MGMCs specimens in different 

concentrations of NaCl solutions are shown in Figure 65(b) [492]. The 

electrochemical-impedance spectroscopy (EIS) curves of all samples are mainly 

composed of a capacitive reactance arc in the high-frequency region and an inductive 

impedance hook in the low-frequency range. Generally, the size of impedance arc is a 

good indicator for the corresponding corrosion resistance. By comparing the 

impedance-arc size, it is obvious that the sample exhibits the worst corrosion resistance 

in the 5 % NaCl solution, which is in good agreement with potentio-dynamic 

polarization measurements.  

Besides, Gebert et al. [495] studied the pitting corrosion of in-situ dendrite 

/ Zr-based MGMCs, and found that Nb and Ti components were beneficial in inhibiting 

the pitting initiation, due to their participation in the passive-film formation, and the 

dissolution of the glassy matrix phase was explained by the principal higher chloride 

reactivity of metastable phases, compared to that of stable crystalline phases and by the 

detected enrichment of Cu in these phase regions. Qin et al. [496] found that the high 

corrosion resistance of the (Cu0.6Hf0.25Ti0.15)90Nb10 MGMC was attributed to the 

formation of Hf-, Ti-, and Nb-enriched highly-protective surface films during 
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immersion in acid- and chloride-ion-containing solutions. The Mg69Zn27Ca4 BMGs and 

ex-situ Fep / Mg69Zn27Ca4 MGMC remarkably improved the corrosion resistance in the 

3.5 wt.% NaCl solution, compared with the AZ31 alloy and pure Mg [497]. 

Furthermore, with the view to the potential use as bioresorbable metals for orthopaedic 

applications, the corrosion behavior of the biodegradable lightweight BMGs and 

high-entropy BMGs is investigated [498-500]. Although the advantage of the corrosion 

behavior of MGMCs has been investigated, more deep understanding on corrosion 

mechanisms is badly needed.  
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8. Composite Thin-film Metallic Glasses 

With increasing interest in developing new family of BMG materials, thin 

film metallic glasses (TFMGs) is prepared due to their increased GFA. The 

investigation on TFMGs starts from 1980s, mainly focusing on immiscible binary 

systems, including Cu\Ta, Cu\W, Cu\Zr, Al\Fe, Bi\Fe, and Bi\Ti systems [501-503], 

together with the binary systems on annealing-induced solid-state amorphization (SSA) 

of multilayer thin films [504-506]. For example, in 1983, Schwarz and Johnson [504] 

fabricated the first La\Au TFMG by SSA after annealing of the evaporated La/Au 

multilayer films. Since late 1990s, TFMGs have received much attention in the 

scientific research for potential applications, due to the development of BMG alloys 

with good GFA in Pd-, Zr-, Cu-, Ti-, Mg-, Ln-, Fe-, and Ni-based alloy systems [507]. 

Moreover, the GFA of thin films can be further improved, since the vapor-to-solid 

deposition process of thin films are expected to deviate farther from equilibrium than 

the liquid-to-solid casting process [508, 509]. Here, the annealing-induced SSA thin 

film is named as composite thin film metallic glass (CTFMG). Until now, TFMGs and 

CTFMGs with various thin-film thicknesses have been extensively employed to 

improve the performance of various substrate materials, especially in the field of 

mechanical behavior and corrosion resistance, which will be reviewed in this section 

[438, 510-516]. 

8.1 Thin-film metallic glasses 

Numerous studies have been reported that the mechanical behavior of 

the film / substrate system is closely dependent on film properties, such as composition, 
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thickness, hardness, ductility, structure, and film / substrate interfacial adhesion [438, 

514, 515, 517, 518]. For instance, many ceramic coatings are susceptible to the 

fatigue-induced fracture and delamination under high stress levels, because of their 

intrinsically-brittle nature, despite their high hardness and strength. Moreover, with an 

increase in the coating thicknesses, a reduction in the adhesion of the film to the 

substrate may occur due to increased residual stresses [438, 519]. Five film properties 

have been reported to affect the mechanical performance, including fatigue and 

plasticity, of TFMG materials [438, 510, 513-515, 520, 521]: (i) hardness - to prevent 

surface roughening; (ii) ductility - to retard crack initiation at the sites where persistent 

slip bands (PSBs) intersect with the film; (iii) cyclic work hardenability - to reduce slip 

localization; (iv) residual compressive stresses - to decrease film tensile stresses; and 

(v) film / substrate adhesion - to prevent film delamination, which is one of the most 

important factors responsible for the mechanical properties enhancement of TFMGs. 

Therefore, a good balance between the beneficial properties of thin-film and film / 

substrate adhesion is the challenge to design the TFMG-substrate material systems. 

Based on reported results, the TFMG can be a good candidate as excellent 

coating materials, due to their unique properties, as shown in Figure 66 [438]. It can be 

observed that TFMGs have much higher yield strengths than ceramic and metallic 

coatings, while metallic coatings and TFMGs have much larger ductility, usually 

indicating better film/substrate adhesion. Therefore, recently, TFMGs have been 

employed to improve the plasticity, strength, and fatigue life of different substrate 

materials, including steels [514, 515, 521, 522], Ni-based alloys [515, 520, 521], and 
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BMGs [513], which is summarized in Figure 67 [438]. Figure 67(a) shows that the 

fatigue lifetimes and endurance limits of the aforementioned substrate materials coated 

with different thin films, together with monolithic Zr55Cu30Ni5Al10, and 

(Cu60Zr30Ti10)99Sn1 BMGs for comparison. It can be observed that five regions (A, B, 

C, D, and E) are divided for the four-point-bending fatigue data, in which A, B, and C 

represents for low (smaller than 300 MPa), medium (300 - 700 MPa), and high (larger 

than 700 MPa) fatigue-endurance limit regions in the TFMG materials. Region D 

includes the tension-tension fatigue data of TFMG materials, while the 

four-point-bending fatigue data of monolithic BMGs is shown in region E.  

For the high fatigue-endurance limit materials (region C), e.g., 316L 

stainless steel, the lifetime and fatigue-endurance limit can be slightly improved by Zr- 

and Cu-based TFMGs, which is caused by the high fatigue-endurance limit of 

substrates, despite of the good adhesion between film and substrate [523]. However, 

fatigue properties cannot be improved by the Fe-based TFMG, TiN, and pure-Cu films, 

which is generally attributed to the intrinsic brittle nature of films or poor film / 

substrate adhesion.  

For the medium fatigue-endurance limit materials (regions B), e.g., 

HAYNES C-2000® Ni-based alloys, the fatigue lifetime and endurance limit can be 

significantly enhanced due to the existence of Zr-based TFMGs, as exhibited in Figure 

67(b) [438]. For instance, the fatigue-endurance limit is increased to 625 MPa from 400 

MPa. However, for the tension-tension fatigue data (region D), the fatigue behavior of 

316L stainless steel cannot be significantly improved by Zr- and Cu-based TFMGs, 
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which is due to the poor film adhesion with the substrate, resulting from stress 

concentration in the notched dog-bone tension-tension specimens. 

8.2 Composite thin-film metallic glasses 

     Amorphization in solids can be achieved by multi techniques, including 

mechanical alloying, high pressure, or shock loading [515]. For amorphization in 

sputtered TFMGs, SSA method has been employed by annealing the TFMGs in the 

temperature range of the supercooled liquid region (ΔT), which is between the glass 

transition temperature (Tg) and the crystallization temperature (Tx) [524-527]. For 

example, after annealing at 743 K (within ΔT) for various time periods of Cu-based 

TFMG, the annealed specimens are basically either fully amorphous or nanocrystalline 

[527], but the annealing process for SSA needs to be carefully controlled , such as 

annealing temperature and time. 

      Due to the small scale of TFMGs and the existence of nanocrystalline phases, 

amorphization structure characterization on thin films is a very challenging task. 

Therefore, transmission electron microscopy (TEM) can be a very important tool for 

the microstructural and crystallographic analyses of TFMGs and CTFMGs, due to the 

micro-scale and nano-scale capability of TEM. In Figure 68 [525], the bright-field 

TEM images and electron diffraction patterns of Fe65Ti13Co8Ni7B6Nb1 TFMGs can be 

observed, which suggests that minor nanocrystallites are formed after as-deposited film 

is annealed at the temperature 673 K (Tg), and eventually transform into the fully 

amorphous phase at a temperature within ΔT (i.e., 773 – 823 K). However, annealing at 

a temperature above Tx (i.e., 873 – 1,023 K) will lead to the appearance of 
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crystallization again and the grain growth of FeNi phase in thin films. Besides the phase 

transformation, SSA can result in smoother film surfaces after annealing at a 

temperature within ΔT, whereas the surface becomes rougher as the annealing 

temperature increases due to crystallization and grain growth, which can be clearly 

characterized by atomic force microscopy (AFM) images in Ref. [525]. Moreover, 

similar SSA process is also reported on the Cu51Zr42Al4Ti3 TFMG after annealing at 

various temperatures [527]. Nanocrystalline (Cu10Zr7) exist in the TFMG matrix after 

annealing at 673 K, and become fully amorphous at 711 K, whereas nanocrystalline 

phase appears again after heating at 798 K.   

In the reported literatures [514, 515], the mechanical behavior of TFMG / 

substrates can be improved, however, the investigation on mechanical performance of 

this SSA induced CTFMG is still quite limited, which will be reviewed in the current 

work. For example, hardness and elastic modulus of TFMG (Zr46Ti26Ni28) can be 

measured using nanoindentation [528]. It is found that the hardness and elastic modulus 

of the as-deposited specimen are 6.2 GPa and 107.0 GPa, respectively, and increased to 

11.1 GPa and 140.1 GPa, respectively, for annealed (723 K) TFMG. Moreover, 

serrations in the load-displacement curves of TFMG specimens can be observed, but 

not as apparent as those in BMGs [247, 248, 251, 262, 275, 529]. Since the serration is 

related with the shear-band formation during loading deformation [251], the 

nanoindentation is thought to yield little and no shear bands generated upon loading, 

which is consistent with reported experimental works [530, 531].  
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Besides the nanoindentation characterization, fatigue behavior of the SSA 

CTFMGs is also investigated, as shown in Figure 69 [515], which shows the S-N 

curves of 316L stainless-steel substrates with and without annealed TFMFs. The 

annealing temperature is 773 K, since the Tg and Tx of this Zr53Cu29Al12Ni6 TFMG are 

737 K and 796 K, respectively, with a ΔT of 59 K. It can be observed that both 

as-deposited and annealed TFMG specimens exhibit better fatigue behavior, including 

lifetime and endurance limit, than the bare 316L steel substrate. The fatigue-endurance 

limit is increased to ~ 700 MPa and ~ 750 MPa for the as-deposited and annealed 

TFMG specimens, respectively, from ~ 600 MPa for the bare 316L steel substrates.  

8.3 Simulations on TFMGs 

As discussed in previous sections, the plastic flow in metallic glasses is 

accommodated by shear bands under loading, thus leading to catastrophic failure due to 

unconstrained propagation of individual shear bands. The most efficient way to 

improve ductility of BMGs is to geometrically constrain these shear bands, so that the 

plastic strain in each shear band can be reduced, therefore, slower the initiation of 

cracks. Coating is a typical approach to constrain the shear-band propagation and, thus, 

promote the proliferation of shear bands [532]. The detailed mechanism responsible for 

the coating effects can be well understood through computational studies, such as 

finite-element modeling [178, 533-535] and molecular-dynamic (MD) simulation [515, 

536].  

8.3.1 Molecular-dynamic simulations 
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Molecular-dynamic simulations have been applied widely in studying the 

deformation mechanisms at atomic scales in materials, including thin film metallic 

glasses [537]. For example, the medium-range order of MGs investigated with MD 

simulations has been discussed in Ref. [148]. Moreover, Wang et al. [536] build the 

MD model for film sputter deposition and 3-D indentation simulations, in which the 

interface between the substrate and film can be modeled realistically. During sputter 

deposition process, MD simulations can be employed to construct the initial film 

configuration. Figure 70(a) [515] shows the results of an as-deposited Cu47Zr47Al6 

TFMG, in which atoms are represented as colored circles (Al is red, Cu is green, and Zr 

is blue). The substrate is Ti and the film thickness is 80 Å. During the deposition 

simulation, deposited atoms are allowed to penetrate into the substrate while forming 

the TFMG / substrate interface. 

In the MD-simulations of deposition and indentation process, interatomic 

potentials were adopted to probe the interactions among the three species of atoms 

forming the metallic glass. The interatomic potentials are expressed as: 

1
2 2

0 0

{ exp[ 2q( 1)]} exp[ ( 1)]ij ij
i

j j

r r
E A

r r
ξ= − − − + − −∑ ∑     (48) 

where ξ is an effective hopping integer, rij is the distance between atoms i and j, r0 is the 

first-neighbor distance, and A(eV), p, q, and ξ(eV) are system-specific parameters, 

which is detailed explained in Ref. [538]. During film deposition, the interaction among 

the protection gas, Ar+, and neutral atoms is governed by the pair-wise Moliére 

potential, Vij(eV): 
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− − −
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where Lf is the Firsov screening length, and e is the electron charge. Z1 and Z2 are the 

atomic numbers of the gas ion and neutral atom, respectively. 

       The MD-simulation result of indentation on as-deposited Cu47Zr47Al6 TFMG 

is exhibited in Figure 70(b) [515]. In this graph, all atoms are color coded according to 

their engineering strain ε11, in which red and blue colors represent for tension and 

compression strain, respectively. Here, the atomic strains are calculated from the atom 

positions as a function of time via a discrete deformation gradient tensor. It can be 

observed that atom pileup appears around the indenter, indicating homogeneous flow 

of the metallic glass under intensive stress. Radial shear bands (red or blue lines 

extending from the indenter) can be noticed where plastic flow occurs. 

      From the aforementioned MD simulation results, the connection between 

STZs and atomic shear bands can be understood. At the initiation stage of indentation, 

STZs can be activated at “weak spots” around the indenter. Here, the “weak spots” is 

defined as the loosely packed atomic regions, where embryonic shear bands will be 

initiated. With load increasing, embryonic shear bands will evolve into mature shear 

bands, while the original “weak spots” may become parts of the plastic-flow regions. 

8.3.2 Finite-element modeling 

As discussed above, MD simulations can be an effective method to study the 

atomic structure in metallic glass thin films. However, for the mechanical behavior and 

shear banding of metallic glasses, finite-element modeling (FEM) could be a better 

choice [438, 534, 535]. As reported in literature [514, 515], the mechanical behavior of 
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the film / substrate material system is significantly dependent on the film / substrate 

adhesion, as well as the film thickness, which can be simulated with a free-volume 

model. 

To explore the effects of geometry constraints, including coating thickness 

and adhesion, on plasticity enhancement of substrates, a two-dimensional (2-D) 

indentation model can be constructed with ABAQUS to investigate the film / substrate 

(MG substrate and Ti coating) material systems with varied configurations and 

constitutive laws. More information about this model can be found in Ref. [438]. The 

MG substrate can be simulated with the free-volume model, which is described in detail 

in Ref. [535, 539], while the Ti coating is treated as a pure elastic body. 

      To investigate the effects of film / substrate adhesion on the ductility 

enhancement of metallic glass, different indentation contours were displayed in Figure 

71 [438]. In Figure 71(a), several major intersecting shear bands appear upon the 

indentation of the bare BMG substrate, while, for Ti-coated BMGs, multiple shear 

bands can be observed after indentation for both good-adhesion and poor-adhesion 

cases, as exhibited in Figures 71(b) and (c), respectively. This shear-band 

multiplication phenomenon in film / substrate materials is attributed to two 

mechanisms triggered by the geometrical constraint of thin films: (i) shear-band 

reflection occurs at the film/substrate interface, and (ii) abundant minor shear bands 

exist in the BMG substrates. According to the experimental results [513], the 

shear-band multiplication is general corresponding to the improved plasticity of the 

BMG substrate. Regarding the poor film / substrate adhesion case [Figure 71(b)], less 
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shear-band reflection and branching can be observed compared to the good film / 

substrate adhesion case [Figure 71(c)], which is generally attributed to the film 

delamination occurring easily in the poor adhesion case, and, therefore, relatively 

limited enhanced plasticity can be obtained in the poorly-bonded thin film material. 

How is the shear-band propagation direction in the coating / substrate (BMG) 

materials under deformation? It can be calculated with Rudnicki-Rice instability 

theory, which is constructed with a 3-D half-symmetric ABAQUS model under 

Rockwell indentation, as displayed in Figure 72(a) [438]. The predicted directions of 

shear-band propagation for both monolithic and thin-film coated BMGs are displayed 

in Figures 72(b) and (c) [438], respectively. The detailed information for the model 

setup can be found in Ref. [534]. From the Rudnicki-Rice instability theory, the 

calculation gives typical radial shear-band patterns under indentation for both bare 

substrate and coating specimens, which is consistent with the experimental data [534, 

540, 541]. For the bare BMG substrate [Figure 72(b)], only major shear bands appear 

and propagate through the specimen, due to lack of shear-band constraint conditions. 

However, for the coated specimen [Figure 72(c)], more shear bands occur in the 

substrate upon deformation, resulting in reduced shear strain in each shear band. Note 

that in Figures 72(b) and (c), the blue solid curves represent the predicted shear-band 

directions, while the red dashed curves are along principal shear stress directions. 

Moreover, in the coated BMG [Figure 72(c)], shear bands can be “reflected”, resulting 

in the appearance of more minor shear bands [solid curves], when major shear bands 

propagate to the film / substrate interface. Note that the short solid black and dashed 
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green curves are corresponding to the shear-band directions and principal shear-stress 

directions, respectively, occur at the coating / substrate interface.  

Besides, the electrodeposition was used to coat Cu films on the surface of the 

Zr52.5Cu17.9Ni14.6Al10Ti5 (Vit 105) BMG pillars with the film thicknesses of 71.5 and 

161.1 μm [542]. The plastic strain was 6.1 % for the coated pillars with a coating 

thickness of 161.1 μm, which is 3.59 times of 1.7 % of the bare Vit 105 pillars. The 

deformation of the copper films dissipated the strain energy and limited the propagation 

of shear bands, which led to the initiation and formation of multiple shear bands. 

Similar function works for Ni film / Vit 105 BMG composites [543]. Therefore, the 

enhanced plasticity can be obtained in thin-film coated BMG materials.  
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9. Deformation mechanisms and models of metallic 

glass matrix composites 
The deformation behaviors of ex- and in-situ metallic glass matrix 

composites at room temperature are discussed in detail above, and the corresponding 

deformation mechanisms are also explored in part, especially for that of ex-situ 

composites. In this section, we will mainly have a discussion on the deformation 

mechanism of in-situ composites at room temperature upon quasi-static uniaxial 

loading. 

9.1 Deformation mechanisms under compression 

For in-situ dendrite-reinforced MGMCs, the stress-strain curve of 

Zr58.5Ti14.3Nb5.2Cu6.1Ni4.9Be11.0 composites under compression is shown in Figure 35, 

and the side view of the deformed sample reveals the distribution of profuse shear 

bands [544]. Simply, it is usual to correlate the plasticity and the density of shear bands. 

More comprehensive micromechanisms are badly needed to explore.  

Figure 73(a) [544] shows the TEM bright-field image and the corresponding 

selected-area-electronic-diffraction pattern (SAED) for the dendrites in the deformed 

composites (inset). Using TEM, the shear bands, observed from the SEM image of the 

deformed sample, are neither large in number nor in width, making them difficult to be 

caught in the TEM-sample preparation. Theoretically, the width of shear bands is 

estimated to be about 10 nm [36]. Meanwhile, experimentally, the value accords to the 

theoretical value [545]. The slip bands in the dendrites, seeming to be of a high 

number density, denoted by the white arrows, can be frequently observed. Most of 
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these bands propagate inside the dendrite with a spacing of 70 - 140 nm, and the 

propagating direction has no special relationship with the compression direction. The 

spacing is in reasonable agreement with that observed in a micrometer-sized dendritic 

phase intermixed with a nanostructured eutectic matrix [546]. Two slip systems are 

activated with mutually perpendicular directions. In a given dendrite, the slip bands 

generally extend along the same direction. The extensive slip deformation induces the 

stepped morphology, denoted by the black arrows in Figure 73(a), at the interface 

between the dendrites and the glass matrix. The SAED pattern in the inset of Figure 

73(a) is identified as the [1 1 3] zone axis of the bcc β-Zr with a lattice parameter, a = 

3.240 Å. Figure 73(b) [544] shows the details about the deformation of dendrites. The 

inset in Figure 73(b) is the TEM bright-field image of a dendritic arm with high 

magnification. It can be observed that along the slip direction, steps denoted by the 

black arrows at the interface form due to the plastic deformation in order to readily 

accommodate the plastic strain. Thus, these steps can be considered as “misfit” 

between the two phases to harmonize strains. Figure 73(b) presents a 

low-magnification HRTEM image of dendrites taken far away from the interface, in 

which some Moiré patterns denoted by black arrows emerge, and the area of the Moiré 

pattern is approximately 20 nm. One can observe the typical contrast in the dendrites, 

which is caused by the strain of shear bands, indicating the shear direction and 

identifying the penetration of shear bands to the dendrites. The direction of the Moiré 

patterns does not follow a certain direction, since the Moiré patterns are generated not 
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only by translation but also by a mixture of translation and rotation due to the local 

superposition subjected to the complicated shear deformation.  

Figure 73(c) [544] displays the HRTEM image near the interface. Abundant 

lattice distortion fringes prevail in the dendrite marked by the arrows, indicating the 

lattice of the β-Zr phase is severely distorted. The fast Fourier transformed (FFT) 

pattern from the area of the dendrite marked by the rectangle is shown in the inset of 

Figure 73(c), and the corresponding inverse fast Fourier transformed (IFFT) pattern is 

displayed in Figure 73(d) [544]. From Figure 73(d), it is clearly demonstrated that the 

severe lattice distortion denoted by arrows is yielded to alleviate the stress 

concentration. The deformation-induced lattice distortion is widely observed in 

crystalline alloys [547], which has not been investigated in MGMCs previously. 

Active dislocations are around the area located in the severe lattice distortion with a 

high number density, giving an evidence of pile-ups of dislocations at the interface. 

Besides, the amorphous-like region marked by the circle in Figure 73(d) is found, 

indicative of the local disordered amorphization in dendrites. Figure 73(e) [544] 

illustrates a HRTEM image of the deformed glass matrix. A nano-sized crystal with 

the size of about 3 nm is found, and its corresponding IFFT pattern [inset in Figure 

73(e)] gives a periodic lattice contrast. The nano-crystallites in the matrix are seldom 

found, which cannot be responsible for the improved plasticity and the 

work-hardening capacity. In summary, the improved plastic deformation of in-situ 

dendrite composites is mainly characterized by the multiplication of shear bands. 

Severe lattice distortion and local amorphization in the dendrites, as well as pile-ups 
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of dislocations close to the interface, are jointly responsible for the micromechanisms 

of the compressive deformation.  

Besides, Wang et al. [548] investigated the role of the interface before and 

after deformation in an in-situ Ti-based MGMC by using TEM and HRTEM, and 

found the interface has the positive effect to initiate nucleation of multiple shear 

bands in glass matrix through nanocrystallization or to cause plastic deformation by 

dislocations and the disordered atomic arrangement parts in dendrites. In-situ 

synchrotron x-ray experiments have been used to follow the evolution of the 

diffraction peaks for crystalline dendrites embedded in a metallic glass matrix 

subjected to a compressive loading-unloading cycle [549]. We observe irreversible 

diffraction-peak splitting even though the load does not go beyond half of the bulk 

yielding strength. The chemical analysis coupled with the TEM mapping suggests that 

the observed peak splitting originates from the chemical heterogeneity between the 

core (major peak) and the stiffer shell (minor peak) of the dendrites. A molecular 

dynamics model has been developed to compare the hkl-dependent microyielding of 

MGMCs. The complementary diffraction measurements and the simulation results 

suggest that the interface, as Maxwell damper, between the amorphous matrix and the 

(211) crystalline planes relax under prolonged load that causes a delay in the reload 

curve, which ultimately catches up with the original path. The core-shell structure is 

firstly found in in-situ dendrite composites, which plays an important role in 

determining the mechanical response upon loading. The more detailed functions 

should be explored furthermore. 
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In addition, the micromechanics of deformation of in-situ formed MGMCs 

consisting of Ta-rich particles dispersed in an amorphous matrix was examined [550]. 

The development of a plastic misfit strain causes stress concentrations around the Ta 

particles, resulting in localized yielding of the matrix by shear banding at an applied 

stress of 1,450 MPa, considerably lower than the macroscopic yielding strength of the 

composite (~ 1,725 MPa) [550]. The presence of the particles makes the stress state 

highly inhomogeneous, which may partially explain why fracture is suppressed in the 

composite, allowing the development of large plastic strains. Similar stress 

concentration happens in ex-situ MGMCs, splitting or shearing for ex-situ MGMCs 

upon compressive loading has been discussed above [296]. 

9.2 Deformation mechanisms under tension 

It should be noted that most of the developed in-situ MGMCs exhibit 

softening upon tension rather than work hardening upon compression [94, 97, 101, 

105, 164, 549, 551], giving an implication that the tensile mechanism may be very 

different from the corresponding compressive one. The challenge for structural 

applications is how to obtain the tensile ductility and work-hardening capacity. Only 

if the materials can be homogeneously plastically deformed, the localized deformation 

and softening leading to the early failure can be avoided. It is necessary to know the 

tensile deformation micromechanisms of MGMCs. The discussion below is based on 

the tensile micromechamisms [101].  

The overview of the TEM BF image of the deformed sample is exhibited 

in Figure 74(a) [101]. It is seen that the dendrite fragmentation prevails after tension, 



Page 153 of 298

 

153 
 

and the sharp shearing within the dendrites, denoted by the arrows, takes place 

without predominant orientation. Since each individual dendrite has its own 

crystallographic orientation, the orientation-dependent critical shear stress is activated 

at different spatial and temporal scales. Consequently, the plastic deformation of 

individual dendrites is harmonized, leading to a random fragmentation. Figure 74(b) 

displays the HRTEM image of the glass matrix after deformation, and only a few 

maze-like patterns less than 5 nm are available, in agreement with the SAED result in 

the inset of Figure 74(b). It is reasonable to deduce that the rarely-found 

nanocrystallization can’t be responsible for the distinguished tensile ductility [101].  

Figures 74(c) and (d) exhibit the bright- and dark-field (BF and DF) images 

of the dendrites, respectively [101]. Compared to the two images, three subdivisions 

indicated by �,�, and � are separated by the shearing boundaries, marked by arrows. 

The formation of shearing boundaries suggests that the proceeding shear bands cut 

into the dendrites. Different contrasts between these subdivisions originate from the 

various orientations, since they may experience the varied plastic deformation. For the 

further identification of the varied deformation, the lattice parameter, a, is 

investigated for neighboring subdivisions �and �. The SAED patterns taken from the 

rectangular regions in subdivisions �and � are shown in Figures 74(c) and (d), 

respectively. a = 0.3175 and 0.3221 nm are obtained for subdivisions�and�, 

respectively, suggesting the experience of different plastic deformation. The most 

heavy deformation concentrates within the thin shear bands with a thickness of about 

30 nm. Figure 74(e) displays the IFFT patterns within the shear bands, and it is found 
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that dislocations, denoted by “┴”, lattice distortions, represented by arrows, and local 

amorphization, represented by ellipses, are together present.  

In addition to the shearing-induced separation within individual 

dendrites, there are many subdivisions of the dendrites, separated by the dense 

dislocation walls (DDWs). Figures 74(f) and (g) show the BF and DF images of the 

dendrites separated by DDWs, indicated by arrows, respectively. The cell blocks 

(CBs) form with the DDWs as the boundaries due to the harmonized deformation, 

since the amount of slip systems within CBs is different. Compared to the BF and DF 

images, the fragmentation dominates, and the varied contrasts from the different CBs 

indicate various orientations. It is the first time to observe the fragmentation of 

dendrites in BMGMCs, divided by the DDWs, but similar fragmentation has been 

reported in UFG Cu alloys [552]. Additionally, the shear steps can be observed, as 

shown in Figure 74(f), giving an evidence of the interaction between the shear bands 

and the deformation structures. CBs A and B can be easily determined, based on the 

contrast in bright- and dark-field images. Actually, even within the CB B, the gradual 

contrast is still present. The high-magnified BF image of the CB B is exhibited in the 

inset of Figure 74(g), and microbands are generated due to the local stress 

concentration during the plastic deformation. The magnified DDW between the CBs 

A and B is shown in Figure 74(h). The disorder lattice pattern within the CB A 

appears to be characteristic of an amorphous state, which is caused by the notable 

misorientation between CBs A and B. The FFT pattern taken from the DDW, 

displayed in the inset of Figure 74(h), produces extra diffraction spots, marked by 
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arrows, according to the large misorientation. Besides, Moiré patterns emerge within 

the CB B.  

The study above emphasizes the interior of the dendrites, and it is 

concluded that the interior fragmentation results from subdivisions separated by the 

shear bands and DDWs. Next, the direct observation of the fragmentation or fracture of 

the dendrites is performed. Figure 74(i) exhibits a superelongation of local dendrites 

under Mode�. The continuous necking dominates during plastic deformation, and both 

necking tips shrink into nanoscales with a displacement of about 33 nm. The local 

tensile ductility is an indicator of the macroscopically-tensile ductility. Additionally, 

the local shearing under Mode� results in the separation of adjacent portions of the 

dendrites, as shown in Figure 74(j). Sharp breaks in the dendrites form, and the two 

fracture planes are not well parallel, together with a distinct distance. Figure 74(k) is a 

HRTEM image taken near the interface of the dendrite and the glass matrix, and no 

atomic-scale segment is found, which suggests a good structural coherency of the 

interface, and indicates that the harmonized plastic deformation in the dendrites may 

extend into the local glass matrix. For the dendrite near the interface, the deformation 

structure is clear, as shown in an IFFT pattern in Figure 74(l), which is analogous to 

Figure 74(e), where dislocations, lattice distortions, and local amorphizations are 

present. Based on the fracture study of the BMGMCs, shearing-induced subdivisions 

and DDW-separated CBs constitute the deformation structure within the interior of 

dendrites. Besides, the local separation under Modes �and � prevails.  
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Additionally, the investigation of the microcrack evolution in an in-situ 

Ti-based MGMC was conducted by Wang et al. [553] Figure 75 [553] demonstrates the 

deflection of the extending direction. Apparently, the extension direction of a 

microcrack from the amorphous phase to the dendrite diverges to the dendrites, along 

“mn” in Figure 75(a), and leads to a nanoviods along the initial direction. However, the 

extending direction changed again, slide along the interface instead of the propagation 

along “mn”. Figure 75(b) shows that the microcrack propagates along the plastic zone 

(length scale ~ 3 μm), including the plastic deformation zone and shear deformation 

zone, “mn”, and the extension direction slightly deviates from the original crack 

direction. Generally, it is difficult to observe the propagation of shear bands upon 

loading, since the formation and propagation of the primary shear bands in monolithic 

BMGs occur simultaneously under tensile loading. The current study gives a direct 

evidence of the evolution of shear bands to cracks. 

9.3 Deformation model by simulations 

Unlike the well-defined long-range order that characterizes crystalline 

metals, the atomic arrangements in amorphous alloys remain mysterious at present. As 

a result, up to now, the elucidation of the different types of short-range order as well as 

the nature of the medium-range order has been mainly limited in binary and ternary 

alloy systems [148, 554]. Correlation of atomic structures with the mechanical behavior 

was well established in these alloy systems [257, 555-557]. However, the deformation 

models are difficult to be established in MGMCs, since multicomponents and more 

than one phase are present in MGMCs.  
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In order to reveal the mechanisms of the improved ductility in MGMCs, 

the maximum shear stress fields defined as: 2 2( )xx yy xyτ σ σ σ= − + , are analyzed as 

shown in Figure 76 [558], where xyσ are stress components around the dendrite with 

fracture energy ec = 145.2 J/m2. Figures 76(a) and (b) show τ around the dendrite with 

the rotation angles θ = 0 deg. and θ = 15 deg., respectively. It can be seen in Figure 

76(b) that the un-symmetric shear stress at the tip of incident shear bands causes the 

detour of shear band upon touching the secondary arm of dendrites with a rotation angle 

θ = 15 deg. On the contrary, the shear stresses are symmetric around the tip of shear 

band touching the primary arm of dendrite with a rotation angle θ = 15 deg., resulting in 

the branching of the incident shear bands, as shown in Figure 76(a). 

The successful application of the phase-field approach on the 

understanding of shear banding and fracture processes of ex-situ fiber-reinforced 

MGMCs is achieved by Zheng et al. [408, 559]. Multiple shear bands can be initiated 

from the interface. The enhanced fracture toughness of the composite is related to the 

bonding conditions between the glass matrix and the fibers and its relation with the 

free-volume defect at the interface is quantitatively determined. From the simulation 

study, it is found that the integration of two attracting shear bands will result in the 

generation of secondary shear bands, leading to enhanced plasticity [559]. 

For the in-situ ductile-phase-reinforced MGMCs, by simulations, 

Abdeljawad et al. [560] found that the ductility is inversely proportional to the ductile 

particle size. For Cu64Zr36-matrix composites, Zhou et al. [327] revealed atomistic 

details related to the evolution of plastic shearing events in the glass matrix, as well as 
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the interactions between the glass matrix and the crystalline phase in simulations. The 

interaction is governed by a cooperative activation of lattice sliding and local STZs in 

the vicinity of the glass–crystal interface. By matching this structural length scale to the 

intrinsic length scales of the glass matrix, one can obtain global plasticity 

(homogeneous nucleation of STZs or initiation of multiple shear bands) in the 

composites. It is also found that slender crystalline secondary phases are better at 

suppressing shear-band propagation than those with spherical shapes. Besides, based 

on the interaction between the dislocation-sliding and shear-banding, numerical 

simulations were performed to elucidate the toughening mechanisms of 

particle-reinforced MGMCs under tension [561]. During numerical modeling, the 

free-volume theory was applied for the glass matrix, and free volume density acts as an 

internal state variable to describe the evolution of shear banding. While the 

mechanism-based strain gradient plasticity theory was adopted to describe the 

crystalline second phase, and dislocation density was employed to track the dislocation 

sliding. Jeon et al. [562] used the finite-element-method (FEM) analysis based on real 

microstructures to theoretically explain the enhanced elongation in terms of effective 

dendrite size in in-situ dendrite / MGMCs. The shape and location of deformation 

bands estimated from the FEM simulations were well matched with the experimental 

observations. The more precise resolution to the micromechanism by simulation needs 

to be with the aid of electron backscatter diffraction (EBSD) methods, since it has been 

confirmed that the plastic deformation produced indexable patterns and there was a 

preferred texture, and dendrites oriented with a <101> parallel to the tensile axis were 
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least likely to experience plastic deformation that would result in Kikuchi pattern 

degradation [563]. Hardin et al. [328] have investigated various microstructural factors 

(volume fraction, length scale, and yielding strength) influencing strain delocalization 

in in-situ MGMCs. The modeling coupled with experiments could be a useful tool for 

the design of strong and ductile MGMCs.  
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10. Applications 
From above descriptions, it is clear that BMGs or MGMCs have an 

interesting combination of properties. They exhibit very high strength (both in tension 

and compression), large elastic elongation limit, very high hardness, and excellent 

corrosion resistance, etc.  

For the applications, Kumar et al. [564] discussed the advantages of using 

metallic glasses in miniature applications. Size-dependent properties suggest that 

applications on length scales from 1 nm to 5 mm would benefit the most from BMGs. 

These applications are in the fields of MEMS (microelectromechanical system), NEMS 

(nanoelectromechanical systems), biomedical implants, precision microparts, surgical 

tools, and micromachines. 

As different applications require various forms of glassy materials, the 

BMG alloy compositions are produced in the form of rods, sheets, plates, spheres, 

pipes, etc. Figure 77 show some BMG-product photos fabricated directly from their 

molten state by DongGuan Eontec Co., Ltd. in China [565]. Figure 77(a) exhibits some 

jewelries made from BMGs. Figures 77(b), (c), and (d) show the photographs of mobile 

phone skeletons in different forms and shapes, in which Zr- and Cu-based BMGs are 

synthesized (Note that all the products are not artificially polished). The high yielding 

(or fracture) strength, low Young’s modulus, large elastic strain limit, and easy 

formability in the supercooled liquid region are the main attributes of BMGs that make 

them attractive for structural applications. This attribute of BMG alloys has been 

extensively exploited to produce different types of parts with complex shapes such as 
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gears, coiled springs, and other complex parts [566]. The superior corrosion resistance 

of BMGs over their crystalline counterparts plays a major role in chemical applications. 

BMGs have been specifically considered as most appropriate materials for fuel cell 

separators. Fuel-cell systems are known to have a higher efficiency in comparison to 

internal combustion engines by directly converting the chemical energy of fuels to 

electrical energy. There has been recent progress in the development of 

proton-exchange membrane fuel cells (PEMFCs) by utilizing the superior corrosion 

resistance and viscous deformability of BMGs. Besides, in the field of biomedical 

applications, implants that ‘biocorrode’ are of considerable interest. Deploying them 

not only abrogates the need for the implantremoval surgery, but also circumvents the 

long-term negative effects of permanent implants [498-500, 567, 568]. In addition, the 

outstanding soft magnetic properties of the Fe-based melt-spun ribbons or BMGs have 

found applications in power-distribution transformers and several other applications 

[566]. Recently, Krautz et al. [569] reported on novel magnetocaloric composites based 

on La(Fe,Si)13 particles in an amorphous metallic matrix, showing a promising route 

for the production of compact refrigerant bodies that can be easily extended to other 

brittle giant magnetocaloric materials whose performance depends strongly on particle 

size. 

The broad application of BMGs will go on. In comparison, the high 

strength together with high toughness in MGMCs render them potential candidates for 

applications in the field of structural engineering. The following is a design route for 

the development of high-performance knives [570]. 
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Quality knives are typically fabricated from high-strength steel alloys. 

Depending on the applications, there are different requirements for mechanical and 

physical properties that cause problems for steel alloys. For example, diver’s knives are 

generally used in salt water, which causes rust in steel knives. Titanium diver’s knives 

are a popular alternative due to their salt water corrosion resistance, but are too soft to 

maintain a sharp cutting edge. Steel knives are also magnetic, which is undesirable for 

military applications where the knives are used as a tactical tool for diffusing magnetic 

mines. The solution to the deficiencies of titanium and steel knives is to fabricate them 

using MGMCs. They can be cast into net or near-net shaped knives with a combination 

of properties that exceed both titanium and steels, which are based on titanium. The 

knife has a self-sharpening edge, and can retain an edge during service. And it is hard, 

non-magnetic, corrosion-resistant against a variety of corrosive environments, and 

tough (to allow for prying), which can be cast into a net-shape with a mirror finish and 

a complex shape with an excellent wear resistance, and low density, as shown in Figure 

78 [570]. Examples of a variety of net-shaped parts of the Ti-based MGMC DV1 

(TiZrVCuBe) show how complex shapes can be cast with Ti-based composites. Bolts, 

washers, hollow tubes, and rods are demonstrated in Figure 79 [571]. As presented in 

Section 1, various processing methods can be used to directly cast in-situ MGMCs with 

complex shapes, as shown in Figure 80 [572]. The structural applications in MGMCs 

bear similarities to the monolithic BMGs.  

It should be noted that the special applications in strategic fields, such as 

the defense and aerospace, are for ex-situ Wf-reinforced MGMCs. The adiabatic 
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shear-band failure mechanism of ex-situ Wf-reinforced MGMCs at high strain rates 

suggests that they can be used in the kinetic-energy penetrator applications. 
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11. Conclusions 
The development of various ex-situ and in-situ MGMCs is reviewed in this 

paper. Since the first amorphous alloy was synthesized in the Au-Si system in 1960, 

people are trying to search for the BMGs with the large glass-forming ability in 

different alloy systems. Up to now, there have been many alloy systems, such as Zr, Ti, 

La, Mg, Cu, Ni, Fe, Pd, and Gd-based etc, which have the critical diameters over than 1 

cm. These BMGs could be fabricated by various processing methods, including the 

copper-mould suction casting, Bridgman solidification, spark plasma sintering, 

electromagnetic-vibration process, pulsed-laser forming, low-pressure die-casting, 

melt atomization and spray deposition, continuous casting, etc. And the copper-mold 

suction casting is the most common method to fabricate BMGs, and most developed 

BMGs are based on this method all over the world. 

Although a series of excellent mechanical properties have been explored 

gradually, the intrinsic room-temperature brittleness of monolithic BMGs is yet to be 

solved until the appearance of ex-situ and in-situ MGMCs since 1990s. After 

foundation of plastic-deformation models, such as free-volume, STZ, and TTZ models, 

the shear-banding behavior, which is associated with the catastrophic failure at room 

temperature, is widely accept to explain the brittleness. However, in ex-situ and in-situ 

MGMCs, the secondary phases can effectively hamper the fast propagation of shear 

bands, and the improved toughness at room temperature is generally obtained. It should 

be noted that there exists mechanical asymmetry during the quasi-static uniaxial 

compression and tension for not only BMGs but also MGMCs. Specially, there is 
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almost no work hardening during tension of ex-situ and in-situ MGMCs, even if the 

large compressive plasticity together with the macroscopic work hardening is obtained. 

Based on this asymmetry, the deformation micromechanisms upon compression and 

tension are analyzed in detail. Besides, on the basis of the background that it is 

inevitable for the engineering materials serving upon dynamic loading, the dynamic 

compression, tension, and shear punching behaviors of ex-situ and in-situ MGMCs are 

studied. 

The deformation behaviors of MGMCs at cryogenic and high temperatures 

are experimentally and theoretically discussed. The fatigue results of BMGs and 

MGMCs are summarized and compared. In particular, the four-point-bending and 

tension-tension results of in-situ dendrite / MGMCs and the corresponding mechanisms 

are carefully explored. Note that the fatigue behavior in shape-memory MGMCs is 

firstly reported here. Though the advancement has been achieved in the study of 

mechanical properties, deeper understanding, such as deformation models, should be 

developed in order to widen the potential applications. Apart from the deformation, the 

corrosion and wear properties of ex-situ and in-situ MGMCs have been mentioned. And 

the composite thin-film metallic glasses together with Ni- and Cu-coated BMGs are 

investigated. The corresponding deformation model is illustrated by experiments and 

simulations. Lastly, the applications of MGMCs now and in future are discussed.  
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12. Future work 
Although numerous efforts have been paid on the in-situ and ex-situ 

MGMCs during the past years, especially on the aspect of structural engineering, such 

as deformation, more work should be unfolded in order to pave a way for actual 

applications. Attempts to bridge high toughness and high strengths on the MGMCs 

have always been the goal of the previous, present, and future research.  

The asymmetry in mechanical properties under compressive and tensile 

loadings exists, e.g., distinguished plasticity accompanied by the work-hardening 

behavior under compressive loading, but fully softening after yielding under tensile 

loading. For structural applications at room temperature, homogeneous deformation 

with the work-hardening behavior is highly expected. How to obtain homogeneous 

deformation is poorly understood to design MGMCs with high toughness. Based on 

these safety evaluations, deformation mechanisms should be explored extensively in 

the future. Besides, the service surrounding is complex for materials. More 

investigations on the deformation behavior can be concentrated under the 

high-speeding dynamic loading, such as dynamic compressive, tensile, and shearing 

loading at varied temperatures, such as cryogenic or high temperatures beyond the 

glass-transition temperature. Up to now, almost all the research activities on MGMCs 

are based on the as-cast samples. It is well known that it is inevitable to obtain 

micro-scaled casting pores in conventional alloys, and the rolling process is widely 

employed to remove the pores [573]. Previously, Cao et al. have demonstrated that the 

plasticity of BMGs after cold rolling is remarkably enhanced [574]. Thus, people may 
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pay more attention to the rolling effect on MGMCs, which can remove the casting 

pores, and enhance the plasticity [575]. Additionally, lightweight is of interest for 

MGMCs with high specific strengths, such as Mg-, Ca-, and Ti-based MGMCs [571, 

576, 577]. 

Except for the consideration on structural properties, functional properties 

should be vital [578], and developed for special applications, such as soft magnetism, 

high electroconductibility, high thermal conductivity, shape memory, etc. 
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Table Captions 

Table 1: Summaries of Some BMGs with Critical Size ≥ 10 mm  

Table 2 Chemical compositions of the composites of E, F, G, and H by estimations and 

measurements [87]. 

Table 3 Summary of the compressive mechanical properties of the composites at 

ambient temperature [88]. 

Table 4 The thermal properties of the Zr37.5Ti32.2Nb7.2Cu6.1Be17.0 MGMCs with 

different withdrawal velocities [69, 95]. 
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Figure Captions 

Figure 1 The amorphous structure (a) and the cubic crystalline (b) CuZr alloy by 

computer simulations.  

Figure 2 Different BMG systems with the maximum diameters as well as their 

discovered years, including Nd- [20], Y- [17], Pt- [33], Cu- [15], Ca- [30], Fe- [25], Co- 

[26], La- [34], Mg- [22], Ni- [32], Ti- [29], and Pd-based BMGs [12]. 

Figure 3 An optical micrograph showing uniformly-distributed WC particles in the 

V106 matrix (a) [37], X-ray diffraction patterns of the V106 matrix, the alloy 

reinforced with 10 vol. % WC, and pure WC particle (b) [38], and quasi-static 

compression stress–strain curves of V106 composites reinforced with Ta, W, and WC 

particles [39]. 

Figure 4 Scanning-electron micrographic image of the transverse cross section of the 

cast composite alloy containing 40 vol. % Ti powders [48]. 

Figure 5 (a) Hardness values of the matrix reinforced by different volumes of the ZrC 

particles and (b) linear fitness of the modulus, E, and yielding strength, σy, with 

increasing the volume fraction (Vf) of ZrC [42]. 

Figure 6 SEM micrograph in the backscatter mode of 80 vol. % W wire / bulk metallic 

glass matrix composite. The sample is polished and cut normal to the uniaxial 

reinforcement [56]. 

Figure 7 SEM backscattered-electron image of in-situ composite microstructure (Inset: 

X-ray diffraction pattern for the (Zr75Ti18.34Nb6.66)75X25 in-situ composite [86]. 
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Figure 8 Processing map (a quasi-equilibrium pseudo-binary phase diagram) for in-situ 

β-phase-reinforced composites during a cooling experiment. The glass-transition 

temperature, Tg, of the matrix is close to that of Vit 1 (� 350 °C). The composites with 

compositions marked E, F, G, and H were processed and studied to determine their 

phase fractions to confirm the phase diagram [87]. 

Figure 9 Backscattered-SEM images of the composites (E, F, G, and H) marked in 

Figure 8. The light regions designate the β phase, and the dark areas are the amorphous 

matrix. The insets on the upper left corner show the intensity distributions used in 

estimating the fractions of each phase [87]. 

Figure 10 A pseudo ternary phase diagram with apexes of zirconium, (titanium +  

niobium), and X, where X represents the moiety Cu5Ni4Be9 [88]. 

Figure 11 X-ray diffraction patterns of four samples with different compositions  

(labeled as Zr54, Zr56, Zr58, and Zr60, respectively) [88]. 

Figure 12 SEM images of the cross sections of the composites with the compositions  

of: (a) Zr54, (b) Zr56, (c) Zr58, and (d) Zr60 [88]. 

Figure 13 (a) the compressive engineering stress-strain curves of the four composites 

[88], and (b) the tensile engineering stress-strain curves of the Zr60 composite [90]. 

Figure 14 Backscattered SEM of the in-situ composite with a composition of 

(Zr70Ni10Cu20)82Ta8Al10 [113]. 

Figure 15 The crystalline structures of the B2 CuZr, P21/m, and Cm phases [136, 137]. 

Figure 16 Schematic CCT diagram during the quenching process illustrating the 

formation of CuZr-based BMG composites [137]. 
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Figure 17 Dependence of tensile ductility on crystalline volume fraction [132]. 

Figure 18 Typical schematic illustration of copper-mold suction casting, and the arc 

melter at The University of Tennessee shown in the inset [141]. 

Figure 19 Schematic diagram of the apparatus for casting bulk MGMCs [37]. 

Figure 20 (a) diagram of a water-cooled copper boat used for semisolid processing of  

in-situ metallic glass matrix composites, and (b) example of a custom coil on a 

water-cooled copper boat [165]. 

Figure 21 Plot of shear modulus versus volume fraction of dendrites for the alloy, DH1, 

its glass matrix and its dendrite (a) [94] and contrast adjusted SEM of the dendrite 

structure in a bulk metallic glass matrix composite [165]. 

Figure 22 The Bridgman solidification apparatus used by Qiao et al. (a), and the 

corresponding illustration exhibited in (b).  

Figure 23 XRD patterns (a) and DSC traces (b) of the composites synthesized with 

different withdrawal velocities [69]. 

Figure 24 The microstructure of the sample with v = 1.0 mm/s is illustrated in (a) [95], 

the dependences of spanning lengths of individual dendrite trees on varied withdrawal 

velocities shown in (b) [95], and the dependences of fracture strengths and plastic 

strains of the composites developed by the Bridgman solidification on the v (c), the 

inset in (c) indicating the sample with v = 1.0 mm/s after bending.  

Figure 25 Classification of MGMCs.  

Figure 26 A schematic of the free-volume model in metallic glasses.  
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Figure 27 (a) AFM image of the nanoscale-periodic corrugation in a Vitreloy 1 metallic 

glass [210]. (b) Periodic corrugation forms by the occurrence of the local 

quasi-cleavage due to TTZs near the tip; coalescence of the local quasi-cleavage zone 

with the crack yields a longer crack [209]. 

Figure 28 Schematic diagram of the ductile-to-brittle transition mechanism of metallic 

glasses during fracture. (a) If the curvature radius of the crack tip is greater than the 

critical wavelength of the meniscus instability, a ductile fracture will occur in the 

fracture-process zone, where the atomic-cluster motion via shear transformation zones 

(STZs), as shown in the inset; and (b) in the opposite case, the quasi-brittle fracture 

through tension transformation zones (TTZs) [see the inset] is possible ahead to the 

sharp crack tip [217].  

Figure 29 Correlations between the evolution of liquid-like zones, deformation map, 

relaxation spectrum and energy landscape are established during the glass-to-liquid 

transition [235]. 

Figure 30 Schematic diagrams of the stick–slip model for a single sample where only a 

dominant shear band formed (a) and several samples tested simultaneously (b).  

Figure 31 The relationship among the fracture strength, Tg, and molar volume for a 

variety of BMGs [269]. 

Figure 32 The SEM images of the S2 composite shown in (a), and the quasi-static 

compressive stress-strain curves of LM1, S1, and S2 (b) [66]. 

Figure 33 Illustration of the competitive process between the shear and splitting 

fracture for the tungsten composite at room temperature: (a) variations of shear and 

splitting fracture strengths with fiber volume fractions, (b) critical compressive fracture 
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lines for shear and splitting fracture modes of the composites with different fiber 

volume fractions and the stress distribution on the two Mohr circles [296]. 

Figure 34 Specific strength and plasticity of a series of monolithic BMGs and ex-situ 

particle-reinforced MGMCs [48]. 

Figure 35 The compressive engineering stress-strain curves of the 

Zr58.5Ti14.3Nb5.2Cu6.1Ni4.9Be11.0 composite, and its corresponding dendrite and glass 

matrix.  

Figure 36 The compressive stress-strain curves at four different test temperatures (77, 

294, 373, and 473 K) [59]. 

Figure 37 Comparison of the stress–strain responses at various testing temperatures: (a) 

at room temperature (300 K), (b) at high temperature but below Tg (550 K), (c) at Tg 

(600 K), and (d) above Tg (650 K). Note that the plots obtained at the strain rate of 10−2 

s−1 were not shown for the sake of clarity [302]. 

Figure 38 The true stress-strain curves measured at 77 and 298 K (a) as well as in the 

supercooled liquid region, 693 K for 70-vol. %-W-containing-Vit106 composites with 

the SEM image and (b) for 5-vol. %-Ta-containing Zr-based composites with the 

backscattering SEM image [307]. 

Figure 39 Integrated tensile properties of strength and ductility for in-situ MGMCs.  

Figure 40 (a) the tensile true stress–strain curves of ex-situ porous tungsten / Zr-based 

metallic-glass-interpenetrating composites, the inset in (a) showing the microstructure 

[317]; (b) the stress-displacement curves of in-situ dendrite / Ti-based MGMCs at 613 

K with a volume fraction of dendrites of 43 %, the inset indicating pictures of the 
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microstructure and deformed samples [318]; and (c) the tensile true tress–strain curves 

at 693 K for the in-situ Ta-particle-reinforced MGMCs with a composition of 

Zr55.9Cu18.6Ni10Al7.5Ta8, the inset giving the picture of the super elongation and 

microstructures [319]. 

Figure 41 The tensile stress-strain curve of in-situ dendrite MGMCs at 77 K (a); the 

pictures of samples before and after deformation (b); and the diffraction pattern after 

deformation (c) [322]. 

Figure 42 (a) schematic of the composite structure consisting of second-phase 

nanocrystals. Colors are assigned to identify structural features: blue for the 

glass matrix, grey for the secondary crystalline phase, and green for the 

glass–crystal interfaces and the free surfaces. (b) three composites embedded 

with different shapes of nanocrystals, i.e., b/a = 6.5, 5.7, and 3.7. The 

corresponding volume fractions of the crystalline phase are 16.7 %, 14.5 %, and 

9.4 %, respectively [327]. (c) atomistic configurations of the structural evolution 

in ‘Composite II’ upon deformation. (d) and (e) typical deformation patterns 

illustrating structural evolution in the composites and monolithic BMG, 

respectively. (f) atomistic configuration of ‘Composite Inclined’ at a strain of 

15%. (g) and (h) atomic configurations of ‘Composite Random’ at various 

applied strains. (i) atomic configurations of ‘Composite Dendritic’ upon 

deformation [327]. 

Figure 43 Shear-strain contours of a nominal strain of 11.5 % for (a) Comp1, (b) 

Comp2, and (c) Comp3, with circular, large dendrites, and small dendrite crystalline 
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inclusions, respectively. Dark domains represent a glassy phase, while light domains 

indicate for ductile phases [326]. 

Figure 44 (a) typical stress–strain curves for composites with various volume fractions 

of second-phase nanocrystals. (b) – (d) Atomic configurations at various applied 

strains demonstrating the structural evolution in ‘Composite VII’. The arrow indicates 

the activation of lattice sliding at a strain of 13%. (e) and (f) schematics illustrating 

the transition in the governing deformation mechanism of the glass subdomains as the 

volume fraction of the crystalline second phase increases [327]. 

Figure 45 Different deformation modes for shear banding and crack propagation in 

MGMCs: (a) and (b) shear-banding-induced cracking inside the reinforcement after 

the shear band interacts with reinforcements. g = 0, w = 0; KI = 24.2 MPa√m (a), and 

27.5 MPa√m (b); (c) propagation of shear bands along the reinforcement surface with 

a compressive residual stress g = − 435 MPa; w = 0; (d) shear-band-induced cracking 

inside the reinforcement with a tensile residual stress, g = 175 MPa at its surface; w = 

0; (e) branching of shear bands along the reinforcement surface; w = 0.8; g = 0. (f) 

shear banding at opposite sides of the reinforcement surface; w = 1; g = 0. KI = 27.5 

MPa√m in (c)–(f) [325]. 

Figure 46 Low-magnification optical photographs of the dynamically deformed 

compressive specimen for the (a) stainless steel (S) and (b) Tantalum (T) fiber 

reinforced specimens [65]. 

Figure 47 The engineering stress-strain curve of the present in-situ metallic glass 

matrix composites upon quasi-static compression (a); the fractograph of the deformed 
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samples upon quasi-static loading (b); the magnified deformation region near the crack 

(c); the engineering stress-strain curves upon high-speed dynamic loading (d); and the 

SEM image of the magnified lateral surface (e) [348]. 

Figure 48 The stress-strain curves of Cu46Zr46Al8 MGMCs upon dynamic loading 

[322]. 

Figure 49 The stress-strain curve of monolithic BMGs upon dynamic tension shown in 

(a) [322]; and typical true stress strain curves of ex-situ porous W / MGMCs under 

tension at different strain rates shown in (b) [352]; the inset in (a) and (b) showing the 

lateral surface and fracture morphology, respectively. 

Figure 50 Micrograph of a deformed notch in a glassy Pd79Ag3.5P6Si9.5Ge2 specimen 

showing extensive plastic shielding of an initially sharp crack [371]. 

Figure 51 Ranges of fracture toughness versus strength shown for different engineering 

materials [404]. 

Figure 52  R-curves showing resistance to fracture in terms of the stress intensity, KJ as 

a function of crack extension, the DH1 and DH3 composite BMG, monolithic Vitreloy 

1 BMG, and a 17–7 PH stainless steel [412]. 

Figure 53 The stress range vs. cycles to failure for three-point-bending (a) and 

four-point-bending (b) fatigue of BMGs [437]. 

Figure 54 The S-N curves of Zr58.5Ti14.3Nb5.2Cu6.1Ni4.9Be11.0 MGMCs upon 

four-point-bending and tension-tension fatigue (a) [442], and the S-N curves of 

Zr48Cu47.5Co0.5Al4 composites upon compression-compression fatigue (b) (unpublished 

data). 
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Figure 55 (a) SEM of the lateral surface near the fracture surface of Zr-based MGMCs 

with a stress range of 792 MPa and cycle number to failure of 14,776; (b) SEM of a 

fatigue initiation region; (c) SEM of the crack-growth region; (d) SEM of magnified 

crack-propagation region; (e) SEM of crack-growth region and fast fracture region 

discerned by a dash line; and (f) SEM of the magnified fast fracture region [442]. 

Figure 56 (a) Fatigue fractography of the composites subjected to a stress range of 810 

MPa. (b) The enlarged part in stage II near the arresting line in (a) [443]. 

Figure 57 (a) Fatigue-crack-growth rates (da/dN) vs. the stress-intensity-factor range 

(ΔK) for Zr-based BMGs and BMG composites and some crystalline alloys (CT: 

compact tension, SE: single-edge notch, C: composite, CCT: center-cracked tension, 

NC: nano-crystalline phase) [436] and (b) The S-N curves of Zr-based BMGs, as well 

as some typical crystalline alloys [436].  

Figure 58 MD simulations on fatigue tests of Al-Fe metallic glass. Two identical 

specimens were tested under cyclic straining and monotonic loading. (A) The 

crystalline phase can be seen clearly after 275 cycles. (B) The sample remained 

amorphous under monotonic loading even though the strain reached 8%. (C) The 

distribution of the atom fraction vs. the square of nanoaffine displacement (D2) for 

cycle nos. 1, 20, 70, 175, and 275. (D) Both the averaged D2 (solid black line) and the 

average grain size (curve with circles) increased with increasing cycle number [448]. 

Figure 59 (a) The friction coefficient and (b) wear rate of Zr41.2Ti13.8Cu12.5Ni10Be22.5 

BMG as a function of normal load, and (c) the friction coefficient as a function of 

sliding speed [457]. 
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Figure 60 The wear volume with the sliding distance in four BMGs (a) [465] and the 

wear rate of the Zr41.2Ti13.8Cu12.5Ni10Be22.5 BMG with the sliding distance (b) [466]. 

Figure 61 (a) Bright-field TEM image of subsurface region in wear pin for test 

performed in oxygen, and (b) close-up view of the near-surface region in (a) [473].  

Figure 62 The friction coefficient as a function of sliding time for in-situ dendrite / 

Zr-based MGMCs under different normal loads (a) and sliding velocities (b) [479]. 

Figure 63 Polarization curves of Ti40Zr24V12Cu5Be19 amorphous alloy in different 

solutions [490]. 

Figure 64 Schematic illustration of the compositional depth profiles of Ti and Zr 

oxidized states in passive films for Ti46Zr20V12Cu5Be17 amorphous alloy after 

elechemical corrosion experiment in acid solution [491]. 

Figure 65 Polarization curves of Zr-based MGMCs in different concentration NaCl 

solutions (a), and electrochemical impedance spectroscopy (EIS) of Zr-based MGMCs 

at open circuit potential in different concentration NaCl solution (b) [492]. 

Figure 66 A review of the ductility and yield strength of different kinds of 

coatings, including TFMGs, metallic coatings, and ceramic coatings applied to 

improve mechanical properties of substrate materials [438] . 

Figure 67 (a) S-N curves for all the reported TFMGs on different kinds of substrates. 

Five regions are separated in (a) by: A) low fatigue-endurance limit region; B) medium 

fatigue-endurance limit region; C) high fatigue-endurance limit region; D) 

tension-tension region; and E) monolithic BMG region [438], and (b) the improvement 
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of fatigue-endurance limit vs. UTS for all the reported substrate materials, including the 

316L steel, Ni-based alloy, Zr-based alloy, Ti-based alloy, and Al-based alloy [438]. 

Figure 68 TEM bright-field images and diffraction patterns from Fe-based TFMGs 

revealing phase evolution during 1 min annealing: amorphous matrix with γ-fcc FeNi 

nanocrystallites (as-deposited)→growth of nanocrystals (up to 400 °C)→amorphous 

(500 °C and 550 °C)→formation of cubic Fe(Ni) crystals (600 °C) with minor cubic 

FeNi phase (650 °C to 700 °C)→formation and grain growth of FeNi phase (750 °C) 

[525].  

Figure 69 S-N curves of a bare 316L stainless-steel substrate and coated specimens 

with as-deposited and annealed 200-nm-thick Zr53Cu29Al12Ni6 TFMGs under 

four-point-bending fatigue tests [515]. 

Figure 70 (a) MD Simulated 80 Å-thick Cu47Zr47Al6 TFMG (Cu atoms = green, Zr = 

blue, and Al = red) on a Ti substrate. (b) MD simulation of the engineering strain ε11 

under a rigid indent in a Cu47Zr47Al6 TFMG on a rigid Ti substrate [515]. 

Figure 71 ABAQUS contours of equivalent plastic strains in (a) a bare BMG substrate 

and (b) an MG-coated BMG specimen after four-point-bending deformation [438]. 

Figure 72 ABAQUS model of a half-symmetric Rockwell indention in a metallic glass, 

used for predicting shear-band directions in (b) a BMG substrate, and (c) a Ti-coated 

BMG with a film/substrate thickness ratio of 1/20, having µ + β = 0 and υ = 0.3 [438].  

Figure 73 TEM bright-field image and the corresponding SAED pattern (inset) for the 

dendrites shown in (a); low-magnification HRTEM image of dendrites taken away 

from the interface showing some Moiré patterns (b) and high-magnification TEM 
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bright-field image showing a step morphology at the interface; HRTEM image close 

to the interface showing lattice distortion (c) and FFT pattern of the area marked by the 

rectangle in the inset, the corresponding IFFT pattern shown in (d); HRTEM image of 

the glass matrix indicating the presence of nano-crystallites (e), the IFFT pattern (inset) 

of nano-crystallites giving a periodic lattice contrast [544]. 

Figure 74 The TEM BF image of the composite with a low magnification shown in a; 

the HRTEM image of the glass matrix exhibited in b and its corresponding SAED 

pattern in the inset; the BF and DF images of the deformed dendrites shown in c and 

d, respectively; the SAED patterns of the dendrites marked by rectangles in c and d 

shown in the insets of c and d, respectively; the IFFT image within the shear bands 

marked by arrows in c and d shown in e; the BF and DF images of the dendrites 

separated by DDWs, denoted by arrows, exhibited in f and g, respectively; the 

high-magnified BF image of CB B, as marked in f and g, shown in the inset of Figure 

5g; the IFFT and FFT patterns taken from the DDW near the interface of CBs A and 

B displayed in h and the inset of h, respectively; the BF images of the tensile- and 

shear-induced separations shown in i and j, respectively; the HRTEM image near the 

interface of the dendrites and glass matrix exhibited in k; and the IFFT image in l of 

the dendrites marked by a rectangle in k [101]. 

Figure 75 The observation of the crack deflection and propagation between the two 

phases: (a) from the amorphous phase to the dendrite phase, and (b) from the dendrite 

phase to the amorphous phase [553]. 
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Figure 76 Surface plots of shear stress fields in MGMCs containing dendrites with a 

fracture energy ec = 145.2 J/m2. (a) Rotation angle θ = 0 deg. The color bars marked as 

Sm and Sd at the left are for the maximum shear stresses in the BMG matrix and 

dendrites, respectively. (b) Rotation angle θ = 15 deg. The color bars marked as Sm and 

Sd at the right are for the maximum shear stresses in the glass matrix and dendrites, 

respectively [558]. 

Figure 77 Different forms in which BMGs have been produced [565]. 

Figure 78 High-performance knives based on Ti-based MGMCs [570]. 

Figure 79 Examples of a variety of net-shaped parts of the Ti-based BMG matrix 

composite DV1 (TiZrVCuBe) showing how complex shapes can be cast with Ti-based 

composites. Bolts, washers, hollow tubes, and rods are demonstrated [571]. 

Figure 80 Various processing methods to fabricate MGMCs [572]. 
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Table 1: Summaries of Some BMGs with Critical Size ≥ 10 mm 
System Critical 

Sizes, Dc 
(mm) 

Method Yea
r 

Ref. 

Pd-based 

Alloys 
 
 
Pd40Ni40P20 
Pd40Cu30Ni10P20 

10  Fluxing 198
4 

13 
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Zr-based 
 
 
Cu-base
d 
 
RE-base
d 
 
 
 
 
Mg-base
d 
 
Fe-based 
 
 
 
Co-base
d 
Ti-based 
 
 
Ca-base
d 
 
Pt-based 
Ni-based  

Pd42.5Cu30Ni7.5P20 
Zr65Al7.5Ni10Cu17.5 
Zr41.2Ti13.8Cu12.5Ni10Be22.

5 

Zr46Cu30.14Ag8.36Al8Be7.5 
Cu46Zr42Al7Y5 
Cu49Hf42Al9 
Y36Sc20Al24Co20 
La62Al14Cu12Ni12 

(La0.7Ce0.3)65Al10Co25 

La65Al14(Cu5/6Ag1/6)11Ni5

Co5 

Nd70Al10Fe20, 
Nd60Al10Fe30 
Mg54Cu26.5Ag8.5Gd11 
Mg59.5Cu22.9Ag6.6Gd11 
Fe48Cr15Mo14Er2C15B6 
(Fe44.3Cr5Co5Mo12.8Mn11.

2C15.8B5.9)98.5Y1.5 
Fe41Co7Cr15Mo14C15B6Er
2 
Co48Cr15Mo14C15B6Er2 
Ti40Zr25Cu12Ni3Be20 

Ti40Zr26Be28Fe6 

Ti32.8Zr30.2Be26.6Ni5.3Cu9 
Ca65Mg15Zn20 

Ca50Mg22.5Cu27.5 
Pt42.5Cu27Ni9.5P21 

Ni50Pd30P20 

72 
80 
16 
25 
73 
10 
10 
25 
12 
25 
30 
12 
25 
27 
12 
12 
 
16 
10 
14 
10 
50 
15 
10 
20 
21 

 Water quenching 
Copper mold 
casting 
Water quenching 
Copper mold 
casting 
Copper mold 
casting 
Copper mold 
casting 
Copper mold 
casting 
Water quenching 
Copper mold 
casting 
Tilt-pour casting 
Copper mold 
casting 
Copper mold 
casting 
Copper mold 
casting 
Copper mold 
casting 
Copper mold 
casting 
Copper mold 
casting 
 
Copper mold 
casting 
Copper mold 
casting 
Copper mold 
casting 
Copper mold 
casting 
Water quenching 
Copper mold 
casting 
Copper mold 
casting 
Water quenching 
Water quenching 

199
7 
201
2 
199
3 
199
3 
201
1 
200
4 
200
6 
200
3 
200
4 
200
7 
200
7 
199
7 
200
5 
200
7 
200
4 
200
4 
 
200
5 
200
6 
200
5 
201
3 
201
0 
200
4 
200
6 
200
4 
200

10 
12 
8 
11 
14 
15 
16 
17 
18 
19 
34 
20 
21 
22 
23 
24 
 
25 
26 
27 
28 
29 
30 
31 
33 
32 



Page 208 of 298

 

208 
 

Table 2 Chemical compositions of the composites of E, F, G, and H by estimations and 
measurements [87].  
 
Composites 
label 

Chemical compositions Estimated vol. 
% of the β 
phase 

Measured vol. 
% of the β 
phase 

E (Zr75Ti15Nb10)80[Be50(Cu55Ni45)50]20 55 57 ± 3 
F (Zr75Ti15Nb10)85[Be50(Cu55Ni45)50]15 68 67 ± 3 
G (Zr75Ti15Nb10)90[Be50(Cu55Ni45)50]10 80 81 ± 2 
H (Zr75Ti15Nb10)95[Be50(Cu55Ni45)50]5 93 93 ± 2 
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Table 3 Summary of the compressive mechanical properties of the composites at 

ambient temperature [88]. 
 

Alloys σy 

(MPa) 
εy (%) σmax 

(MPa) 
εf (%) Ref. 

Zr54(Zr54.0Ti13.2Nb4.8Cu7.8Ni6.2Be14.0) 1,390 1.9 1,710 6.7 [88] 
Zr56(Zr56.2Ti13.8Nb5.0Cu6.9Ni5.6Be12.5) 1,420 1.9 2,000 8.6 [88] 
Zr58(Zr58.5Ti14.3Nb5.2Cu6.1Ni4.9Be11.0) 1,130 1.8 1,850 12.1 [88] 
Zr60(Zr60.0Ti14.7Nb5.3Cu5.6Ni4.4Be10.0) 1,070 1.8 1,950 17.0 [88] 

Vit. 1 1,637 1.8 1.755 2.1 [89] 
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Table 4 The thermal properties of the Zr37.5Ti32.2Nb7.2Cu6.1Be17.0 MGMCs with 

different withdrawal velocities [69,95]. 

 

Withdrawal velocity (mm/s) Tg (K) Tx (K) ΔHx (J/g) Microstructure 

0.2 - - - Eutectic + Dendrite 

0.5 604 735 36.75 Dendrite + Glass 

0.8 604 727 57.39 Dendrite + Glass 

1.0 603 727 58.09 Dendrite + Glass 

1.5 604 720 59.10 Dendrite + Glass 
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Figure 1 The amorphous structure (a) and the cubic crystalline, and (b) CuZr alloy by 

computer simulations.  
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Figure 2 Different BMG systems with the maximum diameters as well as their 

discovered years, including Nd- [20], Y- [17], Pt- [33], Cu- [15], Ca- [30], Fe- [25], Co- 

[26], La- [34], Mg- [22], Ni- [32], Ti- [29], and Pd-based BMGs [12]. 
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Figure 3 An optical micrograph showing uniformly-distributed WC particles in the 

V106 matrix (a) [37], X-ray diffraction patterns of the V106 matrix, the alloy 

reinforced with the 10 vol. % WC, and pure WC particle (b) [38], and quasi-static 

compression stress–strain curves of V106 composites reinforced with Ta, W, and WC 

particles [39]. 
 
 

 
 

 

(c) 
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Figure 4 Scanning-electron-micrographic (SEM) image of the transverse cross section 

of the cast composite alloy containing 40 vol. % Ti powders [48]. 
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Figure 5 (a) Hardness values of the matrix reinforced by different volumes of the ZrC 

particles, and (b) linear fitness of the modulus, E, and yielding strength, σy, with 

increasing the volume fraction (Vf) of ZrC [42]. 
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Figure 6 SEM micrograph in the backscatter mode of 80 vol. % W wire / metallic glass 

matrix composite. The sample is polished and cut normal to the uniaxial reinforcement 

[56]. 
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Figure 7 SEM backscattered-electron image of in-situ composite microstructure (Inset: 

X-ray diffraction pattern for the (Zr75Ti18.34Nb6.66)75X25 in-situ composite [86]. 
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Figure 8 Processing map (a quasi-equilibrium pseudo-binary phase diagram) for in-situ 

β-phase-reinforced composites during a cooling experiment. The glass-transition 

temperature, Tg, of the matrix is close to that of Vit 1 (� 350 °C). The composites with 

compositions marked E, F, G, and H were processed and studied to determine their 

phase fractions to confirm the phase diagram [87]. 
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Figure 9 Backscattered-SEM images of the composites (E, F, G, and H) marked in 

Figure 8. The light regions designate the β phase, and the dark areas are the amorphous 

matrix. The insets on the upper left corner show the intensity distributions used in 

estimating the fraction of each phase [87]. 

 

 



Page 221 of 298

 

221 
 

Figure 10 A pseudo ternary phase diagram with apexes of zirconium, (titanium +  

niobium), and X, where X represents the moiety Cu5Ni4Be9 [88]. 

 

 



Page 222 of 298

 

222 
 

Figure 11 X-ray diffraction patterns of four samples with different compositions  

(labeled as Zr54, Zr56, Zr58, and Zr60, respectively) [88]. 
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Figure 12 SEM images of the cross sections of the composites with the compositions  

of (a) Zr54, (b) Zr56, (c) Zr58, and (d) Zr60 [88]. 
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Figure 13 (a) the compressive engineering stress-strain curves of the four composites 

[88], and (b) the tensile engineering stress-strain curves of the Zr60 composite [90]. 
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Figure 14 Backscattered SEM of the in-situ composite with a composition of 

(Zr70Ni10Cu20)82Ta8Al10 [113]. 
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Figure 15 The crystalline structures of the B2 CuZr, P21/m, and Cm phases [136,137]. 
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Figure 16 Schematic CCT diagram during the quenching process illustrating the 

formation of CuZr-based BMG composites [137]. 
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Figure 17 Dependence of tensile ductility on crystalline volume fraction [132]. 
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Figure 18 Typical schematic illustration of copper-mold-suction casting, and the arc 

melter at The University of Tennessee shown in the inset [141]. 
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Figure 19 Schematic diagram of the apparatus for casting bulk MGMCs [37]. 
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Figure 20 (a) diagram of a water-cooled copper boat used for semisolid processing of  

in-situ metallic glass matrix composites, and (b) example of a custom coil on a 

water-cooled copper boat [165]. 

 

 



Page 232 of 298

 

232 
 

Figure 21 Plot of shear modulus versus volume fraction of dendrites for the alloy, DH1, 

its glass matrix and its dendrite (a) [94] and contrast adjusted SEM of the dendrite 

structure in a bulk metallic glass matrix composite [165]. 
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Figure 22 The Bridgman solidification apparatus used by Qiao et al. (a), and the 

corresponding illustration exhibited in (b). 
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Figure 23 XRD patterns (a), and DSC traces (b) of the composites synthesized with 

different withdrawal velocities [69]. 
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Figure 24 The microstructure of the sample with v = 1.0 mm/s is illustrated in (a) [95], 

the dependences of spanning lengths of individual dendrite trees on varied withdrawal 

velocities shown in (b) [95], and the dependences of fracture strengths and plastic 

strains of the composites developed by the Bridgman solidification on the v (c), the 

inset in (c) indicating the sample with v = 1.0 mm/s after bending. 
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Figure 25 Classification of MGMCs 
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Figure 26 A schematic of the free-volume model in metallic glasses. 
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Figure 27 (a) AFM image of the nanoscaled-periodic corrugation in a Vitreloy 1 

metallic glass [210], and (b) Periodic corrugation forms by the occurrence of the local 

quasi-cleavage due to TTZs near the tip; coalescence of the local quasi-cleavage zone 

with the crack yields a longer crack [209].  
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Figure 28 Schematic diagram of the ductile-to-brittle transition mechanism of metallic 

glasses during fracture. (a) If the curvature radius of the crack tip is greater than the 

critical wavelength of the meniscus instability, a ductile fracture will occur in the 

fracture-process zone, where the atomic-cluster motion via shear transformation zones 

(STZs), as shown in the inset; and (b) in the opposite case, the quasi-brittle fracture 

through tension-transformation zones (TTZs) [see the inset] is possible ahead of the 

sharp crack tip [217].  
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Figure 29 Correlations between the evolution of liquid-like zones, deformation map, 

relaxation spectrum and energy landscape are established during the glass-to-liquid 

transition [235]. 
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Figure 30 Schematic diagrams of the stick–slip model for a single sample where only a 

dominant shear band formed (a), and several samples tested simultaneously (b). 
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Figure 31 The relationship among the fracture strength, Tg, and molar volume for a 

variety of BMGs [269]. 
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Figure 32 The SEM images of the S2 composite shown in (a), and the quasi-static 

compressive stress-strain curves of LM1, S1, and S2 (b) [66]. 
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Figure 33 Illustration of the competitive process between the shear and splitting 

fracture for the tungsten composite at room temperature: (a) variations of shear and 

splitting fracture strengths with fiber volume fractions, and (b) critical compressive 

fracture lines for shear and splitting fracture modes of the composites with different 

fiber volume fractions and the stress distribution on the two Mohr circles [296]. 
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Figure 34 Specific strength and plasticity of a series of monolithic BMGs and ex-situ 

particle-reinforced MGMCs [48]. 
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Figure 35 The compressive engineering stress-strain curves of the 

Zr58.5Ti14.3Nb5.2Cu6.1Ni4.9Be11.0 composite, and its corresponding dendrite and glass 

matrix. 
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Figure 36 The compressive stress-strain curves at four different test temperatures (77, 

294, 373, and 473 K) [59]. 
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Figure 37 Comparison of the stress–strain responses at various testing temperatures: (a) 

at room temperature (300 K), (b) at high temperature but below Tg (550 K), (c) at Tg 

(600 K), and (d) above Tg (650 K). Note that the plots obtained at the strain rate of 10−2 

s−1 were not shown for the sake of clarity [302]. 
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Figure 38 The true stress-strain curves measured at 77 and 298 K (a) as well as in the 

supercooled liquid region, 693 K for 70-vol. %-W-containing-Vit106 composites with 

the SEM image and (b) for 5-vol. %-Ta-containing Zr-based composites with the 

backscattering SEM image [307]. 
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Figure 39 Integrated tensile properties of strength and ductility for in-situ MGMCs. 
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Figure 40 (a) the tensile true stress–strain curves of ex-situ porous tungsten / Zr-based 

metallic-glass-interpenetrating composites, the inset in (a) showing the microstructure 

[317]; (b) the stress-displacement curves of in-situ dendrite / Ti-based MGMCs at 613 

K with a volume fraction of dendrites of 43 %, the inset indicating pictures of the 

microstructure and deformed samples [318]; and (c) the tensile true tress–strain curves 

at 693 K for the in-situ Ta-particle-reinforced MGMCs with a composition of 

Zr55.9Cu18.6Ni10Al7.5Ta8, the inset giving the picture of the super elongation and 

microstructures [319]. 
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Figure 41 The tensile stress-strain curve of in-situ dendrite MGMCs at 77 K (a); the 

pictures of samples before and after deformation (b); and the diffraction pattern after 

deformation (c) [322]. 
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Figure 42 (a) schematic of the composite structure consisting of second-phase 

nanocrystals. Colors are assigned to identify structural features: blue for the glass 

matrix, grey for the secondary crystalline phase, and green for the glass–crystal 

interfaces and the free surfaces, (b) three composites embedded with different 

shapes of nanocrystals, i.e., b/a = 6.5, 5.7, and 3.7. The corresponding volume 

fractions of the crystalline phase are 16.7 %, 14.5 %, and 9.4 %, respectively, (c) 

atomistic configurations of the structural evolution in ‘Composite II’ upon 

deformation, (d) and (e) typical deformation patterns illustrating structural 

evolution in the composites and monolithic BMG, respectively, (f) atomistic 

configuration of ‘Composite Inclined’ at a strain of 15%, (g) and (h) atomic 

configurations of ‘Composite Random’ at various applied strains, and (i) atomic 

configurations of ‘Composite Dendritic’ upon deformation [327]. 
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Figure 43 Shear-strain contours of a nominal strain of 11.5 % for (a) Comp1, (b) 

Comp2, and (c) Comp3, with circular, large dendrites, and small dendrite crystalline 

inclusions, respectively. Dark domains represent a glassy phase, while light domains 

indicate for ductile phases [326].  
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Figure 44 (a) typical stress–strain curves for composites with various volume fractions 

of second-phase nanocrystals, (b) – (d) Atomic configurations at various applied 

strains demonstrating the structural evolution in ‘Composite VII’. The arrow indicates 

the activation of lattice sliding at a strain of 13%, (e) and (f) schematics illustrating 

the transition in the governing deformation mechanism of the glass subdomains as the 

volume fraction of the crystalline second phase increases [327]. 
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Figure 45 Different deformation modes for shear banding and crack propagation in 

MGMCs: (a) and (b) shear-banding-induced cracking inside the reinforcement after 

the shear band interacts with reinforcements. g = 0, w = 0; KI = 24.2 MPa√m (a), and 

27.5 MPa√m (b); (c) propagation of shear bands along the reinforcement surface with 

a compressive residual stress g = − 435 MPa; w = 0; (d) shear-band-induced cracking 

inside the reinforcement with a tensile residual stress, g = 175 MPa at its surface; w = 

0; (e) branching of shear bands along the reinforcement surface; w = 0.8; g = 0; and 

(f) shear banding at opposite sides of the reinforcement surface; and w = 1; g = 0. KI = 

27.5 MPa√m in (c)–(f) [325]. 
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Figure 46 Low-magnification optical photographs of the dynamically-deformed 

compressive specimen for the (a) stainless steel (S), and (b) Tantalum (T) fiber 

reinforced specimens [65]. 
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Figure 47 The engineering stress-strain curve of the present in-situ metallic glass 

matrix composites upon quasi-static compression (a); the fractograph of the deformed 

samples upon quasi-static loading (b); the magnified deformation region near the crack 

(c); the engineering stress-strain curves upon high-speed dynamic loading (d); and the 

SEM image of the magnified lateral surface (e) [348]. 
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Figure 48 The stress-strain curves of Cu46Zr46Al8 MGMCs upon dynamic loading 

[322]. 
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Figure 49 The stress-strain curve of monolithic BMGs upon dynamic tension shown     

in (a) [322]; and typical true stress strain curves of ex-situ porous W / MGMCs under 

tension at different strain rates shown in (b) [353]; the inset in (a) and (b) showing the 

lateral surface and fracture morphology, respectively. 
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Figure 50 Micrograph of a deformed notch in a glassy Pd79Ag3.5P6Si9.5Ge2 specimen 

showing extensive plastic shielding of an initially-sharp crack [371].  
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Figure 51 Ranges of fracture toughness versus strength shown for different engineering 

materials [404]. 
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Figure 52  R-curves showing resistance to fracture in terms of the stress intensity, KJ as 

a function of crack extension, the DH1 and DH3 composite BMG, monolithic Vitreloy 

1 BMG, and a 17–7 PH stainless steel [412]. 
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Figure 53 The stress range vs. cycles to failure for three-point-bending (a) and 

four-point-bending, and (b) fatigue of BMGs [437].  
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Figure 54 The S-N curves of Zr58.5Ti14.3Nb5.2Cu6.1Ni4.9Be11.0 MGMCs upon 

four-point-bending and tension-tension fatigue (a) [442], and the S-N curves of 

Zr48Cu47.5Co0.5Al4 composites upon compression-compression fatigue (b) 

(unpublished data). 
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Figure 55 (a) SEM of the lateral surface near the fracture surface of Zr-based MGMCs 

with a stress range of 792 MPa and cycle number to failure of 14,776; (b) SEM of a 

fatigue initiation region; (c) SEM of the crack-growth region; (d) SEM of magnified 

crack-propagation region; (e) SEM of crack-growth region and fast fracture region 

discerned by a dash line; and (f) SEM of the magnified fast fracture region [442].  
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Figure 56 (a) Fatigue fractography of the composites subjected to a stress range of 810 

MPa. (b) The enlarged part in stage II near the arresting line in (a) [443].  
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Figure 57 (a) Fatigue-crack-growth rates (da/dN) vs. the stress-intensity-factor range 

(ΔK) for Zr-based BMGs and BMG composites and some crystalline alloys (CT: 

compact tension, SE: single-edge notch, C: composite, CCT: center-cracked tension, 

NC: nano-crystalline phase) [436] and (b) The S-N curves of Zr-based BMGs, as well 

as some typical crystalline alloys [437]. (c) Schematic illustration of the formation of 

(i) the plastic wake and plastic zone; (ii) the fine striation; and (iii) the coarse striation 

when a fatigue crack advances [447]. 
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Figure 57 (Continued) 
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Figure 58 MD simulations on fatigue tests of Al-Fe metallic glass. Two identical 

specimens were tested under cyclic straining and monotonic loading. (a) The 

crystalline phase can be seen clearly after 275 cycles; (b) The sample remained 

amorphous under monotonic loading even though the strain reached 8%; (c) The 

distribution of the atom fraction vs. the square of nanoaffine displacement (D2) 

for cycle nos. 1, 20, 70, 175, and 275; and (d) Both the averaged D2 (solid black 

line) and the average grain size (curve with circles) increased with increasing 

cycle number [448].  
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Figure 59 (a) The friction coefficient and (b) wear rate of the 

Zr41.2Ti13.8Cu12.5Ni10Be22.5 BMG as a function of normal load, and (c) the friction 

coefficient as a function of sliding speed [457].  
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Figure 60 The wear volume with the sliding distance in four BMGs (a) [465] and the 

wear rate of the Zr41.2Ti13.8Cu12.5Ni10Be22.5 BMG with the sliding distance (b) [466]. 
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Figure 61 (a) Bright-field TEM image of subsurface region in wear pin for test 

performed in oxygen; and (b) close-up view of the near-surface region in (a) [473].  
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Figure 62 The friction coefficient as a function of sliding time for in-situ dendrite / 

Zr-based MGMCs under different normal loads (a); and sliding velocities (b) [479]. 
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Figure 63 Polarization curves of the Ti40Zr24V12Cu5Be19 MGs in different solutions 

[490]. 
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Figure 64 Schematic illustration of the compositional depth profiles of Ti and Zr 

oxidized states in passive films for the Ti46Zr20V12Cu5Be17 MGs after the elechemical 

corrosion experiment in an acid solution [491]. 
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Figure 65 Polarization curves of Zr-based MGMCs in different concentrations of NaCl 

solutions (a); and electrochemical impedance spectroscopy (EIS) of Zr-based MGMCs 

at an open circuit potential in different concentrations of NaCl solutions (b) [492]. 
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Figure 66 A review of the ductility and yield strength of different kinds of coatings, 

including TFMGs, metallic coatings, and ceramic coatings applied to improve 

mechanical properties of substrate materials [438]. 
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Figure 67 (a) S-N curves for all the reported TFMGs on different kinds of substrates. 

Five regions are separated in (a) by: A) low fatigue-endurance limit region; B) medium 

fatigue-endurance limit region; C) high fatigue-endurance limit region; D) 

tension-tension region; and E) monolithic BMG region [438]; and (b) the improvement 

of fatigue-endurance limit vs. UTS for all the reported substrate materials, including the 

316L steel, Ni-based alloy, Zr-based alloy, Ti-based alloy, and Al-based alloy [438]. 
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Figure 68 TEM bright-field images and diffraction patterns from Fe-based TFMGs revealing 

phase evolution during 1 min annealing: amorphous matrix with γ-fcc FeNi nanocrystallites 

(as-deposited)→growth of nanocrystals (up to 400 °C)→amorphous (500 °C and 550 

°C)→formation of cubic Fe(Ni) crystals (600 °C) with minor cubic FeNi phase (650 °C to 700 

°C)→formation and grain growth of FeNi phase (750 °C) [525].  
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Figure 69 S-N curves of a bare 316L stainless-steel substrate and coated specimens with 

as-deposited and annealed 200-nm-thick Zr53Cu29Al12Ni6 TFMGs under four-point-bending 

fatigue tests [515]. 
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Figure 70 (a) MD Simulated 80 Å-thick Cu47Zr47Al6 TFMG (Cu atoms = green, Zr = blue, 

and Al = red) on a Ti substrate; and (b) MD simulation of the engineering strain ε11 under a 

rigid indent in a Cu47Zr47Al6 TFMG on a rigid Ti substrate [515]. 
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Figure 71 ABAQUS contours of equivalent plastic strains in (a) a bare BMG substrate; and (b) 

an MG-coated BMG specimen after four-point-bending deformation [438]. 
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Figure 72 (a) ABAQUS model of a half-symmetric Rockwell indention in a metallic glass, used 

for predicting shear-band directions in (b) a BMG substrate; and (c) a Ti-coated BMG with a 

film/substrate thickness ratio of 1/20, having µ + β = 0 and υ = 0.3 [438]. 
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Figure 73 TEM bright-field image and the corresponding SAED pattern (inset) for the 

dendrites shown in (a); low-magnification HRTEM image of dendrites taken away 

from the interface showing some Moiré patterns (b); and high-magnification TEM 

bright-field image showing a step morphology at the interface; HRTEM image close 

to the interface showing lattice distortion (c); and FFT pattern of the area marked by 

the rectangle in the inset, the corresponding IFFT pattern shown in (d); HRTEM image 

of the glass matrix indicating the presence of nano-crystallites (e), the IFFT pattern 

(inset) of nano-crystallites giving a periodic lattice contrast [544]. 
 

 



Page 291 of 298

 

291 
 

Figure 74 The TEM BF image of the composite with a low magnification shown in a; 

the HRTEM image of the glass matrix exhibited in b and its corresponding SAED 

pattern in the inset; the BF and DF images of the deformed dendrites shown in c and 

d, respectively; the SAED patterns of the dendrites marked by rectangles in c and d 

shown in the insets of c and d, respectively; the IFFT image within the shear bands 

marked by arrows in c and d shown in e; the BF and DF images of the dendrites 

separated by DDWs, denoted by arrows, exhibited in f and g, respectively; the 

high-magnified BF image of CB B, as marked in f and g, shown in the inset of Figure 

5g; the IFFT and FFT patterns taken from the DDW near the interface of CBs A and 

B displayed in h and the inset of h, respectively; the BF images of the tensile- and 

shear-induced separations shown in i and j, respectively; the HRTEM image near the 

interface of the dendrites and glass matrix exhibited in k; and the IFFT image in l of 

the dendrites marked by a rectangle in k [101].  
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Figure 75 The observation of the crack deflection and propagation between the two 

phases: (a) from the amorphous phase to the dendrite phase; and (b) from the dendrite 

phase to the amorphous phase [553]. 
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Figure 76 Surface plots of shear stress fields in MGMCs containing dendrites with a 

fracture energy ec = 145.2 J/m2. (a) Rotation angle θ = 0 deg. The color bars marked as 

Sm and Sd at the left are for the maximum shear stresses in the BMG matrix and 

dendrites, respectively; and (b) Rotation angle θ = 15 deg. The color bars marked as Sm 

and Sd at the right are for the maximum shear stresses in the glass matrix and dendrites, 

respectively [558]. 
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Figure 77 Some BMG products from DongGuan Eontec Co., Ltd. [565]. 
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Figure 78 High-performance knives based on Ti-based MGMCs [570]. 
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Figure 79 Examples of a variety of net-shaped parts of the Ti-based BMG matrix 

composite DV1 (TiZrVCuBe) showing how complex shapes can be cast with Ti-based 

composites. Bolts, washers, hollow tubes, and rods are demonstrated [571]. 
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Figure 80 Various processing methods to fabricate MGMCs [572]. 
 

 

 

 

 

 

 


