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Interchain interactions have a profound effect on the optical as well as charge transport properties of
conjugated polymer thin films. In contrast to oligomeric model systems in solution-deposited polymer thin
films the study of such effects is complicated by the complex microstructure. We present here a detailed study
of interchain interaction effects on both charged polarons as well as neutral excitons in highly crystalline,
high-mobility poly-3-hexylthiophene �P3HT� as a function of molecular weight. We find experimental evi-
dence for reduced exciton bandwidth and increased polaron delocalization with increasing conjugation length
and crystalline quality. From comparative studies of field-effect transistor characteristics, film morphology, and
optical properties our study provides a microscopic understanding of the factors which limit the charge trans-
port in P3HT to field-effect mobilities around 0.1 cm2/V s, and which will need to be addressed to improve
mobility further.
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I. INTRODUCTION

Semiconducting conjugated polymers are complex physi-
cal systems due to the complex microstructure of solution-
processed polymer films with an inevitable presence of dis-
order combined with strong electron-electron and electron-
phonon interactions causing neutral and charged excitations
to be localized excitons and polarons, respectively. Their op-
tical as well as charge transport properties are expected to
depend critically on a variety of factors, such as the strength
of interchain interaction effects, the presence of intrachain
conjugation defects and/or the presence of other structural or
chemical defects. A particularly interesting question is how
interchain interaction effects depend on the molecular weight
of the polymer. Many studies on model oligomeric systems
have been devoted to studying the dependence of interchain
interactions on the molecular,1 but in polymers such effects
are much more challenging to investigate because they re-
quire a detailed understanding of the complex microstructure
of the polymer. On the other hand a better physical under-
standing of interchain interaction effects in polymers is es-
sential as these materials are becoming an attractive class of
materials for realizing field-effect transistor �FET� circuits on
low-cost flexible substrates by solution processing and
direct-write printing techniques.2–4 Much progress has been
made recently on their device performance, in particular with
regard to increases in performance and operational lifetime,
as well as scientific understanding of the device physics of
these materials.5 Interchain interactions affect performance
parameters, such as the field-effect mobility, critically, as
they can lead, for example, to a limited interchain delocal-
ization of the polaronic charge carriers.6 However, a much
better understanding of how these effects depend on key
polymer properties, such as molecular weight, is required in
order to understand the factors that currently limit mobilities
and to make further progress.

A wide range of solution-processed polymers has been
investigated in an effort to optimize mobility through varia-
tion of chemical structure and modification of microstructure
in solid films. One of the highest mobility and most widely
studied materials is poly�3-hexylthiophene� �P3HT�, which is
a microcrystalline, self-organizing polymer. On a micro-
scopic scale P3HT adopts a highly anisotropic lamellar mi-
crostructure that can be aligned parallel to the substrate
plane, in which strong interchain interactions lead to mobili-
ties as high as 0.1 cm2/V s.6,7 The field-effect mobility de-
pends critically on the orientation of the conjugated lamellae
and �-� stacking with respect to the substrate which can be
controlled by the degree of regioregularity6 and dielectric
modifications.8 On a mesoscopic scale P3HT can be made to
adopt well defined nanoribbons using various processing
techniques.9–11 The mobility depends critically on manifold
other factors such as molecular weight, interaction between
polymer and solvent, and deposition conditions.12 Recent re-
search by McGehee et al.13,14 and Neher et al.,15 focusing on
the effects of molecular weight �MW�, has shown that MW is
another dominant factor to affect mobilities by several orders
of magnitude in a regime with mobilities less than
10−2 cm2/V s. They found that the mobility increases with
MW in spite of reduced crystallinity at higher MW, indicat-
ing that charge transport depends on factors other than the
degree of crystallinity. Two possible explanations were pro-
posed respectively. McGehee et al. attributed the higher mo-
bility in high MW molecules to better interconnectivity of
the polymer network, whereas low MW molecules form
highly crystalline but more isolated microstructures. Neher et
al. suggested that the mobility-MW relationship is mainly
due to backbone conformation, and presented evidence that
larger intrachain ring torsions tend to be present in low MW
P3HT reducing the effective conjugation lengths for charge
hopping. However, to date a microscopic understanding of
the dependence of interchain interactions on molecular

PHYSICAL REVIEW B 74, 115318 �2006�

1098-0121/2006/74�11�/115318�12� ©2006 The American Physical Society115318-1

http://dx.doi.org/10.1103/PhysRevB.74.115318


weight, and of the factors that limit the field-effect mobility
in P3HT to values around 0.1 cm2/V s is still lacking, as
most previous studies were performed in a mobility range of
10−3–10−2 cm2/V s.13–15

In this paper we present a systematic study of the corre-
lation of the electrical, structural, and spectroscopic proper-
ties of P3HT as a function of MW in a high-mobility regime
from 10−3 to 10−1 cm2/V s. A broad range of MW from
15 kD to 270 kD is investigated. In Sec. II we describe the
experiments. In Sec. III we report on transistor characteriza-
tion and field-effect mobility as a function of MW. In Sec. IV
we discuss the film microstructure on the basis of atomic
force microscopy, x-ray diffraction and electron microscopy.
A model for chain folding as a function of MW is presented.
In Sec. V we apply optical absorption and emission as well
as charge modulation spectroscopy to study the spectro-
scopic properties of both neutral excitons and charged po-
larons as a function of MW. This allows us to extract infor-
mation about the effects of molecular weight on both
interchain polaron delocalization and exciton bandwidth. The
paper concludes by discussing the implications of our find-
ings on the factors which currently limit the field-effect mo-
bility in P3HT FETs to values around 10−1 cm2/V s.

II. EXPERIMENTAL

Regioregular P3HT was synthesized by the transition
metal mediated cross coupling of a 2,5-dibromo
3-hexylthiophene monomer under a range of catalytic and
coreagent conditions16 to yield systematically varying mo-
lecular weight polymer with a consistently high regioregular-
ity. Here we use weight-average molecular weight unless
stated elsewhere. Care was taken to ensure that the regio-
regularity of the P3HT was consistent and high for all mo-
lecular weight ranges. All polymers were purified by conven-
tional methods, achieving consistently low level of ionic
impurities. The molecular weights listed in Table I were de-
termined by gel permeation chromatography �GPC� in chlo-
robenzene against polystyrene standards. The degree of po-
lymerization �DP� calculated from the number average
molecular weight is between 60 and 723. The P3HT solu-
tions were prepared at a concentration of 10 mg/ml in chlo-

roform or 1,2,4-trichlorobenzene �TCB�, and heated at 70 °C
for 30 min before being filtered through a 0.45 �m pore size
PTFE membrane syringe filter. The solubility of P3HT with
MW from 15.4 kD to 76 kD in chloroform and TCB is rea-
sonably good ��2 wt. % �, while more time is required to
dissolve 270 kD due to the decreased solubility.

The transistors for this MW study were fabricated in a
bottom gate, bottom-contact configuration. A heavily
n-doped Si wafer acts as a common gate contact and 200
nm thermally grown SiO2 as gate dielectric. In order to
reduce the effect of contact resistance for short channel
devices ��5 �m�, we carefully patterned a Au layer of
15–20 nm without using an adhesion layer of Cr or Ti on
the substrates as S/D electrodes by conventional photoli-
thography. In P3HT TFTs with pure gold contacts fabri-
cated in this way voltage drops across the source-drain
contacts are negligible.17 The channel lengths of devices
are varied from 20 �m to 2 �m, and the channel widths
are fixed at 1 cm. The patterned substrates were treated
with hexamethyldisilazane �HMDS� to produce a hydro-
phobic surface. P3HT solutions were drop cast or spin cast
at 1500 rpm. The devices were completed by annealing at
100 °C for 10 h under vacuum to remove residual solvent
and unintended doping. All the solution preparation, de-
vice making, and I-V measurements were performed in a
nitrogen atmosphere.

Grazing incidence x-ray diffraction measurements were
performed using the z-axis diffractometer at the beamline
BW2 in HASYLAB. The incoming monochromatic beam
��=1.2398 Å� impinged onto the sample surface at a grazing
incidence angle of 0.16°, whereby the �background� scatter-
ing from the substrate is suppressed. The sample cell, made
of x-ray transparent Kapton, was flushed with He to reduce
background and sample damage. The scattered intensity was
collected using a Cyberstar point detector. In-plane scans,
having the scattering vector q essentially parallel to the sub-
strate, are presented in terms of q��q�=4� sin � /�, where �
is half the total scattering angle 2�. “Rocking scans” for
constant q=0.38 Å−1, corresponding to the P3HT 100 reflec-
tion, are given in terms of �, which denotes the angle be-
tween q and the substrate. For a constant incidence angle,
�=90° cannot be reached. Note that for a low q of 0.38 Å−1

there is considerable diffuse scattering, especially near the
incidence plane �i.e., for high ��. The crystallite correlation
lengths � can be estimated by the approximate Scherrer
formula,18 �=K	2� /W where K�0.9 is a numerical con-
stant and W is the peak width �FWHM� in units of Å−1,
found by fitting Gaussians to the peaks. The instrumental
broadening is small, and within the considerable uncertainty
associated with the Scherrer formula.

For indexing the diffraction data, we employ the simplest
primitive unit cell consistent with the diffraction data. This
cell contains two monomers, is orthorhombic, and has a
=16.8 Å, b=3.83 Å, and c=7.8 Å.19 The main polymer
chains run parallel to the c axis. The alkyl side chains are
directed along the a axis, which gives rise to the h00 “lamel-
lae” reflections. “� stacking” between neighboring chains
takes place along the b axis, giving rise to the 010 reflection.
However, in some of the data, a tendency of peaking is also
observed at about 1.018 Å−1. A possible indexing of this

TABLE I. Physical parameters of P3HT samples including
weight-average molecular weight �Mw�, polydispersity �PD�, and
degree of polymerization �DP� calculated from the number-average
molecular weight.

Sample Mw �kD� PD DP

1 15.4 1.5 60

2 20.0 1.8 66

3 22.0 1.6 82

4 29.0 1.5 114

5 42.0 1.8 138

6 52.0 2.3 138

7 76.0 1.7 277

8 270.0 2.3 723
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peak is 011 by the unit cell suggested by Prosa et al.,20 which
is doubled in both a and b directions with respect to the
primitive cell. However, we prefer to use the defacto stan-
dard primitive cell for the present indexing. It is important to
note that P3HT is semi-crystalline, implying that despite a
few strong diffraction features, the amorphous regions of the
films strongly influence their physical properties including
the diffraction patterns.

Optical absorption and emission spectra were measured
on P3HT films spin cast onto Spectrosil glass substrates. Ab-
sorption spectra were obtained using a Hewlett Packard 8453
uv-vis spectrometer. The emission spectra were measured us-
ing an Oriel Instaspec IV Spectrograph coupled to an optical
fiber bundle. Excitation was provided by a multiline Ar-ion
laser tuned to 488 nm. The samples were measured in
vacuum and cooled to 10 K using a continuous flow Oxford
Instruments He cryostat. The mid-IR charge modulation
spectra �CMS� were measured using a Fourier transform in-
frared �FTIR� spectrometer on bottom gate, top-contact FET
devices for different MW films spin cast from TCB solution
on low-doped silicon wafers with a 200 nm gate oxide. The
devices were prepared under the same conditions and with
similar mobilities as standard bottom gate, bottom-contact
FETs. The CMS spectrum was extracted from the difference
of infrared transmission spectra with devices being dc biased
alternately in the accumulation �Vg= –30 V� and depletion
�Vg=10 V� regimes, taking typically approximately 20 000
averages.

III. TRANSISTOR CHARACTERIZATION

Figure 1�a� shows the field-effect mobility versus MW
extracted for devices of 20 �m channel length. Three kinds
of deposition conditions are investigated to control the de-
gree of crystallinity of the polymers, namely chloroform spin
casting, chloroform drop casting, and TCB spin casting. The
mobilities are extracted from the saturation regime at drain
voltage Vds= –50 V by fitting the slope of the square root of
the drain current Id in the saturation regime versus gate volt-
age Vg, and each data point represents the average mobility
from at least four transistors. The mobility depends critically
on the combined effects of solvent/deposition conditions and
MW. In TCB spin cast devices, the optimized mobility in-
creases sharply with MW from 10−3 �15.4 kD and 20 kD� up
to 10−1cm2/V s �52 kD�, and then starts to level off for even
higher MW. The MW dependence of mobilities in chloro-
form drop cast devices behaves in a similar manner but satu-
rates at a value slightly lower than 10−1cm2/V s. In contrast,
in films spin coated from chloroform the mobility varies only
little between 3	10−3 to 10−2cm2/V s in a MW range of
15 kD to 270 kD, but no systematic dependence on MW is
found. The latter result is consistent with the MW studies by
McGehee et al. based on rapid thin film formation �spin cast-
ing from chloroform� which showed that mobility increases
by three to four orders in magnitude with MW below 15 kD
but less than one order from 15 kD onwards.13 This implies
that the mechanism which leads to the improvement of mo-
bility with increasing chain length that is observed in highly
crystalline films under slow film formation conditions is not

active in more disordered microstructures of high molecular
weight polymers ��15 kD� produced by rapid film forma-
tion.

Figure 1�b� shows the transfer characteristics of transis-
tors with MW of 76 kD compared for the three film forma-
tion conditions. Under slow film formation conditions not
only a higher mobility, but also a sharper turn-on behavior
with a smaller subthreshold slope is observed. In addition,
the transconductance dId /dVg exhibits a more linear depen-
dence on Vg above the threshold voltage Vt which is indica-
tive of a more gate voltage independent mobility, while for
rapid film formation the mobility �
dId /dVg� is clearly gate
voltage dependent. This suggests a better structural order in
TCB spin cast and chloroform drop cast devices, and is cor-
roborated by the higher degree of spectral broadening and
blueshift of the absorption spectrum of films spin coated
from chloroform �see Sec. V�.

In contrast to the high MW regime where slowing down
the film formation conditions improves the mobility, a differ-
ent behavior is observed for MW less than typically
15–20 kD. Low MW samples show little improvement in
mobility when slowing down the thin-film formation, prob-
ably indicative of polymer crystallites already being formed
within a short time. The low mobilities in low MW films spin

FIG. 1. �a� Mobility of 20 �m long, 10 mm-wide transistors in
saturation regime �Vg=−50 V, Vds=−50 V� as a function of weight
average molecular weight for chloroform spin cast �open circle�,
chloroform drop cast �gray solid circle� and TCB spin cast �solid
circle� depositions. �b� Transfer characteristics of the transistors
with a molecular weight of 76 kD at Vds=−50 V for the three film
depositions. Inset shows the transconductance of the devices.
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cast from TCB �MW�15–20 kD� is peculiar. Their crystal-
linity is higher than those of chloroform cast films as sug-
gested by the x ray and absorption spectra presented below.
This result might be explained with the presence of more tie
molecules linking crystallites in the less ordered films spin
cast from chloroform, consistent with the model proposed in
Ref. 13. However, for MW�15–20 kD there is clear evi-
dence that slowing down the film formation, and in this way
increasing the degree of crystallinity and structural aniso-
tropy �as discussed below� leads to significant increase in
mobility. The highest mobilities of 0.1 cm2/V s and above
can only be achieved in sufficiently high-MW P3HT with
optimized crystallinity by spin casting from high-boiling sol-
vents.

Figure 2 shows the channel length dependence of the
saturation mobility for different MW polymers. Since P3HT
transistors with pure Au electrodes exhibit negligible
Schottky barrier for hole injection as evidenced by the scan-
ning kelvin probe microscopy �SKPM�,17,21,22 their contact
resistance is assumed to be low enough that the channel
length dependence of the mobility of P3HT can be extracted
in this way. We observe that the saturation mobility of dif-
ferent MW generally increases as channel length decreases,
which is opposite to the reduction of mobility caused by
severe contact limited short-channel transistors with Cr-Au
or Ti-Au electrodes.23,24 The mobility is found to be more
strongly channel-length dependent in low-mobility transis-
tors, but little dependence is seen in highly crystalline,
high-MW transistors. Figure 3 shows the output characteris-
tics of 2 �m- and 20 �m-channel TCB spin-cast transistors
plotted on a current scale normalized by the channel length
L. The 20 �m-channel transistors for both low �a� and high
MW �b� polymers exhibit nearly ideal scaling characteristics.
However, 2 �m-channel transistors exhibit not only a sup-
pression of current by residual contact resistance in the linear
regime but also a lack of saturation behavior due to short-
channel effects.25 These nonideal characteristics in short
channels are more pronounced in low MW polymers, where
the effective current exhibits a strongly superlinear behavior
with source-drain voltage with a 5	 higher apparent satura-
tion mobility relative to the corresponding 20 �m-channel

device. The origin of the field-dependent mobility in many
organic materials has been attributed to the electric field re-
ducing the activation energy for charges hopping to neigh-
boring sites in the field direction.26–28 Figures 2 and 3 there-
fore provide an indication that the low MW might be more
disordered and have broader density of states leading to
stronger field dependence of mobility for low MW
polymers.29 In principle, one might expect an increase in
mobility with reducing channel length as the channel length
approaches the length scale of the polymer microcrystals �see
below�, i.e., charges need to cross fewer boundaries between
microcrystals on their way from source to drain electrodes.
That this is not observed in the high MW samples reported
here suggests that the defects and disordered regions of the
film which limit the mobility to values around 0.1 cm2/V s
must occur on a length scale significantly smaller than 2 �m.

IV. STRUCTURAL CHARACTERIZATION

Diffraction data on the MW series show that for a fixed
MW the field-effect mobility in a high mobility regime cor-
relates closely with the degree of crystallinity and orientation
of the microcrystalline lamellae with respect to the substrate
plane. As shown in Fig. 4�a�, all of the thin films prepared by
the same processing method as used for the transistors ex-
hibit a considerable degree of lamellar packing with the side
chains �a axis, �100� diffraction� preferentially oriented per-
pendicular to the substrate, and the direction of �-� stacking

FIG. 2. Saturation mobility as a function of channel length.
Open symbol represents for chloroform spin-cast devices and solid
symbol for TCB spin-cast devices.

FIG. 3. Normalized output characteristics of 2 �m and 20 �m
TCB spin-cast transistors for MW of �a� 15.4 kD and �b� 76 kD.
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�b axis, �010� diffraction� in the plane of the film. However,
a significant difference in crystalline textures and structural
anisotropy can be observed between the thin films spin-cast
from TCB and chloroform over a wide range of MW. Similar
effects have previously been reported for differences in ste-
reoregularity, spin/drop casting, and choice of solvent.30–32

The polymers spin cast from chloroform tend to have a bi-
modal orientation distribution with a significant fraction of
microcrystalline grains oriented with the a axis in plane.31

This is also evidenced by rocking scans of the 100 reflection
�Fig. 4�b�� which show that the crystallites exhibit a double-
peaked texture with side chains preferentially oriented either
perpendicular or parallel to the substrate, but less preferrably
at intermediate angles. In contrast, the TCB spin-cast films
tend to form a single-peaked texture with only �-� stacking
reflections observed in in-plane scans �Fig. 4�a�� and 100
reflection only present in a narrow orientation range around
�=90°. A high degree of preferred orientation for the 100
peak was measured in rocking scans with a FWHM of � as

low as �15°. As shown in our previous studies,11 the pref-
erential in-plane orientation of the microcrystalline lamellae
in TCB spin-cast films supports efficient in-plane charge
transport. In chloroform spin-cast films, the presence of mi-
crocrystalline grains with in-plane orientation of the side
chains �and the thiophene rings�, which are believed to con-
stitute significant barriers for in-plane charge transport, pro-
vides an explanation for the significantly lower mobilities in
such films compared to the more anisotropic films spin cast
from TCB, since in microcrystalline lamellae oriented per-
pendicular to the substrate hopping across the alkyl side
chains is likely to be required.

The intensity of the important “�-stacking” 010 reflection
apparently decreases with MW for thin films spin cast from
chloroform, which is in agreement with the observation by
McGehee et al. and Neher et al. However, in the case of
films spin cast from TCB, crystallinity as measured by the
intensity of the 010 reflection varies only little with MW.
Only the film with 270 kD has a somewhat lower intensity of

FIG. 4. �a� Grazing incidence x-ray diffraction measurements for P3HT thin films with different molecular weight spin cast from
chloroform and TCB, with in-plane scattering geometry. The 100, 200, and 300 plane reflections are due to lamella layer structure and the
010 reflection is due to �-� interchain stacking. The lowermost curve in each figure is the original data for MW=270 kD, and an offset of
a factor 2 is applied to the other curves for reasons of clarity. The �-stack signal decreases with MW more apparently in chloroform samples
while less in TCB samples. �b� Summary of the rocking scans for the 100 peak. The angle � denotes the angle between q and the substrate
�left diagram�. An evident difference of anisotropy in crystalline textures can be seen between the chloroform and TCB samples.

MOLECULAR-WEIGHT DEPENDENCE OF INTERCHAIN¼ PHYSICAL REVIEW B 74, 115318 �2006�

115318-5



the �-� stacking. In terms of the orientation distribution we
were unable to detect a systematic dependence on MW in
either chloroform or TCB spun films �see rocking scan
curves�. For the chloroform case, the intermediate MW
sample �29 kD� appears to be an essentially single-peaked
distribution, which likely accounts for its highest mobility
observed among all the chloroform spun films. It is likely
that the orientation distribution in chloroform spin-cast films
is very sensitive to uncontrolled variations in film formation
kinetics, and this might be why we have found it difficult to
detect a systematic dependence with MW. As for TCB spun
films, all exhibit a single-peaked orientational distribution
and the x-ray peak widths and associated correlation lengths
do not vary systematically with MW. Average values for
each solvent are given in Table II. It is seen that for the
chloroform sample, �100 is about 113 Å, suggesting 5–8 re-
peat units along the a axis. In the � direction, the peaks are
wider suggesting roughly 15 and 21 repeat units in the b
direction for chloroform and TCB, respectively. The TCB
spin-cast films �except, to a degree, the 270 kD sample� are
all highly crystalline and anisotropic, and no clear correlation
between microstructure and MW could be established that
would help to explain the strong MW dependence of mobili-
ties in TCB spin-cast films.

The previous studies based on rapid thin-film deposition
claimed a highly ordered rodlike structure for relatively low
MW films �3.2 kD� and an amorphous, nodulelike structure
for high MW films.13 However, within our studied MW
range very little difference can be resolved in the chloroform
spin-cast films, all having an amorphous and granular surface
topography in the AFM. In contrast, the TCB spin-cast films
consist of macroscopic nanoribbon structures with length
scale dependent on MW �Fig. 5�a��. Other growth conditions
for slow crystallization such as Langmuir-Blodgett method,33

precipitation in diluted poor solvents,34,35 post-annealing
treatments,36 and solvent vapor-induced self-assembly10 also
lead to such fibrillarlike microstructures. It is believed that
the crystal growth of P3HT tends to favor one-dimensional
crystals,37,38 with a length along the long axis extending from
hundreds of nanometers to a few micrometers governed by
the strong �-stacking interaction between chains. The length
of the nanoribbons increases with MW significantly from
15 kD to 29 kD, and soon reaches an apparent plateau in the
intermediate MW range �between 29 kD to 52 kD� followed
by a relatively weak MW dependence. The nanoribbons of
the highest MW polymer �270 kD� are not obviously longer
than those of 52 kD polymer. Coincidently, the dependence
of the length of nanoribbons on MW mirrors that of the

variation of mobilities with MW. We speculate that the
longer nanoribbons provide elongated paths for charge trans-
port along individual nanoribbons with fewer crossing points
where charge need to hop from one nanoribbon to a neigh-
boring one. Also longer nanoribbons appear to have a stron-
ger tendency to orient parallel relative to each other, and this
might facilitate the presence of tie molecules that can form a
bridge between neighboring nanoribbons without significant
chain twisting.

The physical dimension of nanoribbons resembles the
whisker structures observed elsewhere,10,34 but surprisingly,
we found that their height and the width are almost invariant
within the MW range studied. The heights of nanoribbons
measured by the AFM images for different MW exhibit sta-
tistics that reflect multiples of the 1.6 nm spacing between
two conjugated lamellae. In average, a height of 3.2 nm and
4.8 nm appears most frequently, implying that stacking of
two or three lamellae of conjugated backbones on top of

TABLE II. Table of in-plane peak widths. W100 and �100 in TCB
samples are not measurable. The uncertainty in W is less than 5%.
The relative uncertainty in � �for comparisons between samples� is
also less than 5%, whereas the uncertainty on an absolute scale is
large �20–30 %�.

Solvent W100 �Å−1� �100 �Å� W010 �Å−1� �010 �Å�

chloroform 0.05 113 0.10 57

TCB — — 0.07 81

FIG. 5. �a� Tapping-mode atomic force microscopy images of
TCB spin-cast transistors with different molecular weight. The im-
age size is 5 �m	5 �m. The formation of nanoribbons is ob-
served, and the length of the nanoribbons increases rapidly between
15.4 kD to 29 kD. To observe the nanoribbons more clearly we
have also fabricated films on bare SiO2 �as opposed to HMDS
treated SiO2� from more dilute solutions �1 mg/ml as opposed to
10 mg/ml used for FET devices�. These are shown in the insets.
The isolated clusters in the 270 kD sample are possibly related to
the poorer solubility of this polymer. �b� TEM images of thin films
drop cast from TCB solutions with concentration of 0.1 mg/mL.
The image size is 1.5 �m	1.5 �m. The nanoribbons of 15.4 kD
and 270 kD polymers appear with similar features as in TFT
samples. The insets show nonuniformities along the axis of the
nanoribbons. With the scale bar of 50 nm, the estimated widths of
nanoribbons are 15 nm for 15.4 kD and 20 nm for 270 kD,
respectively.
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each other is favored under the present crystal growth con-
ditions. Moreover, the TEM images �Fig. 5�b�� reveal that the
widths of nanoribbons for the lowest and highest MW films
are almost identical, i.e., approximately 15 nm and 20 nm,
respectively. This finding is of particular interest since the
two polymers have greatly different chain lengths �282 nm
for 270 kD and 24 nm for 15.4 kD�. Here the chain lengths
are calculated from the number average molecular weight.
Unlike the relatively low MW P3HT forming rigid nanorods
composed of extended chain lamellae with a width approxi-
mate to single molecular length,14 our result indicates that
polymer chains above certain MW range tend to chain fold
several times inside a nanoribbon. Some well-studied poly-
mers such as polyethylene also show relatively little MW
dependence of the crystal thickness under certain processing
conditions.39–41

According to the molecular packing in P3HT whiskers,34

the polymer chains are oriented perpendicular to the nanor-
ibbon axis. The contour length L of a polymer chain which
folds back and forth through a sequence of 2–3 conjugated
lamellae on top of each other is approximately 30–60 nm.
This is assuming that chain folding occurs from one conju-
gated layer in the nanoribbon into the one on top or below it
involving a sequence of thiophene rings in cis conformation,
but not into another position in the same conjugated lamella.
The contour length is comparable to the extended chain
length of low MW polymers �e.g., 24 nm for 15.4 kD and
32 nm for 22 kD� but greatly shorter than the extended chain
length of high MW polymers �e.g., 108 nm for 76 kD and
282 nm for 270 kD�.

Based on the above observations we propose a simplified
chain folding scheme as a function of MW. As illustrated in
Fig. 6, the eight MW samples investigated here between
15.4 kD and 270 kD are classified into three groups depend-
ing on their chain lengths relative to the contour length �L�.
For the low MW group �MW�22 kD� with chain lengths
shorter than L, there is a higher statistical probability for
more than one molecule folded into a particular cross section
perpendicular to the axis of the nanoribbon, leading to defec-
tive crystals with a disruption of the crystalline packing in
the vicinity of chain ends and associated chemical defects
and impurities �Fig. 6�a��. We speculate that the presence of
such defect sites contribute to the low mobility in low MW
polymers. In the intermediate MW group �29 kD–52 kD�
the chain lengths are sufficiently long that polymer chains
can fold into lamellae without chain ends being present in-
side the crystals �Fig. 6�b��. In this regime the crystal quality
of the nanoribbons is expected to be highest with the lowest
number of defect sites, leading to the mobility increasing
dramatically from low to intermediate MW regimes. Once
the chain lengths significantly exceeds L �76 kD and
270 kD�, the polymer chain needs to either reenter the same
nanoribbon at some distance along the axis of the ribbon or
fold into another nanoribbon �Fig. 6�c��. In this way, the
number of tie molecules linking different nanoribbons is en-
hanced, particularly, if the nanoribbons are preferentially
aligned parallel to each other or at a small angle. On the
other hand, the more pronounced polymer entanglement dur-
ing growth, the possible presence of branches in the highest
MW polymers, and the percentage of chain segments located

on the disordered surface of nanowires might lead to an over-
all higher degree of conformational disorder, producing
chains containing kinks, bends, and twists arising from the
folding kinetics. Consequently, we expect the highest MW
nanoribbons to have a lower crystal quality than those in the
intermediate MW group, which is evidenced by the de-
creased ordering of �-� stacking in the 270 kD sample, and
is corroborated by the interpretation of the optical spectros-
copy results reported below. Such kinetically induced reduc-
tion in crystal quality for the high MW polymers may ac-
count for the fact that the mobility does not further increase
with MW but saturates in this regime.

V. SPECTROSCOPIC CHARACTERIZATION

To study the effect of MW on the spectroscopic properties
of neutral excitons we have performed optical absorption
�Fig. 7� and emission measurements �Fig. 8�. For thin films
spin cast from chloroform, we mainly observe a regular re-
distribution of the intensity of the absorption features as a
function of MW rather than a significantly blueshifted ab-
sorption in low MW polymers due to the distortion of the
backbones as reported previously.15 This clearly demon-
strates that the polymers with MW higher than 15 kD have
similar backbone conformations in solid films. The peak po-
sitions are roughly the same for the various MW studied, but
the 0-0 transition ��2.05 eV� previously shown to be corre-
lated with the degree of crystallinity,42 slightly reduces in
intensity with increasing MW. Compared to the relatively

FIG. 6. Different chain folding schemes in nanoribbons depend-
ing on the chain lengths of polymers. Cross-sectional plane normal
to the nanoribbon axis in low MW polymers ��22 kD� �a� com-
prises more than one polymer leading to a higher population of
chain ends inside the nanoribbons. Intermediate MW polymers
�29 kD–52 kD� �b� have less chain end defects. High MW poly-
mers �76 kD and 270 kD� �c� might fold into different sections of
the same nanoribbon or extend to neighboring nanoribbons.

MOLECULAR-WEIGHT DEPENDENCE OF INTERCHAIN¼ PHYSICAL REVIEW B 74, 115318 �2006�

115318-7



featureless spectra of chloroform spin-cast films, the more
ordered TCB spin-cast films exhibit well structured �-�*

absorption with resolved transitions at �2.04, �2.22, and
�2.36 eV for the whole range of MW. We observe that the
intensity ratio of the 0-0 transition �2.04 eV� to 0-1 transition
�2.22 eV� is lowest in the lowest MW polymer, increases
with MW up to the intermediate range �29–52 kD�, reaches
a maximum around 29–52 kD and then decreases again in
the high MW range �76 kD and 270 kD� �Fig. 7�b��.

The optical properties of P3HT are strongly influenced by
the presence of interchain interactions. Recently, Spano43 has
analyzed theoretically the first excited state in P3HT in terms
of a weakly interacting H-aggregate type state. According to
Kasha’s rule, emission at low temperature comes from the
lowest-energy excited state, which is symmetry forbidden
with respect to the ground state for an H-aggregate arrange-
ment, unless the presence of disorder relaxes the optical se-
lection rules. Korovyanko et al. have also attributed the ab-
sorption and emission spectra of P3HT to an
H-aggregate-type state.44 They estimated an upper bound of
the interchain coupling to be �250 meV, however, which
would result in spectra showing little vibronic structure—not
the case for P3HT.

Spano’s model considers the weak exciton coupling re-
gime for a lamellar aggregate in which interchain interac-

tions give rise to an excitonic band with a bandwidth W that
is smaller than the energy ��0 of the vibrational mode
coupled to the electronic transition. This is normally taken to
be the CC stretch at around 1400 cm−1 for
polythiophenes.42,45 The optical transition between the
ground state and the lowest energy state in the exciton band
is assumed to be symmetry forbidden, and the 0-0 transition
in absorption is assumed to involve primarily a transition to
the higher energy states in the exciton band. In emission the
0-0 transition can become weakly allowed as a result of dis-
order, which allows the forbidden transition from the state at
the bottom of the exciton band to borrow oscillator strength
from the transition at the top of the exciton band. Using
Spano’s model the degree of excitonic coupling can be quan-
titatively estimated, from the peak ratio of the 0-0 transition
and the 0-1 transition ��2.25 eV� of the absorption spec-
trum. The exciton bandwidth W �which is four times the
interchain interaction energy for a one-dimensional linear
aggregate1,46� can be estimated from the following expres-
sion

Ia
0-0

Ia
0-1 �

�1 − 0.24 W/�0�2

�1 + 0.073 W/�0�2 . �1�

Decreasing the exciton bandwidth increases the intensity of
the 0-0 transition and decreases that of the 0-1 transition, i.e.,
the intensity ratio increases with decreasing W. The strength
of interchain interactions and the exciton bandwidth are
closely related to the conjugation length of the polymer.
When the conjugation length is longer than the intermolecu-
lar separation, as is generally the case in polymers, quantum-
chemical calculations have shown that the exciton bandwidth
decreases as the conjugation length increases.1,46,47 This is
because for long conjugation lengths the point dipole ap-
proximation breaks down and there is a tendency for positive
and negative contributions to the atomic transition densities
to cancel each other, leading to a reduction of the interaction
energy/exciton bandwidth.

FIG. 8. Normalized PL spectra of TCB spin-cast films for dif-
ferent MW polymers at 10 K. The inset shows the values of exciton
bandwidth W /�0 and disorder parameter � /�0 extracted from the
0-0 to 0-1 peak intensity ratio in the absorption and emission
spectra.

FIG. 7. Normalized absorption spectra of �a� chloroform spin-
cast films and �b� TCB spin-cast films for different MW polymers.
The arrows in �b� indicate the systematic variation in the intensity
ratio between the 0-0 and 0-1 transition which increases with MW
from low MW, reaches a maximum around 29–52 kD, and then
decreases for MW�52 kD.
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Within this model we can now interpret the subtle varia-
tions in the absorption spectra as a function of MW in terms
of variations of the intrachain conjugation length. The results
of chloroform spun films �Fig. 7�a�� reveal that exciton band-
width increases and conjugation length decreases with MW
as a result of disorder frozen during rapid film deposition
�see Fig. 4�a��. The MW independence of the mobility might
reflect the interplay between the beneficial effect of increased
chain lengths and larger number of tie molecules at higher
MW �Ref. 13� and the adverse effect of reduced conjugation
length. For the TCB spin-cast films the low intensity of the
0-0 transition with respect to the 0-1 transition in low MW
samples suggests a short conjugation length, and a compara-
tively large W. This is consistent with the presence of chain
ends, chemical defects and impurities within the nanoribbon
lamellae as postulated above. In the intermediate MW range
the intensity of the 0-0 transition is highest, suggesting that
these samples have the weakest exciton coupling, the longest
conjugation length, and the highest crystal quality. For even
higher MW the intensity of the 0-0 transition decreases again
indicating a shortening of conjugation length, higher confor-
mational disorder and reduced crystallinity. This interpreta-
tion of the optical absorption spectra is fully consistent with
the microstructural model postulated in Fig. 6.

The emission spectra of TCB films at low temperature
�10 K� exhibit a similar systematic dependence on MW �Fig.
8�. The intensity ratio of 0-0 emission ��1.86 eV� to 0-1
emission ��1.68 eV� is minimum in low MW polymers
�20 kD� and reaches a maximum in intermediate MW poly-
mers �42 kD�, and then reduces again in high MW polymer
�76 kD�. This trend is analogous to that observed in the ab-
sorption spectra. We emphasize that although the spectral
differences in the absorption and emission spectra may ap-
pear small the spectral evolution as a function of molecular
weight was very systematic and consistent among all the
MW samples investigated. It was observed reproducibly in
different experimental runs in both spin cast as well as drop-
cast films from TCB solution, and was independent of the
film thickness within a range of 20–50 nm. In order not to
compromise the clarity of the figure we only show represen-
tative spectra in Figs. 7 and 8. Based on Spano’s model this
behavior can be interpreted as a combined effect of a varia-
tion of exciton coupling/conjugation length and degree of
disorder as a function of MW. From the model in Ref. 43 we
can derive a simple expression for the ratio of the 0-0 to 0-1
emission peaks, which is expected to be valid in the limit of
spatially uncorrelated disorder ���=0�, as defined in Ref. 43�

Ie
0-0

Ie
0-1 �

�1 − 0.24 W/�0�2

2e−2�1 − 0.39 W/�0�2

�2

W2 . �2�

Here � is the half width at 1 /e of the Gaussian distribution
of site-energy disorder, and we have also assumed that the
Huang-Rhys �HR� factor �2=1.48,49 It is clear from Eq. �2�
that smaller exciton bandwidth and/or increased disorder
yields more intense 0-0 emission relative to 0-1 emission. To
estimate W and � as a function of MW we use the experi-
mental absorption spectra to obtain a value of W /�0 for dif-
ferent MW polymers from Eq. �1�. We then substitute the

experimental 0-0 to 0-1 emission peak ratio and the value of
W /�0 into Eq. �2� to obtain a value of � /�0. This analysis
�see the inset of Fig. 8� shows that the exciton coupling W
varies strongly with MW exhibiting a minimum value for
intermediate molecular weights. The disorder parameter �
exhibits only a comparatively weak variation, although it
also appears to be minimum for intermediate molecular
weights. This variation of � with MW is consistent with the
one expected from a comparison of the vibronic linewidth of
the 0-0 transition as a function of MW. We note that the
values of � extracted based on this simplified analysis are
somewhat smaller by a factor of 1–2 than those obtained by
fitting the line shape of vibrational transitions with a Gauss-
ian. Within the model this disagreement is expected to be
diminished as a more realistic assumption of spatially corre-
lated disorder is considered ���0�, since larger values of �
are required to compensate the stronger suppression of 0-0 to
0-1 emission peak ratio due to the increased �.

The observed dependence of the exciton bandwidth, and
disorder parameter on MW is fully consistent with the struc-
tural model proposed above. Polymers of intermediate MW
have the highest crystalline quality and longest conjugation
length leading to the smallest exciton bandwidth and disor-
der parameter. In the highest MW polymers the conjugation
length is slightly reduced, and exciton bandwidth increased
as a result of kinetically induced disorder. Crystallites in
lower MW samples contain a higher density of structural
defects, such as those associated with chain ends, leading to
much shorter conjugation length, larger exciton bandwidth
and disorder parameter.

Finally, we have also investigated the MW dependence of
the spectroscopic properties of charged polarons using
charge modulation spectroscopy ��CMS�, Fig. 9�.50 The CMS
technique measures changes in the optical transmission of an
operational field-effect transistor �FET� upon gate-voltage in-
duced modulation of the charge concentration in the accumu-
lation layer of the FET as a function of wavelength. In this
way it yields information about the characteristic charge-
induced absorption spectrum of the polaronic charge carriers
that carry the current in the FET. Previous CMS experiments
on regioregular P3HT have revealed a pronounced low-

FIG. 9. Charge modulation spectra in the mid-infrared spectral
range of TCB spin-cast films for different MW. The spectra were
obtained by subtracting the infrared transmission spectra of the de-
vice structure taken at 10 and −30 V.
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energy charge transfer �CT� transition in the midinfrared
spectral region.6,50 This together with the appearance of an
additional charge-induced absorption in the visible spectral
range which is symmetry forbidden in isolated chains was
interpreted as evidence for delocalization of polarons over a
number of neighboring chains as a result of interchain
interactions.6,50 This interpretation of the CMS spectra was
based on the theoretical work by Blackman and Sabra who
predicted that for interchain coupling strength on the order of
0.15 eV the 1D polaron abruptly delocalizes,51 and was con-
firmed by quantum chemical calculations of the charge-
induced absorption spectra of molecular aggregates.52 Simi-
lar results were obtained by Österbacka et al. based on
photo-induced absorption �PIA� measurements on P3HT,53–56

who showed that increased interchain coupling leads to a
splitting of the single chain polaron energy levels by 2� and
a red shift of the lower energy polaron band �called DP1 in
Ref. 53�. The DP1 feature observed in the PIA spectra of
Österbacka is of the same origin as the CT transition ob-
served in the CMS spectra reported here.

The delocalization of polarons as a result of interchain
interactions and the associated appearance of the CT transi-
tion can also be understood in the equivalent framework of
Marcus-Hush electron transfer theory57 describing the trans-
fer of electrons between neighboring molecules in the pres-
ence of strong electron-lattice interactions. The electron
transfer process is governed by two main parameters: The
relaxation energy �, which is twice the polaron binding en-
ergy, measures the energy lowering which charged molecules
can achieve by adopting a relaxed conformation as a result of
the electron-lattice coupling. The transfer integral t is a mea-
sure of the strength of the interchain coupling of the elec-
tronic wave functions on neighboring molecules. In the weak
coupling case ���2t� the lower adiabatic potential surface
has a number of minima, and the charge is localized on an
individual molecule. Under such conditions a charge transfer
optical transition is observed centered at an energy ��CT
=�. The regime of delocalized polarons corresponds to the
strong coupling case ���2t� in which the lower adiabatic
potential surface has only one minimum and the charge is
delocalized over a certain number of neighboring molecules.
In this case an optical charge transfer transition can also be
observed, but it is centered not around � but around ��CT
=2t, i.e., it corresponds to the splitting of the single-chain
polaron levels by the interchain interaction.

In intermediate MW samples with mobilities
�0.05 cm2/V s we observe an intense CT transition centered
around 0.1 eV �Fig. 9�. In the highest mobility, highest MW
samples the transition is similarly intense and appears to
peak at slightly lower energies below 0.08 eV, which is the
low energy cutoff of our experimental setup. In contrast, in
the low MW samples with mobilities less than 10−2 cm2/V s
a much less intense CT transition is observed, and the tran-
sition peaks at significantly higher energies on the order of
0.3 eV. The position and intensity of the CT transition ap-
pears to be very directly correlated with the field-effect mo-
bility. We have shown that in high mobility P3HT the strong
coupling situation applies.52 This allows us to estimate the
transfer integral for interchain electron transfer to be on the
order of t=0.05–0.08 eV for intermediate MW. It is more

difficult to obtain information about � in this regime,58 but
we can give an upper limit estimate for ��2t. The lower
intensity of the CT transition indicates a lower degree of
interchain polaron delocalization in the low MW samples. A
plausible, but somewhat speculative explanation for the re-
duced intensity and higher energy of the CT transition in the
low MW samples is that due to the enhanced disorder and
shorter conjugation length in these samples the weak cou-
pling regime might apply. Such a crossover behavior be-
tween localized and delocalized polarons as a function of
MW would provide an intriguing microscopic explanation
for the observed rapid increase of mobility with MW below
15–20 kD �see Fig. 1�. Based on this assumption one could
estimate the relaxation energy in low MW samples to be on
the order of 0.2–0.3 eV. A more detailed quantitative analy-
sis of the CMS spectra and the correlation between relax-
ation energy and temperature dependent transport data will
be published elsewhere.59

VI. DISCUSSION AND CONCLUSIONS

We have presented for the first time a systematic investi-
gation of interchain interaction effects on the properties of
neutral excitons and charged polarons in conjugated poly-
mers as a function of MW. In order to interpret the spectro-
scopic data correctly it is necessary to unravel the complex
polymer microstructure and have a clear understanding of
the variations in chain folding that occur when varying the
MW. Based on XRD, AFM and electron microscopy we have
proposed a structural model for highly crystalline P3HT as a
function of MW. Only for the very lowest MW ��3 kD�
extended-chain nanorod crystals are formed. As MW exceeds
above 15 kD, morphology and mobility are shown to be very
sensitive to the processing conditions. Under rapid deposi-
tion conditions the formation of well-defined nanorods is not
observed for any of the MWs, but only comparatively amor-
phous microstructures are formed in which a bimodal orien-
tation of the conjugated lamella with respect to the substrate
is present. This limits the mobility to relatively low values
around 10−2 cm2/V s independent of MW because it requires
charges to hop across the insulating side chains. In contrast,
slow deposition by spin-casting from high boiling-point sol-
vents allows the polymer chains to self-organize into well-
defined, and highly crystalline nanoribbons with unimodal
in-plane orientation of the direction of �-� stacking along
the long axis of the nanoribbons. Unlike the MW-
independent mobility in rapidly deposited films, mobility in-
creases sharply from low MW �15–20 kD� to intermediate
MW �29–52 kD�, and becomes saturated slightly above
0.1 cm2/V s for sufficiently high MW ��52 kD�.

The crystalline quality is lowest in the low MW regime,
which is attributed at least partly to the higher population of
chain ends and associated defects inside the nanoribbons. In
an intermediate MW range �29–52 kD� the crystalline qual-
ity is highest as longer chains can fold into the nanoribbons
without producing chain end defects inside the nanoribbons.
We believe that this improvement in crystalline quality inside
the nanoribbons is primarily responsible for the rapid in-
crease of mobility from low to intermediate MW. In the high
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MW regime ��52 kD� one might expect the mobility to in-
crease further due to the increased density of tie molecules
between nanoribbons, as well as their preferred parallel ar-
rangement with respect to each other. However, this expected
benefit is partly offset by an increased degree of disorder,
which may be either an intrinsic property of long chains �for
example due to branching� or arising from slower crystalli-
zation kinetics. The combination of these two effects limits
the mobility at values of 0.1 cm2/V s in the high MW
samples.

Based on this microstructural model of chain folding as a
function of MW we can explain the evolution of the optical
absorption and emission spectra of P3HT with MW. In the
intermediate MW range where the conjugation length is
highest we observe the smallest exciton bandwidth W and
smallest disorder parameter �. The high MW samples have
slightly increased exciton bandwidth and disorder presum-
ably due to a slowing of the timescale required for crystalli-
zation. In contrast, the low MW samples with shorter conju-
gation length have much larger exciton bandwidth and
disorder parameter. To the best of our knowledge this consti-
tutes the first experimental observation in a conjugated poly-
mer of the lowering of the exciton bandwidth with increasing
conjugation length. This was predicted theoretically for con-
jugated oligomer model systems.1

We have also obtained experimental evidence that
charged polarons are delocalized over several chains for in-
termediate and high MW, while for low MWs the degree of
polaron delocalization is significantly lower as evidenced by
a much reduced intensity of the charge transfer charge-
induced transitions in the mid infrared. This provides a mi-

croscopic explanation for the observed rapid increase of mo-
bility from low to intermediate MWs. The clear correlation
between the degree of polaron delocalization in the polymer
microcrystals detected spectroscopically on a molecular scale
and the field-effect mobility measured on a mesoscopic scale
suggests that in the high mobility transport regime ��
=0.1 cm2/V s� it is primarily microscopic factors such as the
crystal quality within the polymer microcrystals that limit the
transport, and not grain boundaries between individual
nanofibers. This is consistent with our observation of only a
weak channel length dependence of the mobility �Fig. 2�, the
absence of well-defined potential barriers associated with
grain boundaries in scanning kelvin probe potential
imaging60 and with previous measurements on individual
P3HT nanofibers, which showed no evidence of an enhanced
field-effect mobility in spite of grain boundary effects being
eliminated in such experiments.24,35 Further breakthroughs to
achieve even higher mobilities in crystalline polymers such
as P3HT require unique processes to better control the vari-
ous factors that determine the crystal growth and the chain
conformation, and to improve the crystalline quality and
eliminate structural and chemical defects in high MW P3HT
nanoribbon crystals.
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