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The precipitation of silicon in rapidly solidified AlSi alloys was studied. For alloys with 

2.4 and 11.0 wt % Si (2.3 and 10.3 at % Si, respectively) the lattice parameters of the AI- 

rich and of the Si-rich phases were measured after ageing at 397,425 and 448 K. For alloys 

with 2.6 and 13.0wt %Si crystallite sizes and lattice strains were determined by analysis 

of the X-ray diffraction line broadening. After ageing the lattice parameters of the AI-rich 

and the Si-rich phases were influenced by the difference in thermal expansion between 

both phases. After correction for this effect the amount of silicon dissolved in the AI-rich 

phase was estimated as a function of ageing time. Quenched-in (excess) vacancies influ- 

enced the precipitation kinetics. Activation energies for precipitation appeared to depend 

on the extent of transformation. Further, quenched-in vacancies caused anomalous 

maxima in the lattice parameter curves. The behaviour of the lattice microstrains on 

ageing was explained as a result of the disappearance of stresses due to quenching and the 

introduction and subsequent dissipation of stresses due to precipitation. After completed 

precipitation stresses due to the difference in thermal expansion between both phases still 

exist at room temperature. 

1. Introduction 
Alloys of aluminium and silicon form an important 

part of aluminium scrap. Liquid quenching [1, 2], 

as compared to solid quenching, enlarges the solid 

solubility of the alloying elements, thus facilitating 

the recycling of scrap material. Although the 

precipitation of silicon in solid-quenched A1Si 

alloys was the subject of several studies [3-8],  few 

investigations were devoted to precipitation in 

liquid-quenched A1Si alloys [1, 9]. This paper pre- 

sents results on processes occurring during precipi- 

tation in liquid-quenched AlSi alloys. By liquid 

quenching the silicon solubility may be extended 

up to the eutectic composition [2], whereas the 

maximum equilibrium solubility equals 1.58at % 

at 850 K. On liquid quenching all silicon present 

can rarely be kept in solid solution (cf. Dis- 

cussion in [2]). Further, vacancies present at 

elevated temperatures will be retained after 

quenching. Therefore, the precipitation kinetics 
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are determined by the amount of silicon in solid 

solution as well as by the excess vacancy concen- 

tration. 

2. Excess vacancies in aluminium and its 
alloys 

From the literature the following picture of the 

behaviour of excess vacancies during quenching 

and ageing may be obtained. 

In case the quenching rate is sufficiently high 

(>104Ksec -1 [10-12])  nearly all vacancies 

present at high temperatures will be retained at 

room temperature as excess vacancies. In pure alu- 

minium excess vacancies cluster into voids which 

can collapse into loops during quenching and dur- 

ing ageing subsequent to quenching. The occur- 

rence of voids preceding loop formation was first 

suggested by Kuhlmann Wilsdorf and Wilsdorf 

[13] and was experimentally supported by Kiritani 

[14, 15]. The observation of vacancy loops only 
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was reported in [13, 16]*. Since the recovery of  

quenched pure aluminium has been completed 

after 1 h of  ageing at room temperature [17 -19] ,  

the excess vacancies are expected to annihilate at 

room temperature within the same time. 

In the presence of  dissolved alloying elements 

interacting with vacancies, the concentration of  

excess vacancies can be higher than in pure alumin- 

ium [20, 21]. According to Westmacott et  al. [22] 

the size of  the vacancy loops depends on the 

nature of  the alloying element. Alloying with zinc, 

copper, silver, magnesium and silicon resulted in 

smaller loops in the order given, indicating an 

increasing interaction from zinc to silicon between 

(clusters of) dissolved alloying atoms and vacancies. 

The majority of  the excess vacancies is bound to 

alloying atoms. This amount  will be larger as the 

interaction between alloying atoms and vacancies 

increases [20, 21]. In the case of  the A1Si system 

the "free" excess vacancies will precipitate into 

vacancy loops during quenching or subsequent age- 

ing. Indeed, it can be deduced from experimental 

data for aluminium alloys [3, 11, 22] that only a 

small fraction of  the total excess vacancy concen- 

tration, as theoretically calculated according to 

[20, 21], precipitates into vacancy loops. To our 

knowledge no void formation preceding loop 

formation has been reported until now for alu- 

minium alloys*. Due to the affinity between 

vacancies and silicon vacancy loops in AlSi alloys 

may be stabilized up to rather high temperatures 

[6, 7] t .  Therefore, in contrast with the case of  

pure aluminium no significant vacancy annihi- 

lation occurs at room temperature (cf. [11 ] p. 39). 

During ageing vacancies are moving through the 

crystal. According to Ozawa and Kimura [7] 

vacancy loops can act as temporary sinks. In the 

presence of  a low density of  permanent  sinks~ the 

excess vacancies firstly condense into loops. This 

process continues until a quasi-equilibrium con- 

centration of excess vacancies in the matrix is 

established. From that  moment  on a net loss of  

excess vacancies occurs at permanent  sinks which 

is compensated by the evaporation of the loops. 

Because silicon precipitation proceeds via a vac- 

ancy diffusion mechanism, the annihilation of  the 

excess vacancies will have a great influence on the 

kinetics of  the silicon precipitation. Liquid quench- 

ing generally results in higher excess vacancy con- 

centrations than solid quenching does [23, 24]. 

Initial experiments with liquid-quenched A1Si 

alloys demonstrated the influence of  the excess 

vacancy concentration: as compared to solid- 

quenched specimens, precipitation in liquid- 

quenched specimens can proceed more rapidly 

(cf. [3, 4] to [1, 9]). In accordance with this 

picture, the activation energy for precipitation 

after liquid quenching can be lower than after 

solid quenching (cf. [8] to [1, 9]). 

3. Experimental procedures 
Aluminium alloys with 2.4 and 11.0 wt % Si were 

prepared [2] from 99.998 wt%A1 and 99.99 wt% 

Si. By the melt-spinning technique ribbons with a 

non-uniform thickness varying between 20 and 

150/~m were obtained [2]. According to dendritic 

arm spacing measurements the cooling rate was in 

the range 10 6 to 107Ksec -1. 

The kinetics of  the silicon precipitation were 

studied by the measurement of  the lattice param- 

eter of  the N-rich phase (with a precision of  1 part 

to 40 000) as a function of  ageing time at 397 ,425 

and 448 K w The measurement procedure and the 

heat treatment applied were described earlier [25]. 

Further, short-time experiments were performed, 

using a specially designed cylinder to enclose two 

specimen holders with the very vulnerable speci- 

mens. With the new cylinder it was found that age- 

ing temperatures of 397 and 448 K were reached 

within one minute. 

Crystallite size and microstrain of the alumin- 

ium matrix and the silicon precipitates were 

studied by X-ray diffraction line profile analysis 

for two liquid quenched A1Si alloys, with 2.6 wt % 

Si and with 13 .0wt%Si ,  respectively, as a func- 

tion of  ageing time at 445 K. Sections of  the rib- 

bons obtained after melt spinning were placed 

parallel to each other on a piece of  flat glass with 

the aid of  adhesive tape, alternating up- and wheel- 

sides. Thus, the effects that might originate from 

*This may be due to the collapse of voids during preparation at about room temperature of electron microscope speci- 
mens. 
t in this context it is remarked that according to Rosenbaum and Turnbull [4] silicon precipitates after ageing show a 
density of the same order of magnitude as the vacancy loop density. 
SVacancy loops having a diameter of about 10 nm and a density of about 1016 cm -3 [4, 5, 22] possess an estimated 
loop line length of 3 X 104cm -2. 
w All lattice parameter values presented in this paper are valid at 298 K. 
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differences between the up- and wheel-side are 

averaged [26]. After the X-ray investigation the 

sections were removed from the glass in trichloro- 

ethane, followed by cleaning in acetone. Then, the 

sections were put into a specimen holder which 

enabled two collections of ribbon sections of dif- 

ferent compositions to be aged simultaneously at 

precisely the same temperature. After heat treat- 

ment the ribbon sections were cleaned in trichloro- 

ethane, acetone, trichloroethane and acetone in 

the order given, and then dried. 

X-ray diffraction line profiles were recorded 

using a Siemens w-diffractometer employing 

CuKc~ radiation (45 kV; 24 mA). The profiles were 

recorded by the preset-time method employing 

steps of 0.02 ~ 20 and counting times of 100 sec. 

Large portions of the background at both sides of 

the peak were recorded. The background was 

interpolated linearly between both extremities, 

except in the case of the silicon {220} reflection 

were a correction for a tail of the aluminium 

{200} reflection, present in the background, was 

performed. 

The {400} and {422} line profiles of the A1- 

rich phase were recorded. In the case of A1Si 

13.0wt% alloy the {111}, {220}, {311} and 

{422} profiles of the Si-rich phase were measured 

as a function of the ageing time. Due to weak 

intensities these profiles from the A1Si 2.6wt% 

alloy were only measured after 730h ageing. The 

Si-rich phase {111 } profile from this alloy in the 

liquid-quenched condition was measured as well, 

although with a very low accuracy due to the low 

intensity. The line profiles obtained were analysed 

using a single-line technique, described elsewhere 

[271. 

4 .  R e s u l t s  

4.1. Lat t ice parameters 

4. 1.1. Anomalous effects at initial stages 
Figs. 1 and 2 show the lattice parameter of the A1- 

rich phase as a function of ageing time (times 

shorter than 120min) for two alloy compositions 

at the ageing temperatures 399 and 445 K. Two 

types of anomalous humps are observed in the 

curves of lattice parameters against ageing time at 

the start of ageing (the reason of this subdivision is 

outlined in the discussion (Section 5.3)): 

(a) Hump I is observed at the lower ageing tem- 

perature, whereas Hump II is observed at the 

higher ageing temperature. 

(b) Hump II is higher than Hump I. 

(c) Hump II occurs after longer ageing times 

than Hump I. 

(d) Both effects increase with silicon content 

(note the different scales of Figs. 1 and 2). 

Ribbons obtained by melt spinning generally show 

local variations of the amount of silicon dissolved 

in the Al-rich [2, 26]. This explains differences 

in the Al-rich phase lattice parameter at the start 

of ageing and an exact correspondence between 

the curves of the N-rich phase lattice parameter 

against ageing time cannot be expected (Figs. 1 to 

4). 

4. 1.2. The lattice parameter o f  the AI-rich 

phase 
The lattice parameter of the Al-rich phase as a 

function of ageing time at different temperatures 

is shown in Figs. 3 and 4. These results were 

obtained from Debye-Scherrer photographs by 

Nelson-Riley extrapolation [28]. As shown for 

the first time in [25], a difference in thermal 
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Figure 1 The lattice parameter of the Al-rich 
phase in the A1Si 2.4 wt % alloy after short 
times of ageing. 
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Figure 2 The lattice parameter of the Al-rich 
phase in the A1Si ll.0wt% alloy after short 
times of ageing. 

expansion between two phases in a system can 

cause macrostrains. A correction for this effect 

can be performed (see Section 5.1). Resulting 

curves for the N-rich phase lattice parameter 

against ageing time are presented by dash-dot lines 

in Figs. 3 and 4. 

4. 1.3. The lattice parameter of  the Si-rich 

phase 

Because of the small amount of silicon, present in 

the hypo-eutectic alloys of this investigation, the 

determination of the Si-rich phase lattice param- 

eter by applying a Nelson-Riley procedure [28] 

was impossible. In these cases the Si-rich phase 

lattice parameter was studied as a function of age- 

ing time and temperature by measuring a selected 

reflection on a Debye-Scherrer photograph; pre- 

cision was improved by a tenfold measurement of 

the line. In Table I the results are shown. The 

comparison of results from different reflections is 

justified in view of the zero slope of the Nelson- 

Riley plot obtained for hypereutectic alloys. The 

following observations can be made: 

(a) The value of the Si-rich phase lattice param- 

eter after ageing is smaller than after liquid 

quenching, and is also smaller than the equilibrium 

value of silicon (0.54307 nm; [29]). 

(b) The silicon lattice parameter after com- 

pleted precipitation decreases with increasing age- 

ing temperature (this trend is best seen from the 

results for the A1Si l l . 0 w t %  alloy; these data 

were taken from high angle reflections). 

In addition, for the hypereutectic alloys A1Si 

22.4 wt % and A1Si 34.8 wt % the Si-rich phase 

lattice parameter was investigated (now by 

Nelson-Riley extrapolation [28]) before and after 

ageing at 445K. In Table I these results are 

gathered too. The following observations can be 

made: 

(c) In the hypereutectic alloys the Si-rich phase 

lattice parameter is considerably larger than in the 

hypo-eutectic alloys. 
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Figure 3 The lattice parameter of the Al-rich 
phase in the A1Si 2.4 wt % alloy as a func- 
tion of ageing time; dash-dot lines indicate 
the results obtained after correction for the 
difference in thermal expansion between the 
Al-rich and Si-rich phase (cf. Section 5.1). 
The equilibrium value is indicated too. 

2709 



'E 
t -  

t_ 

t3  
o. .  

0.4050 

0./.048 

0.4046 

0.4044 

I I I I 

," / /  //" 

..-f/ / i  
~ ~ . / /  

e=equilibrium value 

I ! I I 
2 8 32 128 512 

' I 11%Si 

--~.- ~(h) 

Figure 4 The lattice parameter of the Al-rich 
phase in the AISi 11.0 wt % alloy as a func- 
tion of ageing time; dash-dot lines indicate 
the results obtained after correction for the 
difference in thermal expansion between the 
Al-rich and Si-rich phase (cf. Section 5.1). 
The equilibrium value is indicated too. 

(d) In agreement with the hypo-eutectic alloys 

the value of  the Si-rich phase lattice parameter 

after ageing is smaller than after liquid quenching, 

but in contrast with the hypo-eutectic alloys the 

silicon lattice parameter remains after 128 h ageing 

larger than the equilibrium value. 

4.2. Crys ta l l i te  sizes and lat t ice strains 

X-ray diffraction fine broadening is caused by 

instrumental aberrations, the wavelength distri- 

bution and the structural defects in the specimen. 

The broadening by instrumental aberrations and 

by the wavelength distribution can be determined 

by measuring corresponding line profiles of  appro- 

priate standard specimens. In this paper it is 

assumed that the profiles of  both the specimen to 

be investigated and the standard specimen can be 

described by a Voigt function [27]. A Voigt func- 

tion is the outcome of  the folding of  Cauchy and 

Gaussian components. In practice it is often con- 

sidered that size broadening results in Cauchy- 

shaped profiles and that strain broadening results 

in Gaussian-shaped profiles [27, 28, 30]. 

The crystallite size and the microstrain were 

followed as a function of  ageing time at 445 K. 

The results have been collected in Figs. 5 to 8 and 

in Table II. For the aluminium matrix the follow- 

ing observations can be made: 

(a) For the A1Si 2.6 wt % the line broadening is 

almost entirely of  Gaussian shape. For the A1Si 

13.0 wt % alloy the Gaussian component dominates 

strongly. 

(b) Interpreting the total line broadening for 

both alloys as due to microstrains it is found that 

the microstrain decreases with increasing ageing 

time. The microstrains in a [100] direction are 

TABLE IA The lattice parameter of the Si-rich phase in hypo-eutectic alloys 

Alloy Selected After After ageing 

(wt % Si) reflection liquid quenching Time Temperature asi 
~H 2 asi (nm) (h) (K) (nm) 

2.4 

11.0 

11 0.5432 (+- 5) 256 397 +- 3 0.5429 (-+ 2) 
8 0.5431 (+- 2) 256 425 -+ 4 0.5425 (-+ 2) 

11 0.5435 (+- 2) 256 448 -+ 5 0.5428 (-+ 1) 

11 0.5430 (+- 4) 256 397 +- 3 0.5429 (+- 1) 
24 0.5428 (-+ 2) 256 425 -+ 4 0.5427 (+- 1) 
24 0.5429 (-+ 1) 256 448 +- 5 0.5426 (-+ 1) 

TABLE IB The lattice parameter of the Si-rich phase in hypereutectic alloys 

22.4 NR* 0.54395 (+- 9) 128 445 + 2 0.5437 (+ 2) 
34.8 NR 0.5444 (+ 2) 128 445 + 2 0.5437 (+ 2) 

*NR : Nelson-Riley extrapolation. 
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Figure 5 The microstrain, (e2) 1/2, of the 
Al-rich phase in the A1Si 2.6 wt % alloy 
as a function of time of ageing at 445 K. 

larger than in a [211 ] direction, especially for the 

A1Si 13.0wt % alloy (cf. Figs. 5 and 6). 

Due to the weak intensities observed for the Si- 

rich phase, an appreciable scatter is present on the 

size-strain values for the Si-rich phase as derived 

from the Cauchy and Gaussian components, 

respectively. The best results are, of course, 

obtained after completed precipitation. Neverthe- 

less, for the Si-rich phase the following obser- 

vations can be made: 

(c) The crystallite size of  the Si-rich precipitates 

increases with ageing time. The domain size in a 

[111] direction is in general smaller than in [2 20], 

[3 11 ] and [211 ] directions. 

(d) In case of  the A1Si 13.0wt% alloy, in par- 

ticular the microstrain in a [111] direction shows 

an anomalous behaviour: first a decrease, than an 

increase; at last followed by a continuous decrease 

in the coarsening stage (Fig. 7). After 730 h ageing 

the microstrain in the Si-rich precipitates of  the 

A1Si 13.0 wt % alloy is smaller than in the Si-rich 

precipitates of  the A1Si 2.6 wt % alloys (Table II). 

5. Discussion 
5.1. The correction of the AI-rich phase 

lattice parameter for the effect caused 
by the difference in thermal expansion 
between the AI-rich phase and the 
Si-rich phase 

From the value of  the Al-rich phase lattice param- 

eter the amount o f  silicon dissolved can be calcu- 

lated. For this, normally a V6gard-type equation is 

used. However, as shown earlier [25] a difference 

in thermal expansion between two phases in a 

specimen, c an  also change the average lattice 

parameter of  the matrix after annealing. The total 

difference, Aa, between the measured lattice 

parameter of  the Al-rich phase, am, and the lattice 

parameter of  pure aluminium aA1 can be written 

as [25]: 

% 
F 
x 

1.3 

1.1 

0.9 

0.7 

0.5 - 

1 I I I I 

13%Si 

AI~00 
AI&22 

I [ 1 I [ 

2 8 32 128 512 

- -~ . . -  t(h) 

Figure 6 The microstrain, (e2) m, of the 
Al-rich phase in the A1Si 13.0 wt % 'alloy 
as a function of time of ageing at 445 K. 

2711 



% 
x 

I I I I I 
5 -  

13%Si 
�9 5[111 
�9 S i  

..~ 

I I I I I 

0 2 8 32 128 512 

- - ~ , .  t(h) 

Figure 7 The microstrain, <e2) in,  of  

the Si-rich phase in the AISi 13.0 

wt % alloy as a function of  t ime of  

ageing at 445 K. 

A a  ~-- a m - - a A 1  = fs(Xsi)+fT(Ysi)  (1)  

where the change Of the average lattice parameter 

due to an atomic fraction of silicon dissolved in 

the Al-rich phase, Xsi, is represented by fs(xsi) and 

the change of the average lattice parameter due to 

the difference in thermal expansion between the 

dispersed Si-rich phase (with a volume fraction of 

Ysi) and the aluminium matrix is given by fT(Ysi). 

The term fs(xsi) follows from experimental 

data. Often fs(Xsi) can be approximated by PXsi 

(V4gard), where p is a constant. The termfT(Ysi) 

can be written as qYsi, where q follows from 

experimental data [25]. According to [25] the 

values o fp  and q are, respectively: 

p = -- 1.74 x 10 -2 (rim) 

q = 3.73 x 10-6AT(nm) 

with AT = Tageing - -  Troor n. 

However, it should be realized, that the propor- 

tionality constant p was obtained from solid- 

quenched specimens [31]. In fact it incorporates 

contributions due to dissolved silicon atoms and to 

quenched-in vacancies. Contributions to the lattice 

parameter due to silicon atoms dissolved and to 

quenched4n vacancies may be in different propor- 

tion after liquid quenching as compared to sofid 

quenching. Hence, use of the above mentioned 

value of p in this work may:introduce uncertain- 

ties in calculated values ofxsi .  
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Figure 8 The crystallite size, Deft, 

o f  the Si-rich phase in the A1Si 13.0 

wt% alloy as a function of  time of 

ageing at 445 K. 



TAB LE II Microstrain values, <e 2 >1/2, of the Al-rich and Si-rich phases after 730 h ageing at 445 K 

Reflection 

Al{400} A1{42 2} Si{111} Si{220} Si{3 11} Si{42 2} 
Silicon content 
(wt%) (X 103) (X 103) (X 103) (X 103) (X 103) (X 103) 

2.6 0.44 0.43 1.4 2.9 2.7 2.0 
13.0 0.68 0.67 1.0 1.2 111 1.0 

With the aid o f  Equation A2 (see Appendix)Xsi 

can be calculated from Equation 1. The values of  

the lattice parameter corrected for thermal strains, 

aeo  r = aA1 + P X s i  , are presented by dash-dot lines 

in Figs. 3 and 4. 

5.2. The composition of the aluminium 
matrix after liquid quenching 

For the study of  precipitation kinetics (see Section 

5.4) knowledge of  Xsi after liquid quenching is 

required. This value o fxs i  might be obtained from 

the lattice parameter as measured after liquid 

quenching. However, a correction of  the lattice 

parameter for the effect to thermal strains cannot 

be performed at the start of ageing, since the solid- 

ification temperature and thus AT (see Section 

5.1) is unknown. Therefore, the value of  Xsi at 

t = 0 was determined by extrapolation of  Xsi 

against ageing time t to t = 0 (Table III). This 

extrapolation procedure is accompanied by some 

uncertainties. Firstly, the effects due to Humps I 

and lI can be accounted for by an educated guess 

only. Secondly, the rate of the precipitation pro- 

cess at the highest ageing temperature is higher 

than at the lowest temperature. Therefore, extra- 

polation down to t = 0 from the plot Xsi against 

ageing time is much more reliable for the lowest 

ageing temperature than for the highest one. 

Inspection of  the values o fxs i  at t = 0, obtained 

from the above extrapolation, in terms of  the 

corresponding N-rich phase lattice parameters 

shows (Table Ill), that in most cases the measured 

lattice parameters are lower than the extrapolated 

ones (see also Figs. 1 and 2). This'finding may be 

understood as follows: the ribbons after liquid 

quenching possess a high excess vacancy concen- 

tration. Excess vacancies lower the lattice param- 

eter. 

5.3. The behaviour of the AI-rich phase 
lattice parameter during initial stages 
of ageing 

5.3. 1. Hump I 
The increase of  the Al-rich phase lattice param- 

eter at the very start o f  ageing at 399 K (Figs. 1 

and 2) can be attributed to the annihilation of  

excess vacancies (e.g. at sinks and by the creation 

of  vacancy loops; Section 2). This assertion is 

made plausibly below. 

The lattice parameter of a "binary" alloy of 

pure aluminium and vacancies may be written as: 

a = e v a ,  ~ + (1 --Cv)aA1 (2) 

where a is the lattice parameter of  the alloy, a v is 

the fictitious vacancy lattice parameter and c v is 

the fraction of  atomic sites occupied by vacancies. 

Suppose, the volume of a vacancy is half of the 

volume of  the aluminium atom [32], then a v can 

be written as: 

a v  = 2 - 1 / 3 a A 1 .  (3) 

From Equations 2 and 3, the change of  the alu- 

TABLE III The lattice parameter of the Al-rich phase after liquid quenching 

Alloy Ageing Xsi X 10 ~ 
(wt % Si) temperature extrapolated 

(K) 

Lattice parameter 

Extrapolated 
(nm) 

Measured 
(rim) 

2.4 

11.0 

397 • 3 1.67 0.40467 0.40468 
425 +_ 4 1.75 0.40466 0.40461 
448 • 5 1.17 0.40476 0.40470 

397 _+ 3 3.81 0.40430 0.40427 
425 _+ 4 2.18 0:40458 0.40453 
448 • 5 1.9 0.40463 0.40464 
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minium lattice parameter Aa v due to a change of  

the excess vacancy concentration Ac v can be 

written as: 

A a  v = ( 2  - 1 / 3  - -  1)aA1ACv. (4) 

In case Hump I is attributed to the annihilation 

of  excess vacancies, then for both alloys the change 

of  the excess vacancy concentration may be esti- 

mated from the respective heights of  Hump I by 

using Equation 4 (cf. Figs. 1 and 2): 

A1Si 2.4 wt %: 

Aa (Hump I) = (0.3 -+ 0.2) x 10 -4(nm) 

Ac v = - - (3 .6-+2.4)  X10 -4 . 

A1Si 11.0 wt %: 

&a (Hump I) = (0.5 + 0.2) x 10 -4(nm) 

Acv = -- (6.0 -+ 2.4) x 10 -4. 

Due to the strong interaction between silicon 

and vacancies a large fraction o f  the excess vacan- 

cies will be bound to silicon atoms dissolved after 

quenching (cf. Section 2). However, a small frac- 

tion of  "free" excess vacancies will exist. The con- 

centrations of  free and bound excess vacancies 

differ by an order of  magnitude [22]. Obviously, 
A1 will the concentration of  the "free" vacancies, c v , 

depend on the silicon content of  the aluminium- 

rich phase, c $1 may be estimated by (cf. [21 ]): 

A] (1 --Xsi)ZA exp (--Ef/kT) (5) C v = 

where z is the coordination number (for fcc  

z = 12). The pre-exponential factor A and the 

vacancy formation energy Ef have been taken 

from [33]. The temperature T was taken equal to 

the appropriate melting temperature. With Xsi = 

1 . 4 1 x 1 0  -2 and X s i = 3 . 5 3 x 1 0  -2 for the AISi 

2.4wt% and the A1Si l l . 0 w t % ,  respectively, 

as obtained after extrapolation to t =  0, one 

obtains 

A] 5.4 x 10 -4 A1Si 2 . 4 w t % : c  v = 

A1 2.3 x 10 -4. A1Si l l . 0 w t % : c  v = 

These values of  free excess vacancy concen- 

tration c A1 are of  the same order of  magnitude as 

the change of  excess vacancy concentration calcu- 

lated above from the heights of  Hump I in Figs. 1 

and 2. It might be argued that the loss of  "free" 

excess vacancies is suppleted by excess vacancies 

bound to (clusters of)  dissolved silicon atoms. For 

kinetic reasons this process is unlikely to occur 

2 7 1 4  

substantially at the start of  ageing, as has been 

found for other aluminium alloys in [11] (this is 

also supported by the present investigation; see 

Section 5.4). Thus, one is tempted to conclude 

that the rise of  the N-rich phase lattice param- 

eter at the start of  ageing can be attributed to the 

annihilation of  "free" excess vacancies. Consider- 

ing this in more detail, the experimental Ac v seems 

larger for the A1Si 11.0 wt % alloy than for the 

A1Si 2.4 wt % alloy, whereas theoretically a reverse 

trend is suggested. However, in view of  the exper- 

imental errors and the uncertainties inherent to 

the theoretical calculation (Equation 5) and to the 

choice of  its parameters detailed conclusions are 

unjustified. 

The lowering of  the lattice parameter after 

Hump I may be caused by the relaxation of 

quenching stresses. The occurrence of stress of this 

kind has been demonstrated earlier for solid- 

quenched aluminium alloys [34-36] .  

Annihilation of  the free excess vacancies pro- 

ceeds by diffusion. The diffusion constant for 

vacancy migration can be written as 

D = Do exp (--Em/kT), 

with E m as the migration energy for a vacancy. 

Substituting E m = 0.65 eV [18] it follows that the 

vacancy diffusion constant at 445 K is seven times 

greater than at 399 K. Therefore, as compared to 

Hump I, Hump II observed at the highest ageing 

temperature at larger ageing times will have another 

origin. 

5.3.2. Hump II 
In our opinion a similar phenomenon to Hump II 

(Figs. 1 and 2) was observed by Itagaki et al. [1]. 

It was suggested that the transformation stresses 

induced by the silicon precipitation were not 

readily dissipated by the accompanying recovery 

process. At a lower ageing temperature this effect 

can be smaller, even undetectable, since the 

precipitation proceeds more slowly. This can 

explain the absence of Hump II at the lowest age- 

ing temperature. It can be expected that Hump II 

will be larger the more silicon has been dissolved in 

the Al-rich phase in the as-liquid-quenched con- 

dition, which agrees with the experimental finding 

(note the difference in scale between Figs. 1 and 

2). As precipitation proceeds, per unit of  time less 

transformation strain is introduced because less 

silicon precipitates and the recovery process can 

catch up the strains induced. This explains why a 



lowering of  the M-rich phase lattice parameter 

after Hump II occurs (cf. Figs. 1 and 2). 

5.4. The precipitation of silicon from the 
supersaturated AI-rich phase after 
liquid quenching 

For the study of  the kinetics of  precipitat ion a 

parameter  Xt (the fraction transformed) is defined 

by:  
Xt  = (Co- -c t ) / (Co- -%)  (6) 

where co is the silicon concentration in the Al-rich 

phase at time t = 0, c e is the equilibrium concen- 

trat ion of silicon in the M-rich phase per unit vol- 

ume and c t is the silicon concentration in the A1- 

rich phase after ageing time t. 

At the commonly applied ageing temperatures 

for the MSi alloys Ce "~ 0 [37]. Using atomic frac- 

tions, Equation 6 transforms into:  

l _ X t  3 t= t  3 t=O = (aOXSi)/(amXsi ) (7) 

where ao is the M-rich phase lattice parameter 

measured at t = 0, a m is the M-rich phase latt ice 

parameter after ageing t ime t,  xt~ ~ and xt~ t are 

the atomic fraction of  silicon in solid solution in 

the M-rich phase at t ime t = 0 and t = t, respec- 

tively. The values of  xt~ t and xt~ ~ are obtained as 

described in Sections 5.1, 5.2 and the Appendix.  

The resulting (1 --  Xt)-curves are plot ted in Figs. 9 

and 10. 

Assuming that the precipitat ion process pro- 

ceeds in the same manner at the three ageing tern- 
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Figure 9 The reaction parameter, (1 --Xt), for the precipi- 
tation on the A1Si 2.4 wt % alloy as a function of ageing 
time. 
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Figure 10 The reaction parameter, (1--Xt) , for the pre- 
cipitation in the A1Si 11.0 wt % alloy as a function of age- 
ing time. 

peratures applied, the activation energy can be 

calculated by plott ing the time needed to reach a 

certain value of  ( 1 - - X t )  against the reciprocal 

temperature.  The results for progressive values of 

X t are gathered in Table IV. (The values of  X t 

chosen were not  affected by  Hump I and/or  Hump 

II). Notwithstanding inaccuracies inherent in the 

approximations made in the procedures followed, 

it may be concluded that the values of  the acti- 

vation energy for precipi tat ion 

(a) are smaller than the value reported for pre- 

cipitat ion of  silicon in solid-quenched AlSi alloys 

(i.e. 1.27 -+ 0.03 eV; [8]);  

(b) increase as the precipitat ion process pro- 

ceeds. 

In the following discussion it is assumed that 

the dominant  step in the precipitat ion process is 

the diffusion of  silicon atoms in the Al-rich phase*. 

The activation energy for the diffusion of  silicon 

in aluminium at thermal equilibrium corresponds 

TAB LE IV The activation energy E A for silicon precipi- 
tation at constant values of (1 -- X t) 

Alloy  1 - -  X t E A ( eV)  

A1Si 2.4 wt % 

A1Si 13.0 wt % 

0.8 0.9 
0.6 1.1 
0.4 1.1 
0.2 1.2 

0.6 0.8 
0.4 0.9 
0.2 0.9 

*The progress of precipitation can be described only approximately by the Avrami equation (1--X t = exp (--kt)n). 
Best fitting can be expected for the first stage of precipitation [38]. From our experimental results values of the time 
constant n in the range 0.7 to 1.1 are obtained. From the review given in [38] it may be concluded that the obtained 
values of n indicate diffusion-controlled growth, which supports the assumptions made. 
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to 1.32eV [37, 39]. Therefore, it can be con- 

cluded that the activation energy of precipitation 

in solid-quenched A1Si alloys, as determined by 

K6ster and Knorr [8] at a late stage of precipi- 

tation, corresponds to the diffusion of silicon in 

aluminium in the presence of the thermal equi- 

librium concentration of vacancies. 

For a quenched A1Si specimen of a certain com- 

position the same excess vacancy concentration 

will be present at the start of precipitation at each 

of the ageing temperatures applied. Hence, the 

energy of formation of a vacancy is absent in the 

activation energy for silicon diffusion and the acti- 

vation energy at the start of precipitation will be 

given by the activation energy of migration of a 

vacancy (neglecting the temperature dependence 

of the correlation factor [40]). As the precipi- 

tation process proceeds, the excess vacancies 

associated with silicon are annealed out gradually 

(see Section 2) and thus at different ageing tem- 

peratures different vacancy concentrations will be 

present. This effect enhances the activation energy 

for precipitation, which corresponds with the 

experimental findings (at the end of the precipi- 

tation the activation energy equals the sum of Ef 

and Era). 

A larger supersaturation with respect to excess 

vacancies and dissolved silicon will enhance the 

precipitation kinetics. For the A1Si 11.0 wt % alloy 

the amounts of excess vacancies and of dissolved 

silicon are larger than for the A1Si 2.4 wt % alloy. 

Indeed, precipitation in the A1Si l l . 0wt% alloy 

proceeds faster than in the A1Si 2.4 wt % alloy (cf. 

Figs. 9 and 10). 

Further, assuming that on ageing the fractional 

decrease of the excess vacancy concentration is 

approximately the same for both alloys, it can be 

expected that at the same X t the activation energy 

for precipitation in the AISi 11.0wt % will be 

smaller (see discussion above) than in the A1Si 

2A wt % alloy, as is observed. 

5.5. The precipitation of aluminium from 
the supersaturated Si-rich phase after 
liquid quenching 

The equilibrium solid solubility of aluminium in 

silicon is uncertain [37, 41]. According to 

Wamich's data [41] the dissolution of aluminium 

in silicon enlarges the lattice parameter of the Si- 

rich phase. Thus, the decrease of this lattice 

parameter observed on ageing (see Table I) may be 

interpreted as a result of the precipitation of alu- 

minium from the Si-rich phase*. 

In the hypo-eutectic alloys the Al-rich phase 

solidifies primarily, whereas in the hypereutectic 

alloys the Si-rich phase solidifies primarily. 

According to the phase diagram [37] it may be 

expected that, after liquid quenching, the Si-rich 

phase of the hypereutectic alloys contains more 

aluminium (retrograde solidus) than the Si-rich 

phase of the hypo-eutectic alloys. Indeed, the 

value of the Si-rich phase lattice parameter after 

liquid quenching is significantly larger for the 

hypereutectic, than for the hypo-eutectic alloys 

(see Table I). 

5.6. Unusual lattice parameters of the 
Si-rich phase after completed 
precipitation 

After 256 h ageing at the three ageing temperatures 

applied the lattice parameter of the Si-rich phase 

in the hypo-eutectic alloys is smaller than the lat- 

tice parameter of pure silicon ? . This may be 

caused by the difference in thermal expansion 

between the A1- and Si-rich phases. As discussed in 

Section 5.1 the same effect caused an increase of 

the Al-rich phase lattice parameter after complete 

precipitation. Analogously, a decrease of the Si-rich 

phase lattice parameter as compared to the lattice 

parameter of pure silicon can be expected, as is 

observed (cf. Table I). 

According to Eshelby's theory on point imper- 

fections [25, 38, 42] the volume change of a mis- 

fitting spherical inclusion depends on its radius 

and on the elastic constants of the inclusion and of 

the surrounding matrix. For a spherical inclusion 

of phase B (silicon) in a continuous matrix of 

phase A (aluminium), the misfit parameter e is 

defined by 

= 0"o - ro )/ro a ( 8 )  

where ro B and ro A are the radii of the "free" unde- 

formed inclusion B and of the empty undeformed 

cavity in the matrix A, respectively. Assuming 

*The amount of aluminium dissolved, as estimated from the decrease of the Si-rich phase lattice parameter using 
Wamich's data [41 ], can be neglected in calculating Xsi (see Appendix). 
?The hyper-eutectic alloys were aged for only 128 h at 445 K. It is suggested that the aluminium precipitation in these 
alloys has not finished. Thus the lattice parameter of the Si-rich phase at this stage can be still larger than that of pure 
silicon. 
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TABLE V The effect on the silicon lattice parameter after completed precipitation resulting from the difference in 
thermal expansion between the Al-rich phase and the silicon phase (for symbols see text) 

AT = T a -- T r Experiment (cf. Table I) Theory 

(K) A1Si 2.4 wt % A1Si 11.0 wt % (cf. Equation 10) 

Selected Selected 
reflection aasi X 10 4 reflection Aasi X 10 4 Aasi X 10 4 

:~H 2 (rim) y.H 2 (nm) (nm) 

99 11 - 2 ( -  + 2) 11 - 2 ( •  1) - 8  
127 8 - 6  (• 2) 24 - 4  (• i) - 1 0  
150 11 - 3 ( •  1) 24 - 5 ( •  1) - 1 2  

elastically isotropic material, the fractional volume 

change A V B / V B of  a misfitting spherical inclusion 

B in a finite matrix A can be written as (cf. 

Equation 25.7 [38]): 

AVB = 4rrCe (r~ (9) 
VB VB 

with C=3KB/(3K B +4/~A) , where K and /~ 

denote the bulk and shear modulus, respectively, 

and VB, the volume of  the "free" undeformed 

inclusion = (4/3)rr(roU) 3. 

Supposing that an individual inclusion experi- 

ences no interaction with other inclusions, then 

the fractional volume change is independent of  the 

volume fraction o f  the inclusions present. Approxi- 

mating the actual radius of  the inclusion by ro B 

and 2XVB/V B by 3AaB/a B and substituting r a by 

rBo/(1 + e) (cf. Equation 8) one obtains: 

AaB = aBCe/(1 + e) 3 ~ aBC(o~B --aA)(Ta -- Tr)* 

(10) 

where aB and C~a are the linear thermal expansion 

coefficients of  B and A, respectively. 

In Table V the theoretically obtained Aasi- 

values for the Si-rich phase (calculated using the 

elastic constants according to [43]) are presented, 

together with the experimentally obtained differ- 

ences between the measured lattice parameter, 

am, and the equilibrium value, asi , for both alloys. 

The following can be remarked: 

(i) According to Equation 10 the value of  21asi 

is independent of  the amount of  silicon present 

and it increases with increasing values of  AT = 

T a -  Tr. This corresponds with the experimental 

data. 

(ii) In view of  the large experimental errors 

(silicon is the minority phase), the simplicity of  the 

model applied and considering the question of  the 

compatability of  the elastic constants used, a quan- 

titative agreement between experiment and theory 

cannot be expected. The differences between 

experiment and theory may be interpreted such, 

that in the theoretical calculations "modified" 

elastical constants should be used instead of  litera- 

ture data (see also [25]). 

5.7. Latt ice microstrains and crystal l i te 

size 

5.7. I. Lattice microstrains 

5.7.1.1. As-liquid-quenched. Quenched-in stresses, 

lattice defects, concentration variations and misfit 

between constituting phases [2, 26] give rise to 

strain broadening. Since for the N-rich phase 

(1/E)I 00 > (1/E)2,1 [43], larger strains may be 

expected in a [100] direction than in a [211] 

direction (see Figs. 5 and 6 at t = 0). 

For the studied crystallographic directions of 

the Si-rich phase ( l /E )  is smallest in a [111] direc- 

tion and largest in a [311] direction [43]. Hence, 

the largest strain may be expected in a [311]  

direction and the smallest in a [1 11] direction 

(see Fig. 7 at t = 0). 

5. 7.1.2. During precipitation. At the start of  age- 

ing the quenched-in stresses disappear, which con- 

tributes to the decrease of  the microstrain. On the 

other hand precipitation will introduce transfor- 

mation stresses which are not readily dissipitated 

at an ageing temperature of  445K.  (cf. Section 

5.3.2). 

The fraction of  the volume affected by the 

transformation strains will be larger for the 

(minority) Si-rich phase than for the Al-rich phase. 

Hence, the average microstrain of the Si-rich phase 

will be more influenced by the transformation 

strains than the average microstrain of  the Al-rich 

*In ease of the A1Si system a B equals asi =- 0.54307 (nm) and (c~ B - - & A )  = (&Si  - -  teA1) = - -  20.5 X 1 0 - 6 K  - I  [29, 43, 
44]. 
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phase. Accordingly, after an initial decrease of the 

microstrains in the Si-rich phase these microstrains 

may increase again, as is observed for the [11 1], 

[1 10] and [31 1] direction (Fig. 7). The magni- 

tude of this effect is largest in a [11 1] direction, 

which may be related to the preference of silicon 

particles in line their {1 1 1} planes parallel to the 

interface with the Al-rich phase (cf. [4] ). 

After completed precipitation no effects due to 

transformation strains are expected. Indeed, for 

ageing times > 8�88 at 445 K the microstrains in 

the silicon phase start to decrease again. 

5.7.1.3. During coarsening. After completed pre- 

cipitation (time > about 8�88 at 445 K) the micro- 

strains decrease with increasing ageing time (Figs. 5 

to 7). However, a substantial microstrain remains 

even after 730 h ageing at 445 K (Table II). In our 

opinion this phenomenon is due to the difference 

in thermal expansion between the M-rich phase 

and silicon precipitates (which effect was also 

responsible for the macrostrains observed in the 

aluminium matrix and silicon precipitates after 

completed precipitation (see [25] and Sections 

5.1 and 5.6). Thus it may be expected that the 

microstrains in the Al-rich phase increase with 

increasing silicon content of the alloy. This corre- 

sponds with the experimental result (Table II; 

and compare Figs. 5 and 6). 

As the ripening process proceeds the area of 

interface between the /u-rich phase and silicon 

particles decreases. Hence, on coarsening the 

fraction of the volume affected by the thermal 

stresses will diminish for both phases. Accordingly 

these microstrains should decrease with increasing 

coarsening time, as is observed (Figs. 5 and 6). 

A quantitative prediction of (e2) 1/2 after 730h 

at 445 K (i.e. an average value for the phase con- 

sidered), is difficult to make. The microstrain due 

to the difference in thermal expansion will be larg- 

est near the interface of the /U-rich and Si-rich 

phase. An order of magnitude for this local micro- 

strain may be obtained by equating the tensile 

stress along the interface in the /U-rich phase to 

the compressive stress along the interface in the Si- 

rich phase [cf. 45]. Thus, the following estimates 

are obtained: 

Esi 
e = + 0 . 9 x 1 0  -3 

eA1 (Esi + EA1 ) 
(11) 

EA1 
e = - - 2 . 1 x 1 0  -3 . 

esi -- (Esi+EA1) 
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The value of the misfit e due to the difference 

in thermal expansion can be obtained from 

Equation 10. The elastic data are taken from [43]. 

Indeed, (i) after 730 h ageing at 445 K the average 

microstrain values, (e2) 1/2 , are in general smaller 

than the above estimated local strains and (ii) 

the (e2)U2-values observed for the Al-rich phase 

are smaller than for the Si-rich particles (Table II), 

but the averaging noted in Section 5.7.1.2 also 

contributes to this effect. The latter effect also 

suggests that the microstrain in the/u-rich phase 

will be larger for the /USi 13.0wt% alloy than 

for the A1Si 2.6wt% alloy (Table II and Figs. 

5 and 6) and vice versa for the Si-rich phase 

(Table II). 

5.7.2. Crystollito size 
On ageing the crystallite (domain) size of the sili- 

con precipitates increases (Fig. 8). The domain 

sizes measured in a [1 1 1] direction are the small- 

est, which may be related to the preference of 

silicon particles to line their {1 1 1 } planes parallel 

to the interface with the/u-rich phase [4]. 

At the start of precipitation the growth rate of 

the average domain size is low, as nucleation of 

new crystallites occurs. After nucleation the 

growth of the silicon particles is facilitated by the 

presence of remaining excess vacancies which 

enhance the silicon diffusion through the alumin- 

ium matrix (see Section 5.4). 

According to [22] silicon precipitate needles 

grow along [1 10] directions. This corresponds to 

a larger growth rate in this direction (Fig. 8). 

At later, coarsening stages, less or no excess 

vacancies will be present. During the coarsening 

stage particle growth proceeds by dissolving small 

particles in favour of large particles (Ostwald 

ripening). Thus, silicon atoms contributing to par- 

ticle growth have to cover larger diffusion dis- 

tances in the coarsening stage as compared to the 

precipitation stage. The above considerations both 

suggest, that in the coarsening stage the growth 

rate of the average crystallite is smaller than during 

precipitation. This is supported by Fig. 8 (note 

logarithmic time scale). 

6. Conclusions 
1. "Free" excess vacancies, i.e. not bound to 

silicon, are induced by liquid quenching. At the 

start of ageing these "free" excess vacancies are 

annihilated. At relatively low ageing temperatures 

this gives rise to the anomalous Hump I in the 



curve of  the N-r ich  phase lattice parameter against  

ageing time. 

2. The large difference between the atomic vol- 

ume of  silicon as dissolved in the N-ma t r ix  and of  

silicon as precipitated evokes precipi tat ion stresses. 

At  high ageing temperatures these stresses are 

not  readily dissipated by the accompanying 

recovery. This causes Hump II in the curve of  the 

N-r ich  phase lattice parameter  against ageing 

temperature.  

3. At  the start of  ageing quenched-in vacancies 

give rise to rather low values of  the activation 

energy for precipitat ion.  As precipitat ion pro- 

ceeds, excess vacancies initially bound to silicon 

are annihilated gradually, thus enhancing the acti- 

vation energy for silicon precipitat ion.  

4. Liquid quenching of  hyper-eutectic A1Si 

alloys yields a Si-rich phase, supersaturated with 

aluminium, as indicated by a decrease of  the Si- 

rich phase lattice parameter  on ageing. 

5. The microstrain in the N-r ich phase decreases 

with increasing ageing time. The influence of  the 

precipitat ion stresses on the microstrain is not  

observed: being the majori ty phase, only a small 

volume fraction of  the Al-rich phase is affected by  

the precipitat ion stresses, in contrast  with the Si- 

rich phase. 

6. The microstrain in the Si-rich phase initially 

decreases on ageing, since quenched-in stresses are 

dissipated. Then as a result of  the precipitat ion 

stresses induced, the microstrain increases, in par- 

ticular in the [1 1 1 ] direction. During coarsening 

the microstrain decreases again. The remaining 

microstrain as observed at room temperature is 

determined by the difference in thermal expan- 

sion between the aluminium and silicon phases. 

During precipitat ion the growth of  the Si-particles 

is largest in the [1 10] direction. 
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Appendix 
Consider 1 gram mole alloy with an overall atomic 

fraction Xo of  silicon. If s gram mole silicon has 

been dissolved in the Al-rich phase then the atomic 

fraction, Xsi , dissolved is given by:  

xs i  = s / ( 1 - - X o + S )  and thus 

s = X s i ( 1 - X o ) / ( 1 - - X s i  ). (A1) 

Assuming that at the ageing temperatures 

applied a negligible amount  of  aluminium will be 

dissolved in the silicon phase ([37];  Section 5 .5 )  

the amount  of  Al-rich phase reads: (1- -Xo + s ) =  

(1 -Z Xo)/(1 --  Xsi ). 

Accordingly, the quanti ty of  silicon not  dis- 

solved in the Al-rich phase equals: ( x o - s )  = 

(X0 --  Xsi)/(a - -Xsi  ). 

The volumes o f  the Al-rich phase and the sili- 

con phase are given by ( 1 -  Xo) (N/4)a3m/ (1 - -Xs i  ) 

and (x  o - -  x s i ) (N /8 )a~ i / (1  - -  Xsi), respectively, 

where N is Avogadro's number,  asi  is the lattice 

parameter of  the silicon phase and a m is the lattice 

parameter of  the Al-rich phase. 

The volume fraction of  the silicon can now be 

written as: 

Ysi = 2a3m(1 _Xo)/(Xo - - X s i  ) + a~i" (A2) 
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