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ABSTRACT

Metal additive manufacturing (AM) has unlocked unique opportunities for

making complex Ni-based superalloy parts with reduced material waste,

development costs, and production lead times. Considering the available AM

methods, powder bed fusion (PBF) processes, using either laser or electron

beams as high energy sources, have the potential to print complex geometries

with a high level of microstructural control. PBF is highly suited for the

development of next generation components for the defense, aerospace, and

automotive industries. A better understanding of the as-built microstructure

evolution during PBF of Ni-based superalloys is important to both industry and

academia because of its impacts on mechanical, corrosion, and other techno-

logical properties, and, because it determines post-processing heat treatment

requirements. The primary focus of this review is to outline the individual phase

formations and morphologies in Ni-based superalloys, and their correlation to

PBF printing parameters. Given the hierarchal nature of the microstructures

formed during PBF, detailed descriptions of the evolution of each microstruc-

tural constituent are required to enable microstructure control. Ni-based

superalloys microstructures commonly include c, c0, c00, d, TCP, carbides,

nitrides, oxides, and borides, dependent on their composition. A thorough

characterization of these phases remains challenging due to the multi-scale

microstructural hierarchy alongside with experimental challenges related to

imaging secondary phases that are often nanoscale and (semi)-coherent. Hence,

a detailed discussion of advanced characterization techniques is the second

focus of this review, to enable a more complete understanding of the

microstructural evolution in Ni-based superalloys printed using PBF. This is

with an expressed goal of directing the research community toward the tools

necessary for a thorough investigation of the processing-microstructure-
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property relationships in PBF Ni-based superalloy parts to enable microstruc-

tural engineering.

Introduction

Additive manufacturing (AM), also known as 3D

printing, is a disruptive technology that has seen

continued adoption and development in academia

and industry primarily due to its ability to create

complex geometries, minimize material losses, and

shorten development and production lead times [1].

AM is often described as a layer-by-layer process that

enables building intricate parts through the con-

struction of multiple complex 2D layers. Due to the

complex nature relating to the building of 3D

geometries, the initial development and commer-

cialization of AM did not occur until sufficiently

powerful computer systems that allowed for more

complicated control systems became available.

Therefore, despite earlier references to the basic

concept of AM, the first patents for modern AM

systems did not appear until the 1980s when com-

puter technologies began to mature [2]. A large

amount of work within AM has initially aimed to

develop understanding of the relationship between

processing techniques and engineering properties

within AM manufactured materials. These initial

studies have only examined the microstructural

evolution on a larger scale, e.g., via imaging defects

such as porosities. This is despite AM microstruc-

tures being highly complex and hierarchical [3].

Further AM advancements are highly dependent on

establishing a more complete understanding of the

detailed processing-microstructure-property rela-

tionships. Currently, more research needs to be done

to extend the existing understanding of the

microstructural evolution across different length

scales. The subsequent interest from industry will

enable a systematic development of components with

consistent engineered properties, regardless of part

geometry.

Numerous metal alloy classes have been explored

and successfully processed via AM including Fe-, Al-,

Ni-, Ti-alloys, and many others [4, 5]. These alloys

play a critical role in different industry sectors such

as defense, aerospace, automotive, medical, and

construction. Ni-based superalloys are of vital

importance to many of these industries including

defense and aerospace due to their excellent

mechanical, creep, corrosion, and wear resistance at

ambient and elevated temperatures [6, 7]. However,

following conventional manufacturing routes

including casting and forming, Ni-based superalloys

are often difficult to process due to their complex

compositions. For instance, Ni-based superalloys

often need to be annealed prior to forming and

machining, to promote ductility and formability,

which results in a compromise in material properties

[8]. Further, the complex geometries often required in

typical applications of Ni-based superalloys lead to

high buy-to-fly ratios due to complex machining

operations, resulting in increased waste and expen-

ditures. AM can offer increased part complexity for

optimal functionality, minimized material losses, and

reduced lead time of manufacturing at no extra cost

[9]. For these reasons, Ni-based superalloys have

recently seen extensive applied and fundamental

Figure 1 Number of publications in the last two decades for Ni-

based superalloys processed through electron beam powder bed

fusion (E-PBF) and laser powder bed fusion (L-PBF). Data were

extracted from Scopus on 09 February 2022 using the following

search terms for L-PBF: ‘‘L-PBF or LPBF or SLM or DMLS and

Nickel’’ and for E-PBF: ‘‘E-PBF or EPBF or SEBM or EBM and

Nickel’’.
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research within the AM field with increasing num-

bers of publications in the last decade (Fig. 1).

Scope of this review

The past decade has seen numerous metal AM tech-

niques explored, with powder bed fusion (PBF) pro-

cesses and directed energy deposition (DED) seeing

the most rapid development for Ni-based superal-

loys. There have been several reviews on the AM of

metals discussing process specifics, microstructure,

and/or mechanical or corrosion properties

[4, 5, 9–16]. PBF has seen a large amount of devel-

opment due to its ability to create complex geome-

tries with the prospect of simplifying manufacturing

routes and improving performance in many engi-

neering applications. The PBF process involves the

layer-by-layer construction of a part in a bed of

powder usually attached to a substrate for structural

support. Powder is spread across the substrate

forming a powder bed through the use of a rake.

Subsequently, an energy source is used to melt a

layer of powder, based on a given part geometry

using a defined scan strategy. These processes are

repeated layer-by-layer to create a defined geometry.

There are two types of PBF processes commonly

used: laser (L-PBF) and electron (E-PBF). In L-PBF, a

laser is used to melt the powder, and parts are pro-

cessed under an atmosphere usually composed of

either Ar or N. In E-PBF, an electron beam is used,

and parts are built under vacuum. The biggest dif-

ference in process between L-PBF and E-PBF is in the

cooling rates experienced. E-PBF can experience

orders of magnitude lower cooling rates compared to

L-PBF, with cooling rates in E-PBF ranging from 104

to 106 K/s and in L-PBF ranging from 105 to 108 K/s

[17]. Multiple factors contribute to the difference in

thermal conditions and melt pool properties between

the processes. These include increased absorption of

the electron beam compared to laser, lack of heat

dissipation due to no convection effects in E-PBF, and

the significantly higher preheating capabilities under

E-PBF [18]. In considering these effects, the biggest

difference in thermal conditions can primarily be

attributed to the high preheat temperatures in E-PBF

that may be used often in excess of 1000 �C [9]. These

high preheat temperatures are possible under E-PBF

due to the use of magnets instead of mirrors which

permits the beam to move at much faster rates. A

direct comparison of thermal conditions between the

processes is challenging due to difficulties in obtain-

ing in situ observations; however, detailed compu-

tational simulations can give insight into the different

thermal signatures present in the two processes.

Figure 2 demonstrates cooling rates for L-PBF

(Fig. 2a) and E-PBF (Fig. 2b). Overall, the L-PBF

process saw peak cooling rates twice that of the

E-PBF process based on these simulations. Further,

due to the lack of preheating, the L-PBF part cools

faster compared to its E-PBF counterpart.

DED, on the other hand, can either use blown

powders or wires similar to that used in welding to

construct 3D parts. In the ‘‘blown powder process,’’

powder is deposited directly onto a substrate using a

carrier gas. The powder is subsequently melted with

either a laser or electron beam. Wire DED processes

work similar to welding processes in that a wire is

melted onto a substrate. Multiple passes permit the

building of a 3D structure. Compared to DED, PBF is

capable of greater part complexity, accuracy, and

surface finish and is, therefore, often used for making

complex engine components in the aerospace indus-

try. DED is primarily used in the construction of large

scale parts [19–22] or the repair and reclamation of

Ni-based superalloy components [15, 23, 24]. It does

not offer the same part resolution as PBF and,

therefore, is rarely used in the construction of smaller

individual engineered parts [25, 26]. DED processes

offer opportunities for fabricating parts with volumes

of a couple cm3 to over a m3, resulting sometimes in

large variations in the mechanical and microstruc-

tural properties [22]. Due to the large variations in

type of deposition, part scale, and applications, DED

processes see a large range of microstructures that

deserve their own review. Therefore, our review

primarily focuses on PBF processes only.

As discussed previously, Ni-based superalloys

offer excellent mechanical, creep, corrosion, and wear

resistance at ambient and elevated temperatures

[6, 7]. Enhancement of gas turbine engines has been a

driving force for the improvement of these properties

since the first modern Ni-based superalloys started to

appear in the 1940s [27]. Today, Ni-based superalloys

typically constitute anywhere between 40 and 50% of

the total weight of an aircraft engine [28]. Overall, the

aerospace global market is expected to grow 30% by

2025 although this may experience some delays due

to the global pandemic. However, in order to achieve

a 50% reduction in aviation emissions by 2050, lighter

and more efficient aircraft engines will be required

J Mater Sci (2022) 57:14135–14187 14137



[29]. Complex geometries and part consolidation,

enabled by AM, have the potential to provide mass

reduction for load bearing structures and increased

performance for turbine-based engines [30].

Reviews on Ni-based superalloys have been pub-

lished on generalizations of the process-microstruc-

ture-property relationships [6, 31, 32]. Other reviews

focused on individual alloys such as IN718 [33] and

IN625 [34]. Graybill et al. [6] looked at the basics of

DED and PBF processes and the process parameter-

mechanical property relationships for Ni-based

superalloys without providing a detailed overview of

the microstructural properties. Sanchez et al. [31]

comprehensively covered the development of

mechanical properties for PBF processed Ni-based

superalloys, outlining PBF process control and qual-

ity inspection, the impact of processing parameters

on microstructure evolution, and the resulting

mechanical properties in as-built and heat-treated

states for numerous Ni-based superalloy systems.

However, their review lacks discussion on the

development of individual phase constituents in

different Ni-based superalloys processed under PBF,

and primarily focuses on the microstructures of well-

established alloys such as IN718 and IN625. Adegoke

et al. [32] reviewed AM of c0 strengthened Ni-based

superalloys only. Their review specifically addressed

cracking, microstructure, phase development, and

mechanical properties for c0 forming Ni-based

superalloys, but they do not cover in-depth nanoscale

microstructure characterization. Hosseini et al. [33]

specifically reviewed IN718, outlining microstructure

development in as-built and heat-treated conditions

and the resulting mechanical properties. Tian et al.

[34] reviewed IN625 and its associated reported

microstructure and mechanical properties. While

most of these studies discuss the impact of

microstructure on the mechanical properties, there is

little comprehensive discussion on the phase con-

stituents and their related hierarchical morphology

that can range from the nanoscale to the macroscale.

Neither do these studies discuss in detail the

accompanying solidification and solid-state mecha-

nisms (i.e., liquid–solid and solid–solid phase trans-

formations) that influence phase formations and

phase morphologies. Detailed discussions of phase

constituents are critically important considering the

complex morphology of the phases that form during

AM of Ni-based superalloys and the significant role

each of these phases play in mechanical, corrosion,

and other engineering properties.

While the formation of defects can be a common

occurrence within PBF, to keep the review focused on

phase formation and morphology, the reader is

directed toward the following works [35–38]. Further,

we do not discuss mechanical properties as there

have been several reviews on this subject

[7, 10, 31, 33]. Lastly, we do not discuss heat treat-

ment routines as the numerous heat treatment rou-

tines covered in literature and the resulting variation

in phase constituents that occur from these routines

would greatly extend the current length of the

review. As such, this work will primarily focus on

providing detailed descriptions of the resulting phase

formation and morphology found within PBF and

how different processing conditions may impact

these phases. We will comparatively review in detail

the different microstructure constituents found in

E-PBF and L-PBF Ni-based superalloys. Specifically,

we approach the review by first covering the main

microstructural constituents found in Ni-based

superalloys in ‘‘Overview of main microstructure

constituents in common Ni-based superalloys’’ sec-

tion, followed by a review of basic solidification and

solid-state phase transformations mechanisms in

relation to PBF in ‘‘Review of solidification and solid-

Figure 2 Finite element

analysis simulated heating and

cooling rates versus time plots

for a L-PBF and b E-PBF.

Reproduced from [18] with

permission.
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state phase transformations and context in AM’’ sec-

tion. More specific discussion in the context of PBF

begins at ‘‘c matrix phase’’ section with the covering

of the cmatrix phase. ‘‘c0 phase’’, ‘‘c00 and d phase’’ and
‘‘Other secondary precipitates and TCP phases’’ sec-

tions cover the c0, c00 d, other secondary precipitates,

and TCP phases, respectively. We also provide an

overview on hierarchical microstructure characteri-

zation from macroscale to nanoscale techniques in

‘‘Review of characterization techniques’’ section. We

conclude this section with a case study. This will

outline the tools and techniques needed to success-

fully characterize the microstructural evolution in

PBF Ni-based superalloys, which would, in turn,

enable microstructural engineering.

Overview of main microstructure
constituents in common Ni-based
superalloys

Unique microstructures and phase morphologies

have been reported during AM due to high cooling

rates and thermal cycling. Therefore, understanding

of the resulting phase morphology from PBF pro-

cesses has also been established. Here, a short over-

view on the type of Ni-based superalloys and their

most common phases is given. Next, the details

concerning each individual constituent are outlined

in the following sections. A summary of phases that

have been reported to form in Ni-based superalloys is

given in Table 1. Note that not all of these phases are

necessarily present in as-built AM processed

materials.

Typically, Ni-based superalloys contain up to 40

wt.% of a combination of 5 to 10 different elements

[28]. Further, they can be classified into solid solution

and precipitate forming alloys with the latter being

further broken down into primarily c0 or c00 forming

alloys [39, 40]. Hastelloy X and IN625 are examples of

the most common solid solution forming alloys used

in AM. IN718 is the main c00 precipitate forming alloy

used in AM and is a popular choice due to its high

weldability, and its extensive prior characterization

in the literature. c0 alloys are more challenging to

print in AM as high c0 content is known to contribute

to cracking. Most c0 alloys are processed by E-PBF

where the use of high preheat temperatures can

minimize cracking, however, some researchers have

successfully processed alloys such as Haynes 282,

Rene 41, and IN738 using L-PBF [41–44]. Overall,

CMSX-4 has seen the greatest amount of research for

c0 forming alloys and has even been used to suc-

cessfully print single crystal microstructures using

E-PBF [45, 46].

The primary matrix phase in Ni-based superalloys

is the face centered cubic (FCC) c. This phase is often

strengthened through forming a solid solution of Ni

with other elements including Co, Fe, Cr, Mo, W, V,

Ti, and Al. At high temperatures above 0.6 Tmelting,

strengthening is impacted by diffusion, thus most of

Table 1 A summary of common phases found in Ni-based

superalloys [39, 48, 49]

Phase Crystal structure Chemical formula

c FCC

c0 FCC (ordered L12) Ni3(Al,Ti)

c00 BCT (ordered D022) Ni3Nb

R Rhombohedral Cr18Mo31Co51
P Orthorhombic Cr18Mo42Ni40
l Rhombohedral Co2W6, (Fe,Co)7(Mo,W)6
r Tetragonal FeCr

FeCrMo

CrFeMoNi

CrCo

CrNiMo

Laves Hexagonal Fe2Nb

Fe2Ti

Fe2Mo

Co2Ta

Co2Ti

MC Cubic TiC

NbC

HfC

M23C6 FCC (Cr,Fe,W,Mo)23C6

M6C FCC Fe3Mo3C

Fe3W3C-Fe4W2C

Fe3Nb3C

Nb3Co3C

Ta3Co3C

M7C3 Hexagonal Cr7C3

M3B2 Tetragonal Ta3B2

V3B2

Nb3B2

(Mo,Ti,Cr,Ni,Fe)3B2

Mo2FeB2

MN Cubic TiN

(Ti,Nb,Zr)N

(Ti,Nb,Zr)(C,N)

ZrN

NbN
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the strengthening of the c matrix is provided by slow

diffusing elements such as Mo and W. Applications

for primarily solid solution strengthened alloys

include industrial furnaces, and jet engine tailpipes,

afterburners, turbine blades, and vanes [47].

Precipitation-hardened Ni-based superalloys typi-

cally form two different types of primary strength-

ening precipitates, c0 and c00. The c0 phase is an FCC-

like L12 ordered phase of the composition Ni3X,

where X is primarily the element Al [39], however Ti

and Ta can often replace the Al in c0 when present

[40]. With increased aging, c0 transforms from

spherical to cuboidal shape [39]. Examples of c0 alloys
include CMSX-4, Mar M247, Rene N5, and IN738.

Because c0 is stable up to high temperatures close to

the melting point of the alloy, these materials are

often used in power and aerospace turbine blade

applications to improve efficiency at higher service

temperatures.

The c00 phase is a body centered tetragonal (BCT)

ordered D022 phase with a chemical composition of

Ni3Nb [39]. Typically, c00 forms as plate-like particles.

While the c00 phase is primarily composed of Nb, Fe is

required to stabilize its formation. Due to its meta-

stable behavior, c00 will transform to d with an

orthorhombic D0a structure above * 885 �C [39].

Large fractions of d can be detrimental to mechanical

properties, although its presence as dispersed small

particles at low fractions is often desirable for grain

size control [48]. The c00 to d phase transformation

limits high temperature applications of c00 forming

alloys. The most well-known example of a primarily

c00 strengthened alloy is IN718. Partly due to its

comparably lower cost and higher workability, IN718

has found use in many applications including gas

turbines, turbocharger rotors, nuclear reactors, liquid

fueled rockets, and in other corrosive and structural

applications [47].

Depending on the detailed composition, carbides

such as MC, M6C, M7C3, and M23C6 may form, which

may help to strengthen Ni-based superalloys further

through exerting grain boundary pinning if present

in suitable quantity and dispersion. Multiple mor-

phologies have been reported for carbides in Ni-

based superalloys ranging from spherical, cuboidal,

to ‘‘script’’-like. Their size will largely depend on the

solidification conditions and heat treatment. Other

secondary precipitates such as nitrides, oxides, and

borides have also been known to form dependent on

the amount of N, O, and B in the given alloy.

Topology closed-packed (TCP) phases are less

desirable and often occur due to the high number of

elements found in Ni-based superalloys. These

include R, P, l, Laves, and r. These phases often form

due to excessive amounts of Mo, Cr, W, and Re. They

often appear in needle-like morphologies and are

known to lower rupture strength and ductility. High

degrees of solute segregation can increase the prob-

ability of forming such phases [39, 48].

Review of solidification and solid-state
phase transformations and context in AM

Due to the complex solidification routes common

within PBF processes, a review of solidification is

important for understanding the various

microstructures that can potentially form during

printing. It has been noted for IN718 under AM

processing that the formation and morphology of the

Laves and d phases is often controlled by the solidi-

fication conditions and related solid-state phase

transformations [50, 51]. For example, the formation

of the Laves phase is usually the result of Nb segre-

gation to the grain boundaries during solidification

due to non-equilibrium solidification conditions [50].

For d, various morphologies can form, particularly in

E-PBF. Further, it has been shown that the location as

a function of build height and related differences in

thermal profiles may result in bottom regions of a

build having an aged microstructure while the top of

the build often remains unaged [51].

During solidification, the partitioning of elements

occurs due to differences in equilibrium composition

between the solid and the liquid phases. As outlined

by Aziz [52], if the solid–liquid interface is moving

fast enough, non-equilibrium solidification condi-

tions may occur where the solute diffusing away

from the interface can become trapped in the solid.

This is known as solute trapping [53]. Typical cooling

rates in PBF do not lead to a complete solute trapping

(i.e., planar growth); however, they lead to a non-

equilibrium solidification of elements where certain

solutes can be found partitioned into the matrix

[54, 55]. For instance, it has been shown via lattice

constant measurements using X-ray diffraction (XRD)

of IN625 processed through L-PBF, that high

amounts of strengthening elements such as Nb and

Mo are embedded into the matrix instead of segre-

gating to grain and cellular boundaries. This is due to

the occurrence of trapping of some of the solute due

14140 J Mater Sci (2022) 57:14135–14187



to high cooling rates [56, 57]. Likewise, Laves has

been shown to be influenced by the rate of solidifi-

cation. Faster solidification rates reduce Laves for-

mation due to trapping of Nb in the matrix phase

[54].

Solid–solid phase transformations within Ni-based

superalloys are predominantly diffusional processes.

The diffusion of elements and the nucleation and

growth of new phases are time- and temperature-

dependent processes [58]. d, c0, and c00 form in the

solid state and, therefore, are influenced not only by

the length scale of elemental partitioning after solid-

ification but also by the thermal history experienced

within the part [59, 60]. Therefore, process parame-

ters and scan strategy can play a large role in influ-

encing their phase fractions and morphologies. For

example, during E-PBF printing of IN718, the diffu-

sion of Nb out of the c00 and into the d phase located at

the grain boundaries has been reported [51]. The

formation of the d phase occurs due to the elevated

preheat temperatures between 900 and 1000 �C that

causes the dissolution of the c00 phase, and depletion

of c00 from Nb around the newly formed d [51].

During the L-PBF process, however, there is often a

lack of d, c0, and c00 formation due to the very high

cooling rates prohibiting these diffusional processes

from occurring as temperatures decrease too quickly

[61]. Manipulation of the thermal history through

changes in the processing parameters and scan

strategy to either reduce or increase the cooling rate

can change the formation and morphology of such

phases. The link between phase nucleation, growth,

and morphology is discussed in more details for each

of these individual phases in ‘‘c0 phase’’, ‘‘c00 and d
phase’’, and ‘‘Other secondary precipitates and TCP

phases’’ sections.

c matrix phase

For PBF processes, the microstructural evolution

during solidification most often involves the epitaxial

growth of columnar grains in the\100[direction

aligned with the build direction, however, processing

parameters and geometry can play a large role in

influencing the resulting microstructure. Studies by

Thijs et al. [62, 63] on L-PBF first showed how vari-

ations in the scan strategy can result in changes in the

direction of elongated grains away from the typi-

cal\100[direction. These changes in grain structure

were attributed to differences in the local heat

transfer conditions. Further, Carter et al. [64] showed

that a more complex island scan strategy could form

a bimodal microstructure of both fine grained regions

less aligned to the build direction, and elongated

grains with very strong alignment to the build

direction due to variations in solidification condi-

tions. Many studies have since looked at the impact

of scan strategy on thermal conditions [65–67], phases

[68], cracking [69] and grain structure [70–75].

Numerous studies have also expanded on the pro-

cessing parameters’ (i.e., laser power, speed, hatch

spacing, beam diameter, etc.) impact on the

microstructure and outlined how changing thermal

conditions can affect resulting grain size and orien-

tation [76–82]. Due to the higher degree of beam

control within E-PBF, the formation of either

equiaxed or columnar grains is possible at specific

locations [73, 83–85]. Control over equiaxed and

columnar grain formation in L-PBF is possible,

however it is greatly limited compared to E-PBF. This

is due to mechanical limitations in the movements of

the mirrors making similar high-speed movements of

the laser impossible [86]. Further considerations on

the build layout, part orientation, and the impact of

build height on the microstructure and properties

have also been extensively studied [87–94].

An example of the impact of solidification condi-

tions on Ni-based superalloys from work by Gokce-

kaya et al. [82] is shown in Fig. 3a, b and c where

preferential crystallographic orientations were tai-

lored in L-PBF of IN718 by changing the laser speed

and power. Figure 3a shows a region of crystallo-

graphic lamellar structure with \110[main layers

and \100[ sub-layers aligned with the build direc-

tion (BD) formed using a laser speed of 1 m/s and

laser power of 360 W. Figure 3b shows microstruc-

tures with a\110[fiber texture along the BD that is

single-crystal-like produced with a faster 1.4 m/s

laser speed and 360 W laser power. Materials with

polycrystalline-like microstructures, as shown in

Fig. 3c, were also manufactured and had tensile

strength superior to cast IN718. This microstructure

was produced using a lower 180 W laser power and

1.4 m/s laser speed. In brief, the differences in grain

structure can be attributed to differences in the evo-

lution of melt pool boundaries due to the different

scanning parameters (Fig. 3a, b, c). An examination

of a dendritic structure, which makes up individual

grains and associated melt pool from a different
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work is shown in Fig. 3d. It can be concluded that

during the solidification of the subsequent melt pool,

the previous dendritic structures will continue to

grow. Since dendrites grow fastest in line with the

direction of the thermal gradient (schematics given in

Fig. 3a, b), the preferred growth of dendrites will

change depending on the melt pool solidification

conditions [95].

Within L-PBF produced Ni-based superalloys, each

c grain interior exhibits a cellular dendritic structure

(Fig. 3e). Based on the literature, the noted range of

primary dendritic arm spacings (PDAS) is between

0.2 and 1.8 lm [98, 99]. Most studies report no sec-

ondary dendrite arms due to the fast solidification

rates. Overall, the dendritic structures in L-PBF have

been reported to be around two orders of magnitude

finer than in traditionally cast Ni-based superalloys

[57]. Within the dendritic and interdendritic struc-

tures a substructure exists that has been reported as

cellular networks of dislocations (Fig. 4a, b) [100].

The formation of these substructures is due to

thermal stresses resulting in yielding and distortion

of the material that is constrained by surrounding

material around the melt pool. This leads to a large

build up in residual stresses [101]. Figure 4 shows

examples of different cellular networks that can occur

within Ni-based superalloys [102, 103]. Due to the

complex solidification conditions within L-PBF, it is

difficult to point to a single contributing factor to the

differences in dislocation networks where geometry,

scan strategy, process parameter, and alloy compo-

sition may play a role.

In general, due to elemental segregation, the c
phase is primarily enriched in Cr, and Fe [104, 105].

However, due to the high solidification rates, a cer-

tain amount of solute trapping may be found. For

instance, it has been reported for IN718 that in sys-

tems using a pulsed laser instead of a continuous

laser, a higher content of Nb can be found in the c
phase due to increased cooling rates resulting in

increased solute trapping [54].

Figure 3 a, b, c The impact

of solidification conditions on

the microstructure in L-PBF

IN718 as a function of laser

power and speed with a0–c0 the

inverse pole figure of the same

areas. d Epitaxial growth of

dendrites across the melt pool

for L-PBF IN718. e Cellular

dendritic structure of c in

L-PBF GH648 showing

microsegregation. a, b, c are

reproduced from [82], d from

[96], and e was adapted from

[97] with permission.
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Generally, the overall structure of c in E-PBF is

more complex due to the intrinsic heat treatment that

often occurs as a result of the high preheat tempera-

ture. Therefore, the characteristics of c is location

dependent along the build height. The dendritic

structure is specifically outlined in Fig. 5a, b, and c

and can be divided into three distinct regions. At the

top of the build, a well-defined dendritic structure

exists (Fig. 5a) [106, 107]. Due to the slower cooling

rate compared to L-PBF, secondary arms might form

dependent on solidification conditions. The primary

dendrites are noticeably coarser compared to L-PBF

Figure 4 Conventional

bright-field transmission

electron microscopy (BF-

TEM) micrographs of L-PBF

a IN718 and b Nimonic 263

samples showing the

formation of sub-grain cellular

dislocation structures. a is

reproduced from [102] and

b from [103] with permission.

Figure 5 a, b, c Schematic

showing the spatial variation

in microstructure for E-PBF

IN718 with a showing a

dendritic structure at the top of

the build, b showing a more

diffuse dendritic structure

2 mm from top of build, and

c representative of the bulk

microstructure starting from

5 mm from top of build [107].

d, e Scanning transmission

electron microscopy–High-

angle angular dark field

(STEM-HAADF) image of the

dislocation structure for

E-PBF CMSX-4 showing

d complex sub-grain

dislocation boundaries and

ingrown dislocation nests, and

e higher magnification of an

interdendritic region with an

ingrown dislocation nest. a, b,

and c adapted from [107] and

d and e from [108] with

permission.
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with studies reporting PDAS between 2.1 and 30 lm
[108, 109]. Further down the build height, the den-

drites start to homogenize due to the diffusion of

elements occurring from the elevated build temper-

atures as illustrated in Fig. 5b. At a certain height

which is process dependent, a steady state is reached,

and a dendritic structure may no longer be present as

shown in Fig. 5c. Compared to L-PBF, E-PBF does not

always form an organized cellular sub-grain struc-

ture within the bulk of the sample. Instead, disloca-

tions are reported to build up at regions that hinder

dislocation slip activity (i.e., around precipitates and

grain boundaries) for example in interdendritic

regions as shown in Fig. 5d. Figure 5e shows the

occurrence of a dislocation nest at the interdendritic

region toward the top of the image, as an example of

some of the complex dislocation structures that may

form in E-PBF. Overall, the dislocation density in

E-PBF has been reported to be lower compared to

L-PBF. This is largely due to the preheating step

which lowers thermal gradients and therefore the

resulting residual stress [110].

c0 phase

The Ni–Al system can be considered as the basis for

the binary system for most Ni-based superalloy

compositions. While the matrix phase for this system

is a Ni-rich c phase, an increase in the fraction of Al

results in precipitation of c0. These precipitates

impede dislocation slip at high temperatures mainly

through the formation of anti-phase boundaries [111].

c0 therefore imparts advanced high temperature creep

and strength properties in Ni-based superalloys. A

high-volume fraction of c0 can, however, make alloys

non-weldable due to challenges such as solidification

cracking, strain-age cracking, and hot tearing. c0 may

accumulate at the grain boundaries, and in turn

develop high gradients of residual stress therein. This

will make the part highly susceptible to cracking.

Due to this, AM of Ni-based superalloys with a high

volume of c0 remains challenging [28].

From conventional processing, it is known that the

chemistry, length, and distribution of c0 particles are

dependent on the temperature at which they form

and grow [112]. Therefore, the rate at which the alloy

is cooled below the solvus temperature plays a sub-

stantial role in the characteristics of c0. Generally, an

accelerated cooling rate ([* 40 K/min) results in a

unimodal distribution of c0 with a length or diameter

of around 300 to 500 nm. Cooling at a slower rate has

been reported to result in a multimodal size distri-

bution of large ([ 50 nm) and small (\ 50 nm) c0

particles [113]. Different alloying elements show a

different behavior with regards to partitioning into c
versus c0. Usually, Mo, Re, Cr, and Co partition into

the c matrix, while Ti, Al, and Ta partition into c0.
Some particular elements like Ru and W are soluble

in both c and c0 [114]. The partitioning behavior of

elements within c and c0 plays a significant role in the

properties of the material. As c0 is coherent with c, the
main factor affecting the lattice parameter difference

(i.e., misfit) between these phases is related to their

chemistry variation. This misfit defines the mor-

phology of c0 as well as the elastic and plastic stresses

at the c-c0 interphase boundaries, which in turn

influence the mechanical properties of the material

[115].

Alloys with high content of c0 such as CMSX-4,

Rene N5, and MarM247 are rarely processed by L-

PBF. This is due to the potential challenges well-

known in the field of AM based on the prior

knowledge on crack and defects formation during

welding of these alloys [15]. L-PBF of high c0 Ni-

based superalloys is challenging due to their chem-

istry. Presence of significant amounts of Al and Ti

adversely affects the processability and stimulates

liquation and hot crack formation. In the following,

the limited studies existing on L-PBF of these alloys

are summarized.

In a CM247LC processed by L-PBF, Divya et al.

[116] demonstrated that very fine c0 particles form

during printing. They observed two types of c0 pre-
cipitates, intracellular ones of * 5 nm and intercel-

lular ones of * 50 nm. Otto et al. [117] have shown

that c0 of * 20–30 nm can be observed in L-PBF

processed Haynes 282. These authors have, however,

pointed out that heating the build plate at 300 �C
during L-PBF was a critical factor for mitigating

cracks. The lack of significant precipitation of c0 and
carbides observed at the grain boundaries limits the

amount of buildup of residual stresses therein mini-

mizing cracking.

The prior results on CM247LC are of primary

interest as with increased build heating a decrease in

thermal gradients is expected, resulting in a lower

likelihood for the suppression of c0 due to high

cooling rates. Therefore, results where precipitation

mechanisms of c0 change based on changes to thermal
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gradients need more study. Further, the fact that the

high cooling rate associated with L-PBF usually

bypasses c0 formation means further heat treatments

are required for c0 to be precipitated. Studies on L-

PBF of Haynes 282, for example, report no c0 pre-

cipitation during the build process [41]. This has been

attributed to two factors; the exceptionally high

cooling rate associated with L-PBF and the sluggish c0

formation kinetics in this alloy. Rene 41 processed by

L-PBF also showed no signs of c0 formation during

the printing process [42]. In a similar fashion, no c0

was detected in the microstructure of IN738 alloy

processed by L-PBF [43]. Finally, after L-PBF pro-

cessing of a Ni-8Cr-5.5Al-1Ti model alloy, STEM

HAADF confirms that high cooling rates associated

with L-PBF generally suppresses c0 formation [44].

The in situ precipitation of c0 during E-PBF printing

has been more widely observed in several Ni-based

superalloys. For example, CM247LC superalloys

processed by E-PBF show a gradient in the

microstructure, including in the characteristics of c0

[118]. As E-PBF of alloys with substantial c0 volumes

are carried out at high preheat temperatures (usually

close to the solvus temperature), the area adjacent to

the substrate base-plate experiences prolonged aging

at elevated temperatures following initial solidifica-

tion. Areas at the top of the built are exposed to much

shorter aging prior to the final cooling. This is the

main reason behind the gradient in the decomposi-

tion of c? c ? c0, and in turn variation of the c0 size
across the build height [119].

Haynes 282 has been successfully processed via E-

PBF. This alloy is a relatively new c0-strengthened Ni-

based superalloy with outstanding high-temperature

and weldability properties which has great potential

to be used in industrial and turbine engines. This

alloy has been designed in such a way that it forms

only up to 19 vol.% c0 to obtain a good balance of

strength and processability [120]. After E-PBF pro-

cessing of Haynes 282, producing samples of

15 9 15 9 120 mm3 rods and 15 9 100 9 120 mm3

plates, a relatively uniform distribution of c0 was

observed throughout the microstructure and no

depletion at the grain boundaries was seen [120]. A

detailed analysis of the size and morphology of c0

along the build direction shows that there was a

minor change in the morphology of c0 across the

height (Fig. 6). Close to the top of the build, c0 dis-
plays more sphericity and has a size (for which size

here refers to the length along a given side) of

* 107 nm. At the bottom of the build, the morphol-

ogy changes to a more cuboidal morphology with an

increase in the size to * 119 nm. The larger size and

more cuboidal morphology at the bottom of the build

is the result of the material in this region being

exposed to high temperatures for a longer time. It is

common for c0 to coarsen and change its morphology

from spherical to cuboidal during extended thermal

exposure [121]. The size of the c0 measured by back-

scatter scanning electron microscopy (SEM) is in line

with calculations from JMatPro, shown by the red

dashed line in Fig. 6, that was carried out using the

approximate thermal history of the material during

E-PBF reported in [120] as input.

Another c0 forming Ni-based superalloy success-

fully processed by E-PBF is Rene-N5 [106]. This study

reports on a less common triangular prism geometry

with length and width of 30 mm which is compared

to square geometries to unveil the impact of geome-

try on the microstructure. Solidification of Rene-N5

starts with the formation of c dendrites, which later

decompose to c and c0 through a solid–solid phase

transformation during cooling. Hence, c0 particles are
not expected to be distributed evenly across the

build. Assuming a Gulliver–Scheil solidification for

E-PBF, with no back-diffusion within the solid phase,

there will be strong microsegregation during solidi-

fication, with both Al and Ti (which have partition

coefficients of\ 1) segregating into the interdendritic

regions. This results in the formation of c0 in the

interdendritic regions rather than the dendrite cores

during the build process. The interdendritic c0 coar-
sens going from top to bottom of the build which is

related to the increase in time the material was held

Figure 6 Size distribution of c throughout an E-PBF processed

Haynes 282 build overlaid on the JMatPro simulations of average

c0 size of * 125 nm. Reproduced from [120] with permission.
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at the preheat temperature (Fig. 7a, b, and c). Once

printing is completed and the build cools, the

remaining c0 will precipitate from the dendritic cores.

This results in two distinct populations of c0

throughout the build (Fig. 7) with the interdendritic

c0 size reported to range from around 0.5–2 lm from

top to bottom of the build, and the c0 in the dendritic

cores averaging 230 nm exhibiting a consistent

cuboidal morphology.

In another study on CMSX-4 processed by E-PBF

[122], a regular c-c0 morphology is observed and c0

particles are cuboidal (Fig. 8). Again, a c0 size gradi-

ent is reported with precipitates having a * 100 nm

size at 0.5 mm below the top of the build, and

* 380 nm at 15 mm from the top. The volume frac-

tion of c0 is relatively consistent across the build.

Similarly, in this study, the same coarsened inter-

dendritic and smaller dendritic c0 structures can be

seen as in the Rene N5 study. Likewise, this

microstructure can be associated with the initial for-

mation of c0 in the interdendritic regions followed by

coarsening during printing. During cooling, the c0

will nucleate and grow in the dendritic core.

In an unspecified non-weldable Ni-based superal-

loy (Ti ? Al = 8.6 wt%) with substantial amounts of

Cr, Co and Mo, a significant variation in the size of c0

across the build height after E-PBF processing has

been reported [123]. In general, one can see a

decrease in the size of c0 from the bottom to the top of

the build (Fig. 9). For instance, c0 at the top is

* 100 nm in size while it is around 600 nm at just

5 mm above the substrate. Similarly, a CMSX-4 alloy

processed by E-PBF showed heterogeneity with

regards to c0 particles at different locations [124]. The
size of c0 precipitates in the dendrite core is * 250

nm while the size of c0 precipitates in the interden-

dritic region is almost twice as large. The partitioning

of alloying elements between the c0 and the matrix is

similar to the behavior observed in cast material

[124]. Rene 142 has also been successfully processed

via E-PBF with a high volume fraction of c0 in the as-

built state [125]. In Rene 142, a similar bimodal dis-

tribution of c0 was noted with the average size of c0

being about 275 nm and a total volume content of

* 60%.

Figure 7 SEM images of the E-PBF processed Rene-N5, showing

the microstructure evolution across the build. a, b, c refer to last

solidified layer, middle of the build and region just above the

substrate, respectively. d Dendritic regions of Rene-N5 processed

by E-PBF showing segregation of Al, W, and Ta to the cuboidal c0

particles. Adapted from [106] with permission.
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Based on further work from Frederick [126] using a

custom Ni–Cr–Al alloy, it is possible to limit the

height-dependent c0 size variation due to coarsening

from the in situ heat treatment. The consistent c0

distribution in this study resulted from processing of

the alloy with a preheat above the c0 solvus. It is only
during cooling after the build is complete that c0

nucleates and grows through a solid-state transfor-

mation while the build temperature decreases and

enters the c0 precipitation window. It is to be noted

that one downside with processing above the c0 sol-
vus is sintering of the powder surrounding the part,

leading to difficulties in extracting the part from the

process [126].

In a study by some of the current authors [127],

traditionally non-weldable IN738 was processed

successfully under E-PBF without cracks and showed

extensive formation of c0 in the as-built condition.

Successful processing was accomplished due to con-

trolled heat input and reduced deposition cooling

rate (temperature gradient) as well as a high preheat

temperature of * 1000 �C. These factors significantly
reduce the thermal stresses during printing and

provide enough time and activation energy for c0

particles to precipitate from the supersaturated

matrix. In the middle region of the build, where this

study focused on, c0 particles have a bimodal size

distribution with primary c0 of 400–600 nm and sec-

ondary c0 of 5–50 nm (Fig. 10). The authors related

this bimodality to the transformation path of c0 par-
ticles, including primary eutectic c0 precipitation in

the interdendritic regions during solidification, dis-

solution of a fraction of these precipitates due to the

high preheat temperature (1000 �C), and precipita-

tion of smaller c0 particles at lower temperatures

upon final cooling to room temperature. A slight

Figure 8 SEM images of the

CMSX-4 alloy processed by

E-PBF showing the evolution

of c0 size with build height.

The graph below summarizes

the evolution of size and

morphology of c0 throughout
the build height. Reproduced

from [122] with permission.

Figure 9 SEM images showing the size of c0 along the build

height in a non-weldable Ni-based superalloy (Ti ? Al = 8.6

wt%) processed by E-PBF (inset numbers show the distance from

the substrate). Adapted from [123] with permission.
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difference in the chemical composition of primary

and secondary c0 particles was observed which was

attributed to the fact that they had been formed at

different temperatures and within matrices that had

different chemical compositions during different

stages of solidification and cooling.

Similar to other studies, coarser c0 particles in this

study exhibit a cuboidal morphology while the finer

ones are predominantly spherical. As mentioned

above, the c0 morphology is a function of misfit

between c0 and matrix c as well as the diffusion field

and chemistry of the surrounding matrix. As repor-

ted by Hagel and Beattie [128], c0 takes a spherical,

cubic, and plate-like morphology when the lattice

mismatch of c-c0 is 0–0.2%, 0.5–1.0% and above 1.25%,

respectively. In more detail, the strain energy

induced growth along the {100} planes change the

morphology from spherical to cubic once it exceeds a

certain amount. Lattice misfit may also create aniso-

tropic strain energy resulting in the formation of

protrusions [121]. This explains the spherical mor-

phology of fine c0 particles and the gradual change to

a cubic morphology for the grown c0 particles in the

studied microstructure.

Further in-depth analysis of the same E-PBF pro-

cessed IN738 by some of the current authors [119]

through the use of atom probe microscopy (APM)

reveals extensive precipitation of c0 throughout the

entire build (Fig. 11). At the top of the build, only

cuboidal primary c0 particles are detected. In the

middle and bottom of the build, however, there are

two different populations of c0 particles: primary

cuboidal ones, as seen at the top, and secondary c0

particles of spherical shape with sizes of\ 50 nm

(Fig. 11). There is a * 35% reduction in the size of

primary c0 from bottom to the top of the build. Only

slight differences in chemistry are observed between

the primary and secondary c0 particles throughout

the build. APM also shows that the combined content

of Al ? Ti is only 19 at.% which deviates from the

ideal Ni3(Al,Ti) stoichiometry. This implies that Al

sublattices can be substituted by other solutes such as

Cr and Ta [129, 130].

Finally, in a single crystal (SX) Ni-based superalloy

with the composition of Ni–5.5Al–7.4Ta–4.4 W–

7.1Co–7.5Cr–1.2Ti–2.0Mo (wt%) processed by E-PBF,

different populations of c0 precipitates were

observed. Nanoscale c0 (* 20 nm) was observed in

the as-built state in particular in the bottom few

layers [131]. Larger (primary) c0 precipitates of

* 100 nm with a spherical morphology were also

identified throughout the c matrix. Based on the

selected area electron diffraction (SAED) patterns, the

authors suggested that c0 precipitates may form via a

spinodal decomposition mechanism. An interesting

observation in this work is the smaller size of c0

Figure 10 SEM images of

middle region of E-PBF

processed IN738 at a low and

b high magnifications

revealing bimodal size

distribution of c0 particles.
Reproduced from [127] with

permission.

Figure 11 Atom maps of different regions of E-PBF processed

INC 738 with 10% (Al ? Ti) iso-concentration surfaces.

Reproduced from [119] with permission.
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precipitates at the bottom of the build within a

columnar to equiaxed transition region. This is in

contrast to other studies where coarser c0 particles

were observed at the bottom of the build. This is

likely due to changes in the solidification conditions

as is evident by the change in grain structure.

Although rarely, c0 precipitation has been reported

in the as-built microstructure of IN718 in some

studies. Yang et al. [132] have shown that by con-

trolling the in situ aging behavior of IN718 alloy

through manipulating the types and durations of the

thermal cycles during L-PBF, sequential precipitation

of c0 and the composite morphology of primary-sec-

ondary c0 covered by a c00 shell can be achieved. Zhao

et al. [133] also reported the formation of c0 in IN718

during L-PBF based on XRD of the as-built samples.

This result may, however, be questioned considering

the overlap of XRD peaks for c, c0, and c00 [134].

Further, based on other works, even if c0 and c00 were

formed, they may have been below the detection

limits of XRD and other techniques used.

From the literature covered above, the question on

the impact of changing processing parameters on c0

size and morphology has only been explored in detail

by one study based on the currently available litera-

ture. Peng et al. [135] showed that there was no dif-

ference in c0 size for both the dendritic core and

interdendritic regions when changing the energy

input. It should be noted, however, that the change in

energy input between the two samples was small,

leading to the hypothesis that a larger difference in

processing parameters might lead to appreciable

changes. Most other studies explore only one single

processing parameter set with only a subsection of

processing parameters reported, making it difficult to

interpret how changing processing conditions may

impact c0 during the PBF process. Further difficulties

are added when considering the impact of changing

composition on the c0 kinetics. Therefore, we look at

more fundamental aspects of c0 precipitation here

instead to make an assessment on the impact of

processing parameters on the c0 evolution.
Many high c0 alloys printed using PBF show a

bimodal c0 distribution [106, 116, 127, 131, 135]. Based

on solidification theory, as the melt pool solidifies,

elements partition either to the dendritic core or

interdendritic regions [53]. As the partition coeffi-

cients of the elements commonly associated with c0

formation (e.g., Al, Ti, and Ta) have a value lower

than unity, these elements prefer to partition to the

interdendritic regions [106, 136]. The length scale of

this partitioning and the amount of solutes that par-

tition is directly related to the cooling rate. As the

cooling rate increases, the length scale between the

dendritic core and interdendritic region decreases. At

high enough cooling rates solute trapping may occur

resulting in a decrease in solute partitioning [95].

After solidification, once the temperature falls below

the c0 solvus, c0 begins to nucleate. The driving force

for nucleation is the degrees of undercooling and

supersaturation. Therefore, c0 will nucleate first in the

supersaturated interdendritic region due to solute

partitioning. Further increasing of the cooling rates

result in greater undercooling, therefore, higher

cooling rates lead to a greater number of c0 particles
nucleating while reducing their growth time. The

larger number of particles is also correlated with a

decrease in c0 size. Depending on thermal conditions,

the c0 contained in the dendritic core region will see a

delayed nucleation due to reduced driving force that

comes from the elemental partitioning as discussed

previously. The c0 in the dendritic core region will,

therefore, precipitate and grow at slower rates

resulting in a bimodal size distribution between the

dendritic core and interdendritic regions [137]. Out-

side of AM context, directional solidification experi-

ments show these correlations; e.g., increasing

cooling rates result in a decrease in PDAS and a

decrease in c0 size [136–138].

With respect to E-PBF, the phase formation can be

complex due to the preheating process, large varia-

tions in process parameters and possible changes in

geometry. As mentioned previously, currently no

straightforward conclusion can be drawn from the

existing literature on the exact impact of process

parameters on c0 other than size and morphology are

expected to be impacted. For instance, the reported

variation in PDAS for c0 alloys is between 2.1 lm and

15 lm [108, 139]. While changes in the PDAS have

been correlated to processing conditions in E-PBF

[140], it has not been experimentally verified how

much a change in PDAS might impact c0 size, mor-

phology, and distribution due to changes in the

spacing between dendritic core and interdendritic

regions along with changes in elemental partitioning.

Further, it is difficult to make assessments from other

processes. For instance, under directional solidifica-

tion at higher solidification rates, the difference in c0

size and PDAS diminishes for different cooling rates

[137], however, these experiments do not take into
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consideration the thermal fluctuations that are com-

mon in the PBF process.

Finally, the impact of the preheat temperature on c0

needs to be considered. Based on the previous cov-

ered literature, the impact of the preheat temperature

is better understood. At temperatures above c0 solvus,
c0 will not nucleate until after the build process is

completed and the build begins to cool. Depending

on the alloy composition, the same bimodal c0 will

form due to differences in the kinetics in the dendritic

core and interdendritic regions. As c0 precipitates

form during cooling, their size is homogeneous

across the build height. The downside of processing

at such high temperatures is heavily sintered powder

surrounding the part [126]. At temperatures below

the c0 solvus, c0 is likely to form at the interdendritic

regions due to the high amount of solute. The den-

dritic core is not likely to nucleate due to the sluggish

c0 kinetics in a region depleted in Al, Ti, and Ta. Due

to the high preheat temperature, some dissolution of

primary particles is expected. The formation of

smaller particles in the dendritic core then occurs

during the cooling period where the temperature

drops low enough such that small spherical c0 can
form [127]. Reports often show cuboidal c0 in the

interdendritic region that varies based on build

height due to in situ aging and spherical c0 in the

dendritic core region that can be consistent in size

across the build [106]. It should be noted, however,

that the above morphology description applies most

often to high c0 alloys. For alloys with lower c0 frac-
tions such as Haynes 282, spherical morphologies

have been cited to form across the build instead [120].

For L-PBF processes, cooling often occurs fast

enough and c0 kinetics is sluggish enough that c0

nucleation is avoided, however, a few factors may

allow it to form. First, depending on the alloy com-

position, c0 kinetics may be fast enough to permit its

formation despite the high cooling rate. Second, if

processing parameters result in slower cooling rates

and/or greater number of thermal fluctuations, then

c0 formation may be possible. Lastly, a sufficiently

high build plate temperature has been shown to

permit c0 formation during L-PBF due to the decrease

in cooling rate [117]. Discussion on process parame-

ters and their impact on the c0 size and morphology

in L-PBF have been less frequently reported due to

the difficulty in obtaining this phase in the first place.

This section is concluded up by a summary of c0 sizes

reported for Ni-based superalloys processed by PBF

in Table 2.

c00 and d phase

Ni-based superalloys containing Nb and Fe can form

the meta-stable c00 phase [112]. This phase becomes a

main contributor to strength via formation of coher-

ency strained areas at the interphase region with the c
matrix due to its lattice misfit [141]. Most c00 con-

taining alloys also have additions of the c0 forming

elements, Al and Ti. In conventionally manufactured

Ni-based superalloys, co-precipitate (stacked c0-c00

duplets, triplets and more complex morphologies)

formations have been widely reported by various

groups including by some of the current authors,

where their morphology and configuration are linked

to the (Al ? Ti) to Nb ratio [142] and thermo-me-

chanical processing routes [143, 144]. In PBF materi-

als, similar phenomena correlated to the

aforementioned mechanisms of c00 strengthening and

coarsening [145], and c0-c00 co-precipitation have also

been reported in heat-treated materials [37, 102, 146].

IN718, as the most popular c00 strengthened alloy

processed by AM, has good weldability properties

due to the sluggish formation of precipitates, and low

susceptibility to cracking. In recent years, it has been

subjected to several studies aimed at understanding

its mechanical properties as a function of

microstructural features introduced by varying

parameters during PBF processing [55, 147–149]. In

conventionally manufactured IN718, the high

strength is a result of a combination of strengthening

factors including grain size, solid solution, residual

stress, and precipitation [150, 151]. Zhang et al. [145]

recently demonstrated the influence of these

strengthening effects in L-PBF IN718, where precipi-

tation is reported to be the largest contributor to

strength. Additionally, the presence of TCP phases,

and the dendritic solidification structure are impor-

tant aspects to consider in the evaluation of AM parts

mechanical properties [149, 152].

In conventionally manufactured materials, the

formation of precipitates prior to ageing in c00 forming

alloys occurs during slow cooling from forging or

solution annealing. Continuous cooling transforma-

tion (CCT) diagrams describe that for IN718, cooling

rates below 20 �C/min from temperatures between

1100 and 1000 �C passing through the precipitation
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temperature range from 700 to 900 �C [153] will

enable c00 formation [154, 155]. Similar diagrams have

been proposed for AM IN718 [25, 146, 156, 157],

which show that higher cooling rates inhibit precip-

itation of c00. However, during PBF processing, pre-

heating the build has been shown to play an

important role in the formation of c00 in IN718 [146].

For IN718 manufactured via E-PBF, the preheat

temperature is generally set between 975 and 1025 �C
[146, 158]. Due to these high preheat temperatures

above the c00 dissolution temperature of * 900 �C, c00

may not form until after the printing process and

cooling of the build. The time spent at the preheat

temperature and the cooling rate after the process

play major roles in the resulting c00 size and mor-

phology. For instance, Kirka et al. [51], who used a

preheat of 975 �C, showed that c00 size and mor-

phology was build-height dependent. Their

microstructure was reported as follows: within the

top 100 lm of the part, c00 forms in the matrix with a

size of * 80 nm. The c00 within this top layer was

assumed to have formed shortly after the build

completed during cooling. The c00 size decreases

down the build until about 5 mm where a steady

state is reached at 35 nm. Further, regions sur-

rounding d at the grain boundaries and within the

matrix were depleted of c00 due to its decomposition

into d. At higher preheat temperatures of 1025 �C, a
study by Deng et al. [158] showed that the formation

of c00 can be suppressed until after the build process,

resulting in a homogeneous distribution of c00 across
the build height that formed during cooling.

Overall, the knowledge pertaining to the impact of

processing parameters except for the preheat tem-

perature on the formation of c00, much like c0, is lim-

ited due to the small number of studies reporting on

the microstructure evolution as a function of different

processing parameters. While the impact of preheat

temperature has been well explained, no direct cor-

relation can be made for other processing conditions.

Like for c0, the partitioning of elements impacts the

formation of c00, with Nb primarily segregating to the

interdendritic regions and grain boundaries [25].

Similarly, as discussed in ‘‘c0 phase’’ section, the

potential impact of cooling rate in PBF on the parti-

tioning of elements and the potential impact on the

formation of c00 remains unexplored. Looking at

E-PBF studies more broadly, sizes of c00 precipitates
vary from 2 nm to hundreds of nanometers

depending on the build height and processing con-

ditions [37, 94, 107, 158].

The presence of Laves phase, which consumes Nb

from the c matrix, also impacts the size and volume

fraction of c00 [50]. Coarse precipitates have been

identified at low angle boundaries [159], in agree-

ment with theories of accelerated c00 formation due to

pipe diffusion of Nb along dislocation structures

[144]. Sun et al. [94] demonstrated that hardness

increases from top to bottom due to the precipitation

of c0 and c00 closer to the build plate. However, these

phases are also found at the top of the as-built part as

shown in Fig. 12. The same authors attributed the

variation in hardness to larger amounts of precipi-

tates at the bottom regions which are exposed to

Table 2 c0 size (diameters) overview based on the reviewed literature in ‘‘c0 phase’’ section

References Ni alloy AM process c0 size

[116] CM247 L-PBF Dendritic core: 5 nm

Interdendritic: 50 nm

[117] Haynes 282 L-PBF 20–30 nm

[120] Haynes 282 E-PBF 118 � 23 nm

[106] Rene N5 E-PBF Dendritic core: 230 � 48 nm

Interdendritic: 500–2000 nm

[122] CMSX-4 E-PBF 100 � 50–380 � 50 nm

[123] Unspecified (Ti ? Al = 8.6 wt%) E-PBF 100 � 20–600 � 100 nm

[125] Rene 142 E-PBF * 275 nm

[127] IN738 E-PBF Dendritic core: 5–50 nm

Interdendritic: 400–600 nm

[131] Ni–5.5Al–7.4Ta–4.4 W–7.1Co–7.5Cr–1.2Ti–2.0Mo (wt%) E-PBF Dendritic core: * 20 nm

Interdendritic: * 100 nm
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higher temperatures for a longer time due to reheat-

ing cycles imposed by subsequent deposited layers

and extended times at elevated preheat temperatures.

In agreement with these findings, Sames et al. [146],

based on CCT curves, proposed that the complex

evolution of precipitates at different build heights

affects the mechanical strength. Co-precipitate for-

mation, found in conventionally manufactured

materials as shown by some of the current authors

[143, 144] have also been identified in E-PBF IN718

via APM as shown in Fig. 13 [37]. Investigation with

XRD [160], differential thermal analysis, and field ion

microscopy [159] have also allowed researchers to

confirm the presence of c0 and c00 in E-PBF IN718.

In L-PBF, lower build plate temperatures and faster

thermal cycling limit the formation of precipitates

[61]. However, several studies have reported the

precipitation of c0 and c00 in the as-built condition.

Amato et al. [161], for instance, found ellipsoidal c00

precipitates measuring 100 nm in the major axis,

arranged in a columnar fashion and aligned with

textured grains. In situ precipitation has been

demonstrated by Yang et al. [132] via adjustments of

the thermal cycles placing the laser peak temperature

between the precipitation temperature and the melt-

ing temperature. Some investigations only provide

evidence of c00 precipitation via XRD [133, 162, 163],

however, in this technique overlapping diffraction

peaks between the c matrix and the precipitate pha-

ses of interest might jeopardize an accurate determi-

nation of precipitate presence or lack thereof, as

mentioned above. In these circumstances, syn-

chrotron XRD provides higher resolution and better

separation of the peaks, facilitating the evaluation of

the phases in the material [164]. It also seems that

variations in the L-PBF printing parameters allow a

wide range of morphologies of precipitates to be

formed. Gallmeyer et al. [102], using high resolution

transmission electron microscopy (HRTEM), were

not able to confirm the identity of nanoprecipitates

Figure 12 a dark-field (DF) TEM image showing c0 0 precipitates
on the top portion of as-built E-PBF IN718 and b selected-area

diffraction patterns where the green dashed circle represents the

(1/2 1 0) diffraction spot used to image the c0 0 precipitates in (a).

Reproduced from [94] with permission.

Figure 13 APM of co-precipitates of c0 and c00 in E-PBF IN718

with a c0/c00/c0 and b c0/c0 0/c0/c0 0/c0 with respective atomic

concentration profiles of Ni, Al, Nb, Mo, Fe, and Cr along the

cylinder across the precipitates. Isosurface concentrations of 3 at.%

of Al and 3 at.% of Nb were determined to delineate c0 and c0 0,
respectively. Reproduced from [37] with permission.
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due to their small size. Additionally, inhomogeneous

precipitation seems to occur within the build part,

with re-melted regions becoming preferential pre-

cipitation sites as they are subjected to slower cooling

during repeated melting cycles [165, 166]. The shape

of the component influences precipitation, as shown

in the study of Yang et al. [167] where thin walls

manufactured under keyhole mode enabled the for-

mation of c0 and c00 precipitates within the fine den-

drites in the faster cooling central regions. However,

coarser Laves phase particles at the marginal zones

hindered the formation of precipitates.

IN625 is typically categorized as a solid solution

strengthened alloy, however, the presence of Nb in its

chemical composition enables the formation of c00

precipitates that further improve its strength and is

therefore discussed here. Used in the aerospace

industry due to its high strength and fatigue resis-

tance, in addition to oxidation resistance and good

weldability [168], IN625 has been gaining attention as

a suitable alloy for PBF AM [56, 57, 169–172]. The

study by Amato et al. [173] provides a comprehensive

analysis of precipitation phenomena in both E-PBF

and L-PBF IN625. Columnar structures containing c00

precipitates parallel to the build direction are found

in both E-PBF and L-PBF, however, in the latter, finer

precipitates are observed due to faster cooling that

inhibits coarsening. Larger phases are identified in

L-PBF at the melt pool boundaries; however, it is not

clear if these are c00 or d phase, since only limited

phase identification has been conducted. In agree-

ment with these finding, Murr et al. [174] found c00

precipitates coinciding with the {111} planes of the c
matrix after E-PBF processing.

As a meta-stable phase, the c00 phase is susceptible

to transformation into d. The d phase will often form

from meta-stable c00 when IN718 spends extended

periods of time at elevated temperatures between

* 650 and * 1000 �C [104, 175]. When d forms, it

often has a needle or platelet like morphology

[51, 94, 102, 158, 176–178]. Under L-PBF, d has been

reported to form in some studies [102, 179] while

others have not reported the presence of d [180]. The

lack of d formation in those studies is largely attrib-

uted to the high cooling rate and abundance of Laves,

decreasing Nb content within the matrix [180]. Due to

the generally small size of phases precipitated in

L-PBF, identification of d may be difficult. Looking at

a study that has reported d formation [96], there are

some questions on whether it could be indeed

misidentified Laves or (Nb,Mo)-carbides due to their

typical spherical to blocky morphology. Further, it is

hard to confirm this purely by energy dispersive

spectroscopy (EDS) analysis, as the excitation volume

of the electrons result in the sampling of the sur-

rounding matrix too [181]. Other authors such as

Sarley et al. [182] and Gribbin et al. [183] have,

however, provided evidence for d phase formation in

as-built L-PBF IN718 via synchrotron and XRD,

respectively, with the latter identifying a 3.81% vol-

ume fraction of d phase. A study by Ferreri et al. [181]

also confirms the presence of d through neutron

diffraction. Interestingly, in this work, the d phase is

also visible in SEM images, whereas in most studies

the d is too small to be resolved. The larger size may

be attributed to the high laser power of 285 W and

lower laser speed of 960 mm/s. However, as many

studies are not reporting a complete list of processing

parameters such as hatch spacing, it is not possible to

give an exact explanation on the differences of d
formation within L-PBF IN718.

Within E-PBF, the formation and morphology of d
shows a strong dependence on the preheat tempera-

ture and location along the build direction due to the

in situ heat treatment that occurs. Kirka et al. [51]

specifically outlined three zones in their samples

shown in Fig. 14a where the evolution of d containing
microstructures in E-PBF printed with a preheat

temperature of 975 �C can be observed. The 975 �C
preheat temperature is noted to be within the tem-

perature range in which d nucleates. In these regions,

d was noted to form in regions 2 and 3 as shown in

Fig. 14b, c. d did not form in region 1. The reason for

the lack of formation of d in region 1 can be largely

attributed to insufficient time at the preheat temper-

atures to cause d nucleation. This region encompasses

the top 600–750 lm of the build. Starting at region 2,

which occurs after region one and spans* 3.5 mm, d
phase was noted to form at the grain boundaries in a

zipper-like morphology in large parts due to the

diffusion and partitioning of Nb toward the inter-

dendritic regions, and the likely dissolution of Laves

phase that occurs due to the intrinsic heat treatment.

Region 3 represents the steady-state bulk

microstructure of E-PBF IN718. Here, the d phase is

present across the columnar grains in both zipper-

like and globular morphologies. Further, it was noted

that regions of intergranular d formation were strip-

ped of c00, shown through TEM-EDS, and that overall,
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the c00 phase within region 3 had decreased in size

pointing toward the transformation of c00 to d.
In general, many studies have shown the zipper-

like morphology of d under E-PBF as well as the

formation of interior platelet d [90, 146, 178]. How-

ever, this morphology of d is dependent on a preheat

temperature that allows for the nucleation and

growth of d during the printing process. A study by

Deng et al. [158] showed that it is possible to limit the

formation of d through the processing of IN718 at

preheat temperatures above 1000 �C. Above the

given preheat temperature, d is unable to form and

the cooling process after build completes occurs fast

enough to suppress its formation outside intergran-

ular regions. It was only after a solution heat treat-

ment at 980 �C that d nucleated in the zipper like

morphology which is characteristically reported in

many published E-PBF studies on IN718 that were

printed at lower preheat temperatures. Further, Lee

et al. [37] studied processing of IN718 in E-PBF at

1025 �C showing similar results on limited d forma-

tion while also linking the cooling rate from the

processing conditions to the amount of d formation.

Other secondary precipitates and TCP
phases

The formation and morphology of TCP and other

secondary precipitates vary between L-PBF and E-

PBF processes due to the differences in cooling rate

and the intrinsic heat treatment that occurs in E-PBF.

For Ni-based superalloys, the TCP phases usually

include r, l, R, P, and Laves, and their occurrence is

largely dependent on the alloy, solidification condi-

tions, and preheat conditions if applicable. Table 3

lists TCP phases, carbides, nitrides, oxides, and bor-

ides typically found in various L-PBF and E-PBF

printed Ni-based superalloys.

Overall, carbides regardless of the PBF process

were noted to be mostly MC-type with a few excep-

tions [117, 184, 185]. MC-carbides are generally more

stable than M6C and M23C6 [40, 186]. These carbides

are stable to high temperatures up to * 1350 �C and

form within the mushy zone [25, 187–189]. Therefore,

their morphology is heavily influenced by solidifica-

tion conditions such as the solidification velocity and

thermal gradients [188, 190]. Within PBF processed

Ni-based superalloys, carbide morphologies have

been found to range from spherical to ‘‘script’’-like.

Spherical carbides tend to form at faster cooling rates.

As the cooling rate decreases the size of the spherical

carbides increase. At slower cooling rates, the car-

bides begin to form ‘‘script’’-like morphologies.

Therefore, processing parameters that result in fast

Figure 14 a Schematic diagram showing the three distinct

microstructure regions for E-PBF IN718 where region 1

encompasses the top 600–750 lm, region 2 spans the

proceeding 3.5 mm below region 1, and region 3 represents the

bulk of the sample. b, c back scatter (BS) SEM images showing b

zipper-like d formation commonly present along grain boundaries

in region 2 and c bulk needle-like d morphology common in region

3. Adapted from [51] with permission.
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solidification conditions are more likely to lead to

smaller spherical carbides, while processing param-

eters that result in slower solidification conditions are

more likely to lead to either larger spherical or

‘‘script’’-like carbides. The types of carbides, based on

the selection of alloys presented in Table 3, are

strongly dependent on the alloy composition. Car-

bides are most often found at grain boundaries and

interdendritic regions. Elements conducive to carbide

formation, such as Mo, Nb, and Ti, partition to these

locations due to solidification conditions triggering

carbides formation [116, 191].

The formation of carbides in Ni-based superalloys

provides superior creep properties due to their

potential pinning effect minimizing grain growth and

cellular boundary migration at high temperatures, as

well as serving as obstacles for dislocation slip during

deformation [40]. However, the general type and

morphology of carbides found in PBF processes lead

to challenges for their use as strengtheners. For

example, in Haynes 282, with only 19 vol.% c0 for-
mation, the amount and morphology of carbides

contribute significantly to the high temperature creep

strength [120]. Haynes 282 has been specifically

designed to be heat-treated to form blocky M23C6

and/or M6C carbides at the grain boundaries. Under

E-PBF, however, MC carbides were noted to form

instead with a spherical morphology at the grain

boundaries (Fig. 15a), and at lower volume fractions

when compared to wrought Haynes 282 counter-

parts. EDS analysis further confirmed that these car-

bides were mainly composed of Ti and Mo (Fig. 15b)

compared to traditionally wrought Haynes 282 where

carbides also contained Cr. Consequentially, due to

the differences in carbide morphology and volume

fraction, making them insufficient to block disloca-

tion motion, E-PBF Haynes 282 was noted to have

inferior mechanical properties compared to its

Table 3 List of various TCP and carbide, nitride, oxide, and boride phases found in various L-PBF printed Ni-based superalloys

Alloy L-PBF E-PBF

CM247LC (Hf, Al)–oxides [116]

Ti, Hf, Ta, Mo, W–carbides [116]

CMSX-4 Laves [80] Re, W–TCP phase [124, 139, 196]

l [108]

DZ125 Hf–carbides [135]

Hastelloy X No TCP or carbides reported [197, 198]

Mo–carbides [199–201]

Mo–MxCy carbides [195, 202]

Mo–M6C carbides [202, 203]

Mo–M12C carbides [202]

Mo, Cr, Ni, W, Si-M6C Carbides [204–206]

Cr–M23C6 carbides [205, 206]

Haynes 230 Cr, Mo–M23C6 carbides [184]

Haynes 282 Ti, Al–oxides [117]

Ti, Mo–MC carbides [41]

Cr, Mo–M23C6 carbides [117]

Ti, Mo–MC carbides [120]

IN625 No TCP or carbides [57, 207]

Nb, Mo–carbides [56, 192]

Nb–MC carbides [171]

Laves [192]

IN718 d[96, 181]
No TCP or carbides reported [96, 133, 208]

Laves [98–100, 102, 191, 209]

Nb, Ti, Al, Mo–carbides [98, 99, 102, 181, 191, 209]

d[37, 94, 107, 177]
Laves [37, 50, 107]

Nb, Ti–carbides [37, 50, 94, 107, 159, 177]

Nb, Ti–borides [37, 94, 107, 159]

Ti–nitrides [38, 50, 159]

IN738 Nb, W, Ti–carbides [43, 185, 210]

Cr–M23C6 carbides [185]

Nb, W, Ti, Mo–MC carbides [127]

Nimonic 263 Ti–carbides [103]

Rene 142 Hf–carbides [125]
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wrought counterpart, demonstrating some challenges

within AM for the use of carbides for strengthening

[120].

There are some differences in carbide formation

between L-PBF and E-PBF due to differences in

solidification conditions. The general spherical or

‘‘script’’-like morphology has the potential to form

under both processes based on the reviewed litera-

ture in Table 3 (as shown in Fig. 16g, h). How-

ever, under L-PBF, the size of these particles tends to

be sub-micron (Fig. 16g) and generally smaller than

E-PBF carbides due to the faster solidification con-

ditions. They often form in a spherical morphology

and are observed to be smaller than * 500 nm

Figure 15 a Bright-field STEM of Haynes 282 showing the formation of MC-carbides at a grain boundary, b EDS results showing these

carbides to be composted of Mo and Ti. Reproduced from [120] with permission.

Figure 16 a HAADF-STEM micrograph and b–f STEM-EDS

maps highlighting segregated elements and percipitation of

carbides and oxides [102]. g Backscatter SEM image of L-PBF

IN718 showing the formation of sherical carbides and Laves phase

[191]. h High resolution SEM image of E-PBF IN718 showing

long chains of carbides that follow the build direction at grain

boundaries and within grains [159]. a, b, c, d, e and f adapted

from [102], g from [191], and h from [159] with permission.

14156 J Mater Sci (2022) 57:14135–14187



[98, 116, 171, 191, 192]. It has also been found that

fewer carbides form during L-PBF compared to

E-PBF. During processing by E-PBF, due to the

slower solidification rates, larger chains of carbides

form along the grain boundaries, following the build

direction as seen in Fig. 16h. These carbides are more

likely to be of a script-like morphology due to the

slower solidification rates [190]. The intrinsic heat

treatment that occurs within E-PBF builds seems to

not largely impact carbide morphology within any of

the examined Ni-based superalloys given in Table 3

and therefore, most carbides do not exhibit similar

microstructure gradients as seen with c0, c00, Laves,
and d. In regards to M23C6, they are found in con-

ventionally manufactured Ni-based superalloys but

are only rarely reported in AM [187, 189, 193, 194].

Here, MC will transform into M23C6 such that

c ? MC $ c0 ? M23C6 [193] particularly at lower

temperatures around 732–760 �C [193]. Due to high

cooling rates and, specific to E-PBF, high preheat

temperatures, the transformation is most likely sup-

pressed for most Ni-based superalloys. In general, for

AM Ni-based superalloys, M23C6 has been shown to

nucleate during heat treatments [41, 171, 185] leading

to some indication that its lack of formation may be in

part due to a lack of aged microstructure. Of inter-

esting note however, is that many studies have also

shown no impact on carbides during heat treatment

dependent on temperature and alloy composition

[158, 176, 195]. Overall, there is complexity in the

impact of heat treatment on carbides that needs to be

studied in more detail in the future.

As mentioned earlier, most carbides formed during

L-PBF and E-PBF have been reported to be of the MC

type. Only a few studies show the formation of other

carbides such as M23C6 [117, 184, 185]. For example,

within the Haynes 282 alloys printed via L-PBF, there

are conflicting reports on carbide formation. One

study reports only the formation of Ti and Mo con-

taining MC-carbides [41]. Another investigation

reports the formation of mixed Cr and Mo rich M23C6

carbides in samples printed without a heated build

plate, and no carbide formation in samples printed

with a heated build plate [117]. One explanation for

the difference in carbide formation may be differ-

ences in energy density. The study which reported

the formation of M23C6 carbides used a higher volu-

metric energy density compared to the one that only

reported the formation of MC carbides. The higher

energy input would likely contribute to higher

sample temperatures and decreased cooling

rate during the AM process and thus, might enable

the formation of M23C6 carbides [71]. However, it is

interesting to note that the study that reported the

formation of M23C6 carbides reported it in a build

with no preheat. However, the build produced with a

300 �C preheated build plate showed no M23C6.

Traditionally, the use of build plate preheating would

result in lower cooling rates. As carbides are impor-

tant for controlling Haynes 282’s mechanical prop-

erties, more work needs to be conducted to verify the

types of carbides that form during AM of this alloy.

Further consideration needs to be made on how

changing solidification conditions and cooling rates

may impact carbide formation.

Hastelloy X, known as a solid solution Ni-based

superalloy, is unique in that it does not form any c0 or
c00 phases. Instead, it achieves its strength through the

additions of primarily solid solution elements and

carbide formation. For this reason, compared to other

Ni-based superalloys discussed here, it contains a

relatively high amount of Mo for strengthening. It

also forms several carbides which have not been

commonly seen in other PBF processed Ni-based

superalloys. Under traditional manufacturing routes,

Hastelloy X is known for forming M6C and M23C6

carbides rich in Mo and Cr [189, 211]. Under L-PBF,

however, there have been conflicting reports on the

carbide formation. Multiple studies [197, 198, 212]

have reported no carbide formation in as-built sam-

ples while other studies [195, 199–203] have reported

the formation of complex carbides that are uncom-

mon in most PBF alloys. For that reason, Hastelloy X

is discussed in depth here. In the former case, Har-

rison et al. [198] reasoned that the occurrence of

solute trapping of elements due to the high cooling

rates in L-PBF resulted in a lack of elemental segre-

gation of Mo and Si, and a lack of depletion of pri-

mary matrix elements, i.e., Ni, Cr and Fe, to the

interdendritic regions, thus, resulting in the absence

of formation of any secondary particles. SEM imaging

showed a lack of secondary particle formation. EDS

line scans performed at cracked regions, often the site

for elemental segregation and carbide formation,

showed no indication of elemental segregation. The

lack of elemental segregation next to the cracked

region was used as supporting evidence for their

theory that solute trapping had occurred, and sec-

ondary precipitate formation was suppressed.
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However, other studies report conflicting results.

For instance, using TEM-EDS, Han et al. [213]

showed the occurrence of elemental segregation in

the region of a crack rich in Mo, and C. They similarly

report no formation of carbides in their as-built

samples using the original Hastelloy X composition.

A potential explanation for the reported difference in

elemental segregation could be the extremely fine

microstructure variation due to the high cooling

rates. These fine microstructures may make it diffi-

cult to pick up variations in the elemental segregation

in regions of interest such as cracks using standard

EDS-SEM techniques. Furthermore, elemental parti-

tioning may not only be impacted by the cooling rate

but also by other solidification parameters such as the

solidification velocity, thermal gradient, and under-

cooling [214] that may have not been considered in

the initial studies.

Notably, other studies have reported carbide for-

mation in Hastelloy X after L-PBF processing

[195, 199–203]. The carbide phases reported by these

researchers are primarily spherical Mo-enriched

M6C, M12C, and MnCm and, therefore, are notably

different from the predominantly MC carbides seen

in most other Ni-based superalloys processed by PBF.

A summary from various studies on their reported

phases, PDAS, and cooling rate are given in Table 4.

Overall, the variation in reported PDAS, which is

often used to estimate cooling rate, leads to the con-

clusion that cooling rate is likely not a factor that will

impact the type of carbides forming. By extension

there is no indication from the PDAS that a faster

cooling rate could be suppressing the elemental

partitioning that would lead to carbide formation.

From the observed studies L-PBF processed Hastel-

loy X carbides had a spherical morphology and were

mostly Mo-enriched M6C or MnCm particles of sizes

as small as * 55 nm to sizes up to 500 nm

[195, 200–203]. One primary reason for the formation

of other carbide types compared to most other alloys

produced by L-PBF may come from the fact that the

high Mo content within Hastelloy X makes M6C

carbides more stable. Therefore, from the covered

literature on Hastelloy X and the understanding that

most Ni alloys form some type of carbides, the con-

clusion can be made that during L-PBF, Hastelloy X

will form primarily spherical Mo-enriched M6C,

M12C, and MnCm. Further, in L-PBF, there appears to

be little control over their morphology when chang-

ing solidification conditions based on cooling rate.

Looking at Hastelloy X processed by E-PBF, Kara-

puzha et al. [205], showed that carbides larger in size

and higher in number density formed compared to

those in L-PBF. These carbides, seen along grain

boundaries, were noticeably elongated compared to

L-PBF carbides. Another study by the same authors

[206] has also shown that the morphology of carbides

within Hastelloy X can range from rod-shape to

globular while carbides ranged from * 0.2 to 1.5 lm
in size. Through EDS, these carbides were identified

as enriched in W, Mo, and Cr and thus, were most

likely (W, Mo)-rich M6C and Cr-rich M23C6. It was

also noted that M6C carbides contained increased Cr

content when compared to the matrix. As M6C

decomposes into M23C6 at temperatures above 650 �C
the authors postulated that due to the preheat tem-

perature of 750 �C some of the M6C had decomposed

or were in the process of decomposing into M23C6

carbides. Further work on the geometric variation of

carbides across the build height of such parts would

likely confirm this.

Depending on the content of impurities in the

powder used in PBF, it is possible for other secondary

precipitates such as oxides, borides or nitrides to

form. For instance, in E-PBF multiple studies noted

the precipitation of Ti-nitrides in IN718. These

nitrides were also noted to be potential nucleation

sites for (Nb, Ti)–carbides, therefore creating core-

Table 4 List of PDAS, cooling rates and associated reported carbides for various studies on Hastelloy X processed by L-PBF

References PDAS (um) Cooling rate (K/s) Carbides

[202] 0.65 ± 0.25 4.5 9 105 Spherical, globular, and elongated Mo-enriched M6C, M12C, and MnCm

[215] 0.5, 1–2 Not reported Spherical carbides reported for both low and high-power laser modes

[198] 0.9–1.2 3 9 105 No carbides reported

[201] 0.4 ± 0.06 1 * 2 9 106 Spherical Mo-enriched M6C or MnCm

[195] 0.5 Not reported Spherical Mo-enriched M6C or MnCm

[216] \ 1.0 Not reported Spherical carbides
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shell structures [50, 159]. The Ti–nitride and Ti–car-

bide core-shell structure has been reported under

traditional manufacturing routes as well for IN718.

During casting and directional solidification, primary

Ti–nitrides first precipitate from the melt followed by

nucleation of Ti–carbides on the Ti–nitride surfaces,

resulting in the core-shell structure [217, 218].

Likewise, a limited number of studies have repor-

ted the nucleation of oxides and borides. For instance,

a report on IN718 showed the formation of spherical

Al–oxides, as shown by EDS analysis presented in

Fig. 16a–f where coinciding concentrations of Al and

O can be seen [102]. Similar results have been shown

for CM247LC where (Hf, Al)–oxides were noted

[116]. Aluminum oxides have also been reported to

be accompanied by a TiN shell similar to what has

been reported previously for carbides in IN718 [219].

In some studies on E-PBF IN718, due to concentra-

tions of B in the processed powder, spherical borides

have also been reported to form [37, 94, 107, 159].

These borides, carbides, oxides, and nitrides, often

being nm-sized and spherical in morphology, can

potentially look similar to nanometric gas porosity,

and can be difficult to differentiate using SEM. This

necessitates the use of other methods such as EDS for

proper identification of elements [219].

Looking at TCP phases, based on our review of the

existing literature, only Laves and l phase are

reported to form amongst the given alloys listed in

Table 3 after processing by PBF. The lack of formation

of other TCP phases can likely be attributed to the

lack of in situ aging in the microstructure and fast

cooling rates. The Laves phase specifically, has an

AB2 HCP structure and a chemical composition of

(Ni, Fe, Cr)2(Nb, Mo, Ti) [48, 50]. Generally, Nb, Al, Si

and Ti are considered to promote Laves formation

[40]. During PBF processing, alloys such as CMSX-4,

IN625, and IN718 were noted to be prone to the for-

mation of this phase. Overall, Laves may improve

properties if present in small quantities in a granular

morphology through promoting a pinning effect, and

minimizing grain growth and cell boundary migra-

tion during high temperature exposure

[102, 178, 179, 220, 221]. In its globular chain-like

morphology, in contrast, it is highly detrimental to

ductility [145, 152, 221]. Looking at IN718 as an

example, the formation of TCP phases should not

occur during L-PBF based on typical CCT diagrams

[146]. The expected lack of Laves formation is further

supported by simple cooling experiments on IN718

which seem to indicate that Laves formation should

be suppressed at cooling rates experienced during L-

PBF [222]. However, based on several reports in AM

literature, it becomes clear that non-equilibrium for-

mation of Laves does occur [50, 98, 99, 191, 209, 223].

This may be due to the repeated melting that occurs

from the layer-by-layer process within L-PBF, and the

high level of Nb microsegregation. Laves phase

formed in these alloys is noted to be of an irregularly

shaped eutectic morphology, in either c ? Laves or

divorced forms, which can coexist with carbides and

can be located within the interdendritic regions, cell

boundaries, or grain boundaries as shown in Fig. 17a

for L-PBF [99]. In general, Laves formation comes at

the expense of Nb depletion in the matrix, a known

solid solution strengthener [40], and can decrease the

formation of c00 in IN718 [50, 167, 223]. Through APM

(Fig. 17b, c, and d), it has been shown in IN718 that

from the surrounding matrix into the Laves phase,

the Nb concentration increases from 2 to 20 at.%

(Fig. 17d) [179, 223]. Overall, the size of Laves phase

in L-PBF printed alloys varies greatly with cited

measurements ranging between as low as 17 nm and

as high as 1–2 lm [80, 191]. These variations are

likely dependent on the processing parameter selec-

tion, which will influence resulting thermal condi-

tions and alloy local composition.

In the literature, there are numerous instances

where Laves is impacted by changing thermal con-

ditions. For instance during L-PBF, it has been shown

that changing the angle at which the part is printed

by up to 45� can result in an increase in the phase

fraction of Laves, and a switch from discrete

(Fig. 18b) to long-chained continuous networks

(Fig. 18a) [89]. As changes in part orientation have

been shown to impact thermal conditions in a build,

likely the rotated samples experienced slower cooling

compared to the parts aligned with the build direc-

tion [224]. The change in cooling rate from changing

the part orientation likely resulted in increased par-

titioning of Nb to the grain and cell boundaries. The

increase in Nb thus permits a greater phase fraction

of Laves to form as a continuous network. Similarly, a

switch from a continuous laser to a pulse laser in

L-PBF resulted in a similar change in the morphology

of Laves. The continuous laser (Fig. 18c) showed

more long-chained networks of Laves while the pulse

laser showed more discrete regions (Fig. 18d) [54].

These differences were attributed to solidification

conditions with the continuous laser resulting in
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coarse columnar dendrite growth due to a consistent

solidification direction that permitted the continuous

growth of Laves from partitioned Nb. The pulse

laser, however, leads to multi-directional solidifica-

tion of the melt pool that results in more fine

equiaxed dendrites that split the partitioned Nb

content in the interdendritic region resulting in more

discrete Laves. Likewise, a similar trend can be seen

between samples using a bidirectional and checker-

board scan strategy. The bidirectional scan strategy

resulted in continuous networks of Laves (Fig. 18e)

while the checkerboard scan strategy resulted in

discrete Laves (Fig. 18f) [149]. Therefore, the pro-

cessing conditions will play a role in determining the

phase fraction and morphology of Laves by changing

the resulting grain boundary and interdendritic dis-

tribution of Nb that is needed for Laves to nucleate

and grow.

During E-PBF, the distribution and morphology of

Laves will be impacted by similar factors as in L-PBF;

however, under E-PBF, one must also consider the

additional impact of the high preheat temperatures.

In this case, due to the intrinsic heat treatment effect,

the morphology of Laves changes based on the build

height as outlined in Fig. 19. Overall, Laves is present

in only the top layers of builds. A study by Deng et al.

[50] looked at the evolution of Laves phase along the

build direction. They showed a spherical morphology

at a region 50 lm below the top of the build. The

Laves phase continues to coarsen into a script-like

morphology until around 150 lm before fully dis-

solving back into the matrix due to the diffusion of

Nb caused by the elevated build temperatures [50].

Past * 1800 lm, the Laves fraction was noted to

reach\ 0.1% and the microstructure was considered

fully homogenized. In the case for IN718, the loca-

tions inhabited by the dissolved Laves phase will

Figure 17 a Field emission gun (FEG)-SEM image of chain-like

Laves phase formation along the build direction of the

interdendritic region in a L-PBF IN718 sample [99]. b APM Nb

map and color maps for an L-PBF IN718 sample showing Nb

distribution along an interdendritic region. c Elemental distribution

along a cylindrical ROI shown in d confirming the formation of

Laves phase along interdendritic regions. a Reproduced from [99]

and b, c, and d from [179] with permission.
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traditionally precipitate d-phase due to the increased

local Nb contents. Overall, the exact location across

the build height for which the Laves phase evolves

will be process and alloy dependent.

Lastly, differences in the TCP phases between

L-PBF and E-PBF have only been reported in CMSX-4

alloy. While elongated Laves phase was noted to

form in L-PBF CMSX-4 [80] there is no report on

Laves formation during E-PBF [108, 124, 139, 196].

Instead, Ruttert et al. [124] and Ramsperger et al.

[122] identified the formation of a small spherical

TCP phase along grain boundaries rich in refractory

metals such as Re. Parsa et al. [108] used STEM SAED

and identified a TCP phase to be most likely l phase

and showed that it had a rather elongated spherical

morphology.

Review of characterization techniques

The first part of this review highlighted the complex

hierarchical microstructures of Ni-based superalloys

with constituents of different sizes (from mm down

to atomic scale). This reveals the significant role that

microstructural characterization plays in further

development and assessment of critical parts manu-

factured by AM. As such, we now provide an over-

view of the main techniques that can be used to

characterize the microstructure of these complex

engineering alloys. We intend the following section

to be used as a guide for researchers aiming to

establish a link between processing, structure and

performance of Ni-based superalloy AM parts. We

conclude this section with a case study on the char-

acterization of E-PBF IN738, where it is shown how

different aspects of microstructure can be unveiled

using a variety of correlative microscopy methods.

Optical microscopy

Light optical microscopy (LOM) provides a straight-

forward view of macro- to microscopic features of

materials. By using visible light and a combination of

lenses in the objectives and the eyepieces, magnifi-

cations of typically up to 10009 can be achieved

[225]. However, lower magnifications are more

commonly used to show large areas, where several

images can be stitched together with the aid of spe-

cialized computer software. LOM is often used for

initial macroscopic examination of AM Ni-based

superalloys, as a myriad of adjustable processing

parameters enables the formation of multiple mor-

phologies of grains and melt pools [56, 161, 226]. For

instance, LOM has been used to show that the

meander scanning strategy generates a finer and

more homogeneous distribution of melt pools in

comparison to chessboard strategy in IN718 [223].

Higher laser power produces deeper melt pools

while faster scan speeds make the melt pool shal-

lower [227]. Other features of interest such as pores

and cracks can be observed in polished surfaces [228],

while additional microstructural constituents such as

grain and melt pool boundaries might require

chemical etching to be revealed [229]. The main

reagents used for this purpose in Ni-based superal-

loys are Glyceregia and Kalling’s reagent [230, 231],

although several other HCl-based etchants are used

to attack specific phases such as c0. Micron-scale

secondary phases such as carbides, Laves, and d
phase are likely to be seen via LOM, however,

additional characterization techniques might be nec-

essary to chemically distinguish and identify them.

Figure 18 Examples of how changing thermal conditions can

lead to either long-chained continuous Laves phases a, c, e or

discrete Laves phases b, d, f in IN718. a, b show the impact of

part orientation, c, d show the impact of changing from a

continuous laser a to a pulse laser b, and e, f show the impact of

changing scan strategy. a and b adapted from [89], b and c from

[54], and e and f from [149] with permission.
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Scanning electron microscopy (SEM)

SEM is the most convenient and versatile electron

microscopy method for studying the microstructure

of AM Ni-based superalloys. As can be seen in

Figs. 3, 5, 7, 8, 9, 14, 16, 18, and 19 for example, SEM

can provide reliable insights into the morphology of

c, c0 and other phases that are of sizes[ * 20 nm

due to its 2 nm resolution. Further examples of the

extensive uses of SEM include characterizing initial

powders, cracks and porosities, and melt pool

boundaries [54, 149, 223, 232–234]. SEM operates on

the basis of an electron beam scanning the surface of

a conductive sample in a vacuum chamber. The two

main imaging modes of secondary electron (SE) and

backscattered electron (BSE) imaging have been

useful within Ni-based superalloys depending on the

features of interest. Under SE contrast, the image

develops depending on the surface topography. SE

contrast therefore is most useful with etched samples

where the features exposed are dependent on the

etchants used. For example, melt pool and dendrite

analysis is possible under SE as shown in Fig. 3d

which gives useful clues related to solidification

conditions. SE can also be used to help in the iden-

tification of lm-scale phases such as in Fig. 7a, b, and

c where SE helped in identifying carbides, coarse

interdendritic c0, and dendritic c0 in E-PBF printed

high c0 forming Rene-N5. Figure 14b, c shows its use

in identifying the formation of d within E-PBF IN718.

BSE, on the other hand, provides density contrast

between elements, therefore being useful for identi-

fying microsegregation and phases with significantly

different Z-numbers. Under certain circumstances,

BSE detectors can also be used to provide channeling

contrast to reveal areas of different orientations [235].

An example of the use of BSE can be seen in Fig. 3e,

where microsegregation of elements seen as a lighter

shade of gray occurs around the darker colored c
matrix. BSE has also often been used in the

Figure 19 a Examples of

Laves morphology in E-PBF

IN718, demonstrating a

location dependent

morphology due to preheat

temperature. b Laves volume

fraction for the corresponding

regions presented in (a).

Reproduced from [50] with

permission.
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characterization of c0 formation in E-PBF samples as

seen in Fig. 9 through Fig. 10. Further examples can

be seen in Fig. 16g, h where carbides and Laves phase

were identified in the c matrix through differing Z

contrast for L-PBF and E-PBF IN718. It should be

noted, however, that SEM has resolution limitations

and therefore is not always suitable for the identifi-

cation of all phases within Ni-based superalloys,

especially those that are nanoscale. The study by Lee

et al. [37] highlights SEM limitations by showing the

formation of nanoscale sandwich c0/c00/c0 structures
under APM which are not generally visible under

SEM.

As has been reviewed in this paper, chemical

analysis is also important in the characterization of

phase constituents. SEM fitted with EDS quantifies

the chemistry based on the X-ray photons that are

released from electron beam/sample inelastic inter-

actions. Overall, EDS is only semi-quantitative and is

only reliable for elements that have a Z number

higher than 14. Furthermore, the excitation volume

from which X-rays are emitted can be as large as

1 lm in SEM, which correspondingly limits the spa-

tial resolution of analysis [236]. Due to the small size

of microstructure constituents, only a limited number

of features can be identified such as TCP phases [54],

large carbides [120], or in some case elemental seg-

regation [55]. SEM–EDS is usually not capable of

identifying c0, c00, and in certain cases d. SEM–EDS,

therefore, may be ideal for initial observations,

however, more accurate chemical analysis of PBF

samples and the elemental characterization of c, c0,
and c00 may be better carried out using other methods

such as TEM-EDS, where, due to using thin samples,

EDS has a much smaller excitation volume.

Electron back scatter diffraction (EBSD)

EBSD is an SEM-based technique that can provide

local information regarding crystal structure and

orientation at the surface of a polished specimen. This

method is based on the collection of elastically scat-

tered BSEs that are emitted with special angular

distributions [237]. Those electrons which construc-

tively satisfy the Bragg’s law will diffract and form

Kikuchi bands. These bands are unique for different

planes in different crystalline structures; therefore,

they can be used to extract the crystalline structure

and orientation of different regions of a microstruc-

ture. EBSD analysis in the SEM is highly automated

and has emerged as a widespread technique in the

analysis of crystallographic information of metal

microstructures. SEM machines that are used for

EBSD analysis are furnished with a special holder

that tilts the specimen * 70� with regards to the

electron beam, and a detector with a phosphor screen

that collects the diffracted BSEs over a large solid

angle.

The crystallographic orientation of a grain is spec-

ified as the relative position of the crystal coordinate

compared to the reference coordinate system (see for

example Fig. 3). From orientations of two adjacent

grains, their crystallographic misorientation can be

determined, a parameter that can affect different

types of properties of a polycrystalline material.

EBSD readily provides information on the phase,

grain orientation, density of dislocations, interface

character, and texture, to name a few.

For Ni-based superalloys produced under PBF

processes, EBSD often has been used for gaining

insights on the solidification conditions. Many stud-

ies on both E-PBF and L-PBF have tracked how

changing the processing parameters or part geometry

may influence the resulting solidification conditions

and, therefore, change the resulting grain structure

[71, 82, 140, 238]. One example is the study by Gok-

cekaya et al. [82], shown in Fig. 3a, b, and c, where

EBSD has been able to show how L-PBF parameters

can affect the microstructure and in turn mechanical

anisotropy. It should be noted, however, that while

EBSD can be a good indicator on potential solidifi-

cation conditions, it does not necessarily correlate

well to phase evolution within a given part as it is

unable to separately identify c; c0, and c00 and their

evolution after solidification.

EBSD can also be used for dislocation analyses. For

such purposes, the sample preparation is pivotal.

This is because the possible surface plastic deforma-

tion from grinding/polishing or scratches can lead to

unreliable analyses. There are several studies using

EBSD to analyze dislocations and residual stresses in

PBF processed Ni alloys. Terris et al. [172] printed

IN625 samples using L-PBF with three different build

plate temperatures. By looking at the geometrically

necessary dislocations (GNDs), they showed that

dislocations distribution was heterogeneous for

L-PBF IN625 and largely built up around the sub-

grain boundaries. Further, increasing the build plate

temperature resulted in a decrease in the GND den-

sity due to a decrease in residual stresses. Leicht et al.
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[239] showed that higher local misorientations can be

seen when using a lower energy density in L-PBF.

This was justified since a high energy density will

result in higher heat input and annihilate dislocations

in situ. Serrano-Munoz et al. [240] revealed that

scanning strategies can significantly influence the

residual stresses not only through the different

amounts of thermal stresses they induce but also the

change they cause in the grain morphology. Zhang

et al. [145] revealed that the orientation that a IN718

part is printed in L-PBF results in a change in the

average density of GNDs therefore contributing to an

explanation in variation in mechanical properties

dependent on print orientation.

The most recent development in EBSD of AM

microstructures is the emergence of 3D EBSD. This

technique is based on an automated serial sectioning

of the samples inside an SEM using focused ion beam

(FIB) milling coupled with EBSD data acquisition.

This method has been used for example to under-

stand columnar-to-equiaxed transition [241], map

geometrically necessary dislocations [242], and study

defect formation and microstructural inhomo-

geneities [38] in IN718, using a so-called tri-beam

microscope developed at UC Santa Barbara by Prof.

T. Pollock’s group.

Transmission electron microscopy (TEM)

Transmission electron microscopy (TEM) character-

izes internal structures of materials based on the

transmission of electrons across a very thin (few

nanometers) sample via a beam of high energy [243].

TEM plays an important role in the characterization

of sub-micron size features in metallic materials and

has been used in the characterization of phases,

identification of elemental distribution, observing

dislocation interactions, and measuring dislocation

densities. As AM materials usually have a high

density of imperfections like pores, standard elec-

tropolishing techniques for preparation of the

required thin samples may be challenging. FIB mil-

ling can therefore be a better option though care

needs to be taken to ensure no artefacts such as dis-

locations created by radiation damage are introduced

[244].

There are two major imaging modes in TEM

namely bright-field (BF) and dark-field (DF). BF

imaging is the product of insertion and adjustment of

an objective aperture in such a way that only the

incident beam goes through while the diffracted

beams are blocked. BF-TEM has been used exten-

sively in characterizing AM Ni-based superalloys

[99, 119, 125, 173, 179, 200, 213, 215]. Such examples

include the identification of solidification structures

in L-PBF Hastelloy X [213], the characterization of

dislocation interaction with secondary precipitates in

E-PBF Inconel 690 [245], the identification of sub-

grain cellular structures in L-PBF IN718 [102], and the

characterization of secondary precipitate morphology

and c0 in Haynes 282 [120]. A DF image, on the other

hand, is produced by the objective aperture at the

back focal plane of the objective lens selecting a dif-

fracted beam. Examples of the use of DF-TEM in PBF

is demonstrated in the imaging of Laves, c0 and c00

phases formed in L-PBF and E-PBF printed IN718

[37, 94, 159]. BF- and DF-TEM for imaging and

identifying nano-scale features in PBF Ni-based can

be seen in Figs. 4, 12, and 15 which show sub-lm
cell/dislocation boundaries, c0/c00, and carbides,

respectively.

TEM provides further information regarding the

phases and crystallographic structures via electron

diffraction. The most common methods for this pur-

pose are convergent-beam electron diffraction

(CBED), selected area electron diffraction (SAED) and

microdiffraction [246]. With the most common tech-

nique, i.e., SAED, the orientation relationship

between a precipitate and the matrix, the coherency

of the interfaces, and the crystal structure of indi-

vidual phases can be determined. There are numer-

ous examples of SAED being used in the

characterization of PBF Ni-based superalloys (e.g.,

see Fig. 11). Within E-PBF IN718, it has been used not

only in the confirmation of the existence of c0 and c00

[37, 50], but also in identifying the orientation rela-

tionships between c, c0, and c00 [94, 159]. In studies of

high c0 forming alloys, it has been used similarly for

identifying the formation mechanism of c0

[116, 125, 247] and its orientation relationship with

the c matrix [125]. Further, SAED is often applied for

the identification of secondary precipitates. Examples

include the identification of l in E-PBF CMSX-4 [108],

Laves and d in IN718 [50], and carbide formation in

Haynes 282 (Fig. 15a) [117].

Scanning transmission electron microscopy (STEM)

is a method very similar to TEM. In STEM, the lenses

are adjusted to converge the electron beam into a

focal point. The beam is then rastered across the

sample as the transmitted signals are collected point-
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by-point. STEM has been useful in identifying nano-

scale microstructural features within AM Ni-based

superalloys. For instance, STEM operating under

high-angle annular dark-field (HAADF), offering

enhanced contrast, showed dislocation interactions

and strain fields with secondary precipitates and cell

walls in numerous superalloys [44, 56, 248]. An

example can be seen in Fig. 5d in the imaging of the

dislocation substructure in E-PBF processed IN718.

BF-STEM, on the other hand, has been used in

numerous works to reveal the formation and mor-

phology of needle like d-phase, cuboidal c0, and disk

and rod shape c00 within Ni-based superalloys

[146, 249].

As briefly discussed previously, just like SEM,

TEM can be furnished with EDS, in which X-rays

emitted in response to the electron bombardment are

used to detect elements. For Ni-based superalloys

under PBF processes, TEM-EDS is useful in the

identification of nano-scale phases. For instance, in

Fig. 7d TEM-EDS shows the elemental segregation

between the c matrix and c0 precipitates. Figures 16b–

f and 15b use TEM-EDS in the identification of car-

bides and oxides within their IN718 and Haynes 282

alloys, respectively. Similarly, and not shown here,

TEM-EDS has been used in the identification of TCP

phases such as Laves in IN718 [98]. Lastly, analysis of

the chemical composition at almost atomic scale can

be done via TEM by an electron spectrometer that

creates an energy-loss spectrum (i.e., EELS) [243].

EELS in TEM can be of great importance in charac-

terizing AMmicrostructures when studying elements

like O and other difficult to analyze species.

In situ electron microscopy

A recent advancement from which the AM field can

significantly benefit is in situ microscopy. In situ

microscopy refers to the live observation of

microstructural evolution in a microscope e.g., a TEM

or an SEM while material is subjected to stimuli of

interest e.g., mechanical loading or thermal cycling

[250]. AM materials are known to experience com-

plicated mechanical/thermal hysteresis during

printing, as outlined above. As the microstructural

evolution occurs dynamically, even while the mate-

rial is cooling to room temperature, post-mortem

microscopy of the final microstructure will not

always shed light on the sequence of evolution of

microstructural events. In contrast, in situ

examination of the microstructural evolution during

heating/cooling cycles may help to unambiguously

clarify this. In situ observation of microstructures was

initially inspired by a constant development of new

stages and capabilities in TEM. With the develop-

ment of focused ion beam capabilities, however, there

has been a significant boost in in situ microscopy via

SEM in recent years [251–253].

For example, a SEM chamber equipped with a

tensile testing stage can unveil real-time correlation

between tensile properties and microstructural evo-

lution. One example is the propagation of cracks with

deformation [254]. Such study of a PBF sample can

further clarify the role of structural imperfections

such as pores and lack of fusion defects in part fail-

ure. In situ TEM analysis of foils under heat-

ing/cooling or stress/strain cycles is another

example of how these advanced techniques can help

in understanding the physical metallurgy of AM.

One example is the capability of in situ TEM to image

dislocation activities, precipitation evolution, and

dislocation-precipitation interactions in response to

thermal/mechanical hysteresis [255–258].

Transmission Kikuchi diffraction (TKD)

AM microstructures usually consist of fine sub-grains

and a generally high density of dislocations that

results from extremely high cooling rates inherent to

AM. Such fine scale features may be challenging to

study with standard EBSD, that at best can provide

resolutions of 20–50 nm [259]. In addition to the

spatial resolution, highly dislocated regions cause

distortion in the diffraction patterns which deterio-

rates the indexing accuracy. These issues have paved

the way toward development of a technique named

transmission Kikuchi diffraction (TKD) [260]. This

method uses an EBSD detector in an SEM chamber to

collect Kikuchi patterns from underneath an electron-

transparent sample (e.g., a typical TEM sample)

subjected to the electron beam. The replacements of

back-scattering with forward scattering brings about

significant improvement in the resolution (i.e.,

* 2 nm). As TKD does not need tilt correction or

dynamic focus, it also maximizes the indexing rate.

Examples of applications of TKD are shown in a few

studies where they reveal dislocations, grain bound-

aries, and subgrain boundaries in L-PBF AM Ni-

based superalloys [261, 262]. Another study involv-

ing L-PBF IN718 has also applied the technique in the

J Mater Sci (2022) 57:14135–14187 14165



identification of phase through the use of diffraction

patterns revealed by TKD showing the presence of

the FCC matrix and sub-lm Nb-carbides [72].

Atom probe microscopy (APM)

APM is a three-dimensional characterization tech-

nique with sub-nanometer resolution that allows

identification of the position and the elemental nature

of individual atoms [263]. APM is a destructive

analysis that requires the use of needle shaped sam-

ples with sharp shank angles (\ 20�) and curvature

radii of * 50 nm at the tip apex [264] that are created

through a multi-step electropolishing for bulk mate-

rials, or focused ion beam milling for site-specific

investigations [265–267]. The sample is inserted in a

cryogenically cooled (\ 80 K) ultra-high vacuum

(\ 10–10 torr) chamber, where the tip is aligned in

front of the aperture of the straight-flight-path local

electrode.

The destructive process of ionization and desorp-

tion of atoms from the apex of an atom probe tip,

generated by intense electric fields, is a phenomenon

known as field evaporation. The ionized atoms are

accelerated away from the surface through the elec-

trode toward a position sensitive detector. Since

evaporation only occurs during a few hundreds of

picoseconds from each pulse, and the distance from

tip to detector is known, the time-of-flight of the ions

between the evaporation and detector hit events can

be determined. This parameter is used to identify the

chemical nature of each type of ion on mass spectrum

histograms [268]. The sequentially evaporated and

detected ions constitute a three-dimensional dataset

that is reconstructed as a magnified image projection

of the tip, as for example shown in Fig. 13.

The use of APM in AM has provided significant

advances in the field of quantitative investigations of

nanoscale phases, atomic ordering, and clustering

[80, 119, 269]. Regions with local segregation of ele-

ments such as precipitates in Ni-based superalloys

can be enveloped by chemical isoconcentration sur-

faces according to a determined compositional

threshold. From these objects, quantitative data

regarding their morphology and configuration, size,

volume fraction, chemical composition, number

density, and interface location can be extracted [269].

For instance, imaging nanoscale c0 and c00 is a chal-

lenging task to be achieved via other characterization

techniques due to the small sizes of these particles.

APM provides sub-nanometer resolution required to

differentiate these phases based on their morphology

and chemical composition. In E-PBF IN718, the

occurrence of the coprecipitate c0/c00 sandwich

structure, as seen in Fig. 13, is not easily identifiable

without APM. The study of the chemical profile at

interphase and grain boundaries in AM Ni-based

superalloy has benefited from APM, where chemical

concentration across regions of interest can be iden-

tified, enabling findings related to element segrega-

tion on interphase, grain, melt pool, and cell

boundaries [44, 149, 210, 270]. These have included

the identification of Nb segregation to the grain

boundary in IN718 [165] and the identification of Nb

segregation to the interdendritic region and its role in

the formation of Laves phase [179], the reporting of

segregation of Zr, B, C, Mo, and Si to the grain

boundaries in IN738LC [271], the partitioning

behavior of elements between c and c0 in a primarily

c0 forming Ni-based superalloy [131], and the analysis

of the interface between c0 and borides in a non-

weldable Ni-based superalloy [123], just to name a

few. In addition to phase analysis, the near atomic

resolution of APM also enables atomic clustering

studies [223] where numerous tools have also been

developed for statistically significant quantification

of clusters [272, 273].

X-ray and neutron diffraction

X-ray diffraction techniques are commonly used in

AM investigations to qualify and/or quantify phases,

and determine their crystal structure, lattice param-

eters, residual stresses, and crystallographic texture.

An X-ray diffraction pattern is generated once con-

structive interference occurs in a range of scattered

angles between the incident rays and the crystal

structure, where the Bragg’s law is satisfied. The

resulting diffraction peaks in the diffractogram are

analyzed in regard to their position, which determi-

nes the size and shape of the unit cell, their intensity,

related to the position of the atoms within the cell,

and their width [274]. Standard XRD can be obtained

with laboratory-based diffractometers. Many studies

have used crystallographic information gained from

XRD to confirm PBF’s tendency to form textures

oriented in the build direction [97, 159, 163, 226, 275].

It can also be used to compare the impact of the

processing technique on the resulting texture as

shown in a study by Amato et al. [161]. They reported
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that in IN625 different textures may be formed

dependent on the use of E-PBF and L-PBF. Identifi-

cation of the lattice parameter through XRD, on the

other hand, has been used with Ni-based superalloys

to assess residual stress and elemental partitioning in

alloys [56, 57]. For example, it has been reported in

L-PBF IN625 that high amounts of Nb and Mo may

be in solution with the c matrix due to the high lattice

parameter reported [56, 57]. Lastly, XRD can also be

used for phase identification of c and c0/c00 with some

limitations [163, 191, 208].

Despite the information that can be gained from

laboratory-based XRD, the technique has limitations

that should be discussed. The crystallographic infor-

mation gained is only qualitative and pole fig-

ures cannot be generated. Residual stress

measurements can only be taken at the surface of the

sample due to the limitations in penetration depth of

laboratory X-rays. When studying phase identifica-

tion results, it has to be taken into account that they

are only quantitative, with resolution limitations in

the technique making certain phases difficult to

identify. For instance, in Ni-based superalloys such

as IN718 which contain multiple phases, overlapping

diffraction peaks jeopardize their accurate identifi-

cation [163, 191, 208]. Overall, a large number of

studies have noted the overlap of the c, c0, and c00

peaks making it difficult to identify these phases

[56, 161, 163, 207, 276]. Furthermore, many studies

have identified other precipitated phases such as

carbides like those in Fig. 15 through to Fig. 17 in

SEM and TEM that are missed by laboratory-based

diffractometers due to their small size and low

quantity. It should be noted, however, that a few

studies have managed to report other phases outside

the c matrix using laboratory-based diffractometers,

pointing toward the potential process and material

dependent nature of characterizing AM samples. For

instance, in L-PBF CM247LC, the presence of (Ta,Ti)–

carbides were detected through XRD [116]. In E-PBF

IN718, MX carbides were also detected through XRD.

The detection of these phases may be due to larger

quantities and larger sizes of these secondary pre-

cipitates. To overcome these limitations, synchrotron

or neutron sources are needed dependent on the

information one wishes to gather.

For higher resolution or in situ experiments, syn-

chrotron sources of radiation are more appropriate.

These facilities, in a simplistic explanation, generate

electromagnetic radiation by diverting the path of an

electron beam accelerated close to the speed of light

in a storage ring [277]. The resulting monochromatic

or pink/polychromatic X-ray beam is then used for

characterization methods such as X-ray imaging,

diffraction, or scattering [278]. For diffraction, the

interaction between the sample and X-rays is similar

to that of laboratory-based XRD, however, higher

energy X-rays permit deeper penetration of the

sample and greater resolution in the resulting spec-

trum, enabling the resolution of the individual c, c0,
and c00 peaks and quantitative phase fraction analysis.

Under SAXS, the X-ray beam is transmitted through

the sample, generating an angle of scattering typi-

cally lower than 0.1� [279]. This provides higher res-

olution, enabling proper quantification of nanoscale

defects and particles [280, 281]. There has currently

been limited use of synchrotron sources in metal AM

research on Ni-based superalloys. The limited num-

ber of publications can be partially attributed to the

difficulty in accessing these resources which usually

requires the submission and approval of a scientific

proposal before these tools can be accessed. A few

works have used synchrotron X-ray diffraction in

PBF Ni-based superalloys [164, 182, 282]. For

instance, Sarley et al. [182] used synchrotron

diffraction measurements to detect d, c, and c0 in

L-PBF IN718. In the same study, the synchrotron

measurements also revealed more pronounced d
formation in a sample taken at the center of the build

when compared to a sample at the bottom of the

build. The use of wide angle, small angle, and ultra-

small angle X-ray scattering (WAXS, SAXS, and

USAXS) has the unique ability to study the precipi-

tation evolution in situ in AM, however, only few

works have utilized these characterization techniques

to date. There are currently studies available on the

in situ development of precipitation during heat

treatment [282, 283], the precipitation of c0 in CMSX-4

processed under simulated E-PBF [284], and precip-

itation of c0 in CMSX-4 under L-PBF [285].

Similar to synchrotron radiation, neutron diffrac-

tion offers superior capabilities in comparison to

laboratory-based X-ray diffraction techniques, where

generally only a few tens of microns below the

sample surface can be probed. Neutron interaction

occurs mainly with the atomic nucleus, whereas

X-rays are scattered by electrons [280]. Neutron

diffraction uses Bragg’s law to disclose measure-

ments used for studies of residual stress, texture,

lattice parameters, and phase analyses [286–290].
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Measurement of residual stresses, common in E-PBF

and L-PBF materials, and measurement of deforma-

tion behavior are the most common applications due

to sample penetration on the order of centimeters

(maximum of 2 cm for Ni [291]) allowing the strain

measurement in a number of directions in the bulk of

the material [76, 164, 292–295]. Only one known

study has used neutrons for phase fraction analysis

prior to heat treatment in PBF Ni alloys [181]. In this

work, the authors used the Rietveld analysis to fit the

neutron diffraction histograms of IN718 processed

via L-PBF, to determine the presence of 6.5% of c0,
8.4% of c00, d and MC-carbides.

Case study (multi-scale characterization
of PBF processed IN738 alloy)

To showcase how microscopy can shed light on the

multiscale hierarchical microstructure of AM Ni-

based superalloys, Fig. 20 illustrates the resulting

images obtained from several of the aforementioned

characterization techniques applied to an AM IN738

alloy. Figure 20a, b shows printed parts of an

Figure 20 Examples of blade-

like parts printed by a E-PBF

and b L-PBF; c LOM image

showing columnar grain

structure in E-PBF IN738;

EBSD maps showing grain

orientation of L-PBF IN738

samples printed using a

d Gauss shaped laser and

e doughnut shaped laser.

f SEM micrograph of c0

precipitates in deep-etched

E-PBF IN738; g TEM

micrographs of E-PBF IN738

in\110[ zone axis and with

magnified region showing

dislocation cells and c0

precipitates in detail.

h HRTEM of matrix region

showing c0 precipitates in
E-PBF IN738 with higher

magnification of selected area

in i and crystal structure of c0

in (j). k APM reconstructions

of c matrix region containing

primary and secondary

containing c0 precipitates on
top, middle, and bottom

regions in E-PBF IN738. a and

b adapted from [296]; c and f

image courtesy of Nima

Haghdadi and Sophie Primig

(UNSW Sydney); d and e from

[271]; g and k from [119]; h, i,

and j image courtesy of Zibin

Chen and Bryan Lim

(University of Sydney), with

permission.
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aeroengine turbine blade, where the former was

manufactured via E-PBF and the latter via L-PBF.

Light optical microscopy (LOM) (Fig. 20c) reveals

melt-pool boundaries, a feature that usually cannot

easily be resolved using any of the other more

sophisticated imaging techniques. EBSD (Fig. 20d, e)

is a complementary technique used to image the

grain structure of AM materials. Only through using

EBSD, the orientation of the grains and the micro-

texture of the material can be determined. For

example, while the elongated nature of c grains was

seen in LOM images too, only EBSD can show the

crystallographic orientation of individual grains

along the Z-direction as a function of scanning

strategy, as reported in [195]. EBSD can also reveal

the misorientation between grains, an important

parameter in determining the cracking susceptibility

of Ni-based superalloys. Despite these opportunities,

EBSD cannot resolve c from c0. This is mainly due to

very similar lattice structures of these two phases in

many Ni-based superalloys.

Figure 20f shows an SEM image of c0 precipitates
after deep etching. Such SEM imaging can provide

valuable insights into the size, morphology and dis-

tribution of c0. For example, using SEM, it has been

shown that an E-PBF process with a random scanning

strategy can develop a bimodal distributions of c0

particles in the mid height of IN738 alloy [127]. SEM,

however, has a limit in terms of size. To image fine

features of few nm in the microstructure, TEM is

required. TEM enables higher magnification and

better resolution of micro—to nanoscale features such

as dislocation cells illustrated in Fig. 20g. The char-

acter of transmission of electrons allows the investi-

gation of the arrangement of columns of atoms via

high resolution transmission electron microscopy

(HRTEM), as well as the crystallographic relationship

between c and c0 via fast Fourier transform (FFT) as

shown in the inset in Fig. 20h. TEM has been used to

study the dislocation densities within c and c0 in

IN738 [119].

APM is another powerful characterization tool

particularly for the cases when a thorough analysis of

size, morphology and chemistry of nanometric fea-

tures (such as c0) is required. In a study by some of

the current authors [119] for example (Fig. 20k), APM

has shown the bimodal size of c0 at the bottom and

middle of an E-PBF IN738, while such bimodality

was not detected at the top regions. Moreover, APM

analysis revealed that the Ni, Al, Ti, Cr and Co

content is different not only within the primary and

secondary c0 but also within each of these types of

precipitates across the build height. APM also

revealed that W segregates at the c/c0 interface. Such
detailed correlative analysis of size, morphology,

distribution, and chemistry of c0 and the interfacial

segregation of alloying elements can only be achieved

via APM.

Finally, as an overview, the advantages, disad-

vantages, ease of sample preparation and ease of

operation of each of the technique discussed in this

section are summarized in Table 5.

Summary and concluding remarks

This review highlights hierarchical nature of the

microstructure evolution during PBF printing of Ni-

based superalloys and introduces suitable characteri-

zation methods from the part to the atomic scale. A

review of the detailed processing-structure–property

relationships is given. The information presented

within this review can be used as a roadmap for

future research aimed at developing new AM pro-

cesses for current and future Ni-based superalloys.

The main conclusions from the existing literature on

phases in Ni-based superalloys processed by PBF can

be summarized as follows:

c matrix phase

• The microstructural evolution during solidifica-

tion most often involves the epitaxial growth of

grains in the build direction. However, changes in

the processing parameters and sample geometry

can influence the formation of grains to appear in

equiaxed or even mixed structures.

• For L-PBF Ni-based superalloys, the c matrix is

most often composed of a cellular dendritic

structure which ranges in size dependent on

solidification conditions. These dislocation struc-

tures are usually in the order of two magnitudes

smaller than in traditional cast Ni-based superal-

loys. The substructure is composed of cellular

networks of dislocations due to thermal cycling

resulting in a large buildup of residual stresses

generated by constrained material around the

melt pool.

• For E-PBF Ni-based superalloys, the c matrix can

be divided into three distinct regions due to the
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high temperature of the preheat. At the top of the

build a clear dendritic structure exists, however,

moving down the build the microstructure begins

to homogenize. After a set distance that is process

and material dependent, the microstructure

reaches a steady-state condition. Dislocations are

often reported to build up around obstacles,

creating complex dislocation structures.

c0 phase

• The c0 phase is an intermetallic phase desirable to

enhance the strength of Ni-based superalloys. The

chemistry is primarily Ni3(Al,Ti), however, in

certain cases Ta can play a similar role to Al and

Ti. Generally, the size, shape, and composition of

c0 will be dependent on both the cooling rate upon

solidification, cooling from the c0 solvus, and the

presence of associated alloying elements.

• Processing of high c0 Ni-based superalloys

through L-PBF is highly sensitive to its detailed

parameters and the chosen alloy, with certain

studies showing the formation of c0 occurring

under L-PBF and other studies showing the

suppression of c0. The variation in the nucleation

of c0 is attributed to its sensitivity to cooling rate

and accompanying alloy dependent kinetics of c0

formation.

Table 5 Summarized uses and limitations of individual characterization techniques

Characterization

technique

Main uses Sample

preparation

complexity

Microscope

operation

complexity

Limitation

LOM Macroscopic examination of pores, melt

pools, grains, and coarse secondary

phases

Low Low Limited magnification and resolution, no

chemical and crystallographic analysis

SEM/BSE/EDS General microscopic examination of

microstructure, with possibility of

detection of local enrichment of

elements

Low Medium Chemical analysis of regions smaller than

1 lm not feasible, no crystallographic

analysis

X-ray diffraction Quantification of phases, crystal structure,

and lattice parameters, residual stresses,

and crystallographic texture

Low Medium Overlapping diffraction peaks might

jeopardize proper investigation of present

phases, no visual inspection or local

investigation of the microstructure

Neutron

diffraction

Residual stress analysis, phase fractions,

grain orientation

Medium High No visual inspection or local investigation of

the microstructure

EBSD Investigation of phase, grain orientation,

density of dislocations, interface

character, and texture

Medium Medium Time consuming, Possible low indexing

accuracy of highly dislocated regions,

distinction of coherent phases such as c0

impossible

TEM/EDS Characterization of phases, identification

of elemental distribution, dislocation

interactions, and measuring dislocation

densities

High High Highly local, challenging distinction of

coherent phases such as c0, challenging
chemical quantification of materials

containing low atomic number elements

In situ TEM Analysis of microstructural evolution

during heating/cooling or stress/strain

cycles

High Very High Requires sophisticated tools, mechanical

testing at low loads can be subjected to

multiple sources of disturbances and

inaccuracies

TKD Crystallography and phase analysis of

electron-transparent samples

High High Samples can be contaminated with C

deposited during electron scanning

APM Three-dimensional investigation of

precipitates, grain and melt pool

boundary segregation, and clusters of

atoms

High High Limited field of view, and volume of

material analyzed might not be

representative of different nanostructures

in heterogeneous samples
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• High c0 Ni-based alloys processed by E-PBF show

a wide range of size and morphology of c0 due to

greater control of cooling rates and the high

preheat conditions. If the preheat temperature is

close to the c0 solvus, then a gradient is seen where

larger aged c0 is found toward the bottom of the

build compared to smaller c0 toward the top. At

temperatures above the c0 solvus, however, it is

possible to form a more homogeneous distribu-

tion of c0.
• The morphology of c0 shows heterogeneity

between the dendrite and interdendritic regions

depending on the alloy, with the interdendritic

regions associated with a primary c0 of cuboidal
morphology and the dendritic cores associated

with a secondary c0 of spherical morphology. This

heterogeneity is attributed to different phase

transformation paths for the primary and sec-

ondary c0.

c00 phase

• c00 is the main strengthening phase within IN718,

and is a meta-stable body centered tetragonal

(D022) phase (Ni3Nb) that is stable up to 650 �C.
• In alloys processed by L-PBF, there is debate over

the precipitation of c00 with various studies report-

ing no c00 formation while other studies provide

evidence of its precipitation. Of those that do

report c00, variation exists in the reported size and

morphology. A likely reason for the variation in c00

is the variation in processing parameters and part

geometry impacting the resulting thermal condi-

tions of the given samples.

• In E-PBF, considerable differences in the size and

morphology are noted to occur along the build

height due to ageing of the c00 at lower build

heights caused by high preheat temperatures that

coarsen the phase.

• Within E-PBF, the coprecipitation of c0/c00 ‘‘sand-
wich’’-like structures is noted to occur in IN718.

Further, Laves phase has been noted to deplete

Nb from the matrix, suppressing the nucleation

and growth of c00.

d phase

• d phase often forms from metastable c00 when

IN718 spends extended periods of time at

elevated temperatures between * 650 and

* 1000 �C. When d forms, it has often been

reported to exhibit a needle or platelet like

morphology.

• Many studies report no formation of d in IN178

during L-PBF. The lack of precipitation is largely

attributed to the high cooling rate leaving IN718

parts in an unaged condition, and the formation of

Laves phase which decreases Nb content in the

matrix for d precipitation.

• For alloys processed by E-PBF, the size and

morphology of d is dependent on the preheat

temperature. If the preheat temperature is within

the range for the precipitation of d, then the size

and morphology become dependent on the build

height. Morphologies of d have been reported to

be zipper- or globular- like at the top or the

bottom of the build, respectively. Processing

IN718 with a preheat above 1000 �C was noted

to largely suppress the formation of d outside of

the inter-granular regions.

Carbide, oxide, nitride, and boride phases

• Of the reviewed literature, studies on most alloys

only report MC carbides, with the exception of

Haynes 282, Hastelloy X, and IN738. Studies on

Haynes 282 report the formation of MC and

M23C6 carbides. Investigations on Hastelloy X

report MxCy, M6C, M12C, and M23C6 carbides, and

those on IN738 report the formation of MC and

M23C6 carbides. The prominence of MC carbides

is associated with its fast kinetics during

solidification.

• The elemental composition of carbides is depen-

dent on alloy composition, and carbides are

primarily composed of elements that strongly

segregate to the interdendritic regions.

• The size and morphology of carbides are depen-

dent on solidification conditions and can range

from spherical to ‘‘script’’-like morphology during

faster or slower solidification conditions,

respectively.

• In L-PBF, carbides are more likely to be spherical

in morphology and smaller due to the faster

solidification conditions. In E-PBF, however, car-

bides are larger and often form large chains

following the build direction.
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• Dependent on the number of contaminants, a

limited number of studies have shown that the

formation of nitrides, oxides and borides is pos-

sible. Nitrides were noted to form in IN718 as the

core structure from which carbides nucleate. In

IN718, spherical borides have been noted to form,

while in IN718 and CM247LC formation of

spherical oxides was reported.

TCP phases

• Due to the high cooling rates associated with PBF

processes, only Laves and l have been reported to

form within Ni-based superalloys. The Laves

phase has an AB2 HCP structure primarily com-

posed of Nb and Mo, and therefore, only occurs in

alloys with a sufficiently high content of Nb or

Mo. l phase is a rhombohedral phase that occurs

in alloys with high elemental contents of W and

Mo.

• In L-PBF, Laves has been reported to form with an

irregularly shaped eutectic morphology, as either

c ? Laves or divorced form, which can coexist

with carbides and can be located within the

interdendritic regions or grain boundaries.

• In E-PBF, Laves size and morphology are depen-

dent on the build height due to the in situ heat

treatment that occurs due to the high preheat

temperatures. Laves is primarily only present in

the top layers of the build and has morphologies

ranging from spherical to ‘‘script’’-like. With

decreasing build height, Nb diffusion results in

Laves dissolution.

• Within E-PBF CMSX-4, l phase has been reported

with an elongated spherical geometry. So far,

there is only one case in the reviewed literature

where a TCP phase other than the Laves phase

forms in the as-built condition.

Amongst the discussed literature, there have been

some noted inconsistencies in reported phase size

and morphology that can likely be attributed to the

complex nature of AM. These include differences in

reported carbide formation such as seen in L-PBF

Hastelloy X, differences in reported size and mor-

phology of c0 in E-PBF CMSX-4, and differences in the

reported occurrence of nucleation of d within L-PBF

IN718, just to name a few. Further, outside noted

inconsistencies, there are currently some gaps in

knowledge in correlating scan strategy, process

parameters, and geometry to phase fraction, mor-

phology, and distribution. For example, the extent to

which the c0 and c
00
phases distribution, fraction, and

morphology could be manipulated using either

E-PBF or L-PBF is yet to be fully understood. In the

characterization of these microstructures from macro-

to nanoscale, the associated variations in thermal

conditions due to differences in processing parame-

ters or differences in sample geometry need to be

considered in tandem. As shown in our case study on

IN738, the multiscale hierarchical microstructure

evolution during PBF printing of Ni-based superal-

loys, resulting from spatial and temporal variations

in the thermal conditions, is best resolved using a

variety of correlative microscopy methods.

AM Ni-based superalloys will continue to play a

significant role in many important industries such as

defense, energy, and aerospace due to the design

freedoms permitted. With the perspective of site-

specific control of microstructure already realized

through an understanding of the relation between

grain structure and process parameters, future work

should focus on developing further understanding of

the relationship between phase, processing parame-

ters, and geometry. Only then will the full design

freedom of engineered AM components be realized.

A thorough understanding of the microstructure

using different characterization techniques remains

the Rosetta stone for unveiling process-property

relationships. Microstructural characterization meth-

ods continue to play a key role in the development of

advanced alloys and processing methods in a tradi-

tional manufacturing context. Similarly, it will enable

re-inventing the physical metallurgy for metals

additive manufacturing.
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[43] Muñiz-Lerma JA, Tian Y, Wang X, Gauvin R, Brochu M

(2019) Microstructure evolution of Inconel 738 fabricated

by pulsed laser powder bed fusion. Prog Addit Manuf

4:97–107. https://doi.org/10.1007/s40964-018-0062-2

[44] De Luca A, Kenel C, Griffiths S, Joglekar SS, Leinenbach

C, Dunand DC (2021) Microstructure and defects in a Ni-

Cr-Al-Ti c/c0 model superalloy processed by laser powder

bed fusion. Mater Des 201:109531. https://doi.org/10.1016/

j.matdes.2021.109531

[45] Körner C, Ramsperger M, Meid C, Bürger D, Wollgramm

P, Bartsch M, Eggeler G (2018) Microstructure and

mechanical properties of CMSX-4 single crystals prepared

by additive manufacturing. Metall Mater Trans A Phys

Metall Mater Sci 49:3781–3792. https://doi.org/10.1007/s

11661-018-4762-5

[46] Bürger D, Parsa AB, Ramsperger M, Körner C, Eggeler G

(2019) Creep properties of single crystal Ni-base superal-

loys (SX): a comparison between conventionally cast and

additive manufactured CMSX-4 materials. Mater Sci Eng A

762:138098. https://doi.org/10.1016/j.msea.2019.138098

[47] Davis JR (2000) Nickel, cobalt, and their alloys. ASM

International, Materials Park. https://doi.org/10.1361/ncta

2000p003

[48] M.J. Donachie, S.J. Donachie, Super alloys A Technical

Guide, 2002.

[49] Yeh AC, Tin S (2006) Effects of Ru on the high-tempera-

ture phase stability of Ni-base single-crystal superalloys.

Metall Mater Trans A Phys Metall Mater Sci

37:2621–2631. https://doi.org/10.1007/BF02586097
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