
ARTICLES

Quantitative insight into dislocation
nucleation from high-temperature
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Nanoindentation has become ubiquitous for the

measurement of mechanical properties at ever-decreasing

scalesof interest, includingsomestudiesthathaveexplored

the atomic-level origins of plasticity in perfect crystals. With

substantial guidance from atomistic simulations, the onset

of plasticity during nanoindentation is now widely believed

to be associated with homogeneous dislocation nucleation.

However, to date there has been no compelling quantitative

experimental support for the atomic-scale mechanisms

predicted by atomistic simulations. Our purpose here

is to significantly advance the quantitative potential of

nanoindentation experiments for the study of dislocation

nucleation. This is accomplished through the development

and application of high-temperature nanoindentation

testing, and the introduction of statistical methods to

quantitatively evaluate data. The combined use of these

techniques suggests an unexpected picture of incipient

plasticity that involves heterogeneous nucleation sites, and

whichhas not beenanticipatedby atomistic simulations.

Our understanding of the elastic–plastic transition on the
nanoscale has been dramatically advanced by nanoindentation
studies of plastic yielding in dislocation-free crystalline

regions beneath the indenter tip1–19. Experimentally, the problem
of ‘incipient plasticity’ is studied through the examination of
indentation load–displacement (P–h) curves, acquired when a stiff
indenter is brought into mechanical contact with a clean crystalline
surface. A typical P–h response of this kind is shown for a specimen
of (110)-oriented platinum in Fig. 1a. With increasing load there
is initially an elastic deflection, and plastic deformation is typically
found to initiate with a discrete burst of displacement, as the
indenter tip ‘pops’ into the specimen1,2,5,13–15,19,20.

Our current understanding of incipient plasticity and the first
displacement burst seen in Fig. 1a is largely due to atomistic
simulations, which have now been performed by a number of
authors for nanoindentation of perfect metal crystals3,4,6–11. By
directly observing the calculated atomic motions under the indenter,
the first discontinuity in the P–h curve has been correlated with
homogeneous dislocation nucleation, and further analysis has
provided significant quantitative insights into this process3,10,11. This
deep simulation-based understanding stands in stark contrast to
the kind of information typically gleaned from nanoindentation
experiments. Some authors have experimentally estimated the
crystal strength at the first displacement burst1,5,12–15,20,21, and
recovered values of the order of the ideal shear strength; this
would be in line with expectations for homogeneous dislocation
nucleation. More direct experimental evidence of dislocation
nucleation has been supplied by in situ electron microscopy for
a special geometry specimen of aluminium22,23 but, in general,
there has not been any quantitative experimental input to the
problem. In what follows, we illustrate how a capability in high-
temperature nanoindentation, coupled with a statistical method of
analysis, can provide experimental input that is both quantitative
and compelling.

Our approach to the incipient plasticity problem is based upon
a simple observation that has been documented by a number of
authors working in this area5,16,18,24–27: the initiation of the first
displacement burst is stochastic. A series of nominally ‘identical’
nanoindentations on the same clean surface gives a significant
spread of plastic yield points. Furthermore, there is apparently
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Figure 1 Nanoindentation at elevated temperatures. a, A typical
load–displacement (P–h) curve for nanoindentation of (110)-oriented single-crystal
platinum. The inset illustrates the geometry of the test, which in this case was
conducted at 100 ◦C and Ṗ = 25µN s−1. The red curve illustrates the expected P–h
curve for purely elastic loading, and the experimental data depart from this curve at a
displacement burst (black arrow). b, A schematic representation of the experimental
apparatus used in the present work, incorporating a heating stage and peripheral
thermal-management equipment.

a subtle time or rate dependence to the incipient plasticity
problem1,16,18,24,27–30, although it has not received much detailed
attention. In our opinion, these observations point to a significant
contribution of thermal energy to the onset of plasticity at the
nanoscale. We imagine that there is a local, kinetically limiting
process that takes place under the indenter (for example, the
nucleation of a dislocation) that requires an activation energy ε.
This energy barrier could be reduced through the mechanical work
of indentation, or may be overcome by an appropriate thermal
fluctuation, or a combination of both. The probability of such an
event in a given volume of material is written as

ṅ = ṅ0 ·exp

(
−ε−σV

kT

)
, (1)

where the attempt frequency for the event is ṅ0 per unit volume, the

mechanical work is equal to a stress σ acting on an activation volume
V , and the thermal energy is Boltzmann’s constant k multiplied by
temperature T.

Later in this article we will develop in more detail the way
in which equation (1) can be applied to understand incipient
plasticity experiments. For the moment, however, the main
point is that the atomic-level events that occur beneath the
indenter are probabilistic, and the probability function can be
changed by altering the conditions of the nanoindentation test.
In particular, we note that extraction of the activation energy ε
through equation (1) requires that nanoindentation experiments be
performed at multiple temperatures.

Nanoindentation has historically been principally a room-
temperature technique, owing to a combination of delicate
actuation and sensing devices and severe sensitivity to thermal
drift. Although some authors have performed nanoindentation
experiments at non-ambient temperatures in the past29–37, it is only
recently that we have reported the ability to perform tests up to
200 ◦C with the extreme resolution required to observe and measure
the displacement burst associated with incipient plasticity38. Our
technique is based on relatively straightforward modifications to
a commercial nanoindenter (see Methods and Fig. 1b), and in
our latest unpublished work we have acquired sound P–h data at
temperatures up to 410 ◦C.

In the current work, we have used high-temperature
nanoindentation to study the first displacement burst on loading,
and Fig. 2a illustrates some typical P–h curves that we acquired at
25, 100 and 200 ◦C on a clean (110)-oriented surface of single-crystal
platinum. The results at any of these temperatures are qualitatively
similar, and the difference in the position of the displacement burst
from one temperature to another is rather subtle; qualitatively, it is
difficult to observe any strong effect of temperature by comparing
only individual P–h curves. However, when a statistical approach
is taken, differences from one temperature to the next are clearly
discernible, as illustrated in Fig. 2b. This figure plots the cumulative
fraction, f , of displacement burst loads for three separate series
of more than 130 ‘identical’ indentations each. These data were
acquired on the same surface of (110)-oriented platinum, with the
same constant loading rate, Ṗ = 25 µN s−1, but at three different
test temperatures. It can be seen that temperature changes lead
to a significant shift in the population of plastic yield loads, with
higher test temperatures promoting earlier displacement bursts;
this result is in line with the expectations of equation (1), as
increased thermal energy lowers the required mechanical activation
to promote yield. In a similar vein, we find that the yield-point
distribution can also shift by virtue of changes in the indentation
loading rate. This is illustrated in Fig. 2c for three different rates,
all at a constant test temperature of 100 ◦C. In this case we
see that slower indentations lead to earlier yield; the increased
time-at-load allows more opportunity for a critical thermal
fluctuation to occur.

The observations in Fig. 2 are in line with intuition for a
statistical process such as that described by equation (1), but it
remains an open question how the data and probability function
can be quantitatively linked; it is our purpose in what follows to
propose a framework for such an analysis. We begin by noting that
equation (1) gives a displacement burst rate for a volume element
of material under a constant stress state, but the stress field under
a nanoindentation is a strong function of position. Therefore, the
global rate at which displacement bursts would occur (Ṅ) is found
by integrating over the volume of the indented material near the
contact region (Ω):

Ṅ = ṅ0 ·exp
(
− ε

kT

)
·
∫ ∫ ∫

Ω

exp

(
σV

kT

)
dΩ . (2)
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Figure 2 Statistics of the first displacement burst. a, Typical P–h curves
measured upon loading at the three test temperatures, all at a constant loading rate
of Ṗ = 250µN s−1. The noise level in these curves is unaffected by temperature when
proper test methods are used, and the initial part of the curve matches the
expectations of hertzian elastic contact theory (green lines). b, The cumulative
distribution of the load at the first displacement burst with Ṗ = 25µN s−1, which is
seen to have a significant temperature dependence as well as c, a significant rate
dependence. The experimental data sets (shown as points), as well as the measured
temperature dependence and rate dependence, are well captured by the statistics of
thermal activation through equations (1)–(3), as illustrated by the solid green lines.

The evaluation of this integral requires not only that we know which
terms from the full stress tensor constitute σ, but also that we know
how stress changes with position beneath the indenter. The current
understanding of incipient plasticity during nanoindentation is that
the displacement burst corresponds to the nucleation of at least
one dislocation, which occurs primarily due to the action of a
shear stress, τ. Therefore, we take as our first approximation to this
problem that σ = τ. The advantage of this approximation is that τ
is known analytically as a function of position beneath an elastic
(hertzian) contact39, and the integral in equation (2) can be readily
evaluated for this case (more details of this evaluation are given
in Methods).

Equation (2) gives the rate at which displacement bursts
will occur under an indentation for fixed conditions. It is
straightforward to link this rate equation to the cumulative statistics
that we acquire by experiment as27

f = 1−exp

(
−

∫ t

0

Ṅ dt

)
, (3)

where t is time, and the integral runs from the beginning of
the indentation to the current time under consideration. After
evaluation (see the Methods section for details), equation (3) gives
the form of the cumulative displacement burst load distributions
such as we acquire from experiment (see Fig. 2). Furthermore,
the form of the predicted curves depends upon both temperature
(through the kT term in equation (1)) and loading rate (through
the time-integral in equation (3)). Because we have no a priori
knowledge of the values of the attempt frequency, the activation
volume, or the activation energy that control incipient plasticity, we
treat all three of these parameters as adjustable, and fit equation (3)
to the experimental data. In the present case we have performed
such fitting over all of the data sets shown in Fig. 2, as well as nine
additional sets of data for combinations of temperature and loading
rate not shown. A total of 2,183 individual indentations were used
in this analysis.

The results of the fitting procedure are shown by the green solid
lines superimposed on the experimental data in Fig. 2. From these
graphs we see that our statistical interpretation of incipient plasticity
captures the proper sigmoidal trend of the curves, as well as the shifts
in the cumulative distributions that arise from either temperature or
loading rate changes. Furthermore, this analysis yields quantitative
estimates for the activation energy, activation volume and attempt
frequency underlying incipient plasticity. In the present case we
obtain an activation volume of V ≈ 10.2 Å3, an activation energy of
ε≈0.28 eV, and an attempt frequency of ṅ0 ≈ 1.8×1025 s−1m−3. We
emphasize that whereas activation volumes of this same order have
been estimated previously from displacement burst experiments18,27,
our new capability in elevated-temperature testing allows the
measurement of ε and ṅ0 for the first time here.

According to the homogeneous dislocation nucleation picture
of incipient plasticity, the first displacement burst is controlled by
a cooperative process of atomic motion to form a critical-sized
dislocation loop. Simulations have shown that small sub-critical
fluctuations may occur before the formation of a stable dislocation
loop, and that the nucleation event can in fact be traced back to
a specific initial thermal-fluctuation site18. However, the critical
event necessarily requires many atoms moving together, so the
activation volume for homogeneous loop nucleation is expected to
be very large, comprising many atomic volumes7,14,16,34,40. Similarly,
the activation energy should be reflective of many bond breakages,
of the order of several electron-volts. Finally, the attempt frequency
for homogeneous nucleation would be of the order of the product
of the Debye frequency and the number of atoms per cubic metre in
platinum, roughly 1041 s−1m−3.
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On comparing our experimentally extracted activation
parameters with those described above for homogeneous dislocation
nucleation, we see that the experimental values of ε,V and ṅ0 are
all strikingly small. With an activation volume somewhat smaller
than the cubed Burger’s vector (V ≈ 0.5 b3), an activation energy
(ε ≈ 0.28 eV) below that for point-defect migration in platinum41

(∼1.3 eV), and an attempt frequency low by more than ten
orders of magnitude, we judge it quite unlikely that the present
data correspond to the homogeneous nucleation of a dislocation
loop beneath the nanoindenter. Furthermore, the numerical values
presented above are extremely robust; as described in more detail
in the Methods section, we have used numerous procedures and
mathematical variations of the form of equation (1) in our fitting
procedure, and in every case we obtain activation parameters of this
same order. These data clearly suggest a new picture of incipient
plasticity: the first displacement burst during nanoindentation is
rate limited by a low-energy process on the scale of a point defect,
and can occur only at a small fraction of atomic sites.

Although it is impossible from the present analysis to
conclusively infer details of the atomic motions under the
nanoindenter, it is clear from the above discussion that a process
of heterogeneous dislocation nucleation is required. With this
in mind, we can envisage a number of potential atomic-scale
mechanisms that control incipient plasticity. For example, vacancies
may be involved: (i) a critical dislocation loop could grow from
a sub-critical fluctuation through a process of climb by vacancy
absorption18; (ii) dislocations could nucleate at a pre-existing
vacancy or vacancy cluster42. The measured activation volume
(∼0.5 b3) for the initial displacement burst is of the order of a
vacancy volume (∼0.67 b3, ref. 41) after allowing for the effects
of hydrostatic pressure under the indenter and lattice relaxation
into the vacancy. However, the measured activation energy is only
about one-quarter of that required for a vacancy to migrate in
the bulk, and because dislocation climb is rate limited by vacancy
migration, we view mechanism (i) as relatively unlikely compared
with mechanism (ii).

It is also possible that incipient plasticity is controlled by the
presence of other heterogeneous nucleation sites: (iii) dislocation
sources could operate from stress concentrations at surface
asperities or irregularities40,43; (iv) the displacement burst may
correspond to a source activation event stemming from one or
more dislocations present beneath the indenter; the pre-existing
dislocations could perhaps be introduced earlier through process
(iii) above. Both mechanisms (iii) and (iv) are energetically
plausible, as dislocation source activation commonly has an
activation energy of the order ∼0.5 eV in face-centred-cubic
metals44. However, in these cases it is unclear why the activation
volume would have the low value we have measured.

The full details of the critical event character, and its variation
from one material to another, will certainly require additional
investigation. It is also possible that several of the above mechanisms
may all be active in a given set of experiments; this may explain why
the experimental data and model in Fig. 2 do not exactly match
at the tails of the curves. In any event, our findings indicate that
heterogeneous mechanisms of dislocation nucleation should be the
focus of future incipient plasticity studies.

Before concluding, it is useful to discuss the stresses involved in
dislocation nucleation. In our statistical framework, the athermal
shear yield stress for an average volume of platinum is found as
τ = ε/V ≈ 4.4 GPa. This large value is approaching the magnitudes
measured by other researchers using nanoindentation1,5,12–15,20,21,
who based their calculation on the maximum shear stress given
by the hertzian contact model. However, the present value is
marginally lower than the ideal shear strength of defect-free
platinum (∼5.3 GPa, ref. 45). Although these estimates of ideal

shear yield stress are approximate at best, the difference here could
be reflective of the proposed heterogeneous nature of the first
displacement burst, which would be expected to occur at lower
stresses than those required for homogeneous nucleation from a
perfect crystal.

The findings we have presented above point to a critical need
for atomistic simulations that involve realistic distributions of
point defects beneath a nanoindenter. They also may offer new
insights into the effects of size scale on plasticity, and the so-called
indentation size effect, which creates difficulties in extracting bulk
mechanical properties from nanoindentation data. In particular, the
transition from atomistic (nucleation-dominated) deformation to
continuum-level plasticity may be dependent upon the details of the
nucleation mechanism.

METHODS
EXPERIMENTAL MATERIAL
The experimental material was a (110)-oriented Pt single crystal of 99.999% purity from Goodfellow
(Berwin, Pennsylvania) which was chosen for its lack of a native oxide layer at ambient and higher
temperatures. The specimen was polished to r.m.s. roughness of <1 nm through a process of
mechanical polishing, followed by electropolishing in an aqueous solution of HCl and NaCl.

ELEVATED-TEMPERATURE NANOINDENTATION
Instrumented nanoindentation experiments were performed using a Triboindenter (from Hysitron,
Minneapolis, Minnesota) equipped with a commercial heating stage customized for the present
purposes. This system allowed for conductive heating of the specimen to test temperatures of 100 and
200 ◦C (in addition to room-temperature experiments), while shielding the displacement transducer
from the heat source with a cooled copper fixture (see Fig. 1b). The diamond indenter was mounted to a
shaft with low thermal conductivity, and had a Berkovich pyramidal geometry that was blunted into a
roughly spherical tip of radius ∼150 nm. For the indentations described here only the spherical portion
of the tip is relevant. The temperature was monitored and controlled using a J-type thermocouple in
direct contact with the Pt specimen, and indentations were selectively placed within 2 mm of the
thermocouple probe tip, and no closer than 5 µm to one another. Before the indentation experiments,
the tip was brought into contact with the specimen surface at a very light load of ∼2 µN, and the entire
system was allowed to equilibrate thermally for more than an hour; therefore the tip and specimen were
both at the same temperature during the nanoindentation experiments. For all subsequent indentations
performed at the same temperature, the tip was maintained in contact with the specimen surface to
promote thermal stability, and moved from one location to the next while maintaining the set-point
load of 2 µN. Using a separate thermocouple behind the heat shield, we have verified that the transducer
did not see elevated temperatures even while the sample was maintained within ±0.3 K of the set-point.
Provided that the system was allowed to equilibrate (with the tip in contact) for more than about an
hour, we found that thermal drift became essentially negligible and the natural resolution of the
instrument could be maintained without significant additional noise. The typical noise levels are
reflected in the P–h curves of Fig. 2a, which are similar at all test temperatures. Further details of our
procedures, including detailed measurements of thermal drift and noise, will be published separately.

The first displacement burst was identified by comparing the ideal elastic hertzian P–h curve with
the experimental data, and identifying the first point of departure. In every case this was correlated with
a horizontal (constant P) travel of the indenter tip (see Figs 1 and 2a). In some cases the indentation
loads were below the first displacement burst, and in these cases the loading and unloading curves fell
on top of one another, with no residual plastic indentation depth recorded. In situ contact-mode
imaging of the indented area after such an experiment revealed no residual impression, verifying that
the contact was purely elastic.

EVALUATION OF EQUATIONS (1)–(3)
The unknowns in equations (1)–(3) are the fitting parameters ε,V and ṅ0 , as well as the biasing stress
term, σ. The incipient plasticity problem describes the elastic–plastic transition so an elastic contact
model is appropriate for evaluating σ, and here we use the complete solution to the hertzian contact
problem as laid out in ref. 39. The indenter tip is taken as spherical with a radius of 150 nm, as measured
by fitting P–h curves on known standard materials (see, for example, ref. 27). The hertzian contact
solution gives the value of all the terms in the stress tensor at every point beneath the indenter, and the
local isostatic pressure p and maximum shear stress τ are easily evaluated for a known applied load. The
elastic properties of the diamond indenter and platinum substrate are also required in this evaluation,
and here we have used the temperature-dependent elastic moduli; the temperature effect is negligible
for the particular temperatures studied in this work.

The volume integral in equation (2) is evaluated in the cylindrical coordinates of the Hertz
problem. Because the integral is unbounded at infinite distances from the contact, a physically
reasonable cutoff distance is required. We have performed the integration out to four contact radii,
where the local stress values have dropped by a factor of ∼10, and where it is extremely unlikely that any
of the stress-biased events we are concerned with occur. Reasonable changes in the distance of
integration do not substantially influence the results reported herein. Because of the time-integral in
equation (3), the stress history of the specimen is also required (that is, σ as a function of t), and this is
related to the loading rate applied during testing (Ṗ) by means of the Hertz model. These mathematical
manipulations have all been performed numerically in the present work. The fitting of equation (3) to
experimental data was accomplished using an iterative procedure to minimize the squared error
between prediction and data.

As noted in the text, we have performed the fitting procedure described here in many ways. The
stress term σ was evaluated for shear-biased processes, pressure-biased processes, coupled
shear-plus-pressure biases in various combinations (that is, using a stress function σ = τ−αp with p the
hydrostatic pressure and the coefficient α ranging from zero to one), and even incorporating terms for
pressure-gradient energies, as might be relevant for vacancy-migration processes. We have also
considered locally resolved values of the shear stress (cognizant of the crystal symmetry and the slip
systems in face-centred-cubic platinum) in some evaluations. The details of all of these evaluations will
be reported in more detail in a future publication, but the main result reported here is found to be
essentially unchanged for any of these procedures. The activation volume and energy obtained with any
of these kinetic models is always of the same order as the values presented in the text. The attempt
frequency remained within the same range as that presented in the text, but was sensitive to small
changes in the activation volume and energy, as described elsewhere18.
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