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Review of Peritectic Solidification Mechanisms
and Effects in Steel Casting

GHAVAM AZIZI, BRIAN G. THOMAS, and MOHSEN ASLE ZAEEM

Surface quality and castability of steels are controlled greatly by initial solidification. Peritectic
steels suffer more from surface quality problems, including deep oscillation marks and
depressions, crack formation, and breakouts than other steels. This paper reviews current
understanding of the fundamental mechanisms of initial solidification of peritectic steels that
lead to these problems. First, different empirical relations to identify peritectic steel grades from
their alloy compositions are summarized. Peritectic steels have equivalent carbon content that
takes their solidification and cooling path between the point of maximum solubility in d-ferrite
and the triple point at the peritectic temperature. Surface defects are related more to the
solid-state peritectic transformation (d-ferrite fi c-austenite) which occurs after the peritectic
reaction (L + d fi c) during initial solidification. Some researchers believe that the peritectic
reaction is controlled by diffusion of solute atoms from c phase, through the liquid, to the d
phase while others believe that c growth along the L/d interface involves microscale heat transfer
and solute mixing due to local re-melting of d-ferrite. There is also disagreement regarding the
peritectic transformation. Some believe that peritectic transformation is diffusion controlled
while others believe that massive transformation is responsible for this phenomenon. Alloying
elements and cooling rate greatly affect these mechanisms.
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I. INTRODUCTION

THE castability of high-quality steel depends on

avoiding breakouts, cracks, and surface quality prob-
lems. The surface quality of steel products is mainly
determined by the early stages of solidification in the
meniscus region of the mold.[1–8] Steels which undergo
the peritectic transition are the most difficult to
cast.[2,9–14] This is attributed to the volume contraction
(shrinkage) associated with the peritectic phase trans-
formation.[15–17] This shrinkage leads to the formation
of an air gap between the steel shell and the mold during
the CC process and decreases the heat flux. This leads to
locally thinner and hotter regions of the solidified shell,

which causes uneven shell growth that leads to surface
depressions, deep oscillation marks, cracks, and
breakouts.[18–24]

Steels within the peritectic composition range include
high-strength low-alloy (HSLA) Steels, and recently
advanced high-strength steels (AHSS), which are all
used extensively in different products due to their
excellent mechanical properties, which include high
strength and toughness.[25–28] The automotive industry
is increasingly utilizing steels with peritectic composition
range (AHSS, HSLA, etc.), to reduce vehicle weight.
Peritectic steels are widely applied in pipelines, navy
vessels, and nuclear power plant components.[28,29]

Therefore, there is a great need to produce these steels
without defects.[25]

Peritectic steel solidification occurs in two distinct
stages involving liquid (L), delta-ferrite (d), and austen-
ite (c): the peritectic reaction (L + d fi c) followed by
the peritectic transformation (d fi c).[30–33] The peritectic
reaction occurs just below the peritectic temperature,
when liquid and delta-ferrite are in contact and react to
form austenite. This corresponds to the L + d + c
three-phase point in the binary phase diagram,[34] or to
the 3-phase region on sections through a multicompo-
nent phase diagram, such as shown in Figure 1(a).
During the peritectic reaction, an austenite layer grows
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along the L +d interface, as pictured in the upper right
frame of Figure 1(b). After the liquid locally runs out,
then the remaining d-ferrite transforms to austenite by
solid-state transformation. The peritectic transforma-
tion starts by thickening of the austenite layer immedi-
ately behind the tip of this advancing c platelet, as
shown in Figure 1(b),[35] where it proceeds on two
fronts, growing into both the liquid on one side of the
platelet and the d interior on the other. Later, toward
the center of the dendrite, the interior d–c interface has
moved far away from the liquid, so further austenite
growth into the d ferrite involves only a single moving
interface. Note that spatially, these different steps of
peritectic solidification occur at different places, and
proceed in different directions relative to the thermal
gradient, which is oriented downwards in Figure 1(b).

In this paper, the proposed mechanisms of peritectic
solidification are reviewed in detail and then the effects
of peritectic solidification on surface quality, austenite
grain size, hot ductility, segregation, and crack forma-
tion of cast product are discussed. But first, the different
calculations used to identify peritectic steel grades from
their compositions are summarized.

II. IDENTIFICATION OF PERITECTIC STEELS

As casting of peritectic steels is difficult, it is impor-
tant to identify a peritectic steel from its composition. If
a new grade of steel is predicted to be a peritectic, then
appropriate actions can be taken at the caster, such as
applying appropriate mold powders with high solidifi-
cation temperature to lower the surface cooling
rate,[36–38] and/or casting at a lower speed.[10] Low-alloy
commercial steels can be characterized by their carbon
content, with corrections according to the other alloying
elements. Predicting the occurrence of the problematic
peritectic transformation in high-alloy steels is more
difficult, and involves the relative amounts of more than
one other elements (such as carbon, nickel, and
chromium in stainless steels,[39] or in AHSS[40,41]).

In the Fe-C phase diagram for low-alloy steels,
shown in Figure 1, four different solidification behav-
iors can be categorized according to their effective
carbon content. These include range I, for effective
carbon content less than point CA, range II for carbon
between CA and CB, range III for carbon between CB

and CC, and range IV, for carbon above CC. Steels in
range II are known as peritectic steels and are the most
difficult to cast because they experience transformation
from d to c that coincides with the final stage of
solidification. While in range I, d to c transformation
starts and ends in the solid state. In range III, the
transformation occurs in the presence of liquid and in
range IV, the steel solidifies as austenite so the d to c
transformation does not take place at all and there is
no contraction.
The position of points CA, CB, and CC in the

pseudo-binary phase diagram of Fe and effective
carbon content have been defined in different ways in
previous research. When carbon is the only significant
alloying element, Point CA is given between 0.088 wt
pct C* and 0.1 pct C,[42–44] point CB ranges from 0.16
to 0.18 pct C,[41,43,44] and CC is about 0.53 pct C.[43]

The position and temperature of points CA, CB, and
CC change significantly according to the alloy content,
however. Alloying elements change the effective car-
bon content, and are classified as either ferrite formers,
which tend to shift the points to the right (higher
carbon) or austenite formers, which have the opposite
effect. Increasing alloy content also extends the ternary
(L + d + c) phase region in Figure 1. Different
experiments[41,45–49] have been conducted to determine
if a steel exhibits peritectic behavior, and different
empirical equations[50–55] have been proposed to pre-
dict this, as discussed in the next sections.*

Fig. 1—(a) Iron-carbon phase diagram showing peritectic steels (shaded) and their phase transformations and (b) schematics of the peritectic
reaction and subsequent peritectic transformation.

*All alloy compositions in this paper are given in weight pct.
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A. Experimental Measurements

Differential scanning calorimeter (DSC) measure-
ments can identify the temperatures of phase transfor-
mations in steels,[56–61] based on detecting the
accompanying small changes in enthalpy. This includes
the ability to identify peritectic steel grades from the
distinctive second peak in their enthalpy rate–tempera-
ture profile during cooling.[46,48,49,62] Confocal micro-
scopy, discussed in Section III can augment the DSC
measurements by visualizing these phase transforma-
tions.[62] The ultimate test is behavior in the commercial
caster, where peritectic steels experience more variations
and defects than other steels, as discussed in Section IV.

All alloys show a large peak in the DSC curves at high
temperature during the phase transformation between
the molten steel and either d-ferrite or austenite.[46] The
peritectic reaction, when present, generates a significant
second peak, at the lower ‘‘peritectic temperature’’[46,62]

because it involves austenite forming at the expense of
liquid, in addition to d ferrite. This second peak may not
appear in DSC cooling curves, however, if the cooling
rate is too high, for reasons discussed later.[46,62] The
solid-state transformation from d ferrite to austenite has
a small third peak,[46,62] which is often difficult to detect.

As an example, Figure 2 shows typical DSC results
for four steels,[41] which are supported by high-temper-
ature confocal laser scanning microscopy (HT-CLSM)
observations. Figure 2 shows one heating curve for a
typical non-peritectic steel (top left frame with 0.08 pct
C), so there is no significant enthalpy peak before
melting. The other three frames in Figure 2 all show a
second large, sharp peak due to the peritectic reaction,
indicating that these are all peritectic steels. This
includes a new advanced high-strength steel (lower right
frame with 2 pct Al), which is not correctly identified as
being peritectic by current models, which are discussed
in the next section.

B. Calculation Methods

Several different methodologies have been proposed
to predict if a steel is a peritectic, based on its exhibiting
adverse solidification behavior, such as susceptibility to
depressions and cracks. These methods include empir-
ical equations based on an equivalent carbon content
range, alloy-dependent critical points, ferrite potential,
and CALculation of PHAse Diagrams (CALPHAD)
methods. These are discussed in turn below.

Fig. 2—The DSC measurement of different steel grades. Reprinted with permission from Ref. [41].
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1. Carbon equivalent range methods
Several different models have been proposed to

predict if a steel exhibits peritectic behavior based on
calculating the carbon equivalent (CP) of the steel
alloy. If the calculated carbon equivalent is between a
critical range, such as falling between CA = 0.09 pct C
and CB = 0.17 pct C (peritectic region in Figure 1)
then the steel is considered to be peritectic and its
sensitivity to depressions and cracks is high. Wolf[52]

proposed the following equation for carbon
equivalent.

CP ¼ C½ � þ 0:02 Mn½ �
þ 0:04 Ni½ � �0:1 Si½ � �0:04 Cr½ � �0:1 Mo½ �; ½1�

where brackets contain weight percent of alloying ele-
ments. Howe[63] proposed the following alternative.

CP ¼ C½ � þ 0:04 Mn½ � þ 0:1 Ni½ �
þ 0:7 N½ � �0:14 Si½ � �0:04 Cr½ ��0:1 Mo½ � �0:24 Ti½ �:

½2�

Xia et al.[50] suggests the following equation for
calculation of carbon equivalent.

CP ¼ C½ � þ 0:02 Mn½ � �0:037 Si½ �
þ 0:023 Ni½ � �0:0189 Mo½ � �0:7 S½ � þ 0:0414 P½ �
þ 0:003 Cu½ � �0:0254 Cr½ � �0:0267 Ti½ � þ 0:7 N½ �:

½3�

Normanton and other researchers at Trico Steel and
British Steel[64] proposed two more equations for the
calculation of carbon equivalent,[64]

CP ¼ C½ � þ 0:01 Mn½ � þ 0:009 Si½ � þ 0:02 Ni½ �
þ 0:003 Cr½ � �0:007 Mo½ � þ 0:009 V½ � þ 0:008 P½ �
þ 0:147 S½ � þ 0:5 N½ � þ 0:007 Cu½ � þ 0:007 Ti½ �
þ 0:05 Al½ � þ 0:04 Nb½ �;

½4�

CP ¼ C½ � þ 0:043 Mn½ � �0:14 Si½ �
þ 0:1 Ni½ � �0:083 Cr½ � �0:063 Mo½ � �0:13 V½ �
þ 0:029 P½ � þ 0:11 S½ � þ 1:06 N½ �
þ 0:037 Cu½ � �0:024 Ti½ �: ½5�

As can be seen in Eqs. [1] through [5], the equivalent
weight concentrations of austenite-forming elements
(Mn, Ni, Cu, and N) are added to the C content and
the ferrite-forming element Mo is subtracted, as
expected. The elements P, Al, and Nb are ferrite-form-
ing elements,[65] yet their terms are added to the C
content in several equations. The effects of Si, Cr, Ti, V,
and S are not consistent between equations.

2. Alloy-dependent critical points methods
Blazek et al.[66] proposed a different method, defining

a steel as peritectic when its carbon content is between
CA and CB, which change with alloy composition as
follows:

CA ¼ 0:0896 þ ð0:0458AlÞ�ð0:0205MnÞ�ð0:0077SiÞ

þ ð0:0223Al2Þ�ð0:0239NiÞ þ ð0:0106MoÞ

þ ð0:0134VÞ�ð0:0032CrÞ þ ð0:00059Cr2Þ
þ ð0:0197WÞ;

½6�

CB ¼ 0:1967þ ð0:0036AlÞ � ð0:0316MnÞ � ð0:0103SiÞ

þ ð0:1411 Alð Þ2Þ þ ð0:05ðAlSiÞÞ�ð0:0401NiÞ
þ ð0:03255MoÞ þ ð0:0603VÞ þ ð0:0024CrÞ

þ ð0:00142 Cr2
� �

�ð0:00059ðCrNiÞÞ þ 0:0266W:

½7�

This relation, which was based on thermodynamic
calculations with ThermoCalc[67] is reported to be
accurate for many steel grades,[66] and has successfully
been implemented into several steel plants to enable
appropriate choice of mold powder and casting prac-
tice.[66] However, this relation may be inaccurate for
steels with high Si content. The sign of the Si term in the
effective carbon equations is negative (shift CA to the
left), which may be opposite to expectations, so this
term is controversial. Other studies[53] have confirmed
that increasing Mn shifts the peritectic range to the left
and agrees with Blazek[66] that Al shifts the peritectic
range to the right. Those studies also found that S shifts
the peritectic range to the left and P shifts it to the
right.[53] Clearly, there is still some disagreement regard-
ing the effects of several elements on peritectic
formation.

3. Ferrite potential
Wolf introduced the term, ‘‘ferrite potential,’’ as a

measure of the extent of peritectic behavior experienced
with a given steel alloy.[52] ‘‘Ferrite potential’’ is also
defined as the solid fraction of primary ferrite during
solidification. Using the ferrite potential concept, steels
can be categorized into depression-sensitive and
sticker-sensitive grades. Peritectic steels are depression
sensitive, owing to their greater shrinkage, and tend to
suffer from deep oscillation marks and uneven shell
growth, leading to surface cracks and other defects, as
discussed in Section IV. Non-peritectic steels are more
sticker-sensitive, tending to stick to the mold walls,
which leads to a higher risk of sticker breakouts.[68–70]

Although the ferrite potential is affected most by the
carbon content, it is also affected by other alloying
elements.[52] Some elements stabilize the austenite (Ni,
Mn, Co, N, and Cu) while others are believed to
stabilize the ferrite (Cr, W, Mo, Al, and Si).[65] For
low-alloy steels, the ferrite potential (FP) can be
calculated as follows[52]:

FP ¼ 1:25�2:5 CP½ �; ½8�

where CP is carbon equivalent and is calculated using
Eq. [1], where 0 <FP <1 indicates that the peritectic
reaction takes place during solidification. When FP is
in the range of 0.85 to 1.05 (peritectic behavior range),
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the tendency for depressions, crack formation, and
uneven shell growth is high. Steels in this range are
depression-sensitive grades (steel type A) and steels
outside this range (FP < 0.85 or FP > 1.05) are
sticker-sensitive grades (steel type B).[52] The effect of
ferrite potential on the tendency of depression forma-
tion is shown in Figure 3.

Sarkar et al.[55] generalized the Wolf ferrite potential
for peritectic solidification by including the effects of
alloying elements on the CA, CB, and CC points, as
follows:

CA ¼ 0:0927þ ð0:0471MnÞ�ð0:0859SiÞ�ð0:0237NiÞ

�ð0:5429SÞ�ð0:3553NÞ�ð0:0361TiÞ�ð0:0136NbÞ

þ ð0:0106VÞ þ ð0:1097Mn SiÞ�ð5:6239MnSÞ

�ð0:0165Mn2Þ;

½9�

CB ¼ 0:1716�ð0:0589MnÞ�ð0:1776SiÞ�ð0:0053CrÞ

�ð0:0410NiÞ þ ð0:0473AlÞ�ð0:9453SÞ

�ð0:0160PÞ�ð0:6884NÞ þ ð0:0283TiÞ�ð0:0147NbÞ

þ ð0:0285VÞ þ ð0:2342MnSiÞ;

½10�

CC ¼ 0:5274�ð0:0124MnÞ�ð0:1424SiÞ�ð0:0154CrÞ

�ð0:0981NiÞ þ ð0:0934AlÞ�ð0:3871SÞ

�ð0:0533PÞ�ð2:0916NÞ þ ð0:1226VÞ

þ ð0:2363MnSiÞ þ ð0:0729MnPÞ�ð0:0729Mn2Þ:

½11�

Using the same form as Wolf,[52] they[55] redefined
ferrite potential as follows:

FP ¼
CC � C½ �

CC � CA

; ½12�

where [C] is the carbon weight percentage. When
CC�CB

CC�CA
<FP<1 the steel is a depression-sensitive, or

‘‘peritectic,’’ grade and when 0<FP< CC�CB

CC�CA
or FP> 1

the steel is a sticking-sensitive grade. This new ferrite
potential criterion[55] has same critical range to define
peritectic behavior as the Blazek method, CA < [C] <
CB. This equation also matches the Wolf ferrite poten-
tial equation, for low-alloy steels containing Mn, Si,
Ni, Cr, and Mo, without considering sulfur.

4. CALPHAD method
Calculation of multicomponent phase diagrams using

commercial thermodynamics-based software like Ther-
moCalc[71] is an important tool for help in identification
of peritectic steels. Such modeling tools are better suited
for high-alloy steels than the pseudo-binary assumption
inherent in the empirical models presented in the
previous sections. However, the accuracy of these
software tools depends on their databases, which have
been developed only for a limited set of conditions.
Furthermore, reliable criteria are still needed to infer
peritectic behavior from the phase diagram predictions.
To do this, fundamental understanding of peritectic
behavior is needed, which is reviewed next.

III. MECHANISMS OF PERITECTIC

SOLIDIFICATION

Peritectic solidification has been investigated by
many researchers[32,72–78] and different mechanisms
have been proposed to explain the details of this
phenomenon. These include thermal diffusion of solute
atoms,[76] and/or re-melting of d ferrite,[31] to explain
the peritectic reaction and diffusion or massive trans-
formation to explain the peritectic transforma-
tion.[33,77–80] Many models[32,72–74] assume that the
peritectic reaction and transformation are both con-
trolled by the diffusion of solute atoms, especially
carbon in plain-carbon steel and nickel in alloy steels.
Some measurements, by diffusion couple[75] and direc-
tional solidification experiments,[79] agree with these
diffusion-control mechanism. However, other experi-
mental studies[31,33,76,80–82] have shown that the rates
of the peritectic reaction and transformation are very
fast, especially c-austenite layer growth along the
liquid/d-ferrite interface in the peritectic reaction,
and especially under realistic, non-equilibrium condi-
tions. Recent phase-field simulations suggest that these
high rates can be explained by diffusion.[83–85] Other
researchers claim that these observations cannot be
explained by diffusion mechanism(s) alone, and have
suggested other mechanisms, including microscale heat
transfer and fluid mixing involving d-ferrite re-melt-
ing,[31,76,80] and massive transformation.[31,33,86–89] In
the following sections, different proposed mechanisms
for the peritectic reaction and peritectic transforma-
tion in steels are discussed in turn, after introducing
the experimental methodologies used to obtain sup-
porting measurements for these mechanisms and their
models.

Fig. 3—Ferrite potential indicator of peritectic steel behavior
showing sensitivity of these (type A) steels to depressions, contrasted
with sticking tendency of other (type B) steels. Redrawn with
permission from Ref. [52].
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A. Experimental Methods for Studying Peritectic
Solidification

Four experimental methods have been widely used to
study peritectic solidification, including the solid/liquid
diffusion couple experiment, high-temperature confocal
laser scanning microscopy (HT-CLSM), X-ray imaging,
and directional solidification.

In the solid/liquid diffusion couple experi-
ment,[75,90–94] a steel alloy is melted in a crucible and
then is slowly cooled down to a specific temperature (for
example 1696 K) to crystallize a small amount of the
austenite, leaving residual liquid with an equilibrium
carbon content at peritectic point. Then, a sample of a
different steel alloy (d-ferrite) from a lower temperature
furnace is positioned just above the alloy already in the
crucible. The two alloys are then brought into contact
with each other for a preset length of time, forming a
diffusion couple, before rapidly dropping into ice water.
A longitudinal cross section is etched to reveal the
solidification microstructure, and the thickness of the
austenite formed between the regions formerly contain-
ing d-ferrite and liquid, as well as measuring the carbon
distribution. Although it is a powerful technique to
investigate solidification under isothermal condi-
tions,[95,96] other methods are needed for realistic high
cooling rates.

HT-CLSM,[41,56] is a powerful improvement to the
conventional optical microscope that focusses a laser
beam into a small area on the surface of a high-tem-
perature sample of molten steel.[33,62,80,97–99] While
carefully cooling at a desired rate, solidification on the
liquid surface can be observed by building up images
pixel-by-pixel from photons emitted from the fluo-
rophores. The different solid and liquid phases can be
distinguished due to their emissivity differences.
HT-CLSM can operate at high temperatures (over
1800 �C), has controllable depth of field[100,101] and high
resolution (0.15 lm).[102] It can record high-frequency
images in real time for realistic cooling rates (e.g., 3000
�C/min)[102] and sample sizes (e.g., 8 mm).[102] Even
though only the surface can be seen, the ability of
HT-CLSM to visualize peritectic solidification in situ
and in real time is revolutionizing our understanding of
the phenomenon.

Time-resolved X-ray imaging has recently been
applied to investigate solidification of steels.[82,103–105]

In a synchrotron radiation facility, hard X-rays with
photon energy ranging from 10 to 100 keV can penetrate
through the bulk metallic material to obtain X-ray
images. These systems feature high-contrast, high-reso-
lution images due to monochromatic light, high coher-
ency, and high brightness. X-ray imaging has the big
advantage over HT-CLSM of being able to observe the
real three-dimensional microstructure evolution inside
the bulk volume of the sample.[104]

Finally, directional solidification is a laboratory
process in which molten metal is drawn downward at
a controlled withdrawal speed, V, through a controlled
temperature gradient, G.[106–108] Heating block temper-
atures beside the sample path are controlled to maintain
steady-state conditions in the moving sample in the
frame of reference of the laboratory, with a stationary
solidification front located between the hot zone toward
the top of the apparatus and the cold zone below. This
continuous process enables controlled conditions for
experimental measurements of solidification, which
include the concentration and microstructure profiles.
Although the thermal field tends to stabilize the process,
the concentration field may produce fluid flow and
morphological instabilities near the solidification front,
depending on how the liquid density varies with solute
concentration.[109] These opposing effects may cause
instabilities that equilibrate in amplitude, making this
system an excellent vehicle for the careful study of phase
transformation dynamics.[110] Due to its ability to
control the local casting conditions, which may enable
high thermal gradients[111] and deep supercool-
ing,[112–114] this technique is good for fundamental study
of solidification behavior, especially when combined
with X-ray imaging to observe the in situ microstructure
evolution.[115,116]

B. Diffusion Control Mechanism for the Peritectic
Reaction

Many modeling and experimental investigations of
the peritectic reaction in steel have concluded that it is
controlled by the diffusion of solute atoms, especially
carbon.[75,80,86,90,98,117] According to the equilibrium
Fe-C phase diagram (Figure 1), at the peritectic tem-
perature, d-ferrite at only 0.1 pct C is in equilibrium with
austenite at 0.18 pct C and liquid at 0.52 pct C. Growth
of the austenite plate thus requires the rejection of solute
(carbon) into the liquid, which is proposed by many to
be limited by the rate of solute diffusion through the
liquid away from the region, specifically carbon in this
case. As this peritectic solidification phenomenon occurs
at high temperatures (1495 �C in Fe-C binary alloys),
early experimental investigations were rare. Thus, early
studies of peritectic solidification applied analytical
models based on diffusion laws to study the peritectic
reaction of steel.[32,72–74]

Many models of the peritectic reaction have been
developed to predict the growth rate of the austenite
layer along the d-ferrite/liquid interface during the
peritectic reaction, which are based on solving Fick’s
second law for the diffusion of solute atoms through the
austenite phase and mass balances on solute transport
across the interfaces.[72,73] One analytical solution for
the c-platelet growth rate, Vc

[74] in a hypothetical binary
Fe-m system, includes the effects of tip radius on the
interfacial diffusion:
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Vc ¼
9

8p

� �

DL
m

q

� �

x2; ½13�

x ¼
X

1� 2X
p
� X2

2p

;
½14�

X ¼
ðC

L=c
m � C

L=d
m Þ

ðC
L=c
m � C

c=L
m Þ

; ½15�

where DL
m is the diffusion coefficient in the melt of the

solute, m such as carbon[33] or nickel,[117] through the
liquid steel, q is the tip radius of the edge of the grow-
ing austenite plate along the d/L interface (Fig-
ure 1(b)); X is relative dimensionless supersaturation
of solute atoms in the liquid above equilibrium at the

two interfaces; C
L=c
m and C

L=d
m are the solute atom con-

centrations in the liquid in equilibrium with the c and

d phases, respectively; and C
c=L
m is carbon concentra-

tion in the c in equilibrium with the liquid. These dif-
fusion models typically assume no barrier to c-phase
nucleation upon reaching the peritectic temperature.[73]

This model was extended to better consider surface
tension and the capillarity (Gibbs–Thompson) effect
between c austenite and d ferrite[74]

Vc ¼
27DLRT k

c=L
fe � k

c=L
m

� �

C
L=c
m � C

L=d
m

� �

128prd=cVL
m

X

x

� �3

; ½16�

where R is the gas constant; k
c=L
fe and k

c=L
m are the par-

tition coefficients of iron and solute, respectively, at

the L/c interface; rd=c is the surface tension between d
and c and is equal to the interface elastic strain energy

per unit area at the interface between d and c; and VL
m

is the molar volume of the liquid steel. Lateral growth
rate is strongly dependent on X, which determines by
the shape of the phase diagram just below the peritec-
tic temperature. The above calculations were con-
ducted for an Fe-Ni binary system for different X

values and the calculated growth rates agree reason-
ably well with measured growth rates.[80]

The peritectic reaction has been studied at different
temperatures[75] using the method proposed by Ueshima
et al.[86] The results showed that decreasing temperature
increases the peritectic reaction rate.[75] This is suggested
to be due to the significant increase in carbon concen-
tration gradient in the interfaces of austenite with liquid
and d ferrite caused by decreasing temperature. The
accompanying decrease in the diffusion coefficient is too
small to offset the increase in concentration gradient.[75]

Images in Figure 4 from a HT-CLSM study of a
hyper-peritectic alloy with 5.1 pct Ni[80] show that
austenite appears at the triple point formed by the
boundaries of two planar d grains with the liquid. This
austenite platelet grows very fast with lateral movement
along the L/d interface, and thickens as it

simultaneously grows slowly into both the liquid and
the d ferrite. The measured lateral growth rate (peritectic
reaction) increases from 30 to 145 lm/s with increasing
cooling rate.[80] This sequence of peritectic reaction steps
has been reported for hyper-peritectic carbon steel
(Fe-0.42 pct C)[33] and for Fe-Ni systems.[117] Lateral
growth (peritectic reaction) was much faster (2970 lm/s)
in the Fe-C alloy than in the Fe-Ni alloy. This was
attributed to the higher diffusion rate of carbon in Fe-C
liquid than Ni in Fe-Ni liquid.[33]

In another experimental study on Fe-4.7 pct Ni[98]

observing the growth rate of austenite platelets during
the peritectic reaction, it was concluded that the nickel
diffusion field controlled the growing austenite plates,
which is greatly influenced by the tip radius at the edge
of the plate. Three regimes were observed for austenite
growth along the d-ferrite/liquid interface: (1) constant
tip shape and velocity of two austenite platelets growing
toward each other, while their diffusion fields are
independent, (2) flattening tip shape and decreasing
velocity, when the plates approach each other, and their
diffusion fields likely begin to interact; and (3) sudden
distortion of the platelet tips, and increasing velocity,
when the adjacent growing austenite tips interfere,
indicating that their diffusion fields have drastically
changed.[98]

C. d-Ferrite Re-melting Mechanism for the Peritectic
Reaction

Based on experimental observations, several research-
ers have concluded that the peritectic reaction velocity is
very fast and thus cannot be controlled only by diffusion
of carbon through the c phase.[31,76,80] The re-melting of
ferrite ahead of advancing c phase during the peritectic
reaction has been proposed by Hillert[118] as an impor-
tant mechanism that controls the peritectic reaction.
This phenomenon has been confirmed by experimental
observations[31,76] and phase-field simulations which
include both diffusion and microscale heat transfer[85,119]

and are discussed in the following paragraphs.
Hillert[118] proposed that re-melting of the d-ferrite

interface occurs near the d/c/L triple point near the edge
of the growing austenite platelet tip. Furthermore, this
re-melting was proposed as evidence for a new

Fig. 4—Lateral growth of c at L/d interface in the early stages of the
peritectic reaction of Fe-4.86 pct Ni alloy. Reprinted with permission
from Ref. [80].
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mechanism for control of the peritectic reaction rate.
During cooling from above the peritectic reaction
temperature, the formation of austenite with composi-

tion of CL
c causes the rejection of carbon into the liquid

ahead of austenite plate which is growing along the L/d
interface. In this situation, the carbon concentration at
the L/c interface (C

c
L) is higher than the carbon

concentration at the L/d interface (Cd
L), as shown in

Figure 5. The d ferrite is in contact with liquid which is
enriched with carbon (above the equilibrium concentra-
tion) so it leads to some re-melting of ferrite.

Recent experiments[76] by in situ HT-CLSM observa-
tion (Figure 6) obtained visual evidence of this proposed
mechanism for the peritectic reaction, in which a thin
austenite plate grows along the interface and re-melting
of ferrite takes place at the edge of the growing austenite
platelet. This landmark experimental observation
revealed that the tip velocity at the edge of the growing
austenite layer is in the range of 1.4 9 103 to 12.5 9 103

lm/s. These researchers argued that this rate is higher
than that can be explained by diffusion of carbon alone,
and that the rate-limiting step in the peritectic reaction is
dissipation of the latent heat of transformation, rather
than carbon diffusion.[120] Although these experimental
observations are very clear, other mechanisms cannot be
dismissed, because surface phenomena might affect the
behavior being visualized on the surface in these
microscope images, relative to that in the bulk volume
interior of the sample and the real process.

The analytical model in Eqs. [13] through [15] was
used to calculate the growing velocity of an austenite
plate[76] due to carbon diffusion, and even for a very low
tip radius of 0.15 lm, the predicted tip velocity was
much lower than the experimentally observed rate in an
Fe-C system[76] of 400 to 12,500 lm/s at high under-
cooling. Thus, it was concluded that the peritectic
reaction is not controlled by carbon diffusion alone.[76]

Considering the latent heat of transformation, the
re-melting of d-ferrite was proposed to improve the
prediction of the reaction rate. Growth rates were
calculated using the following equation for directional
solidification[121]:

Vmax ¼
KsGs

qL
; ½17�

where Ks is the thermal conductivity, taken for d fer-
rite, Gs is the thermal gradient in the solid (K/m), q is
density, and L is the latent heat of fusion, taken to be
62.8 kJ/kg for peritectic transformation in this 0.18 pct
C alloy, The calculated growth rates of the austenite
platelet with and without considering re-melting are
compared in Figure 7. Without considering re-melting,
the tip velocities are 19 to 855 lm/s for thermal gradi-
ents of 1 to 45 K/mm, which are considerably lower
than the measured velocities. Including 50 kJ/kg of
latent heat released by austenite formation to remelt
some of the d-ferrite, the calculated reaction velocity
increased to 315 to 12,500 lm/s, which is in the range
of the measurements.
Based on these findings, an alternative mechanism for

the peritectic reaction was proposed. Some of the latent
heat released by the austenite formation could remelt
some nearby ferrite. Then, instead of requiring diffusion
to transport carbon away from the solidifying austenite
tip, the re-melted d ferrite (0.1 pct C) mixing with the
enriched liquid (0.52 pct C) ahead of the austenite tip
(0.18 pct C) could produce liquid at roughly the required
composition for the solid austenite. The austenite tip

Fig. 5—Linearized Fe-C phase diagram showing phase compositions
at different interfaces (solid black lines show equilibrium; dashed
black lines show metastable extensions, and thick dashed red lines
show undercooled conditions where peritectic reaction actually
occurs). Reprinted with permission from Ref. [76] (Color
figure online).

Fig. 6—HT-CLSM images of the peritectic reaction in Fe-0.18 pct
C, (a) start of peritectic reaction, (b) initiation of austenite layer at
liquid/d-ferrite interface, (c) growth of austenite layer along that
interface, (d) close-up of austenite layer showing re-melting of
d-ferrite ahead of its growing edge, and (e) schematic of previous
frame. Reprinted with permission from Ref. [76].
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therefore can grow into liquid at about the same
composition, without the need for much carbon diffu-
sion. This would enable the high austenite growth rates
observed.

The re-melting phenomenon has also been observed
by other HT-CLSM experiments.[31] A sequence of
events during intermittent austenite growth in a Fe-0.43
pct C alloy near equilibrium is shown in Figure 8, with a
schematic illustrating the expected temperature evolu-
tion provided below. To explain the discontinuous
growth in this figure, these authors argue that the
re-melting of d-phase occurs first and causes the sudden
c plate growth. When temperature is relatively constant,
all three phases are proposed to be in equilibrium and
no diffusion takes place (Figure 8 top frames 1, 3, 5, and
7). Decreasing temperature creates a driving force for
diffusion. In both Fe-C and Fe-Ni systems, this driving
force is much higher for the solute atoms than for the

iron atoms. Thus, the partitioning of solute atoms
occurs first and causes re-melting of some d-ferrite phase
(Figure 8 top frames 2, 4, 6 with dashed lines and
temperature drops). After a certain amount (length dL)
of d has re-melted, the c phase grows into the re-melted
region. This mechanism agrees with Hillert[118] but
contrasts with Phelan et al.[76] who believe that the
re-melting of d ferrite takes place due to the dissipation
of latent heat released during the growth of the c. The
re-melting phenomenon has been also reported in
peritectic solidification of Fe-Ni alloys.[80]

The d-ferrite re-melting phenomenon has been con-
firmed by several phase-field modeling studies.[84,122–124]

For example, Figure 9 shows how the d/c/L triple point
and associated interfaces move during c growth at
different undercoolings.[85] In addition to a sharper tip
radius, increasing undercooling causes the d/L interface
near this junction to move toward the d phase, which
indicates some re-melting of the d region.
In another phase-field modeling study[119] of the

peritectic reaction focusing on the L/d/c triple point,
the liquid region expands toward the d ferrite, as shown
in Figure 10, again indicating melting of the d-phase in
front of the growing c platelet. This melting reduces the
local supersaturation, which enhances growth of the c
platelet. Thus, it appears that the peritectic reaction is
controlled by a complex mechanism that involves
microscale heat transfer that causes some re-melting of
d ferrite near the tip of the advancing c platelet, and
mixing of solute in the liquid phase, in addition to solute
diffusion.

D. Diffusion Control Mechanism for Peritectic
Transformation

Many researchers have proposed that the peritectic
transformation in steel is controlled by diffu-
sion.[31,32,74,75,125,126] The austenite layer initially grows
laterally along the L/d solidification front, and locally
replaces the L/d interface with a thin layer of austenite,

Fig. 7—Calculated growth rates of an austenite platelet along the
liquid/d-ferrite interface with and without consideration of d-ferrite
re-melting. Reprinted with permission from Ref. [76].

Fig. 8—Sequence of events during incremental growth of c in a Fe-0.43 pct C alloy, showing temperature and microstructure at different times.
Reprinted with permission from Ref. [31].

METALLURGICAL AND MATERIALS TRANSACTIONS B VOLUME 51B, OCTOBER 2020—1883



which is the peritectic reaction discussed in the previous
sections. After the L/d/c triple-point junction has moved
past, the remaining c layer thickens by growing into
both the solid d and into the liquid. This transformation
of the d ferrite and liquid to austenite, which takes place
by solid-state phase transformation on one side of this
layer (dfi c), and the direct solidification of austenite on
the other side (L fi c), is referred to as the peritectic
transformation. In the mechanism discussed in this
section, the growth of both sides of the austenite layer is
controlled by diffusion.

Fredriksson and Nylén[32] proposed that the peritectic
transformation is controlled by diffusion of solute from
the melt to the d ferrite through the c austenite layer.
They derived a theoretical model for the thickening rate
of c during the peritectic transformation (F-N model)
assuming that (1) the peritectic transformation is con-
trolled by diffusion and proceeds at a low undercooling;

(2) the interface concentrations are in equilibrium; (3)
the concentration gradients are linear in all three-phase
regions:

@dd=c
@t

¼
Dc

dc

C
c=L
m � C

L=c
m

C
c=d
m � C

d=c
m

 !

; ½18�

@dL=c
@t

¼
Dc

dc

C
c=L
m � C

c=d
m

C
L=c
m � C

c=L
m

 !

; ½19�

where
@dd=c
@t and

@dL=c
@t are the growth rates of c toward d

and toward the melt, respectively; dc is the instanta-
neous c layer thickness; Dc is the diffusion coefficient

in c; C
c=L
m and C

L=c
m are the equilibrium concentrations

of solute m in c and in the melt at the L/c interface,

respectively, and C
c=d
m and C

d=c
m are the corresponding

equilibrium concentrations in c and in the d ferrite at
the d/c interface. Other researchers[125,127–130] proposed
similar analytical diffusion-based models for describing
peritectic transformation in different alloys.
The F-N model was used[126] to calculate c platelet

growth due to carbon diffusion during the peritectic
transformation in Fe-C systems. At an undercooling of
5 �C below the peritectic temperature, and a cooling rate
of 1 �C/min, the calculated growth rate with this model
agreed well with experimentally observed growth rates
for Fe-0.42 pct C, as shown in Figure 11.[126] Although
the F-N model agrees reasonably well with measure-
ments at low undercoolings for Fe-C alloys,[31] at high
undercooling the F-N model predicts considerably
slower growth rates than measured.[75,90]

In the F-N model it is assumed that there is complete
mixing of solute in both the primary liquid and in the d
phase. This assumption may be reasonable for isother-
mal conditions or low cooling rates. However, when the

Fig. 9—Shape of interfaces calculated near the triple-point junction during the peritectic reaction at different undercoolings. Reprinted with
permission from Ref. [85].

Fig. 10—Phase-field simulation of tip region of the growing c
platelet, where L represents the original liquid region, and L¢
represents the liquid region formed by melting some d phase.
Reprinted with permission from Ref. [119].
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cooling rate is fast, there is a substantial solute buildup
in the liquid ahead of the c/L interface, creating a solute
gradient in the liquid. A diffusion-controlled analytical
model of isothermal peritectic transformation was
developed that considers solute diffusion in all three
phases including this liquid solute gradient and reported
good agreement with measurements.[131]

Experiments using the solid/liquid diffusion couple
method measured[75] austenite plate thickness growth,
based on etching to resolve the prior L/c and c/d
interfaces. The measured growth of the austenite plates
with time, while holding at 1696 K is shown in
Figure 12.

The increase in measured thickness, x, fits roughly
with the theoretical exponent of 0.5 for diffusional
growth:

xc=L ¼ 5:4t0:57; ½20�

xc=d ¼ 80t0:5; ½21�

xt ¼ 85:7t0:5; ½22�

where t is time (s), xc=L and xc=d are the thickness (lm)

of the c-phase solidified from the liquid phase and
transformed from the d-phase, respectively, and xt is
the total thickness of the c platelet. The measured
growth rates in this experiment match the calculated
growth rates, based on the diffusion-control
mechanism.[74]

These curve-fits of measured results show that during
peritectic transformation, the c/d interface does not
move until carbon concentration at this interface
increases, according to the solid-state partitioning
observed between the solvus lines in the phase diagram
(Figure 1). This solute buildup requires carbon atoms to
diffuse from the liquid phase through the c-phase to this
c/d interface. As shown in Figure 13, when carbon
concentration in the ferrite is less than 0.09 pct C, the
interface moves very slowly until carbon concentration
reaches saturation (equilibrium) at the interface. The
growth rate then follows the classic parabolic growth
(0.5 exponent function) expected for diffusion-con-
trolled systems.
Other investigations of this peritectic transformation

have confirmed this growth relationship with the square
root of time using measurements based on HT-CLSM
observations.[31,33] The rate constant, 85.7 lm/�s in
Eq. [22], actually depends on the diffusion coefficient of
carbon in austenite, and the difference of carbon
concentration at the d/c and c/L interfaces.

Fig. 11—Calculated and observed migration of the c layer toward d
and toward the melt during the peritectic transformation of Fe-0.42
pct C alloy. Reprinted with permission from Ref. [126].

Fig. 12—Growth process of austenite phase at 1696 K. Reprinted
with permission from Ref. [75].

Fig. 13—Measured movement of the c/d interface during the
peritectic transformation at 1763 K for various initial carbon
contents in the d-phase. Reprinted with permission from Ref. [75].
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HT-CLSM has also been used to measure isothermal
peritectic reaction rates in Fe-Ni systems and compared
with model predictions.[117] Observations showed that
increasing undercooling caused increasing reaction
rates. With low undercooling, the diffusion coefficient
is high, so the driving force due to undercooling controls
the reaction rate.[117] At high undercooling, however, the
reaction rate decreases due to decreasing diffusion
coefficient, which comprises a diffusion-controlled
regime. These trends were confirmed by calculations
with another diffusion model[72] but that model consid-
erably underpredicted the measurements. This was
attributed to inaccurate diffusion coefficients in the
molten metal and the neglect of diffusion in the solid.

Diffusion couple experiments showed that[132,133]

increasing cooling rate increased the migration rate of
both d/c and L/c interfaces. For all cooling rates, the d/c
interface moved much faster than the L/c interface.[75]

This has been attributed to the smaller difference in
carbon concentration at the d/c interface. Figure 14
shows that at higher cooling rates, the total austenite
thickness growth rates exceed the square root of cooling
time relationship expected from simple diffusion.

It has been experimentally shown that the peritectic
transformation in steel can be very fast and thus difficult
to explain by diffusion alone.[33,77] This implies that the
peritectic transformation might be controlled by other
mechanisms. Many researchers have used phase-field
modeling to investigate these possibilities.

Phase-field models have become an efficient method
to simulate phase boundary evolution during phase
transformations.[134–138] Phase-field models are based on
minimizing total free energy everywhere in a highly
refined computational grid of a representative solidify-
ing domain, including bulk free energy, interfacial
energy, and elastic strain energy. Its advantages over
other methods include its ability to calculate the

microstructure morphology, without needing to track
the location of assumed interfaces, and to include the
diffusion of multiple solute elements.[134]

Earlier works[75] found that the d/c interface moves
faster than the L/c interface, as already mentioned. But
phase-field simulations predict that increasing cooling
rate from 10 to 100 K/min should cause this trend to
reverse,[87,120] so at 100 K/min the L/c interface moves
faster. This is due to changes in the solute profile in the
liquid, as shown in Figure 15. A flatter solute profile is
predicted at 10 K/min than at 100 K/min. According to
the diffusion mechanism, the carbon flux from austenite
to the liquid depends on the carbon diffusion coefficient
and the concentration gradient in the liquid, as per
Fick’s Law. Early researchers ignored this change of
carbon concentration in the liquid so do not predict this
reversal in the growth rate trend.
Peritectic solidification was simulated[83] using

another phase-field model which showed that growth
rates of the c phase follow parabolic growth kinetics by
focusing on the dependencies of the peritectic transfor-
mation on the values of the partition coefficient and
solid diffusivities.[139] The distance travelled by each

interface is governed by a parabolic law xij ¼ aijt
1=2 in

which aij is a ‘‘parabolic’’ rate constant. The dependence
of this parabolic rate constant on the partition coeffi-
cient (kdc) is shown in Figure 16. aLc is almost indepen-
dent of partition coefficient, but adc decreases
considerably as the partition coefficient increases. This
is because the concentration difference at the c/d
interface increases with increasing of kdc; while the
value of kLc has no effect on the concentration difference
at c/d interface. By raising concentration difference at
the c/d interface, the amount of solute that must diffuse
for d/c transformation increases, and consequently the
migration distance of the c/d interface decreases.
The relationship between parabolic rate constant and

diffusion coefficient is shown in Figure 17. The rate
constant at the c/L interface is independent of solid
diffusivity but the constant rate at the c/d interface
decreases with decreasing solid diffusivity. Migration of
the c/d interface was more sensitive to Dd than to Dc;
due to the larger concentration gradient in the c phase
than in the d phase. When the solid diffusivities are too
small, the peritectic transformation rate is determined
only by c solidification. These authors conclude that the
peritectic transformation is initially controlled by
solid–solid transformation, and when the solid–solid
interface velocity decreases, austenite plate thickens by
direct solidification.
Additionally, isothermal peritectic transformation has

been simulated for dilute Fe-C alloys, by focusing on a
single c-platelet growing into the L- and d-phases.[119,131]

The interfaces were assumed to be in quasi-equilibrium
and peritectic transformation governed by diffusion.
The results matched expectations that by increasing
undercooling, the tip growth velocity of platelet
increases considerably, as seen in Figure 18. At the
same time, the platelet thickness decreases. Experimen-
tal data for a Fe-0.43 pct C alloy[77] are also included in

Fig. 14—Effect of cooling rate on the relationship between total
austenite platelet thickness and square root of cooling time.
Reprinted with permission from Ref. [132].
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this figure. Phase-field simulation of peritectic reaction
and transformation in an Fe-Mn system[140] again
indicated that diffusion was rate controlling.

E. Massive Transformation Mechanism for the Peritectic
Transformation

Massive transformation has been proposed as another
explanation of the high velocities observed for the
peritectic transformation.[33,80–82,88,141] Massive trans-
formation involves a change in crystal structure on an
atomic scale without compositional partitioning or
solute diffusion, and typically occur during rapid cool-
ing.[142,143] Massive transformations are observed when
the competing equilibrium transformations involving
solute diffusion are prevented (constrained), such as the
austenite to a-ferrite transformation in steel at high
cooling rates.[144,145] Massive transformations are ther-
mally activated, meaning that they proceed when a
particular temperature is reached, more according to
when the volume free energy of the new product phase is
lower than the parent phase, more than when a certain
diffusion-controlled compositional requirement is
achieved. They require nucleation of the new phase
and growth, due to the random migration of individual
atoms across the interphase boundary[146,147] and they
involve length scales that are so short range that
diffusion effects are very small.[147] Once nucleation
takes place, the new phase grows at high velocities (up to
1 to 2 cm/s) with approximately the same rate in all
directions. The rate of massive transformation is

Fig. 15—Comparison of simulated solute profiles at cooling rates of 10 K/min (left) and 100 K/min (right), in an Fe-0.18 pct C alloy, under a
temperature gradient of 200 K/cm, at the initiation of the peritectic transformation. Reprinted with permission from Ref. [120].

Fig. 16—Dependence of parabolic rate constant, aij, on partition
coefficient, kcd: Reprinted with permission from Ref. [139].

Fig. 17—Dependence of parabolic rate constant on the diffusion
coefficient. The diffusion coefficients, Dd and Dc, were defined as Dd

= qd Dd
i and Dc = qc Dc

i , respectively, with Dd
i = 4 9 10�9 and Dc

i

= 6.0 9 10�10. Reprinted with permission from Ref. [139].

Fig. 18—Tip velocity of platelet as a function of undercooling.
Reprinted with permission from Ref. [119].
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between diffusional transformation rates (nm/s) and the
diffusionless martensitic transformation, which occurs
at a velocity near to the speed of sound (~ 103 m/s).[65]

As discussed in earlier sections, the rate of peritectic
solidification of steel in undercooled conditions is very
high, and is claimed by some researchers not to be
explained by the diffusion models discussed previ-
ously.[33,80–82,88,141] The observed high transformation
rates have been attributed to massive phase transfor-
mation from d to c or to direct solidification of c from
liquid. In fact, non-equilibrium conditions were pro-
posed to constrain the nucleation of c phase until
considerable undercooling below the peritectic temper-
ature and then upon nucleation, growth proceeds
extremely fast. Different nucleation constraints and
transformation mechanisms have been proposed and
are discussed in the next sections.

Peritectic solidification in Fe-0.14 pct C alloys was
measured[33] to be very fast (3.64 to 5.45 mm/s) for the
peritectic transformation (thickening of c austenite to
ferrite and liquid). The thickening rate of austenite is
between 3.64 and 5.54 mm/s. Also the migration rate of
the c/d interface was measured to be faster than the
migration rate of the L/c interface during the peritectic
transformation. In Fe-0.14 pct C, the peritectic trans-
formation was believed to be too fast to be controlled by
diffusion,[33] which was instead attributed to massive
transformation. On the other hand, in Fe-0.42 pct C, the
peritectic transformation was believed to be controlled
by diffusion.[33] No explanation was provided to explain
the difference between these two alloys.

Others researchers[80] used HT-CLSM to study peri-
tectic solidification in an Fe-5.1 pct Ni system. Again,
high peritectic transformation rates were observed and
attributed to massive transformation. This was attrib-
uted to the primary d-ferrite being a metastable phase
which transformed massively to c.

Peritectic solidification in a medium-alloy steel[81] has
been studied using directional solidification and thermal
analysis. Segregation of chromium which was measured
by EPMA appeared to cause direct solidification of
austenite from liquid without a peritectic reaction.[148]

Based on the alloy segregation pattern and presence of
lattice defects and thermal analysis, these authors argue
that the peritectic transformation where austenite pre-
cipitates directly from d ferrite is a diffusionless trans-
formation, which started at 5 K undercooling.[81] This
transformation caused an observed sudden rise in
temperature, followed by diffusion-controlled
transformation.

Yasuda et al.[82] investigated peritectic solidification in
a Fe-0.45 pct C-0.6 pct Mn-0.3 pct Si using a syn-
chrotron radiation X-ray system. Two different mech-
anisms were proposed for solidification of this alloy
according to the cooling rate. At 10 K/min, the first d
dendrite grows and later transforms to c austenite,
proceeding from the root to the tip of the dendrites, as
illustrated in Figures 19(a) and (b). This transformation
occurs in the mushy region and is essentially conven-
tional, diffusion-controlled peritectic solidification.

At a higher cooling rate of 50 K/min, however, the
specimen initially solidified without c phase formation
and later after complete solidification, the d grains all
transform into c phase in the solid state suddenly, within
1 second. This transformation occurred 100 K below the
liquidus temperature. Because the d/c phase transfor-
mation occurred in the single c phase region, these
researchers argued that solute redistribution was not
required. The relatively large undercooling suggested
that c nucleation was difficult, so the eventual peritectic
transformation from d to c was governed by a massive
transformation. Furthermore, the volume shrinkage of
this transformation was suggested to induce melt flow to
explain the white grooves in the specimen in
Figure 19(d).

F. Nucleation Constrained Peritectic Solidification
Mechanism

As discussed above, massive transformation may
occur when diffusional transformations are constrained,
which may occur with high cooling rates and under-
coolings. In this situation, the delay of nucleation of the
peritectic reaction step is proposed to combine it with
the peritectic transformation step into a single massive
transformation mechanism for peritectic solidifica-
tion.[80–82,148] Two different mechanisms have been
proposed to constrain c nucleation, to enable massive
d/c transformation, which are discussed in the following
subsections.

1. Nucleation constraint due to high d/c interface
energy
Several researchers have recently proposed that mas-

sive transformation is the mechanism for peritectic
solidification, due to the delay of c nucleation in d ferrite
sufficiently to prevent the peritectic reaction, owing to
high d/c interfacial energy.[82,141] In situ observations of
peritectic solidification using synchrotron radiation
X-ray imaging in Fe-0.45 pct C-0.6 pct Mn-0.3 pct Si
alloy were used to explain absence of a conventional
peritectic reaction. Instead, at cooling rates above 0.3 K/
s, very fast solid-state d/c transformation was
observed.[82] The d/c massive transformation needs
much higher undercooling than the peritectic reaction,
which suggests that difficulty with c nucleation was
responsible for this undercooling. This nucleation diffi-
culty was attributed to poor lattice matching between
BCC d ferrite and FCC austenite.[149] Due to the high
nucleation energy of 0.41 J/m2 needed to create the d/c
interface,[141] the peritectic reaction to form c was
prevented until high undercooling.[82] Then, once the
first austenite nucleus formed, the next nuclei of
austenite grains form simultaneously.
To investigate the d–c massive phase transformation

mechanism, the nucleation of c phase on various
interfaces was investigated using phase-field model-
ing.[141] The simulation results showed that after the
first austenite nucleus forms on the d/c interface, the
driving force (energy barrier) needed to form each
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additional nucleus drops by half. This suggests the
eventual possibility of athermal nucleation, where there
is no need for thermal activation. Heterogeneous nucle-
ation onto existing c phase is much easier than forming
new nuclei. This is termed concurrent c phase nucle-
ation, as sketched in Figure 20.[141] Following initial
nucleation at d/d grain boundaries, subsequent nuclei
form onto the initial nuclei, where the energy barrier is
lower, and later at triple junctions. These predictions
agree with in situ observations of d/c massive transfor-
mation which measured average d/c interface velocities
of 200 mm/s.[89] This accelerated nucleation mechanism
deserves further study, including investigation of the
role of solute redistribution, in order to clarify this
massive transformation mechanism to explain peritectic
solidification.

2. Nucleation constraint due to solute diffusion
Many experimental studies have reported consider-

able undercooling for nucleation of austenite in peritec-
tic solidification, and propose that d to austenite
transformation takes place by massive transformation,
due to atomic diffusion through the solute field at the L/
d interface.[77,85,150]

At non-equilibrium solidification conditions, there is
a large solute gradient between liquid and d ferrite. Prior
to nucleation, clusters of atoms with an FCC crystal
structure (austenite) are proposed to form within the
solute diffusion field from liquid to d ferrite and as
solute atoms pass through these clusters, the rates of
attachment and dissolution of atoms to the clusters
differ. This flux of solute atoms through the cluster is
proposed to increase its Gibbs free energy for c
nucleation, which increases the undercooling required
for nucleation.[88]

This mechanism to explain the high undercooling for
c nucleation was investigated using a HT-CLSM cou-
pled with a concentric solidification technique.[88] Fe-C
and Fe-Ni alloys were examined for the same conditions
and cooling rates (7 �C/s) and it was observed that even
though the concentration gradient of nickel was ~ 10
times higher than that of carbon, the higher diffusivity

of carbon (Dd
C ¼ 5� 10�9 m2/s) led to a much higher

flux JdC = 0.15 lm/s of carbon atoms compared to the

flux JdNi = 0.007 lm/s of nickel atoms (Dd
Ni = 2.1 9

10�11 m2/s). Measurements have shown that the neces-
sary undercooling for d/c phase transformation in Fe-C
alloy is 8 K, whereas in the Fe-Ni alloy this

Fig. 19—X-ray images of Fe-0.45 pct C alloy solidification suggesting diffusion-controlled peritectic reaction at 10 K/min (a) early time and (b)
later time; and massive d/c transformation at 50 K/min (c) early time and (d) later time. Reprinted with permission from Ref. [82].
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undercooling is only 1 K, so peritectic solidification
takes place by massive transformation and diffusion of
solute atoms, respectively.[88]

The solidification of steels with 0.1, 0.18, and 0.43 pct
C was investigated using HT-CLSM,[77] which noted the
decrease in primary d fraction with increasing C
content, leading to different solute gradients at the d/c
interface and different undercoolings observed for c
nucleation. As shown in Figure 21, three different
morphologies of peritectic transition were observed
for the three steels, which were classified into three
different solidification modes. In 0.43 pct C steel, the
peritectic reaction takes place near equilibrium condi-
tions at 63 lm/s, with a planar morphology, so is
proposed to be diffusion controlled. For 0.18 pct C, the
peritectic transformation proceeded with 3 K under-
cooling at 6000 lm/s followed by cellular/dendritic
growth. Finally, in 0.1 pct C steel, massive transforma-
tion of d into c occurred within a fraction of a second
with 22K undercooling below the equilibrium peritectic
temperature. These results were confirmed by other
researchers.[150]

IV. EFFECTS OF PERITECTIC

SOLIDIFICATION

Understanding peritectic solidification in steels is of
great practical importance, because peritectic solidifica-
tion causes many different problems during commercial
casting processes such as continuous casting. These
problems include the formation of deep oscillation
marks, surface depressions, and interfacial gaps in the
mold that lead to lower heat flux, thinner, and non-uni-
form (rippled) solidified shell thickness and accompa-
nying catastrophic breakouts, increased susceptibility to
surface crack formation and accompanying oxide sliv-
ers, larger austenite grain size leading to lower hot
ductility, and consequently more defects in the final
product, including internal cracks and accompanying
macrosegregation. The following sections explore cur-
rent understanding of these effects of peritectic
solidification.

A. Mold Heat Transfer and Shell Growth

During casting of steel, heat flux from the solidifying
steel to the mold is a strong function of carbon
content,[9,22] as seen in Figure 22, where the lowest heat
transfer rate is measured for the peritectic 0.10 pct C
steel. This landmark observation was first published by
Singh and Blazek,[9] based on continuous casting of 83
9 83 mm square billets on a laboratory caster at 21 mm/
s. The corresponding shell thickness profiles were also
measured for different steel grades, by inducing break-
outs during operation. The measured shell growth
profiles roughly follow the parabolic relation,[151]

s ¼ kt0:5; ½23�

where s is solidified shell thickness, t is solidification
time below the meniscus in the mold, and k is the
solidification constant. The shell of the peritectic steel
is thinner, as seen in the measurements in Figure 23,
so the solidification constant in Eq. [23] is only 22
mm/�min for the peritectic (0.1 pct C) steel, compared
with over 25 mm/�min for low-carbon (0.05 pct C)
and high-carbon (> 0.2 pct C) steels. Although the dif-
ference is small, it is very consistent and very signifi-
cant to steel quality, as explained later. This slower
shell growth of peritectic steels is caused by the gener-
ally lower mold heat transfer, shown in Figure 22, and
was suggested to be caused by shrinkage differences
related to the solid-state transformation from d-ferrite
to c, which is discussed in Section IV–C.[9]

More important than the thinner shell, however, is the
jagged nature of the shell thickness profile for the
peritectic steel, which indicates the much larger vari-
ability in shell growth of this steel grade. Figure 24
compares the appearance of the surface and interior of
peritectic and non-peritectic steels.[9] While non-peritec-
tic (0.4 pct C) steels solidify with a relatively smooth
interior, the peritectic steel (0.1 pct C) experiences severe
ripples on the inside of the shell. In commercial casters,
these ripples, which represent local thin, hot, and weak

Fig. 20—Concurrent c-phase nucleation as a possible mechanism of
d to c massive phase transformation in carbon steel showing
austenite nuclei at different times. Reprinted with permission from
Ref. [141].
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regions in the solidifying shell, are extremely detrimental
because they often lead to dangerous and costly break-
outs, which are more common in peritectic steels.[152]

These ripples and thin spots in peritectic steel shells
are caused by corresponding deep depressions on the
shell surface. Figure 24 also clearly shows the rough
surface of the peritectic steel billet which contains many
depressions.[9] In contrast, the high-carbon (0.4 pct C)
steel which has a smooth shell thickness profile also has
a very smooth surface. A close-up of a breakout shell in
Figure 25 shows that each oscillation mark or depres-
sion on the shell surface causes a thin region in the shell,
in proportion to its severity.[153] The cause of the surface

depressions is not due to variations in oscillation of the
mold, because the mold in this study was not
oscillated.[9]

B. Surface Depressions and Air Gap Formation

Depressions and oscillation marks in the as-cast shell
surface can be characterized by the surface roughness,
which during initial solidification corresponds to deeper
interfacial gaps between the shell and the mold. Mea-
surements of commercial-cast steel show that peritectic
steels and ultra-low-carbon (ULC) steels experience
much more surface roughness problems than other steel

Fig. 21—Three different modes of the peritectic phase transition observed during concentric solidification in a HT-CLSM: (a) planar
(diffusion-controlled), (b) coarse cellular/dendritic (diffusion-controlled), and (c) fine cellular/dendritic (massive transformation). Reprinted with
permission from Ref. [77].

Fig. 22—Effect of carbon content on mold heat-transfer rate during
continuous casting. Reprinted with permission from Ref. [9].

Fig. 23—Steel shell growth profiles during continuous casting,
comparing peritectic (0.10 pct C) and non-peritectic (0.7 pct C) steel
grades. Reprinted with permission from Ref. [9].
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grades, as shown for example in Figure 26.[17] This
figure is clearly the inverse of Figure 22 (with the
addition of data points for ULC steel), which indicates
that the rougher surface increases the thermal resistance
of the interface between the mold and shell, which

directly causes lower heat transfer. Many other studies
have confirmed that peritectic steels experience deeper
air gaps and rougher as-cast surfaces.[19,21,154–156]

Fundamental experimental investigation of this
behavior can be obtained from the study of free
deformation of a solidifying droplet, which was mea-
sured for different steels by Dong.[157] Steel droplets
solidified onto a chill plate exhibit a curved bottom
shape, with a curvature that varies strongly with carbon
content. The greatest curvature, indicating lift-off from
the plate, was observed with near to pure iron (or
‘‘ultra-low’’ carbon steel) and with near to 0.1 pct C
(peritectic steel). Both plain low-carbon hypo-peritectic
steel (e.g., 0.05 pct C) and higher-carbon hyper-peritec-
tic steel (e.g., 0.2 pct C) show much less curvature
(flatter surface) and consequently less gap formation
and depression-related problems.

C. Steel Shrinkage Behavior

A direct measurement of the effect of carbon content
on solidification shrinkage with time in a steel ingot
casting is shown in Figure 27.[16] A peak in shrinkage is
observed for the peritectic steel (0.1 pct C). Note that
this peak arises very early during solidification. The
increase in shrinkage relative to other grades is about 0.3
mm, which remains constant during subsequent
solidification.[16]

Measurements of thermal contraction in binary
alloys[158] naturally show a peak for peritectic steels
(0.1 pct C), as shown in Figure 28. Shrinkage contrac-
tion during the solidification of steels with 0.05 to 0.2 pct
C has been measured.[159,160] Peritectic steels (0.1 and
0.13 pct C) achieved their maximum contraction within
a few seconds of solidification, perhaps explaining their
propensity for surface depressions. In low-carbon steels,
the maximum contraction arises after solidification is
complete.[159,160]

The root cause of the shrinkage peak in peritectic
steels is the d fi c transformation from body-cen-
tered-cubic d to face-centered-cubic c, which decreases
the molar volume by 2.5 to 3.0 pct.[161] Shrinkage
calculations of a solidifying steel shell, such as given in
Figure 29, show that linear shrinkage increases with
time for all steel grades.[17] For peritectic steel (0.126 pct

Fig. 24—Surface and cross section views of solidified shells of
continuous-cast steel billets, comparing (a) peritectic steel and (b)
non-peritectic steel. Reprinted with permission from Ref. [9].

Fig. 25—Close-up of steel breakout shell showing local thin regions
caused by corresponding deep surface depressions. Reprinted with
permission from Ref. [153].

Fig. 26—Effect of carbon content on the surface roughness of the
solidified shell. Reprinted with permission from Ref. [17].
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C), the shrinkage is considerably larger, especially near
the start of solidification. With low-carbon steels, the d
to c transformation occurs somewhat later, after the
solidified shell is thick enough to withstand the shrink-
age, so perhaps is the reason for less bending deforma-
tion due to shrinkage in these grades.[17]

Another study of shrinkage behavior with steel
grade[15] noted that in low-carbon (0.05 to 0.09 pct C)
steel, the temperature range of the d/c transformation is
12 to 40 K, while for ultra-low-carbon (0.003 pct C) and
peritectic steel (0.18 pct C) this transformation theoret-
ically occurs at a unique temperature. Thus, they
concluded that ULC and peritectic steels should expe-
rience more severe shrinkage problems, owing to the
narrow temperature range and accompanying high rate
of d/c transformation. In contrast, the d/c transforma-
tion is much slower in low-carbon steels, so the
shrinkage is presumably less.[15] In a hyper-peritectic
steel containing 0.45 pct C or more, all of the d ferrite
transforms to c while liquid is still present, leaving c to
solidify directly from the residual molten steel after the
peritectic reaction is completed. Thus, the volume
shrinkage accompanying the d/c transformation can be
accommodated by liquid infiltration and does not lead
to shrinkage problems, which require relative shrinkage
between two solid (or nearly solid) phases. The rate of d/
c transformation is suggested to play an important role
on the formation of shrinkage depressions and their
consequences of air gap formation and cracks.[15]

Other researchers[19] explored the reason for more
uneven shell growth in ULC and peritectic steels
(relative to low-carbon and hyper-peritectic steels),
building on that the idea that the rate of the d/c
transformation is faster in ULC and peritectic steels. A
‘‘stress index’’ was proposed by simply calculating the
product of the shrinkage volume occurring for solid
fraction from 0.7 to 1.0, and the estimated d/c transfor-
mation rate. This index is shown in Figure 30 as a
function of carbon content.[19] The agreement of this
index with measured trends suggests that uneven shell
growth may worsen with increased cooling rate.[15]

Another index of solidification shrinkage was also
proposed as a criterion for crack susceptibility, Rv, as
follows,[20]

Fig. 27—Influence of carbon content on shrinkage of steel ingots at
various times. Reprinted with permission from Ref. [16].

Fig. 28—Influence of carbon content on thermal contraction of
iron-carbon alloys at different temperature intervals below solidus
temperature. Reprinted with permission from Ref. [158].

Fig. 29—Calculated shrinkage of solidifying shell vs. time from the
start of casting. Reprinted with permission from Ref. [17].
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Rv ¼ DVð1� LÞ; ½24�

where L is the mass fraction of liquid remaining after
peritectic solidification estimated from the lever rule
on the Fe-C phase diagram, and DV is the volume
shrinkage of peritectic solidification, calculated from

DV ¼

1
q1
� 1

q2
1
q1

; ½25�

where q1 is the density of (L + d), and q2 is the den-
sity of c, (L + c) or (d + c), using measured steel den-
sity at different temperatures and phase fractions.[20]

This Rv index is shown in Figure 31 to reach a peak
for peritectic steels as expected, and again suggests
that solidification shrinkage due to the d/c volume
change is the main reason for depression problems in
these grades. This figure also suggests that the peak
moves to higher carbon contents with segregation and
non-equilibrium cooling conditions.

To explain how d/c shrinkage leads to depressions, it
is important to note that bending to form a depression is
more complex than simple linear shrinkage. Tempera-
ture gradients leading to shrinkage gradients is one
mechanism to explain this behavior. Wolf and others
have proposed another mechanism, that microstructure
non-uniformities during the peritectic transformation
may also contribute: Figure 32 suggests two different
possible scenarios.[162] At high cooling rates, or with
peritectic steels which may have insufficient carbon
diffusion to the interior of the dendrites, Figure 32(a)
illustrates how austenite might nucleate first on the
dendrite exterior, with mainly transverse movement of
the c/d interface inwards, leaving d ferrite along the
center of each dendrite. When that d ferrite eventually
transforms to c, the shrinkage would be mainly trans-
verse (perpendicular to the solidification direction),
leading directly to bending strain (and depressions) or
to interdendritic hot-tear cracks, if the bending were
constrained. At low cooling rates, or with higher carbon
content, Figure 32(b) depicts how the d/c interface
might propagate from the dendrite tip to its root,
following the isotherms under equilibrium conditions.
This would lead to axial shrinkage of the dendrite length
in the solidification direction, which would not tend to
cause any bending or tensile stress across the interden-
dritic region. Such microstructural effects should be
explored as a potential mechanism for the increased
bending and cracks observed in peritectic steels.

Fig. 30—Effect of carbon content on stress index (product of
solidification volume and d/c transformation rate). Reprinted with
permission from Ref. [19].

Fig. 31—Rv shrinkage index variation with carbon content for
different cooling conditions. Reprinted with permission from Ref.
[20].

Fig. 32—Schematic of different directions of the peritectic
transformation, (a) transverse shrinkage at high cooling rates or
carbon starved (peritectic), which leads to depressions and cracks
and (b) axial shrinkage at low cooling rates or high carbon, C> 0.2
pct which leads to no problems.[162]
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In addition to the importance of increased shrinkage
on the behavior of peritectic steels, many researchers
have noted that austenite is much stronger than d-ferrite
at a given temperature.[12,163,164] Advanced thermal-me-
chanical computational models have been applied to
investigate the effect of steel alloy (carbon content) on
thermal distortion of the bottom of solidifying steel
droplets,[165] and on deflection of the tip of the solidi-
fying steel shell during a level drop in a continuous
casting machine near the meniscus.[12,163] These models
include the temperature, phase fraction, and composi-
tion dependency of both the steel density (and corre-
sponding shrinkage) and the strength, using an
elastic–viscoplastic constitutive relation. The predictions
of these models match the observed trends of increased
bending deformation in ULC and peritectic steels.
Sample results, shown in Figure 33, reveal that these
steels experience deeper depressions, which become
much more severe with level fluctuations.[12,163]

D. High-Temperature Ductility and Hot Tearing

Cracks form during commercial casting processes due
to a combination of metallurgical embrittlement and
tensile stress. Most longitudinal surface cracks and
internal cracks are caused by a hot-tearing mechanism

during initial solidification that involves severe embrit-
tlement and failure strains of only about 1 pct. Steel
composition plays a critical role, in part, because it
controls the high-temperature ductility. Many studies
have been conducted on steel ductility, as reviewed
elsewhere,[166–168] so only a few points relevant to
peritectic steels are emphasized here.
Metallurgical properties during solidification are

shown schematically in Figure 34. Above the zero
strength temperature (ZST), the steel behaves like liquid,
and any applied tensile strain will simply pull apart the
dendrites, and draw liquid in to fill the space. Below the
liquid impenetrable temperature (LIT), the feeding of
bulk liquid is prevented by the dendrite network. Below
the zero ductility temperature (ZDT) or non-equilibrium
solidus temperature, solidification is sufficiently com-
plete that the solid can withstand significant load and
ductility is high. Between LIT and ZDT is a brittle
temperature range that is susceptible to hot tearing.
Others suggest a brittle temperature range between the
ZST and ZDT.[169] In these critical temperature ranges,
strength is low due to the liquid matrix, so any applied
tensile strain will open up a crack, which is filled by
drawing in surrounding segregated liquid. Strain sources
include mechanical deformation, thermal contraction,
and the d/c phase transformation. The typical solid

Fig. 33—Simulated shell tip distortion for three steel grades with and without level fluctuations, showing increased depressions in ULC and
peritectic steels. Reprinted with permission from Ref. [12].
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fraction between LIT and ZDT is 0.9 to 0.99, which
extends with increasing cooling rate, to below the
equilibrium solidus temperature.[13,170]

Many researchers have investigated the important
effect of alloying elements on high-temperature steel
ductility.[171–178] Residual impurity elements, such as S,
P, Cu, Sn, Sb, and Zn, are well known to be detrimental
because they segregate into the interdendritic liquid,
lowering the ZDT and thereby decreasing the failure
strain.[168,171] Many of these elements have low partition
coefficients, leading them to concentrate in the austenite
phase.[2] Phosphorus, for example, segregates during
solidification to austenite over 10 times more than when
solidifying to ferrite.[2] Alloys which undergo the

peritectic reaction, change their solidification mode
from ferritic to austenitic, leading to more segregation,
lower ZDT, and lower high-temperature ductility.
Alloys with higher segregation have lower non-equi-

librium solidus temperature (Ts) and consequently have
thinner effective shell thickness, that is completely solid
with mechanical strength. Figure 35 shows that the
peritectic steels (0.1 pct C) have the highest effective shell
thickness, while high-carbon steels suffer the most
embrittlement and are thus more prone to hot-tear
cracks.[2] However, the thicker effective shell of the
peritectic steels experiences more bending and being
stronger, can support a higher ferrostatic pressure, thus
leading to deeper surface depressions. Consequently,
increased interfacial gap resistance, leading to lower
heat flux in the mold decreases the shell growth locally
and creates hot spots, so it increases the risk of surface
crack formation and breakouts.[3,11,13,18–20]

E. Internal Cracks

Internal cracks are one the most important problems
affecting commercial steel casting processes, such as
continuous casting. These cracks form due to hot
tearing as a result of tensile stresses which are induced
by mechanical deformation, thermal contraction, and
phase transformation, combined with the loss of hot
ductility near the solidus temperature discussed in the
previous section. They are generally not actually cracks,
because interdendritic liquid is drawn in between the
separating dendrites to prevent an actual void. However,
this results in a region of macrosegregation in the shape
of the crack. This macrosegregation is a worse product
defect than a void, because it cannot be closed or
otherwise removed by rolling or other subsequent
operations. It is important to note that during initial
solidification, the mushy zone is at the surface of the
steel strand, so surface cracks, especially longitudinal
surface cracks, can initiate at the meniscus due to the
same high-temperature embrittlement and hot-tearing
mechanism as internal cracks.
Many investigations on cracks due to hot tearing

during casting of steel alloys have been conducted and
are discussed in this section. Different criteria for
hot-tear crack formation have been proposed, including
critical strain[169,171,179–183] and critical fracture
stress.[184,185] Critical strain for internal crack formation
has been reported to range from 0.5 to 3.8
pct,[169,181,182,186] or from 1.6 to 2 pct,[187,188] depending
on the steel composition. One critical strain criterion for
peritectic steel (0.14 pct C) suggests a critical tempera-
ture range of Ta �30<T (K)<Ta where Ta is the 0.85
solid fraction temperature.[181] Increasing strain rate is
reported to decrease the critical failure strain,[189]

perhaps because it lessens the time available for liquid
feeding.[171] Won suggests the following critical strain
criterion for hot-tear cracking of plain-carbon steels,
based on an empirical fit of many measurements[171]:

ec ¼
0:02821

_e0:3131DT0:8638
B

; ½26�

Fig. 34—Schematic of temperatures relevant to high-temperature
embrittlement and hot-tearing cracks during steel solidification.
Reprinted with permission from Ref. [171].

Fig. 35—Influence of C content on (a) characteristic temperatures in
the strand shell and (b) assumed constant planar interface position,
Ym, and effective shell thickness, Ys, considering P-segregation.
Reprinted with permission from Ref. [2].
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where ec is the critical strain which when exceeded
locally causes a hot tear; _e is the local strain rate; and
DTB is the critical temperature range for the alloy, cor-
responding to the solid fraction range of 0.9 to 0.99
pct solid, which equals LIT - ZDT. Because strain and
strain rate are tensors with different components which
accumulate with time, attention should be paid to their
directions, which could differ.[190] It should be noted
that this criterion predicts that high-carbon and
high-alloy steels with high solidification temperature
ranges (and large DTB) experience smaller critical
strains, so are easier to crack. In contrast, peritectic
steels experience smaller solidification temperature
ranges, and so have higher critical strains, which
agrees with the high-temperature hot ductility findings
discussed in the previous section.[171] Higher strain rate
also decreases the critical strain and makes cracks
more likely, but is difficult to quantify.

Other researchers have suggested critical fracture
stress in the mushy zone as a criterion for crack
formation.[23,191–194] The fracture stress of solidifying
shell has been measured using submerged split chill
tension testing method.[184,195] According to this crite-
rion, hot-tear cracks form in the mushy zone when the
maximum principal stress exceeds the local tensile
strength of the steel at that temperature.[196] Other
researchers[197] using tensile testing at elevated temper-
ature found that steels which undergo the peritectic
reaction are more susceptible to crack formation,
especially when the solidification experiences massive
transformation, owing to the fast shrinkage contraction.

Another crack criterion is based on the difference of
deformation energy in the brittle temperature range and
is shown in Figure 36 as function of carbon content,
along with an experimentally measured crack index.[171]

Peritectic steels (0.12 pct C) are predicted to experience
the largest tendency for cracking. This was attributed to
the large d/c transformation strain during solidification
leading to higher strain rates. High strain rates also
decrease the critical strain for crack formation. These
results have been confirmed by Bernhard et al.[198]

These predictions agree with other research that
suggests that steels with carbon content of 0.1 to 0.14
pct C are more susceptible to internal cracking.[14,199,200]

However, they appear to disagree with some of the
critical strain predictions discussed earlier. This dis-
agreement between different cracking criteria suggests
that simple empirical relations are not easy to apply and
that phenomena such as local shell thinning and strain
concentration must be considered when predicting crack
formation, as discussed in the next section.

F. Longitudinal Surface Cracks

Many studies[9,22,201,202] have found carbon content to
be the most critical factor which affects the formation of
longitudinal surface cracks. Because they usually initiate
during initial solidification near the meniscus, longitu-
dinal surface cracks are governed by the same high-tem-
perature ductility properties that govern internal cracks.
In addition, they are greatly influenced by surface
depressions, where strain can concentrate in the thin
shell beneath them. Longitudinal surface cracks are
formed most in the range of 0.09 to 0.18 pct C
(hypo-peritectic range), as shown in Figure 37.[203] This
was attributed to the higher rate of shrinkage accom-
panying the d/c transformation, which can be repre-
sented by the corresponding density increase.[203]

Despite having high shrinkage, longitudinal cracks do
not formed as much above 0.18 pct C. This was
suggested to be due to more liquid feeding available to
compensate the shrinkage in these hyper-peritectic
steels.
Other researchers[24] have investigated critical strain

for crack formation in different steel grades using tensile
and bending tests, and found that critical strain in
peritectic steel is almost two times that of non-peritectic
steels (Figure 38). Thus, the longitudinal surface cracks
which form during the continuous casting of peritectic
steels are not caused by higher intrinsic crack sensitivity
of these steels, but rather by the hot spots at the base of
depressions caused by the d to c phase transformation in
the early stages of solidification.

Fig. 36—Effect of carbon content on experimentally measured crack
index and on difference of deformation energy in the brittle
temperature range. Reprinted with permission from Ref. [171].

Fig. 37—Effect of carbon content on longitudinal surface crack
index. Reprinted with permission from Ref. [203].
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G. Intermediate-Temperature Ductility Drop, Austenite
Grain size, and Transverse Cracks

Many surface cracks, especially transverse cracks,
arise due to tensile stress and embrittlement of the
austenite grain boundaries at intermediate temperatures.
A significant drop of ductility of steel at intermediate
temperatures, from ~ 700 �C to above 900 �C, has been
the subject of many studies, reviewed elsewhere.[173] This
ductility drop or ‘‘trough’’ is due to the formation of
precipitates, including sulfides and nitrides, which
weaken the austenite grain boundaries, especially when
soft and weak primary ferrite nucleates on the bound-
aries to form ferrite films or networks. Embrittlement is
much more severe when the austenite (c) grains are very
large, because any applied tensile strain concentrates
within a small number of grain boundaries.[178,204–208]

Intermediate-temperature ductility loss is important to
transverse surface cracks, because they tend to form due
to axial and unbending strain low in a continuous

casting machine, when surface temperatures often fall
within the critical temperature range for the intermedi-
ate-temperature ductility trough.
It has been widely reported that transverse cracks

form only in the presence of abnormally large austenite
grains, where a film of ferrite or precipitate form along
the boundaries.[209–211] These abnormally large grains
are sometimes referred to as ‘‘blown grains.’’ Peritectic
steels are reported to experience larger austenite grain
size than steels with either lower or higher carbon
content.[212] Austenite grain size increases rapidly with
increasing temperature, due to grain growth, as shown
in Figure 39.[211] This figure also shows that near-peri-
tectic steel (0.16 pct C) experiences grain growth earlier
and eventually attains a larger size.
Other researchers have confirmed that near-peritectic

steels, such as 0.17 pct C, have larger austenite grain size
than other steels, as shown in Figure 40.[205,213] It is
suggested that[214] because liquid and d ferrite hinder the
growth of c grains,[215] austenite grains start to grow
immediately after transformation into the single phase c
region.[215,216] Adding phosphorus to 0.1 pct C steel has
been shown to decrease the primary austenite grain
size.[217,218] This was attributed to delaying the d/c
transformation to a lower temperature range.
Austenite grain size can be predicted by[219]

�D ¼ 9:1� Tc � 3152
e
_T

1þ e _T

" #

� 9044; ½27�

where �D is the final austenite grain size in lm; Tc is
the highest temperature of the totally austenitic region

for the steel composition (�C), and _T is the local cool-
ing cooling rate (�C/s). Predictions at 3 different cool-
ing rates for steels with different carbon contents and
0.3 pct Si and 1.5 pct Mn all match closely with mea-
surements for similar grades, as shown in Fig-
ure 41.[219] These results confirm that austenite grain
size is larger in peritectic steels, with huge grains
exceeding 1 mm diameter in many cases.
Transverse cracks are more severe with deep surface

depressions and oscillation marks.[213,219–221] This is
expected because the greater interfacial resistance
between the shell and the mold leads to lower heat flux,

Fig. 38—Effect of carbon content on the critical strain for crack
formation. Reprinted with permission from Ref. [24].

Fig. 39—Austenite grain growth with temperature and carbon
content (in situ melted and cooled from 1580 �C to test temperature
at 16.8 �C/min). Reprinted with permission from Ref. [211].

Fig. 40—The c grain size change by carbon content in terms of c
single-phase temperature in Fe-C phase diagram. Reprinted with
permission from Ref. [205].
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and a hotter, thinner, and weaker shell beneath the
depression, as discussed earlier. Heat transfer model
calculations in Figure 42(a) show the expected temper-
ature distribution near a group of deep oscillation
marks. Surface temperatures beneath the oscillation
mark can increase up to several hundred degrees hotter
than the nearby steel surface, owing to the lower heat
transfer, especially if the interfacial gap contains air.[153]

The hotter surface causes a thinner and weaker shell,
which matched thickness profile measurements on a
breakout shell. The hotter surface also enables more
grain growth, leading to coarse austenite grains and

strain concentration in these areas, as shown schemat-
ically in Figure 42.[153] Below the mold, spray cooling
can make the strand surface temperature become more
uniform, but cannot reduce the large austenite grain size
on the surface. In summary, transverse cracks are more
common in peritectic steel than in other steel grades for
two reasons. Firstly, the increased shrinkage of these
steels causes deeper oscillation marks and surface
depressions, which result in higher surface temperatures
beneath the depressions. Secondly, austenite grain
growth in these steels begins at higher temperature,
leading to generally larger austenite grains beneath the
surface depressions. Both effects lead to decreased
intermediate-temperature ductility, increased strain con-
centration, and increased transverse crack formation in
peritectic steels.

V. CONCLUSIONS

This paper summarizes current understanding of
peritectic solidification of steel, and its important effects
on commercial casting operations. Specific findings
include the following:

� Several empirical relations are available to predict if a
steel alloy will exhibit peritectic behavior according to
its composition, especially carbon content. These in-
clude criteria based on carbon equivalent ranges,
alloy-dependent critical points, ferrite potential, and
CALPHAD methods. Although already successful,
further work is needed, as different relations differ
regarding the influence of some alloying elements,
including Si, Cr, Ti, V, S, P, A, and Nb. The trends
are clear for austenite-forming elements Mn, Ni, Cu,
and N and ferrite-forming Mo.

� Fundamental mechanisms to explain peritectic solid-
ification have been investigated using experiments
which include calorimetry, diffusion couples, direc-
tional solidification, HT-CLSM, and X-ray imaging
methods, and computational models which range
from simple analytical diffusion equations to sophis-
ticated phase-field simulations.

� Under equilibrium conditions, peritectic solidification
proceeds in two distinct steps: the peritectic reaction
and the peritectic transformation.

� The peritectic reaction takes places when austenite
nucleates and grows as a thin layer along the liquid/
d-ferrite interface at or just below the peritectic tem-
perature. It is governed by diffusion of solute (carbon
in plain Fe-C steels), especially in the liquid, and
likely also depends on microscale heat transfer that
causes local re-melting of d-ferrite and liquid/solute
mixing near the d/c/L triple point.

� The peritectic transformation first involves growth of
the austenite layer thickness in both directions: into
the liquid (L fi c) on one side, and into the d-ferrite
interior (d fi c) on the other side, which separates the
d-ferrite and liquid by a thickening layer of austenite.
Some believe that this transformation is controlled by
diffusion, especially with low undercooling below the
peritectic temperature. At high undercooling, the

Fig. 41—Measured and predicted austenite grain size vs. equivalent
carbon content. Reprinted with permission from Ref. [219].

Fig. 42—Close-up of solidifying steel shell in the mold showing (a)
simulated temperature contours near a group of deep oscillation
marks and (b) schematic of resulting grain structure leading to
transverse cracks. Reprinted with permission from Ref. [153].
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transformation is extremely fast, so others believe that
the d fi c transformation is controlled by massive
transformation.

� At very high undercooling and transformation rates,
some claim that the peritectic reaction is suppressed,
due to either nucleation constraint, or to solute flux
gradients, so the initial austenite layer never grows
along the d/L interface and the entire peritectic
solidification process is governed by massive trans-
formation.

� Peritectic steels cause deeper oscillation marks and
surface depressions in cast products, relative to other
steel grades. This is due to the large shrinkage that
accompanies the d fi c phase transformation, the
higher transformation speed, the much higher
strength of austenite relative to d-ferrite, complex
thermal–mechanical behavior during solidification,
and possibly other factors involving the microstruc-
ture evolution.

� Peritectic steels having deeper surface roughness leads
to higher resistance to heat transfer across the inter-
facial gap during initial solidification in the mold,
lower heat flux, uneven shell growth, and thin regions
in the solidifying steel shell, which have hotter local
surface temperature. These thin, weak, hot spots lead
to local strain concentration and make peritectic
steels more susceptible to breakouts and hot-tearing
cracks, especially internal cracks and longitudinal
surface cracks, relative to other grades.

� Peritectic steels experience faster austenite grain
growth at high temperature, which leads to lower
intermediate-temperature ductility. Together with the
higher local temperatures found beneath oscillation
marks and depressions, this makes peritectic steels
more prone to cracks, especially transverse surface
cracks.

� Many empirical indices and criteria have been devel-
oped to predict cracking due to hot tearing. Further
research is needed, however, to better quantify both
hot-tear crack formation and cracks related to inter-
mediate-temperature embrittlement before crack for-
mation in peritectic steels (and other grades) can be
accurately predicted.

� Although significant progress has been made in recent
years, much further research is needed to confirm and
quantify the mechanisms that govern peritectic
solidification, how they are affected by composition
and casting conditions, and how they can be con-
trolled to improve final product quality.
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