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Role of inclined threading dislocations in stress relaxation
in mismatched layers

P. Cantu, F. Wu,a! P. Waltereit, S. Keller, A. E. Romanov,b! S. P. DenBaars,a! and
J. S. Specka!,c!

Materials Department and Electrical and Computer Engineering Department, University of California,
Santa Barbara, California 93106

sReceived 13 December 2004; accepted 4 March 2005; published online 16 May 2005d

s0001d-oriented epitaxial wurtzite III-nitride layers grown on mismatched substrates have no
resolved shear stress on the natural basal and prismatic slip planes; however, strained III-nitride
layers may gradually relax. We report on the stress relaxation of Al0.49Ga0.51N layers grown on
nominally relaxed Al0.62Ga0.38N buffer layers on sapphire. The reduction in elastic strain of the
Al0.49Ga0.51N was enhanced by Si doping which caused an increased surface roughness. Despite the
Si doping, the films always sustained step-flow growth. The extent of relaxation of the Al0.49Ga0.51N
layer was determined by on-axisv-2u scans ofs000ld peaks and reciprocal space maps of inclined
soff-axisd peaks. Cross-section and plan-view transmission electron microscopy studies showed that
the threading dislocations in the Al0.49Ga0.51N layer inclined from thef0001g direction towards

k11̄00l directions by,15–25°, perpendicular to their Burgers vectors 1
3k112̄0ld. These inclined

threading dislocations have a misfit dislocation component and thus provide stress relief. The
contribution of the dislocation inclination to the degree of relaxation has been formulated and the
energy release has been determined for dislocation inclination in mismatched stressed layers.
© 2005 American Institute of Physics. fDOI: 10.1063/1.1897486g

I. INTRODUCTION

Heteroepitaxial growth of semiconductor materials has
been important for the past 30 years. While the choice of the
growth substrate is dictated by the availability of bulk single
crystals, cost, and functionality, the constraints on the mate-
rial for deposition are completely determined by the applica-
tion. Consequently, it is common to grow epitaxial layers on
substrates with a lattice mismatch, therefore generating elas-
tic strains and mechanical stresses in the deposited layer. The
study of stressed layers has large technological implications.
Elastic strains directly modify the electronic and optical
properties of semiconductors. For example, insAl,In,GadAs-
based laser diodes, the strain in the layers in the active region
is tailored to reduce the transparency current density and
increase the differential gain of the device.1 As a second
example, nearly half of the sheet charge in the two-
dimensional electron gas that forms at thesAl,GadN/GaN
interface is due to piezoelectric-induced fixed charges in the
strained sAl,GadN layer. To optimize the design, perfor-
mance, and reliability of devices that use lattice-mismatched
materials, it is important to understand the details of stress
generation and relaxation processes.

Biaxial stress is generated in mismatched epitaxial layers
which grow in a two-dimensional modesi.e., step flow or
layer-by-layer growthd. The most common mode of stress
relaxation in mismatched layers is related to the formation of
misfit dislocationssMDsd at the film/substrate interface. The

MDs are usually accompanied by threading dislocations
sTDsd which extend through the film. For thes001d epitaxial
growth of films with a zinc-blendesfccd structure, MD for-
mation is accomplished by the glide of TDs on the inclined
slip planes;2,3 this is commonly observed because the biaxial
stress in the film produces shear stresses on the inclined
h111j glide planes. However, for thes0001d growth of crys-
tals with a hexagonal structure, e.g., the wurtzite nitride

semiconductors, neither theh11̄00j prismatic glide planes
nor the s0001d basal glide plane has any shear stresses.
Therefore, the motion of dislocations via glide is not possible
on the easy slip systems for thes0001d planar growth of
wurtzite layers.

Despite the absence of shear stresses on the basal or
prism planes, stress relaxation of heteroepitaxials0001d ni-
tride films has been previously reported. For instance, Leeet
al.4 used Raman scattering and x-ray diffractionsXRDd to
analyze Si-doped GaN films and found that the residual com-
pressive strain decreased with increased Si doping. Based on
transmission electron microscopysTEMd studies, Ruvimov
et al. suggested that for moderate Si concentrationss,3
31018 cm−3d stress relief of GaN films was achieved by the
formation of dislocations in the basal plane.5 Romanoet al.,
using XRD, Raman scattering, and curvature techniques, ob-
served that increased Si doping of GaN thin films led to a
change from compressive to tensile stress that eventually
produced cracks in the films.6 The change in the strain state
was not attributed to changes in the relaxed GaN lattice con-
stant due to Si incorporation, but rather Romanoet al. dis-
cussed the possible role that Si doping decreased the high-
temperature GaN island size at coalescence and thus
generated high tensile stresses in accordance with the models
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of crystalline coalescencessee, for example, Refs. 7–9d. We
note, however, the Romanoet al. observed cracking in the
GaN films for cases where the Si doping was initiated with
the high-temperature GaN growths“B films” in their paperd
or delayed until nominally 100 nm of high-temperature GaN
was depositeds“A films” in their paperd. Thus, it is unclear if
the predominant effect of Si doping was due to a change in
the high-temperature GaN island size. Sahontaet al. ob-
served enhanced relaxation of GaN films grown compres-
sively on Al0.28Ga0.72N buffer layers.10 They observed the
“bending over and lateral migration” of TDs that allowed for
dislocation rearrangements which lead to misfit dislocation
dipole formation. These rearrangements were proposed as
the main cause of stress relaxation.

We have observed the stress relaxation of Si-doped
s0001d Al0.49Ga0.51N on Al0.62Ga0.38N films,11 and ofs0001d-
oriented AlGaN/AlGaN superlattices grown on
Al0.62Ga0.38N buffer layers.12 The stress relaxation in both
types of samples was proposed to be related to the develop-
ment of surface roughness of the layers due to Si doping. In
addition, TEM analysis showed that TDs hadf0001g line
directions in the underlying Al0.62Ga0.38N buffer layer but
nearly all TDs were inclined in the nominally compressive
lower Al-content layer. The inclination of the TDs was in an
orientation that the TDs had a misfit component that released
compressive stress. We found good agreement between strain
values obtained from both XRD and TEM experiments,11

thus confirming that TD inclination was the main cause of
stress relaxation. The inclination of TDs was not related to
their glide but rather to aneffective dislocation climbprocess
that occurs at the film surface during growth and is unlikely
related to any bulk diffusion processes. A preliminary model
that described the critical conditions for dislocation inclina-
tion was developed.13 This model showed how the inclined
TDs may contribute to stress relaxation.

In this paper we combine both experimental and theoret-
ical analyses to present a detailed description of the glide-
free mechanism for misfit stress relaxation observed for Si-
doped Al0.49Ga0.51N on Al0.62Ga0.38N thin films.

II. EXPERIMENT

Si-doped Al0.49Ga0.51N/Al0.62Ga0.38N layers were grown
on c-plane sapphire substrates by low-pressure metal-organic
chemical-vapor depositionsMOCVDd. Trimethylgallium
sTMGd and trimethylaluminumsTMA d were used as group-
III precursors, while ammoniasNH3d was the group-V pre-
cursor. DisilanesDiSi=Si2H6d was used for Si doping. The
reactor pressure was kept constant at 100 Torr.

The buffer layer growth was carried out in a H2 ambient
using a normal two-step process, where the deposition of a
14-nm-thick Al0.60Ga0.40N nucleation layer at 600 °C was
followed by a 1-mm-thick Al0.62Ga0.38N buffer layer grown
at 1150 °C with TMG and TMA flows of 29.5 and
35.5mmol/min, respectively. Afterwards, 200-nm-thick Si-
doped Al0.49Ga0.51N films were grown in a N2 ambient on
top of the buffer layer at 1150 °C, using a TMG flow of
10.5mmol/min and a TMA flow of 7.1mmol/min. The NH3

flow was kept constant at 45 mmol/min for both layers. All

structural studies showed that these layers grew in a step-
flow mode. A schematic of the general sample structure is
shown in Fig. 1.

A Si doping series was achieved by varying the DiSi
flow rate during growth of the Al0.49Ga0.51N layers between
1.25 and 8.57 nmol/min. This DiSi flow range resulted in Si
concentrations from fSig=1.4231019 cm−3 to fSig=9.72
31019 cm−3, as determined calibrate secondary-ion-mass
spectroscopy data. Hereon, we refer to the Si doping in the
layers as a Si to Al+Ga ratio, Si/sAl+Gad, where Si/sAl
+Gad=23DiSi flow/ sTMG flow+TMA flow d, ensuring
variations between 7.1310−5 and 4.9310−4 for the samples
under study.

The structural properties of the Si-doped Al0.49Ga0.51N
films were evaluated by atomic force microscopysAFMd us-
ing a Digital Instruments Nanoscope III operated in tapping
mode. High-resolution x-ray diffractionsHRXRDd experi-
ments were performed on a Philips Materials Research dif-
fractometer. TEM samples were prepared using tripod pol-
ishing and ion milling. The TEM studies were performed at
200 keV with both a JEOL 2000FX and a FEI T20 instru-
ments.

III. RESULTS

A. AFM analysis of Si-doped Al 0.49Ga0.51N films:
Si-induced surface roughness

The role of Si as an antisurfactant during growth of ni-
tride films has been well documented. It has been shown that
increasingfSig in GaN or AlGaN layers is related to the
increased surface roughness of the films.14,15

Figures 2sad and 2sbd show 131 mm2 AFM images of
Al0.49Ga0.51N films grown with Si/sAl+Gad=7.1310−5 and
Si/sAl+Gad=4.9310−4, respectively. Figure 2scd shows the
dependence of the root-mean-squaresrmsd surface roughness
on the Si/sAl+Gad of the samples that showed the surface
roughness increasing with Si/sAl+Gad. The rms surface
roughness values obtained for the samples shown in Figs.
2sad and 2sbd were 0.32 and 0.80 nm, respectively.

FIG. 1. Schematic of a stressed Si-doped Al0.49Ga0.51N layer deposited on
an Al0.62Ga0.38N buffer layer. The Si-doped Al0.49Ga0.51N layer was 200 nm
thick and it grew compressively strained on top of a relaxed 1-mm-thick
Al0.62Ga0.38N buffer layer. The buffer layer itself was grown on ac-plane
Al2O3 substrate.

103534-2 Cantu et al. J. Appl. Phys. 97, 103534 ~2005!
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B. Observation of partial stress relaxation
of Si-doped Al 0.49Ga0.51N films via HRXRD

X-ray v-2u scans of the symmetrics0002d or s0004d
reflections are commonly used to roughly determine the Al
mole fraction of AlGaN thin films. For the Si doping series
we observed that the relative position of the Al0.49Ga0.51N
s0004d peak shifted closer to the Al0.62Ga0.38N s0004d peak
with increasing Si/sAl+Gad in the films, as shown in Fig.
3sad. The change in the separation of the AlGaN peaks was
an indication that Si doping affected either the Al composi-
tion or the strain state of the Al0.49Ga0.51N layers with respect
to the Al0.62Ga0.38N buffer layers. As symmetric scans in any
reflection are not useful in determining both the composition
and the strain state of thin films, we conducted reciprocal
space mapssRSMsd to unambiguously determine both the
strain and the Al composition of all layers.

X-ray RSMs were recorded near thes101̄5d reflection in
a coplanar geometry, i.e., the incident wave vector, the scat-
tered wave vector, and the sample surface normal were all in
the same plane, with shallow incidence of the x-ray beam in
rocking curve mode using a 1.0-mm receiver slit. Figure 3sbd
shows a RSM which includes thes1,1, 2̄,12d reflection of

sapphire and thes101̄5d reflections of the buffer and stressed

layers, where thes1,1, 2̄,12d sapphire reflection, atu0

=51.412°, andv0=26.946°, was used as angular reference.
Using the known sapphire lattice constants,a=4.7588 Å and
c=12.992 Å, the in-planesad and out-of-planescd hexagonal
cell dimensions of the AlGaN layers were calculated from
their respective values ofu and v measured on the RSMs,
allowing us to independently determine the Al composition
and strain state of the films by using standard x-ray analysis.
The degree of relaxationR=1−s«meas/«cohd was used as a

measure of the strain state of the epilayer,16 where«coh is the
elastic strain in the fully coherent epitaxial layers«coh is
equal in magnitude to the crystal mismatch«m between the
AlGaN layersd and «meas was the elastic strain value deter-
mined from the RSM analysis of the upper epilayer. The
strain determined from the XRD data,«meas, was the elastic
strain affecting the layer, and it was given by«meas=«coh

−«pl, where«pl stands for the relaxed strain due to plastic
deformation.

Following the procedure described above, we deter-
mined Al mole fractions of roughlyy=0.62 for all buffer
layers reported here, and the degree of stress relaxation was
R<0.98 or higher with respect to the sapphire substrate
snoteR.1 corresponds to the generation of tensile stresses
in the initially compressive layerd. The residual strain on the
Al0.62Ga0.38N buffer layers was caused by strains associated

FIG. 2. Surface roughness analysis of Si-doped Al0.49Ga0.51N films. sad 1
31 mm2 AFM image of a Si-doped Al0.49Ga0.51N film grown using
Si/sAl+Gad=7.1310−5. sbd 131 mm2 AFM image of a Si-doped
Al0.49Ga0.51N film grown using Si/sAl+Gad=4.9310−4. scd AFM root-
mean-squaresrmsd surface roughness vs Si/sAl+Gad. The rms surface
roughness values were 0.32 and 0.80 nm, for the samples shown in Figs.
2sad and 2sbd, respectively.

FIG. 3. HRXRD study of Si-doped Al0.49Ga0.51N on Al0.62Ga0.38N on Al2O3

samples.sad X-ray v-2u scans of Si-doped Al0.49Ga0.51N on Al0.62Ga0.38N
samples showing the decreasing separation between the Al0.49Ga0.51N s004d
peak and the Al0.62Ga0.38N s004d peak, with increasing Si/sAl+Gad. sbd
Characteristic contour plot of a reciprocal space map used to determine the
composition and strain state of the samples layers, where the Al2O3

s1,1, 2̄,12d reflection was used as angular reference.scd Close-up of recip-

rocal space map near the asymmetrics101̄5d reflection of the epilayer stack,
showing how the stressed layer did not grew coherently on the buffer layer.
sdd Extent of strain relaxation of the Si-doped Al0.49Ga0.51N films, as deter-
mined from the analysis of the reciprocal space maps.

103534-3 Cantu et al. J. Appl. Phys. 97, 103534 ~2005!
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with the growth process, i.e., the lattice mismatch of 13.4%
between the buffer and the sapphire, and the compressive
thermal mismatch strain that developed while cooling to
room temperature.9 The lattice mismatch between the
Al0.62Ga0.38N buffer layer and sapphire was relaxed by 98%.
This extent of relaxation corresponds to a residual strain of
approximately −0.27% si.e., compressived in the
Al0.62Ga0.38N. The strain in the Al0.62Ga0.38N layer due to
thermal-expansion mismatch with the sapphire is estimated
to be,−0.30%. Thus, as the values of the measured residual
strain in the Al0.62Ga0.38N buffer layer at room temperature
and the thermal strain were very close to each other, it is
reasonable to assume that the Al0.62Ga0.38N buffer layer was
nearly completely relaxed with respect to the sapphire sub-
strate during deposition of the Si-doped Al0.49Ga0.51N layers.

Analysis of the Si-doped Al0.49Ga0.51N layers was car-
ried out using the methodology outlined for the buffer layers.
Figure 3scd shows a close-up of one RSM where it was ap-
parent that the Si-doped Al0.49Ga0.51N layer did not grow
coherently on the underlying Al0.62Ga0.38N buffer. In Fig.
3scd, “r.l.u.” refers to dimensionless reciprocal lattice units
slqd. The rotation of the ellipses at half maximum intensity
showed that the observed peak broadening was dominated by
the lateral coherence length of the films and not by mosaic
broadening.17 The analysis of the RSMs revealed that the
Si-doped Al0.49Ga0.51N films were partially relaxed with re-
spect to the Al0.62Ga0.38N buffer layers and the relaxation
was more pronounced with a higher Si/sAl+Gad ratio in the
films. Figure 3sdd shows the dependence of the extent of
stress relaxation of the Al0.49Ga0.51N layers with respect to
the Al0.62Ga0.38N buffer layers on the Si/sAl+Gad ratio. The
stress relaxation increased monotonically fromR=0.55, for a
Si/sAl+Gad=7.1310−5, to R=0.80 for a Si/sAl+Gad
=2.45310−4, to R=0.94 for a Si/sAl+Gad=4.9310−4.

The relaxation results presented above have been ob-
served on several experiments conducted before and after
this study, where the Al mole fraction did not change by
more than ±1% for films grown under identical conditions to
those described above. In addition, Hall measurements con-
ducted on these and similar Si-doped Al0.49Ga0.51N samples
grown at different times showed that then-type conductivity
also remained stable.18

C. Observation of inclined threading dislocations
by TEM

TEM analysis of our samples showed that in the
Al0.62Ga0.38N buffer layers more than 90% of the TDs were

pure edge dislocations with Burgers vector1
3k112̄0l and a

line direction normal to thes0001d growth plane. Plan-view
TEM images of an Al0.62Ga0.38N buffer layer grown under
identical conditions revealed an approximate TD density of
rTD,331010 cm−2.

Figures 4sad and 4sbd show g=112̄0 weak beam cross-
section TEM images of samples where the Al0.49Ga0.51N
stressed layers were grown with Si/sAl+Gad=7.1310−5 and
Si/sAl+Gad=4.9310−4, respectively. It is readily seen that
the dislocations, which had af0001g line direction in the
buffer layers, were inclined in the stressed layers. The aver-

age projected angle of TD inclination,ap, increased with
Si/sAl+Gad from ap= ,15° for the sample shown in Fig.
4sad to ap= ,20° for the sample shown in Fig. 4sbd. We
refer to ap as the “projected” inclination angle because, as
will be shown later, the cross-section TEM images included a
30° projection of the inclined dislocations. Figure 4scd shows
a three-dimensional schematic of the inclined dislocations
depicting the true angle of TD inclination,a.

FIG. 4. Observation of inclined threading dislocations on Al0.49Ga0.51N

stressed films, via cross-section TEM images.sad Cross-sectiong=112̄0
weak beam dark-field image of the sample with the Si-doped Al0.49Ga0.51N
layer grown with Si/sAl+Gad=7.1310−5. The projected inclination angle
wasap=15°, and the true inclination angle wasa=17.2°.sbd Cross-section

g=112̄0 weak beam dark-field image of the sample with the Si-doped
Al0.49Ga0.51N layer grown with 4.9310−4. The projected TD inclination
angle wasap=20°, and the true TD inclination angle wasa=22.8°. scd
Diagram depicting the three families of inclined edge dislocations in the
stressed layer, which corresponded to the three possible orientations of the
Burgers vector in thes0001d plane of the layer with a hexagonal crystal
structure.

103534-4 Cantu et al. J. Appl. Phys. 97, 103534 ~2005!
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Figure 5sad shows a plan-view TEM image taken in the
f0001g zone axis of the Al0.49Ga0.51N stressed layer grown
using Si/sAl+Gad=7.1310−5. The thickness of the TEM
sample was determined to be,230 nm using a two-beam
convergent beam electron-diffractionsCBEDd patterns, and
given that the stressed layer thickness was,200 nm, it was
reasonable to assume that all inclined dislocation segments
should be visible. The analysis of this imagesand a series of
related images recorded under two-beam conditions, as
shown belowd showed that the TDs inclined toward the

k11̄00l directions, e.g., TDs with Burgers vector b

= ± 1
3f21̄1̄0g inclined towards ±f011̄0g and thus maintain

their pure edge character. When viewed along the growth
direction, as shown schematically in Fig. 5sbd, the inclined

TDs had an average projected lengthL on thes0001d plane,
i.e., for the sample shown in Fig. 5sad we measuredL
=80 nm. In the far field, the projected dislocation lines are
equivalent to effective MD segments. Therefore,L also
stands for the effective MD length. Also on Fig. 5sbd, the
dots indicate the initial position of the TDs before inclina-
tion, i.e., in the buffer layer.

The true angles of TD inclination,a, for the samples
shown in Figs. 4sad and 4sbd could then be calculated, given

that thef101̄0g-oriented cross-section TEM samples gave a

30° projection of theh112̄0j planes along which the TDs
were inclined. Therefore, for the sample grown with Si/sAl
+Gad=7.1310−5, shown in Fig. 4sad with ap= ,15° corre-
sponded toa= ,17°, while for the sample with Si/sAl
+Gad=4.9310−4, shown in Fig. 4sbd with ap= ,20° corre-
sponded toa= ,23°. From these angles we calculated the
MD length of the inclined TDs by noting thatL=h tana,
where h is the stressed layer thickness, resulting inL
=62 nm andL=85 nm for the samples in Figs. 4sad and 4sbd,
respectively.

We have performed systematic zone-axis and two-beam
studies on plan-view samples to determine the line direction
and Burgers vectors of the inclined TDs. Figure 6sad shows a
f0001g zone-axis image of a partially relaxed Al0.49Ga0.51N
buffer and Figs. 6sbd and 6scd show two-beam images re-

corded withg=12̄10 andg=101̄0, respectively. The zone-
axis diffraction pattern is inset in Fig. 6sad and shows the six

equivalent h101̄0j reflections. The nearly vertical disloca-

tions in the figure have a projected line direction off101̄0g.
The g=12̄10 two-beam image in Fig. 6sbd shows that the

TDs with projectedf101̄0g direction are in strong contrast

whereas theg=101̄0 two-beam image in Fig. 6scd shows
these TDs to be out of contrast. Based on standardg·b
analysis, these results demonstrate that the Burgers vector for

the TDs with the f101̄0g projected line direction isb
= ± 1

3f1̄21̄0g and thus the TDs inclined in a sense that main-
tains their pure edge character.

It will be shown in the Discussion that the effective MD
segments of the inclined TDs were responsible for the partial
relaxation of the Si-doped AlGaN films. For reference, the
degree of stress relaxation at the stressed layer surface,Rsurf,
calculated from the TEM results, wasRsurf=0.84 andRsurf

=1.09 for the samples grown with Si/sAl+Gad=7.1310−5

and Si/sAl+Gad=4.9310−4, respectively, which is in good
agreement with the ones obtained from the analysis of the
XRD data.

IV. MODELING

For modeling considerations, we assume that the major-
ity of the TDs had a pure edge character with Burgers vector

of the type1
3k112̄0l and dislocation density was greater than

1010 cm−2. In the buffer layer these TDs have af0001g line
direction; however, in the stressed layer the dislocations
change their line orientation, with respect to the growth di-
rection, by inclination anglesa as large as 23°, as shown
schematically in Fig. 4scd. As described in the Experiment

FIG. 5. Plan-view TEM analysis of Al0.49Ga0.51N:Si films. sad Plan-view
TEM image of the Al0.49Ga0.51N film grown with Si/sAl+Gad=7.1310−5.

The TDs are inclined toward thek11̄00l directions.sbd Plan-view diagram
depicting the average dislocation projected lengthL, and the Burgers vectors
of the edge dislocations showing that the inclined TDs maintain their pure
edge character.

103534-5 Cantu et al. J. Appl. Phys. 97, 103534 ~2005!
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section, plan-view TEM studies showed that the TDs were

inclined toward thek11̄00l directions, therefore maintaining
their pure edge character.

Since the TDs inclined toward one of the sixk11̄00l
directions in the Si-doped layers, we assume for modeling

purposes that the total density of TDs was equally partitioned
among these six directions. Accounting for the possible sense
of the Burgers vectors, we treat three distinguishable families
of TDs, where for each familyr1= 1

3rTD. Throughout this
treatment we assign the line direction of the TDs to be in the
same sense as the outward normal to the free surface of the
upper layer. We then consider one particular family, as
shown schematically in Fig. 7sad. For this family, disloca-
tions with opposite Burgers vectorssb and −bd incline in
opposite directionsfFig. 7sadg to provide the same sense of
misfit strain relief. To simplify our analysis, we consider that
all MD segments for each family had the same Burgers vec-
tor and inclined in the same direction. We could then hypo-
thetically combine the MD segments to form straight-line
MD arrays with a distancel between MDs, as shown in Fig.
7sbd. To determinel we first note that the total projected
length of effective MDs in an area with dimensionsX andY
is

L = r1XYL. s1d

Then the distance between effective straight MDs in the ar-
ray is

l =
X

sL/Yd
=

1

r1L
. s2d

The plastic relaxation associated with such an array of effec-
tive MDs could then be given simply as

FIG. 6. Plan-view TEM images of a partially relaxed Al0.49Ga0.51N buffer
layer: sad f0001g zone-axis image with inset diffraction pattern. The square

denotes the area for imaging insbd andscd; sbd g=12̄10 two-beam image;scd
g=101̄0 two-beam image. The nearly vertical TDs in this image have a

f101̄0g projected line direction and Burgers vectorb= ± 1
3f1̄21̄0g.

FIG. 7. Equivalency between the effective misfit dislocations considered in
the model and a single family of inclined dislocations.sad Plan-view dia-
gram for a selected family of inclined dislocations with an average projected
length L per dislocation and total lengthL. sbd Plan-view diagram of the
equally spaced misfit dislocation with the same total lengthL.
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«pl
1 =

b

l
= br1L =

1

3
brTDL, s3d

whereb is the magnitude of the Burgers vector of the family
of dislocations. Equations3d accounts for the one-
dimensional plastic deformation along the direction perpen-
dicular to the MD lines. It can be shown19 that the resulting
triangular crossgrid of MD line arrays produces equibiaxial
far-field plastic relaxation«pl

top at the top layer surface, given
by

«pl
top =

3

2
«pl

1 =
1

2
brTDL. s4d

Because the TDs inclined at the stressed layer/buffer
layer interface, the effective MD length,L, is directly related
to the stressed layer thicknessh and the inclination anglea
by L=h tana. This also means that the MD length varied
linearly with layer thickness, thus providing a plastic strain
relaxation gradient given by

d«pl

dz
=

1

2
brTD tana. s5d

The linear strain gradient leads to an average plastic relax-
ation of the stressed layer of thicknessh, given by

«̄pl =
1

4
brTDh tana. s6d

To analyze the conditions for TD inclination in a stressed
layer, we consider an energy balance similar to the “energy
approach” for deriving the critical thickness for MD genera-
tion in stressed films.20,21We consider two configurations for
the initially stressed layer with a single dislocation:sid the
misfitting layer with a straight edge dislocation with a line
direction normal to the layer surface; andsii d the misfitting
layer with an inclined edge dislocationfassuming that the
dislocation only inclined in the misfitting layer, as shown in
Fig. 8sadg.

First, we assume that the top layer has a nominal com-
pressive biaxial stress,s, given by

sxx = syy = s = 2G
1 + n

1 − n
«m, s7d

where«m=«coh was the crystal lattice mismatch between the
buffer and the layer,G is the shear modulus, andn is Pois-
son’s ratio.

The energy of the first stateEi is given as

Ei = Estraight+ Ebiaxial − Wint
i , s8d

whereEstraight is the self-energy of the dislocation in the ini-
tial configuration with its line direction normal to the sur-
face,Ebiaxial is the energy of the biaxial stress, andWint

i is the
interaction energy between biaxial stress and straight thread-
ing dislocation.Wint

i can be calculated as the work done by
the biaxial misfit stresss in the process of introducing the
threading dislocation into the materialswork of plastic defor-
mationd, and therefore depends on the history of this plastic
deformation.

The energy of the second stateEii is defined in a similar
way,

Eii = Einclined+ Ebiaxial − Wint
ii , s9d

where the terms have a similar meaning as in Eq.s8d and
Einclined is the self-energy of the dislocation in the inclined
configuration.

Then, the energy releaseDE due to dislocation inclina-
tion is given as

DE = Eii − Ei = Einclined− Estraight− DWint, s10d

whereDWint=Wint
ii −Wint

i is the work done by the biaxial mis-
fit stresss in the process of dislocation inclinationsnote that
in our previous work13 we used a different designation for
DWintd.

To determineEinclined, as shown in Fig. 8sbd, the inclined
dislocation is modeled as the superposition of a straight dis-
location s1d and an angular dislocations2d. In this case,
Einclined is given by

Einclined= Estraight+ Eangular+ Wstraight
angular, s11d

where Eangular is the self-energy of the angular dislocation
andWstraight

angular is the interaction energy with the initial disloca-
tion.

The precise analysis of the terms involved in Eq.s11d is
based on the solution of the boundary-value problem in the
theory of elasticity for an angular dislocation in a subsurface
layer. The technique used to determine the angular disloca-
tion elastic field involves the integration of known stresses of
infinitesimally small prismatic dislocation loops22 over the
area of the angular dislocation.19 Subsequently, integration of

FIG. 8. Inclined dislocation represented as a superposition of a straight
dislocation and an angular dislocation.sad Inclined dislocation with Burgers
vectorb in the yz plane.sbd Schematic of a straightsid and an angularsii d
dislocation with the same Burgers vectorb.
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the elastic field yielded the elastic self-energy term in Eq.
s11d. Exact calculations of the energyEangular must include
the contribution of the dislocation core regionswhich is pro-
portional to the change in dislocation lengthd. The results of
such analysis will be reported elsewhere.19 Numerical esti-
mates showed that the interaction contribution,Wstraight

angular, can-
celed in the first approximation when considering the dislo-
cation core contribution. As a result the energy balance has a
simpler form:

DE = Eangular− DWint. s12d

The interaction part is given as

DWint = bsSangular= G
1 + n

1 − n
bh2«m tana, s13d

whereSangularis the area bounded by the angular dislocation.
Note that in the derived form of the energy release, we avoid
the use of such undefined and formally infinite terms as the
self-energy of the straight dislocationEstraight, the elastic en-
ergy of the stressed layerEbiaxial, and the interaction energies
Wint

i andWint
ii .

Here we use an approximate expression forEangular de-
veloped in Ref. 19, based on the physical arguments of vary-
ing screening length,Rs, for the dislocation elastic field in
the process of TD inclination. For small inclination angles,
the angular dislocation is equivalent to the edge dipole with
a separation of the orderh sina<ha. Therefore, the screen-
ing length could be taken asRs=h sina. For large inclina-
tions sa→p /2d, the dislocation acquired a parallel orienta-
tion with respect to the layer surface and the characteristic
screening length is then just the layer thicknessRs=h. Ac-
cordingly, the dislocation length changed ash/cosa with
inclination a. These observations led us to the following de-
pendence forEangular:

Eangular=
Gb2

4ps1 − nd
h

cosa
logFSh

b
− 1Dsina + 1G , s14d

where we useb for the dislocation core radius. The numeri-
cal calculations obtained in the framework of the exact solu-
tion demonstrated that the proposed form of Eq.s14d gave a
good approximation forEangular over a wide range of film
thicknesses and inclination angles.

Finally, we analyze the following dependence for the
energy release:

DEsh,ad =
Gb2

s1 − ndH h

4p cosa
logFSh

b
− 1Dsina + 1G

− s1 + nd
h2

b
«m tanaJ . s15d

A typical dependence forDE is shown in Fig. 9sad. It is clear
that for sufficiently large stressed layer thickness or TD in-
clination anglea, DE became negative, which demonstrate
the favorable conditions for plastic relaxation via TD incli-
nation. By requiring thatDE=0, we map the regions for
favorable dislocation inclination in coordinates layer thick-
ness versus inclination angle, as shown in Fig. 9sbd. The
plots define the energetic conditions for dislocation inclina-
tion for a given misfit strain. Also, whena→p /2, the plots

demonstrate the usual critical thickness behavior for MD for-
mation in mismatched layers.

V. DISCUSSION

The partial stress relaxation observed for Si-doped
Al0.49Ga0.51N films, as shown in Fig. 3scd, was attributed to
the relaxation of misfit strain in the stressed layer via TD
inclination. Under this assumption, the strain measured by
HRXRD was the residual strain in the film after plastic re-
laxation or «meas=«coh−«pl, and the degree of stress relax-
ation defined previously has the form

R= 1 −
«mes

«coh
=

«pl

«m
. s16d

As stipulated in the Modeling section, the inclined dis-
locations generated a strain gradientfEq. s5dg. However, as
we measured the strain state of the samples via HRXRD, it is
reasonable to assume that the x-ray experiments average over
the full-strained layer thickness. Instead, using Eq.s4d we
calculated the plastic relaxation at the surface of the samples
shown in Figs. 4sad and 4sbd from TEM results, given that
rTD<331010 cm−2, h=200 nm,b=0.318 nm, and the initial
misfit between the stressed and buffer layers was«coh

FIG. 9. Critical conditions for edge dislocation inclination in the stressed
layer. sad Energy release due to the inclination of the initially straight edge
dislocation. Parameters used for the plot: misfit strain in the layer«m

=0.01, dislocation core radiusRc=b, and Poisson ration=1/3. The energy
changeDE is given in units of Gb3. sbd Inclined edge dislocation stability
diagram, given as layer thicknessh vs inclination anglea, for misfit strains
«m=0.015s1d, 0.010 s2d, 0.006 s3d, 0.004 s4d, 0.003 s5d, and 0.002s6d,
respectively.
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=0.0032. For the Al0.49Ga0.51N layer grown using a Si/sAl
+Gad=7.1310−5, shown in Fig. 4sad, we calculate«pl

top

=0.0029, while for the layer with Si/sAl+Gad=4.9310−4,
shown in Fig. 4sbd, we obtained«pl

top=0.0040, which resulted
in degrees of stress relaxation at the surface ofRtop=0.92 and
Rtop=1.25, respectively.

These results were in good agreement with the HRXRD
observation that with increasing Si/sAl+Gad, from 7.1
310−5 to 4.9310−4, the stress relaxation increased, fromR
=0.55 toR=0.94, as seen in Fig. 3scd given that the TEM
analysis relied on the estimated values for the TD density,
and the inclination angles were obtained from images cover-
ing limited areas of the samples.

We have developed a theoretical framework to explain
the TD inclination. We employed an energy balance method
that measured the energetic difference between two possible
TD states sstraight dislocation and inclined dislocationd,
which determines the necessary conditions for the onset of
TD inclination, DEsh,adø0. It was found that for a suffi-
ciently thick stressed layerDE became negative, therefore
favoring plastic relaxation via TD inclination. This also oc-
curred for large values of possible inclination anglesa. The
energetic conditions were easier to achieve for layers with
large initial misfit strain with respect to their underlayer. For
a→p /2 corresponds to the usual critical thickness behavior
for MD formation in mismatched layers. The other important
feature revealed by theDEsh,ad dependence is the existence
of an energy barrier to dislocation inclination at finite values
of the stressed layer thicknessh. The typical heights for this
barrier are,5–10 Gb3, which leads to reasonable values of
10 eV per dislocation. To overcome these barriers additional
factors should be considered.

According to our observations, the TD inclination angle
a was effected by the DiSi injection during growth of the
samples, because all other growth parameters were nomi-
nally identical in our growth experiments. The antisurfactant
effect of Si on nitride films generated an increased surface
roughness that had a definite correlation with increased stress
relaxation of the Si-doped layers, as seen by comparing Figs.
2sbd and 3scd. We believe that the surface roughness of the
stressed layer during growth helped diminish the energy bar-
rier during the initial stage of TD inclination. These ideas are
consistent with the models proposed for dislocation nucle-
ation during the development of morphological instabilities
at the stressed surfaces of crystals.23,24

Once inclined, the TDs maintained their orientation, i.e.,
the TD line direction became frozen in and thus demon-
strated that dislocation climb did not occur in the bulk of the
material. Although we recognize that our claim of no bulk
dislocation climb occurs during the growth of the AlGaN
layers is a conjecture, there are few, if any, conclusive re-
ports of dislocation climb in GaN layers. The possible
mechanisms of epitaxial growth with inclined threading dis-
locations may include directional surface diffusion and/or the
incorporation of adatoms at the intersection of preexisting
TDs with the growing crystal surface. Due to this behavior,
we refer to this mechanism as an “effective climb” process.
A schematic showing the onset and further propagation of an
inclined dislocation is shown in Fig. 10. However, new mod-

els that detail the effective climb process should be devel-
oped. These models should account for both local surface
morphology and the role of adatom interaction with the re-
gion near the TD intersection with the free surface.

We note that the strain gradient given by Eq.s5d depen-
dent only on the dislocation density and the inclination
angle, not on the layer thickness. This may lead to a sign
change of the stresses with increased layer thickness. Con-
sider, for example, a nominally compressed layer, which be-
comes stress-free due to inclined dislocations at the particu-
lar thicknesshf. If the dislocations maintain their inclination,
the stress on the film would go from compressive to tensile
when growth of the stressed layer continued for thicknesses
abovehf. We have observed cracking of nominally compres-
sively strained layers and attributed the cracking to the de-
velopment of tensile stresses from inclined TDs.25

VI. SUMMARY AND CONCLUSIONS

We have experimentally established that increased
Si/sAl+Gad during deposition enhanced the stress relaxation
of nominally compressed Al0.49Ga0.51N films grown on top
of Al0.62Ga0.38N buffer layers. The partial relaxation of the
stressed films was associated with the inclination of thread-
ing dislocation lines with respect to the growth direction,
generating effective misfit dislocation segments that released
initially compressive stresses in the layers. We have realized
good agreement between the degrees of strain relaxation de-
termined from HRXRD and from TEM. The redirection of
threading dislocation lines has been associated with Si-
induced surface roughness during growth.

The model developed here provides a set of conditions
for the onset of threading dislocation inclination, which were
large stressed layer thicknesses and/or large inclination
angles. In the limit when the threading dislocation inclination
angle tended to 90°, the modeled behavior confirmed the
expected misfit dislocation generation conditions with in-
creasing thickness. It was also found that for thin stressed
films an energy barrier of up to 10 eV existed for the dislo-
cation inclination to occur. However, we believe that the sur-
face roughness may reduce this barrier, thus allowing for the

FIG. 10. Schematic of a bended threading dislocation: inclination onset and
further propagation. The TD line direction changed abruptly at the rough-
ened surface, and then it maintained its new line direction “propagating”
laterally with increasing film thickness.
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inclination of preexisting threading dislocations. The in-
clined threading dislocations relieve the stress of the mis-
matched layers.

ACKNOWLEDGMENTS

This work was supported by DARPAsJ. Carrano, pro-
gram managerd. One of the authorssP.C.d acknowledges the
support of CoNaCyT and UCMexus. The work of another
authorsF.W.d was supported by the JST/ERATO program at
UCSB.

1L. Coldren and S. W. Corzine, inDiode Lasers and Photonic Integrated
Circuits, Wiley Series in Microwave and Optical Engineering, edited by
K. ChangsWiley Interscience, New York, 1995d, Chap. 4.

2L. B. Freund, MRS Bull.17, 52 s1992d.
3J. W. Matthews and A. E. Blakeslee, J. Cryst. Growth27, 118 s1974d.
4I. Lee et al., J. Appl. Phys.83, 5787s1998d.
5S. Ruvimovet al., Appl. Phys. Lett.69, 990 s1996d.
6L. T. Romano, C. G. Van de Walle, J. W. Ager III, W. Götz, and R. S.
Kern, J. Appl. Phys.87, 7745s2000d.

7R. W. Hoffmann, Phys. Thin Films3, 211 s1966d.
8W. D. Nix and B. M. Clemens, J. Mater. Res.14, 3467s1999d.
9T. Böttcher, S. Einfeldt, S. Figge, R. Chierchia, H. Heinke, D. Hommel,

and J. S. Speck, Appl. Phys. Lett.78, 1976s2001d.
10S.-L. Sahonta, M. Q. Baines, D. Cherns, H. Amano, and F. A. Ponce,

Phys. Status Solidi B234, 952 s2002d.
11P. Cantu, F. Wu, P. Waltereit, S. Keller, A. E. Romanov, U. K. Mishra, S.

P. DenBaars, and J. S. Speck, Appl. Phys. Lett.83, 674 s2003d.
12S. Keller, P. Waltereit, P. Cantu, U. K. Mishra, J. S. Speck, and S. P.

DenBaars, Opt. Mater.sAmsterdam, Neth.d 23, 187 s2003d.
13A. E. Romanov and J. S. Speck, Appl. Phys. Lett.83, 2569s2003d.
14S. Keller, U. K. Mishra, S. P. DenBaars, and W. Seifert, Jpn. J. Appl.

Phys., Part 237, L431 s1998d.
15A. Munkholm et al., Appl. Phys. Lett.77, 1626s2000d.
16O. Brandt, P. Waltereit, and K. H. Ploog, J. Phys. D35, 577 s2002d.
17R. Chierchia, T. Bottcher, H. Heinke, S. Einfeldt, S. Figge, and D. Hom-

mel, J. Appl. Phys.93, 8918s2003d.
18P. Cantu, S. Keller, U. K. Mishra, and S. P. DenBaars, Appl. Phys. Lett.

82, 3683s2003d.
19A. E. Romanov and J. S. Speck, Appl. Phys. Lett.83, 2569s2003d.
20V. I. Vladimirov, M. Y. Gutkin, and A. E. Romanov, Poverkhnost6, 46

s1988d.
21J. R. Willis, S. C. Jain, and R. Bullough, Philos. Mag. A62, 115 s1990d.
22P. P. Groves and D. J. Bacon, Philos. Mag.16, 83 s1970d.
23J. Grilhe, Europhys. Lett.23, 141 s1993d.
24H. Gao, J. Mech. Phys. Solids42, 741 s1994d.
25P. Cantu, F. Wu, A. E. Romanov, S. P. DenBaars, and J. S. Specksunpub-

lishedd.

103534-10 Cantu et al. J. Appl. Phys. 97, 103534 ~2005!

Downloaded 18 May 2005 to 128.111.179.10. Redistribution subject to AIP license or copyright, see http://jap.aip.org/jap/copyright.jsp


