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Simulation of Screw Dislocation Motion in Iron by Molecular Dynamics Simulations
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Molecular dynamics (MD) simulations are used to investigate the response of a=2h111i screw
dislocation in iron submitted to pure shear strain. The dislocation glides and remains in a (110) plane;
the motion occurs exclusively through the nucleation and propagation of double kinks. The critical stress
is calculated as a function of the temperature. A new method is developed and used to determine the
activation energy of the double kink mechanism from MD simulations. It is shown that the differences
between experimental and simulation conditions lead to a significant difference in activation energy.
These differences are explained, and the method developed provides the link between MD and mesoscopic
simulations.
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FIG. 1 (color online). (a) Relaxed core structure by ab initio,
(b) relaxed core structure with Mendelev et al. potential [16],
and (c) MD simulation box and boundary conditions.
Low temperature deformation of body centered cubic
metals is known to be thermally activated and to be con-
trolled by the behavior of the a=2h111i screw dislocations;
for a review, see [1,2]. Dislocations of other characters
move quickly at lower stresses, generating long screw
dislocations. This explains the predominant screw charac-
ter in the microstructure observed at low temperature [3].
The motion of screw dislocations is historically associated
with the double kink (DK) mechanism [4,5], but the details
about the activation process are still a debated question.
There is a large discrepancy in experimental results on the
evolution of the critical resolved shear stress (CRSS) as a
function of temperature. Several reasons can be invoked:
the large sensitivity to solid-solution content [6], the non-
Schmid law behavior [7], and the large extent of stage 0 at
low temperature [8]. The case of iron is even more prob-
lematic, because it is extremely sensitive to the carbon
content.

In this context, molecular dynamics (MD) simulations
are a powerful and alternative tool to explore specific
microscopic phenomena. However, the crucial point in
MD simulations is still the empirical atomic potential
used to describe atomic interactions. The embedded atom
method (EAM) potential developed by Ackland et al. [9]
for iron has been used for a long time to investigate
dislocation related properties [10–13]. This potential leads
to a core structure with a threefold symmetry for the screw
dislocation which is in disagreement with ab initio results
[14], for which the core is compact with no preferential
spreading, as well as obtained in Ta, W, or Mo [15]. Marian
et al. [13] have simulated the dynamical behavior of such a
screw dislocation, but neither the temperature dependence
of the CRSS has been discussed explicitly nor a quantita-
tive description of the dislocation motion was given.
However, the main discrepancy is still the very large
Peierls stress obtained by MD [10,13] which is very far
from experimental values.

In this Letter, we use the recent EAM potential derived
by Mendelev et al. [16] to characterize the exact response
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of a a=2h111i screw dislocation in iron submitted to a pure
shear load at different temperatures. A specific method is
developed to determine, under dynamic conditions, the
critical stress associated to the DK mechanism. We present
in this work the first discussion of the stress values ob-
tained in MD and the exact link to experimental results.

The first advantage of the Mendelev EAM potential for
iron [16], which was partially fitted on ab initio results, is
that it predicts for the first time the compact relaxed core
structure of the screw dislocation in agreement with the
structure obtained by ab initio; see Fig. 1. The dislocation
line is placed at the center of the simulation box, periodic
boundary conditions are applied along the line, and sur-
faces are present in the two other directions. The disloca-
tion is constructed by applying to all the atoms the
isotropic elastic solution of the displacement field. The
core structure given by the EAM potential is obtained by
quenching the atomic positions, while, by ab initio, the
conjugate gradient algorithm was used except for the outer
atomic shell, which was fixed. Our ab initio calculations
were performed using the VASP code [17], with a 75 atom
supercell. The projector augmented wave pseudopotential
[18] from the VASP library was used within the spin polar-
ized generalized gradient approximation. The core struc-
ture obtained (Fig. 1) is similar to the one of Frederiksen
and Jacobsen’s ab initio calculations [14], which were
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done with a network of screw dislocation dipoles and
periodic boundary conditions.

For the study of the dislocation motion at a given tem-
perature, MD simulations are performed at constant strain
rate using the DYMOKA code. The screw dislocation is
initially created at the center of the box. Periodic boundary
conditions are applied in the �111� direction, free surfaces
in the �11�2] direction, and four adjacent atomic planes are
fixed in the upper and lower ��110� surfaces. The system
size is 9.9 nm along the �111� direction, 7.3 nm along ��110�,
and 14.1 nm along �11�2�; see Fig. 1. The fixed block of
atoms is then translated in the �111� direction, correspond-
ing to a deformation rate close to 1:5� 107 s�1. Before
starting the deformation, the mobile atoms are thermalized
at the chosen temperature. The shear stress is calculated
from the component of the force on the fixed atoms parallel
to the Burgers vector b.

All MD simulations show that the screw dislocation
glides in the ��110� plane at all investigated temperatures.
The motion of the screw dislocation occurs through the
nucleation and the propagation of a DK along the disloca-
tion line, as shown in Fig. 2. The arrow method developed
by Vitek, Perrin, and Bowen [19] was used to localize the
dislocation core. Only pairs of atoms for which the relative
displacement in the �111� direction is equal or larger than
b=3 are represented in Fig. 2.

A DK corresponds to a jump of a dislocation segment to
an adjacent triangle in the �111� projection. Systematically,
every DK is followed by another DK putting the disloca-
tion in a second adjacent triangle, exactly as predicted
30 years ago [1]. The reason is that a single DK moves
the dislocation from a ‘‘soft’’ position, with a low core
energy, to a ‘‘hard’’ position, which is unstable in dynamic
conditions. A second DK is then rapidly nucleated, putting
back the dislocation in the soft configuration. The velocity
of the kink propagation is found close to the sound veloc-
ity, confirming that the controlling process is the nucleation
of the DK. In Fig. 3 we show a typical shear-stress (�)
shear-strain (�) curve at constant strain rate. It starts by an
elastic response corresponding to 73 GPa for the shear
modulus, followed by a region of fluctuating stress with
several local maxima. Simulations being carried out at
constant strain rate, the stress decreases after the nucleation
of one or more DKs. The fluctuation of the values of the
stress maxima is certainly due to the probabilistic feature
FIG. 2 (color online). Nucleation and propagation of a DK at
75 K from the soft to the hard position from right to left.
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of collective jumps of atoms. One can also note a tendency
of the stress to decrease in the plastic stage. These features
reveal the difficulty to estimate from MD simulations an
unambiguous value of the critical stress. The following
procedure is proposed and developed in the present work.

First, when it moves from the center of the simulation
box, the dislocation is submitted to the attraction of the free
surface in front of it. This is equivalent to adding an extra
stress component �s, which leads to the decrease of the
elastic energy of the dislocation. MD simulation can be
used to evaluate this energy by determining the potential
energy E, as a function of the position x, of the dislocation
under zero applied stress. Then the real or effective stress
�eff seen by the dislocation can be written as follows:

�eff � �� �s � ��
1

bL
@E
@x
; (1)

where L is the length of the dislocation. This correction
was found to be necessary to compensate the decrease of
the applied stress when the dislocation approaches the free
surface of the simulation box; see Fig. 3. Second, because
of the stress fluctuation, a special approach to determine
the critical effective stress (CES) value �c is derived. This
value is one of the most important results of MD simula-
tions, called MD-CES in the following. It can and should
be compared to the thermal component of the CRSS ob-
tained experimentally, called also critical effective stress,
exp-CES in the following. The frequency of the collective
jump increases with stress, but, during the incubation time,
the probability depends on the stress history. Now all
theoretical models [5,20–22] assume that the probability
of DK nucleation is proportional to the number of nuclea-
tion sites along the dislocation line, i.e., proportional to the
length of the screw dislocation segment L. These models
also assume that the most important role of stress is to
FIG. 3 (color online). Typical �-� curve. Simulation made at
300 K and 1:5� 107 s�1 strain rate.
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decrease the activation energy �G. If the latter is expanded
in a Taylor’s series about an appropriate � value, we have
�G � B� V�eff , where B is constant and V is the activa-
tion volume. Applied to our MD simulations, these models
provide the following formula relating the average velocity
v to �c:

v�ALexp
�
�
B�V�c
kT

�
�AL

�
exp

�
�
B�V�eff

kT

��
; (2)

where A is constant almost independent of stress, k is the
Boltzmann constant, T is the absolute temperature, and h::i
denotes the mean value. L is assumed to be constant, since
no more than one DK is generated simultaneously in our
MD simulations. In the first approximation, V can be
considered as constant in the plastic regime, e.g., for �
between 0.3 and 1.2 in Fig. 3, because of the small stress
fluctuation. Consequently, the critical stress value can be
given by:

�c �
kT
V

ln
�

exp
�
V�eff

kT

��
: (3)

From experimental investigations on single crystals
[23,24], V was found close to 20 b3 for the typical stress
values of our simulations; see Fig. 3. Therefore, Eq. (3) can
be used to provide a good estimation of the CES from MD
simulations carried out under the fixed strain rate.

In order to investigate the role of thermal activation on
the DK mechanism, MD simulations were carried out at six
different temperatures. The evolution of the critical stress
obtained by Eqs. (2) and (3) is shown in Fig. 4. The figure
reveals a strong dependency of the critical effective stress
on temperature. Two deviations from experimental results
can be noted. The dependency on temperature is less
FIG. 4 (color online). Evolution of the effective critical stress
on the (110) plane as a function of the temperature at fixed strain
rate. Squares denote the experimental values (exp-CES)
[7,23,27] and circles denote MD simulation results (MD-CES).
Description of solid lines is given in the text.
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marked in MD simulations than experimentally, and the
values of MD-CES are significantly larger than those of
exp-CES, especially at high temperature. In addition, for
temperatures larger than 300 K, exp-CES is independent of
temperature. An athermal plateau is believed to exist for
T > 300 K, which is not reproduced by MD simulations.
In the following, we will see that, from a physical point of
view, these discrepancies are only apparent. The deviation
is due to the dynamic and probabilistic features of the DK
mechanism.

From Eq. (2), we can see that, at a given temperature,
among �c, L, and v, there are only two independent
variables. In MD simulations and in experiments, L and
v are fixed, and �c is measured. The length and velocity of
the screw dislocation have to be evaluated in order to make
a quantitative link between MD and experiments. The
activation free Gibbs energy is composed of an activation
enthalpy �H and an entropy �S. The later was evaluated
[25] using the Schoeck’s correction [26] and its contribu-
tion found to be less than 5% of the activation energy; it is
thus neglected. However, the relation between the CES and
�H is not explicit, since the force-distance curve and the
saddle configuration during the jump cannot be obtained
directly from experiment. This is why we consider first the
dependency of �H on L and v and, then, correlate MD and
experimental values of the CES. The Orowan equation,
expressing the strain rate _�, as a function of the velocity
and density � of mobile dislocations, _� � bv�, allows one
to evaluate the experimental velocity vexp. At the end of
deformation stage 0 [3], the dislocation microstructure is
essentially formed of screw dislocations and the corre-
sponding density is close to 1012 m�2. Since experiments
were carried out at 10�4 s�1 shear rate [7,23,27], vexp is of
the order of 0:4 �m=s. As for the segment length, Lexp is
close to the average dislocation spacing of almost 1 �m. In
MD simulations, Lsim is equal to 9.9 nm and the average
velocity vsim is found close to 4 m=s. Consequently, be-
cause of the length and the velocity of the screw dislocation
in MD simulations, the corresponding activation enthalpy
is different from that measured in tensile tests. By applying
Eq. (2), for both experiment and simulations, one gets:

�Hsim � �Hexp � kT ln
vexpLsim

vsimLexp
: (4)

The value of the logarithm in the right-hand side of
Eq. (4) is always negative. This means that carrying out
MD simulations with the conditions mentioned above de-
prives the process of a certain amount of thermal energy
close to 21kT. This loss in activation energy implies ob-
viously a large increase of the shear stress. This is why the
values of critical stresses found in MD simulations are
large compared to experiment; see Fig. 4. The difference
can be even more quantified if we consider the following
reasoning. The activation enthalpy was experimentally
found to be proportional to the temperature [24,28]
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�Hexp � CkT. In experimental investigation [7], C was
found close to 25. Equation (4) then allows us to deduce the
activation enthalpy in MD simulations, �Hsim � 4kT. This
energy is relatively small. It explains the less pronounced
decrease of MD-CES as a function of temperature; see
Fig. 4. Furthermore, the temperature Tc, at which the
athermal plateau should start in MD simulations, can be
given by �H0=�4k� � 2419 K, where �H0 is the total
energy barrier, estimated experimentally [25] to 0.84 eV.
In other terms, no athermal plateau can be detected in MD
simulations, because of the specificity of the MD simula-
tion conditions.

Using Eq. (4), it is possible to establish the relation
between MD-CES and exp-CES. Equation (4) indicates
that the difference between �Hexp and �Hsim is propor-
tional to the temperature. When an MD simulation is
performed at a given temperature T, the activation enthalpy
equals 4kT. This quantity is the same as the activation
energy measured experimentally at �4kT=25k� � 0:16T.
Similarly, the CES measured experimentally at a given
temperature T should be close to that obtained by MD at
a temperature equals 1=0:16T � 6:25T.

In order to check out this correlation, two solid lines
were added to Fig. 4. The first one, f�T�, is simply the best
fit of experimental results, and the second one is the
function f�0:16T�. It can be clearly seen that the curve
f�0:16T� describes quite well the MD results. It is possible
to explain and predict to a very good approximation the
MD results by considering the thermal activation nature of
the DK mechanism. Vice versa, the theory of the DK
mechanism expressed in Eq. (2) is thus confirmed by MD
simulations. As shown in our discussion, it is possible to
connect easily atomic level description to the mesoscopic
picture of the motion of the a=2h111i screw dislocation.

In conclusion, using the Mendelev potential as the only
input data, MD simulations are found to reproduce in good
agreement experimental observations: The motion of the
screw dislocation occurs by DK in the (110) plane, and the
evolution of the obtained critical stress can easily be linked
to the CES measured experimentally. This agreement is the
first one reported in the literature and represents a mutual
validation of theories and MD simulations of the double
kink mechanism.

This work is funded by the European PERFECT project
(No. FI6O-CT-2003-508840).
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