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Solving Recent Challenges for Wrought Ni-Base
Superalloys
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P.D. JABLONSKI, J.A. HAWK, R.C. BUCKINGHAM, H.S. KITAGUCHI, and S. TIN

This paper reviews the status of technology in design and manufacture of new wrought
polycrystalline Ni-base superalloys for critical engineering applications. There is a strong
motivation to develop new alloys that are capable of operating at higher temperatures to realize
improvements in thermal efficiency, which are necessary to achieve environmental targets for
reduced emissions of harmful green-house gases. From the aerospace sector, the development of
new powder metallurgy and ingot metallurgy alloys is discussed for disk rotor and static
applications. New compositions for powder metallurgy contain about 50 to 55 pct of gamma
prime (c¢) strengthening precipitates to ensure components operate successfully at temperatures
up to 788 �C (1450 �F). In contrast, new compositions for ingot metallurgy aim to occupy a
design space in temperature capability between Alloy 718 and current powder alloys that are
in-service, and show levels of c¢ of about 30 to 44 pct. The focus in developing these alloys was
design for manufacturability. To complement the aerospace developments, a review of work to
understand the suitability of candidate alloys for multiple applications in Advanced-Ultra
Supercritical (AUSC) power plants has been undertaken by Detrois, Jablonski, and Hawk from
the National Energy Technology Laboratory. In these power plants, steam temperatures are
required to reach 700 �C to 760 �C. The common thread is to develop alloys that demonstrate a
combination of high-temperature properties, which are reliant on both the alloy composition
and microstructure and can be produced readily at the right price. For the AUSC applications,
the emphasis is on high-temperature strength, long-term creep life, phase stability, oxidation
resistance, and robust welding for fabrications. Whereas for powder disk rotors in aircraft
engines, the priority is enhanced resistance to time-dependent crack growth, phase stability, and
resistance to environmental damage, while extending the current strength levels, which are
shown by existing alloys, to higher temperatures.

https://doi.org/10.1007/s11661-020-05773-6
� The Minerals, Metals & Materials Society and ASM International 2020

I. DEVELOPING ALLOY COMPOSITIONS
FOR FUTURE HIGH-TEMPERATURE DISK

ROTORS

A. Introduction

AIRCRAFT engines and cycles are continuously
evolving to provide improved efficiencies for reducing
fuel consumption and emissions.[1,2] However, while
propulsive and aerodynamic optimizations of aircraft
engines are possible, the increased demands upon
superalloys (that are used in the hot section parts) limit
the thermal efficiency improvements that can be
achieved. Higher engine bypass ratios have resulted in
smaller engine core sizes that experience increased
temperatures and stresses, which pose a complex set of
seemingly conflicting properties for the materials con-
sidered for safety-critical disk rotor applications.
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New materials with higher strength levels are needed
in reducing the size and weight of components and to
allow faster shaft speeds. While this necessitates the
development of compositions with increased amounts of
the gamma prime (c¢) phase,[3] further optimization is
possible by using a fine grain size. Yet such grain
structures produce less appealing time-dependent crack
growth behavior,[4] which may limit the design life of the
component or the interval between inspections. This is
more relevant in today’s engines as high climb rates are
increasingly required by commercial airlines to move
aircraft more quickly to altitude, to reduce fuel burn,
and to move the aircraft away from busy air spaces
around airports.[5] Therefore, acceptable strength is
required from coarse grain microstructures, which
demands effective precipitation strengthening from alloy
design and control of grain size in near net-shaped
forgings that are often complex as they include material
for drive arms or shafts.

Inevitably, this is only possible using powder metal-
lurgy to minimize elemental segregation to length scales
of a micron (lm) or less for these complex, multi-com-
ponent alloys with high levels of reactive elements (Al,
Ti, Ta etc.).[6–8] Subsequent hot deformation of consol-
idated powder compacts produces billet material with
extremely fine grains, which enables superplastic flow of
the work piece during isothermal forging at high
temperatures and low strain rates, to make the desired
near net disk shapes.[6–8] A uniform average grain size of
20 to 40 lm can then be created by super-solvus solution
heat treatment. This microstructure produces an ideal
balance in material properties between tensile strength
and resistance to time-dependent crack growth. Other-
wise, optimization of strength in the bore or hub of the
disk and resistance to time-dependent crack growth and
creep in the rim and diaphragm can be achieved by
producing dual microstructure forgings, albeit with
greater design and manufacturing complexity and
cost.[4] These latter considerations have slowed down
the introduction of this technology in civil aircraft
engines despite successful demonstration of capable
manufacturing processes. However, it is understood that
dual microstructure IN100 disks are used in F119
military engines.[9]

The following sections discuss approaches to achieve
the required levels of (i) yield strength and creep
resistance through alloy composition and microstruc-
ture, (ii) resistance to time-dependent crack growth
through optimisation of microstructure, and (iii) phase
stability and environmental resistance in nickel base
alloys that are designed for disk rotor applications.

B. Predicting Yield Strength

There are useful models that predict yield
strength[10–14] from precipitation hardening, which pro-
duces improvements in strength in nickel-based super-
alloys by resisting the penetration of dislocations
through c¢ particles as a result of fault energies from
anti-phase boundaries and stacking faults. Such models
correlate the critical resolved shear stress or flow stress
of the alloy with the volume fraction and size of c¢

particles, and the anti-phase boundary (APB) energy
that is produced from pairwise penetration and cutting
of dislocations through c¢ particles. Crudden et al.[13]

have subsequently showed that the composition of the c¢
particles, i.e., the concentration of Ti, Ta, and Nb atoms
that replace Al atoms, has a profound effect on the APB
energy and therefore yield stress. This body of work
enables alloys to be designed that have higher predicted
yield strengths than the predicted values for established
compositions, for which there are extensive databases.
In practice, other factors will limit the volume fraction
of c¢ and the amount of Al, Ti, Nb, and Ta that can be
added to alloys to improve strength. For instance,
increasing the volume fraction of c¢ will increase the
degree of difficulty in manufacturing billet, forgings, and
finished disk rotors and assemblies. It will also have a
detrimental effect on the resistance to time-dependent
crack growth, which will be discussed later. Further
additions of Al and Ti, in particular, can raise the c¢
solvus temperature (Tsolvus) sufficiently (> 1180 �C) so
that incipient melting can occur at grain boundaries
during super-solvus solution heat treatment. The latter
is necessary for growing the size of grains to optimize
high-temperature properties. This is a concern as the
temperature for incipient melting is reduced in alloys
with high levels of B (> 0.1 at. pct).
Models for predicting yield stress (ry) from precipi-

tation hardening are more useful if they include terms
for grain size and the size of secondary c¢ particles, i.e.,
those produced from quenching after solution heat
treatment. In Figure 1, predicted values of yield stress
from the model proposed by Parthasarathy et al.[11] are
compared with measured 0.2 pct proof stress data for
the alloys in Table I. The model is based on the equation
below:

ry ¼ 1� fc0
� �

M CRSSð Þ þ
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Fig. 1—Actual and predicted yield stress values for RR1000 and the
development alloys in Table I. Details of material manufacturing
and testing are provided in Ref. 18.
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where fc¢ is the volume fraction of c¢ particles, CRSS is
the critical resolved shear stress, M is the Taylor factor
for polycrystals, d is grain size, k is the Hall–Petch
coefficient for c and c¢ phases, and sc¢ is the friction stress
that opposes dislocation motion from grain boundary
precipitated c¢ particles. Further details of the model can
be found in Appendix.

As shown in Figure 1, the model correctly predicts the
superiority of Alloys B, C, and D over A and RR1000
but the absolute values of the predictions are higher
than the measured ones. The details for material
manufacture and testing are provided elsewhere.[18] It
is understood that improved values of yield stress are
due to the higher volume fraction of c¢ and the addition
of Nb, which increases in APB energy. The predicted
values of yield stress are particularly sensitive to the
APB energy, the c grain size, the volume fraction and
size of secondary c¢ precipitates, and the volume fraction
of tertiary c¢ precipitates. Measured compositions, grain
size, and precipitate values were used in calculating the
predicted curves in Figure 1. The APB energy pre-ex-
ponent term Co (Eq. (3) in Appendix) for each alloy was
calculated from the method proposed by Crudden
et al.,[13] using first principle density functional theory
(DFT) calculations for ternary systems comprising of
Ni0.75Al0.125X0.125 and Ni3Al0.5X0.5 where X is an
alternative c¢ former element such as Ti, Ta, Nb, or
W. In an earlier publication,[18] the model was fitted to
measured yield stress values at room temperature by
modifying APB energy, which is calculated at zero
Kelvin.

C. Controlling the Grain Size of Coarse Grain
Microstructures

As indicated earlier, a narrow range of grain size is
desired in large complex forgings after solution heat
treatment above the Tsolvus. Such forgings often show
significant variations in forging strain due to changes in
geometry, notably for drive arms. There are many
factors that determine the final grain size, not least the
size of grains in the billet material or forging stock. It is
critical for isothermal forging that grains in billet
material are extremely fine. This is possible as large (1
to 5 lm), predominantly incoherent primary c¢ precip-
itates pin grain boundaries. They precipitate preferen-
tially at grain boundaries as a result of incomplete
dynamic or meta-dynamic recrystallization of c grains
during relatively high strain rate deformation on com-
pacted powder at temperatures below Tsolvus.

[19] In

addition to billet grain size, it is necessary that forging
temperatures (below the Tsolvus) and strain rates are
deployed that promote super plastic forming as a result
of grain boundary sliding and recrystallization. As a
general rule, the appropriate forging conditions are
those that give rise to a strain rate sensitivity index m
greater than 0.3 in the equation below, which correlates
flow stress (r) as a function of strain rate (de/dt), in
which K is a material constant.[20]

r ¼ K
de

dt

� �m

½2�

This can be determined by generating flow stress data
from hot compression tests on billet material to under-
stand the effects of temperature and strain rate.
In spite of these measures to control grain size,

isolated areas of large visible grains can occur in some
forgings, in areas that receive low forging strains and
specific forging conditions, in which the higher end of
forging strain rates are imposed during part of the
forging process. This results in a bimodal grain size
distribution. The phenomenon in powder Ni disk alloys
was initially described as abnormal[21] or critical grain
growth.[22]. In both cases, the unwanted grain growth
was attributed to sub-solvus isothermal forging at strain
rates near the transition between super plastic (stage II)
flow and power-law creep (stage III) flow. The latter
occurs from glide and climb of dislocation within c
grains. In these and other studies,[23–26] grain growth
behavior has been understood by conducting hot
compression or tensile tests on small laboratory test
pieces. These, in combination with computer-based
finite element software have enabled the results of
laboratory experiments to be used to predict the grain
growth behavior in full-scale forgings. However, care
needs to be taken to ensure that such experiments are
representative of much larger forgings. For example, the
same rates of heating that are encountered in forgings
should also be applied to small laboratory samples. This
is important as work by Parr et al.[27] has shown that for
low forging strains, a longer heating time (55 to 93
minutes) from 1050 �C to the super-solvus heat treat-
ment temperature of 1170 �C increased the grain size of
isothermally forged RR1000, particularly the as large as
(ALA) grain size. Nevertheless, compression tests are
useful as they allow microstructure to be examined after
or during each step of the forging and heat treatment
processes using electron microscopy and electron
backscattered diffraction (EBSD). The latter is

Table I. Nominal Composition of Development Alloys and RR1000

Atomic Percent Ni Co Cr Mo W Fe Mn Al Ti Ta Nb Hf B C Zr

RR1000 Bal. 17.9 16.5 3.0 0 0 0 6.4 4.3 0.6 0 0.16 0.08 0.13 0.03
Alloy A Bal. 23.0 15.1 1.8 0.5 0 0 6.3 4.8 1.2 0 0 0.15 0.14 0.05
Alloy B Bal. 23.0 15.1 1.8 0.5 0 0 6.3 4.8 1.2 1.0 0 0.15 0.14 0.05
Alloy C Bal. 23.0 14.8 1.8 0.6 0.9 0.6 6.5 4.8 1.2 0.6 0 0.15 0.13 0.06
Alloy D Bal. 26.0 15.0 2.0 1.0 0 0 6.3 5.5 0.8 0.2 0 0.14 0.14 0.04
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particularly informative as it can detect differences in
grain to grain orientation or differences in orientation
within grains.[28] These are a measure of stored energy
and indicate differences in stored energy within and
between grains, which in turn provides information
about the state of recrystallization.[26] Research has been
conducted to isolate the forging and heat treatment
parameters that contribute to the nucleation and growth
of isolated large grains.

Attention has been given to the role of primary c¢ and
other pinning particles such as MC carbides on grain
size. Figure 2 from Parr et al.[27] clearly shows that the
grain boundary of the abnormally large grain passed
through many primary c¢ particles. This suggests that
the Zener pinning pressure from primary c¢ particles is
not effective in stopping the growth of some grains.
However, as Smith Zener pinning pressure (Pz) increases
with the volume fraction (fv) of small particles that have
a radius r, as in Eq. [3], it has been proposed that a
reduced average grain size can be produced from a
higher number of small particles,

PZ ¼
3fvE

2r
½3�

where E is the matrix-particle interface energy.[29] Above
Tsolvus, primary MC carbide and oxide particles remain
in the microstructure in prior particle boundary net-
works. These potentially provide further pinning parti-
cles. Payton’s work on René 88DT[30] confirms this
beautifully, although the evidence suggests that there
was little or no effect of increased C content on the ALA
grain size.

After many detailed EBSD examinations, Bozzolo
et al.[26,31] observed that large visible grains have low
values of stored energy and concluded that stored
energy is the driving force for overcoming the Smith–Z-
ener pinning pressure that is provided by pinning
particles such as primary c¢. The selective grain growth

is due to the activation of a few nuclei (from low forging
strains) that have sufficient stored energy to exceed a
critical value, which appears to decrease with increasing
heating time for super-solvus solution heat treatment.
This suggests that the observed behavior is a recrystal-
lization phenomenon that requires a critical strain or
stored energy. Miller et al.[25] have also shown that the
low grain growth front velocities, less than 1 lm per s,
that have been cited for abnormal grain growth in other
alloys, were not found in René 88DT. Much higher
values were reported, suggesting that the critical process
is not abnormal grain growth but abnormal recrystal-
lization with a low density of nuclei.
A new dynamic recrystallization mechanism

(heteroepitaxial recrystallization) has recently been
observed in nickel disk alloys.[32] Nuclei for this form
of recrystallization are established from a c¢ to c phase
transformation at the periphery of or inside primary c¢
particles as a result of slow cooling from temperatures
below Tsolvus. These can produce recrystallized grains
that completely surround the primary c¢ particles. The
phenomenon is prevalent at forging temperatures of
about 100 �C below Tsolvus, at strain rates of 0.01 per s
and in regions of the forging that receive low strain,
typically less than 0.6 strain. Under these conditions, the
heteroepitaxially recrystallized fraction can be high,
between 10 and 20 pct in laboratory samples and higher
in large forgings. If higher forging temperatures are
used, the c surrounding the primary c¢ particles tends to
dissolve. Fewer or no heteroepitaxial recrystallized
grains are present when lower forging strain rates (of
about 0.001 per second) are used. The activity of this
phenomenon coincides with the conditions for large
visible grains. However, there are no reports currently in
the literature that link heterogeneous recrystallization
with the occurrence of large visible grains. It should also
be noted that large visible grains are often detected on
the surface of forgings from etch inspection. This is
inconsistent with heteroepitaxial recrystallization as the
surface of forgings will receive the fastest cooling rates
after forging.

D. Effect of Cooling from Solution Heat Treatment
on Yield and Tensile Strength

While composition determines the volume fraction
and strengthening potency of c¢, the size, shape, and
spatial distribution of these strengthening precipitates
are also derived from the rate of cooling following
solution heat treatment. Forgings are held at solution
heat treatment temperatures and cooled at controlled or
predictable rates. For PM alloys or alloys with similar
levels of c¢ precipitates, fan, ducted-nozzle air, or
compressed air quenching is often used to produce the
required strength levels uniformly throughout the forg-
ing while minimizing thermal gradients and therefore
residual stresses.[33] Cooling rates in forgings depend on
the forging shape, the thermal physical material prop-
erties of the alloy, and the cooling intensity of the
cooling media. An optimized balance between strength
and levels of residual stress in forgings can be achieved
using quenching facilities that are computer-controlled

Fig. 2—Inverse pole figure (IPF) from EBSD of RR1000 material
that had been forged to 0.4 strain then subjected to a slow heating
ramp to the c¢ solvus temperature. Primary c¢ precipitates are shown
as black particles; these are Cr lean areas that were identified from
energy dispersive x-ray spectroscopy. Reprinted with permission
from Ref. 27.
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to tailor the cooling process for each forging geometry
using bespoke fixtures, process simulation, and opti-
mization software.[33]

It is understood that secondary c¢ precipitates nucle-
ate over a limited range of temperatures from Tsolvus.
This critical temperature range, which can be deter-
mined using single sensor differential scanning analyses
(SSDTA),[34] shows a small variation as a result of
differences in cooling rate, producing lower precipitation
temperatures from faster cooling rates.[35] The nucle-
ation event dominates precipitation at fast cooling rates,
which results in many small secondary c¢ precipitates.[36]

The distance between the particles is therefore small.
For slower cooling rates, there is a lower nucleation rate
and more time for particle growth. Consequently
secondary c¢ precipitates are coarser and deviate from
a spherical shape as their diffusion and strain fields
overlap[37] (Figure 3).

Semiatin et al.[36] have investigated the evolution of c¢
precipitates in the c matrix by varying the cooling rates
from the solution heat treatment temperature. Cooling
rates were found to have negligible impact on the
nucleation of such precipitates during cooling. However,
there was a strong dependence of the number density of
precipitates on cooling rates. Slower cooling rates result
in coarser precipitates and lead to different morphology
than the spheroidal particles found as the result of
higher cooling rates (as illustrated in Figure 3 for
RR1000). Assuming the precipitates are spherical with
radius r, the model below was proposed to describe the
growth of c¢ precipitates during continuous cooling,[38]

dr

dt
¼ 2k2

D

r
½4�

where k2 is related to the finite matrix supersaturation
X through

k2exp k2
� �� �

: exp �k2
� �� �

� kp1=2
� �

erfc kð Þ
h i

¼
X

2
½5�

and D is the effective diffusivity of the rate-limiting
solutes. Semiatin et al.[39] also suggested that using the
geometric average of each solute to calculate the total
diffusivity (as in Reference 40) provided the equivalent

result to the diffusivity of Cr in the Ni-Cr binary alloy.
Thus, simplifying the extent of inputs required to
calculate the effective diffusivity rather than total
diffusivity.
The affinity for particle coarsening is low for many

small c¢ precipitates that have nucleated and retained
supersaturation during continuous cooling.[36] This can
be critical during the heating and soaking of material at
the primary working temperatures for forming standard
geometry billets, which are subsequently near net shape
forged or receive sub-solvus heat treatments, where the
c¢ particles are not completely dissolved in the c matrix.
A model was proposed, as shown below, to describe

the coarsening of secondary c¢ precipitates during
continuous cooling[36]:

�r3 � �r3o ¼
8wð/ÞDrCc 1� Cc

� �

VM

9RT Cc0 � Cc

� �2
1þ @lnv

@lnCc

h i ½6�

where �r3 � �r3o represent the average instantaneous and
initial particle radii, w(/) is a factor to correct for the
finite volume fraction of particles, Cc0 and Cc are the
equilibrium concentrations of the rate-limiting solute in
the matrix and precipitate, respectively, D is the solute
diffusivity in c, r is the c � c¢ surface energy, VM is the
molar volume of the precipitate, R is the gas constant, T
is temperature in Kelvin, and v is the activity coefficient
for the rate-limiting solute (Cr) in the c matrix of the
specified composition. It is important to note that this
model assumes that coarsening is controlled by the
diffusion of a single rate-limiting solute.[36] Alloys with
near-zero misfit between the c and c¢ phases, such as
RR1000, produce dendritic c¢ precipitates from slow
cooling rates[41] below about 1 �C/s as a result of a
preferential crystallographic growth direction, which is
understood to be strain induced.[42]

For coarse grain microstructures that are produced
from super-solvus solution heat treatment, there are also
significant differences in composition, size, and shape
between secondary c¢ precipitates at grain boundaries
and those in intragranular locations. Mitchell et al.[41]

found that grain boundary precipitates in RR1000 were
larger than intragranular ones and were much less

1 µm 1 µm

Fig. 3—Secondary electron image of deep etched coarse grain RR1000, which has been cooled from 1170 �C to 871 �C at rates of 0.1 �C/s (left)
and 5 �C/s (right). The images show the effect of cooling rate on the size, number density, and morphology of intragranular secondary c¢
precipitates. An electrolytic 10 pct phosphoric acid etch was used.
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spherical. While the number of precipitates that was
characterized by transmission electron microscopy
(TEM) was small, Mitchell et al. reported that the
composition of intergranular precipitates was more
consistent than the smaller spherical intragranular
precipitates and showed higher concentrations of Al,
Ti, Ni, Ta, and Zr (c¢ forming elements) and reduced
levels of Co, Cr, and Mo (c forming elements). As grain
boundaries provide a preferential path for diffusion of c¢
forming elements, intergranular c¢ precipitates nucleate
before the intragranular precipitates during cooling
below Tsolvus, perhaps as a result of heterogeneous
nucleation, and have a longer time for particle coarsen-
ing. As indicated above, the shape of the grain boundary
precipitates from slow cooling is dependent on the alloy
composition and any strain induced preferential direc-
tional coarsening.[42] In alloys with near-zero misfit,
dendritic or fan-shaped c¢ precipitates that nucleate at
grain boundaries push the boundaries locally, producing
serrations.[43] This grain boundary morphology is ben-
eficial for improving stress rupture life[44] and resistance
to time-dependent crack growth[45] but may have less
appealing detriments to yield stress and minimum creep
rate due to the necessity for very slow cooling rates over
the temperature range for nucleating grain boundary c¢
precipitates.

Generally, a power-law expression can be used to
correlate either secondary c¢ size or strength with
cooling rate. There are numerous examples in the
literature, for example,[46–51] that show that increasing
cooling rates from solution heat treatment reduce the
size of secondary c¢ size, producing higher values of yield
stress and tensile strength. This behavior is the result of
strong-pair coupling, i.e., when the size of the c¢
precipitates is larger than the spacing between the pairs
of dislocations that are cutting the particles. It has been
proposed that highest yield strength levels are achieved
in compositions with high c¢ volume fractions by
developing the size of c¢ precipitates (15-50 nm) that
optimize both weak and strong-pair coupling.[14,52]

However, such a unimodal size distribution of c¢
precipitates is likely to have a negative impact on
ductility.[52]

In practice, the rates of cooling that are applied to
advanced PM alloy forgings are limited to rates that
optimize time-dependent crack growth behavior and
avoid quench cracking[53] from super-solvus solution
heat treatment, and the desire to optimize residual
stresses in forgings for component manufacture and
service life. Quench cracking can occur in alloys that
show poor ductility or fracture properties at the solution
heat treatment temperature as a result of incipient
melting at grain boundaries. This is likely to occur if the
alloy has a high Tsolvus value, which is within 20 �C to 30
�C of the incipient melting temperature.

E. Effect of Precipitates on Resistance to Creep
Deformation

There are also examples in the literature that report
the effect of cooling rate on creep strain accumulation
and stress rupture life.[46,49,51,54,55] It is evident that

rapid cooling from solution heat treatment enhances
resistance to creep deformation. As indicated earlier,
such cooling rates nucleate a high density of small
secondary c¢ precipitates that are separated by small c
channels. An additional consequence of rapid cooling
and the nucleation of many small secondary c¢ precip-
itates is a reduction in the availability of solute and
space for tertiary c¢ precipitates, which reduces the
volume fraction of these sub 50 nm particles. This will
be discussed later. However, the effect of cooling rate is
relevant to all temperatures that incur creep deforma-
tion, although any benefit from rapid cooling diminishes
above 800 �C once secondary c¢ precipitates coarsen.
Detailed TEM by Unocic[55] has identified the creep

mechanisms that operate in powder Ni alloy René 104
(or ME3) at temperatures between 677 �C and 815 �C
and stresses of 345 to 724 MPa. This study examined
material that had a starting tertiary c¢ precipitate size of
30 nm on average. Different mechanisms were detected,
depending on the temperature and stress condition and
the accumulated strain. Initially these involve a/2 h110i
dislocations in the c matrix at low strains, which at
temperatures below 704 �C progressed to shearing of the
c matrix and c¢ precipitates by a microtwinning mech-
anism. At a higher temperature of 760 �C and a stress of
345 MPa, the shearing mechanism involved stacking
faults. From creep tests at 815 �C and 345 MPa, it was
found that dislocations were able to climb over or
bypass c¢ precipitates, presumably using thermally
activated processes.
At temperatures below about 750 �C, creep strain

accumulation is also very sensitive to post-solution
(precipitation or aging) heat treatment (P-SHT), which
determines the volume fraction and size of tertiary c¢
precipitates. Such heat treatments are designed to relieve
residual stresses from quenching, following solution
heat treatment and to grow the tertiary c¢ precipitates to
a desired size distribution and volume fraction. It has
been found for alloys 720Li and RR1000 that an
optimized resistance to creep is achieved by producing
a unimodal size distribution of fine tertiary c¢ precipi-
tates with a volume fraction of at least 3 pct and an
average size of 15 nm. This typically involves a 4 to 24
hour soak at temperatures between 650 �C and 800 �C,
and will vary from alloy-to-alloy and the need to
minimize heat treatment time. However, such a P-SHT
is not as effective as shorter duration, higher tempera-
ture excursions for relieving residual stresses, which at
room temperature can exceed the material yield stress
for alloys that contain high levels of c¢ precipitates.
While an initial, fine tertiary c¢ size optimizes creep
resistance, the particles will coarsen during exposure
above 700 �C and will eventually dissolve, particularly
rapidly from excursions above 800 �C. Locq et al.[56]

reported that NR3 material that had been exposed to
800 �C for 500 hours showed high creep strain rates at
700 �C as no tertiary c¢ precipitates remained, having
dissolved. These fine particles that reside in the c
channels between the secondary c¢ precipitates provide
a resistance to glide of a/2h110i dislocations in the c
phase, which are required to shear the tertiary c¢
particles.
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A 2-stage P-SHT is often preferred for PM alloys, the
first stage being a short soak at a temperature above 800
�C, such as 843 �C (1550 �F). This provides an effective
stress relief from quenching and grows a proportion of
the tertiary c¢ precipitates that could be present, to an
average size of 25 to 40 nm. Subsequent coarsening of
these particles during long exposures from in-service
operation at temperatures at or below 700 �C will not
significantly degrade yield stress and tensile strength.
However, long exposures above 750 �C will coarsen
secondary c¢ particles sufficiently to produce appreciable
reductions in strength.[57] In some alloys, the first stage
of the P-SHT or long-term thermal exposure will also
precipitate M23C6 carbides on grain boundaries,[58,59]

which is unlikely to be beneficial as they (i) are a source
of dislocations for initiating creep damage,[55] (ii)
remove Cr from the c matrix and therefore locally
reduce the resistance of the grain boundary vicinity to
environmental damage,[60] and (iii) can provide a nucle-
ation site for precipitation of sigma (r), a detrimental
topologically close packed (TCP) phase. The second
stage of the P-SHT is the forementioned 4 to 24 hour
exposure at temperatures between 650 �C and 800 �C
that grows the very fine, circa 15 nm, tertiary c¢
precipitates. Consequently, there is a bimodal size
distribution for tertiary c¢ precipitates.

As well as the size and volume fraction of c¢
precipitates, grain size can also affect creep behavior,
with increases in average grain size improving resistance
to creep deformation particularly at temperatures above
750 �C.

F. Time-Dependent Crack Growth

The design life of disk rotors is determined by low
cycle fatigue, i.e., the repeated application of limited
plasticity, which leads to the nucleation and growth of
fatigue cracks. As materials and components cannot be
made without melt or manufacturing anomalies, it is the
growth of fatigue cracks that is of primarily importance
to safety as loss of integrity of disks cannot be contained
within the gas turbine engine and can result in serious
damage to, or loss of, the aircraft and fatalities. Due to
the sole activity of octahedral {111} slip systems at
temperatures below 550 �C to 600 �C, cracks develop
from bands of localized strain that extend across
grains.[61] As a result, crack growth is transgranular
and appears crystallographic, at least for a significant
proportion of the crack growth life. At higher temper-
atures, the rate of oxidation increases and there is slip on
both octahedral {111} and cubic {100} planes.[62]

When the peak cyclic load is sustained at these higher
temperatures, the crack growth mechanism becomes
progressively intergranular as the test temperature and
dwell period or cycle time increase. Once temperatures
exceed 700 �C, relatively modest dwell periods can
produce fully intergranular crack growth with very high
rates of crack growth. A significant amount of exper-
imental work has been undertaken to characterize and
understand the cause of the grain boundary cracking in
Ni-base disk alloys.[63–68] It is agreed that crack growth
behavior is also determined by the test environment and

the material microstructure. As crack growth remains
transgranular under vacuum conditions until test tem-
peratures are high enough to produce creep damage at
grain boundaries,[68] oxygen (or water vapor) or oxide
species are critical to the damage mechanism. Recent
observations of secondary cracks, or primary cracks
from interrupted testing, have shown multi-oxide intru-
sions at some grain boundaries.[69–71] This is also evident
at the root of notches that are subject to fatigue loads at
oxidizing temperatures.[72] For the oxide intrusions to
form ahead of the crack tip during a dwell cycle, cracks
must be stationary or grow very slowly for the majority
of the time on load and there must be significant
enhancement in the rate of oxidation[73] as a result of the
very high local stresses adjacent to the crack tip. It is
possible therefore that the high rates of crack growth are
produced from sudden fracture of the oxide intrusions,
which are brittle compared to the unoxidized c and c¢
phases.[73] In coarse grain microstructures, in particular,
it has been found that cracks at low stress intensity
factors (K) retard, i.e., the growth rate from sustained
loading diminishes with increasing K to growth rates
associated with transgranular crack growth, or they stop
growing. Evans[73] proposed that the volume expansion
in forming the oxide intrusion induces a compressive
stress in the matrix in the vicinity of the crack tip. This
and crack blunting from visco-plastic deformation are
likely causes of the observed behavior. Evans provided a
schematic illustration of the possible stress profile from
the crack tip to the end of the oxide intrusion but
conceded that detailed computations were required.
Chan[74] and Cimbaro[75] have reported mathematical
models for the embrittlement of an elastic-plastic crack
by an oxide intrusion. It remains unclear whether
dynamic embrittlement, i.e., the reduction of cohesive
strength and ductility of grain boundaries due to the
presence of oxygen from stress-assisted grain boundary
diffusion,[76,77] either prior or after the formation of an
oxide intrusion is a contributing factor that produces
intergranular crack growth from sustained loading at
current service temperatures. Whatever the mechanism,
it is apparent that a damage zone develops ahead of the
crack tip during the dwell period, which under certain
conditions, gives rise to an increment of crack growth
from the subsequent unloading and loading parts of the
fatigue cycle.
The behavior of cracks to sustained loading in an

oxidizing environment has been found to be very
sensitive to microstructure: firstly, from differences in
grain size, as the phenomenon requires the diffusion of
oxygen and displacement of grain boundaries.[78] As
there are more grain boundaries in fine grain microstruc-
tures, it can be argued that there are more diffusion
paths and more grain boundary displacement. Conse-
quently, the rates of crack growth from sustained
loading are significantly higher in the fine grain form
of an alloy compared to the coarse grain version. Dwell
crack growth rates have also been found to vary from
differences in cooling rate from solution heat treat-
ment[66–68] and from differences in P-SHT[66–68] or from
prolonged exposure at temperatures above 700 �C.[79,80]

As discussed earlier, these heat treatment variables
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control the number density, the size of secondary c¢
precipitates, and the c channel spacing between these
particles, and the size and volume fraction of tertiary c¢.
These aspects of microstructure are important as they
determine visco-plastic deformation and therefore the
relaxation of stress at the crack tip during sustained
loading as the inelastic zone ahead of the crack tip is
constrained by surrounding elastic material. It follows
then that good resistance to time-dependent crack
growth is achieved by a microstructure that promotes
stress relaxation and not one that optimizes resistance to
plasticity and creep deformation.

The relaxation of stresses in the visco-plastic zone
ahead of cracks at these high service temperatures can
also explain the observed reduction in crack growth
rates during sustained loads, which directly follow small
overloads. Telesman et al.[81] have recently shown that
x2 and x5 reductions in crack growth rate (da/dN) were
produced in LSHR at 704 �C from overloads of 5 and 10
pct, respectively, prior to 90-second dwell periods.
Growth rates that were similar to those from 0.333 Hz
fatigue cycles were achieved when larger overloads of 15
and 20 pct were applied before the same dwell periods.
To simulate the behavior of the visco-plastic zone, stress
relaxation tests were conducted by loading to 1.05, 1.1,
1.15, or 1.2 pct strain and then immediately unloading
to 1 pct strain after 1 second. The test bars were held at 1
pct strain for 100 hours. As the unloading of strain
occurred in the elastic stress–strain regime, it was found
that the overload significantly reduced the initial stress
at the start of the stress relaxation testing. Intergranular
crack growth was maintained despite the reduction in
crack growth rates from the overload cycles.

G. Other Considerations: Phase Stability Versus
Environmental Protection

Alloy design is further complicated by the possible
precipitation of detrimental TCP phases during long
duration exposures at temperatures above 700 �C.
Several approaches can be used to assess whether a
composition is likely to precipitate TCP phases. In the
past, the phase computation (PHACOMP)[82] method
has been used as a guide to avoid the formation of r.
The approach relies on calculating the average electron
vacancy number, Nv, for the alloy and defining an alloy
specific number, below which the alloy is deemed to be r
safe, i.e., will not precipitate the phase. There are
examples, notably Alloy 713, that have shown r when
they were not expected to, which have led to adjust-
ments to the methodology.[82] An alternative approach
has been developed on the basis of theoretical calcula-
tions of electronic structure and considers an average
Md number, which is an average energy level of d
orbitals of transition metal additions to nickel. It has
correctly predicted the occurrence of detrimental topo-
logically close packed phases such as r in a wide range
of commercial alloys.[83] However, the accuracy of the
approach relies on defining a critical average Mdc value,
below which a r free microstructure is assured. Guedou
et al.[84] proposed that alloys can be designed using a
Mdc value of 0.915. Two compositions were made to

this Mdc value, one was free of TCP phases, while the
other showed amounts of r phase, which were consid-
ered too high for disk applications. In latter work, Reed
et al.[3] calculated that alloys for which the Mdc number
was less than 0.88 would be free of deleterious r phases.
Phase diagram modeling can be used in several ways

to predict whether an alloy will precipitate r during heat
treatment or in service. The first is to simply consider the
thermodynamic r solvus temperature or the mole pct of
r. The second is to predict time-temperature-transfor-
mation diagrams using available diffusion databases for
Ni alloys and a modified Johnson–Mehl–Avrami model,
which requires thermodynamic predictions for the
concentration of elements that partition to the r phase
as an input.[85]

The approaches described above are a starting point
for experimental work as ultimately, making the com-
position and exposing it to long times at likely service
operating temperatures is the only method of completely
understanding whether the microstructure is free from
harmful topologically close packed (TCP) phases.[58,86]

A recent study[86] has compared methods for quantify-
ing TCP in Ni-base superalloys. Results from syn-
chrotron x-ray diffraction of solid samples and
laboratory x-ray diffraction of extracted residues were
in good agreement but the methods were only able to
quantify phases that were present at levels greater than
about 0.3 wt pct. Smaller quantities can be detected by
electron microscopy but not necessarily quantified
unless by image analysis.
The necessity to design alloys with high c¢ and Mo, W

content, that are free of TCP phases such as r ([Ni, Co,
Fe]x[Cr, Mo, W]y where x and y vary between 1 and 7)
can compromise the resistance to environmental damage
as this is determined primarily by the amount of Cr in
the alloy to form chromia scale, notably for tempera-
tures above 650 �C.[87,88] This is exacerbated by high
levels of Ti that dope the chromia scale, segregating
primarily to grain boundaries and form large rutile
nodules above the chromia.[87,89] The end result is that
initial rates of the thickening kinetics of the chromia
scale are considerably higher than those expected for
Ti-free chromia, for example in alloys such as Alloy 718
and ATI 718PlusTM. In many alloys with Co values
below about 20 at. pct, the oxidation resistance can be
correlated to Cr/Ti ratio in at. pct. Unexpectedly good
oxidation resistance was reported recently by Christofi-
dou et al.,[18] however, for alloys A and B in Table I.
While evidence was not presented to explain the
behavior, it was attributed to the beneficial contribu-
tions of Ta and Co. Tantalum may form protective
spinel oxides or assist in establishing a protective
chromia scale. Cobalt may change the partitioning
behavior of Cr to c only.
Eta (g) phase, which has the chemical composition of

Ni3Ti or Ni3Al0.5Nb0.5, is another phase that is not
necessarily desirable, particularly if it forms during
thermo-mechanical processing (Figure 4). It competes
with c¢ for Ti, Nb, Ta, and Al but may only exist over a
limited temperature range. A study by Antonov et al.[90]

found that d and/or g formed in preference to c¢ when
the Al/(Ti+Nb+Ta) ratio was less an 0.85 (in at. pct).
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A graph from the Antonov et al. paper has been updated
in Figure 5 to include those development alloys from
this paper, from Guedou et al.[84] and from Bain et al.[91]

that have shown or reported g phase. Of the alloys from
this study, g in Alloy B was found after forging at 1090
�C (Figure 4) and in Alloy D after hot isostatic pressing
at 1107 �C (2025 �F). During long exposures in air, g can
also form near the surface of alloys that have an Al/
(Ti+Nb+Ta) ratio just above 0.85. This is possible
due to local changes in composition that occur from the
development of external Ni, Co, Ti, and Cr oxide
nodules and internal Al oxide intrusions and Ta oxide
films, the latter of which are present below the chromia
scale. Eta can be found below the internal Al oxide
intrusions. The presence of the phase on local visco-plas-
tic behavior and strain to failure is currently unclear.

H. Concluding Remarks

The preceding sections have discussed approaches
that are necessary to improve the temperature capability
of Ni alloys for high-pressure disk rotor applications in
aircraft engines. For the temperatures and high climb
rates that are imposed on these components in modern
aircraft engines, the resistance to time-dependent or
dwell crack growth often limits the temperature capa-
bility of alloys and the design life of components. While
damage tolerance is a priority, other properties such as
strength, phase stability, and resistance to environmen-
tal damage are also critical for design. Achieving the
desired balance of properties requires that complex
superalloy compositions be produced using powder
metallurgy and low strain rate, isothermal forging.
These material manufacturing methods are critical in
producing large forgings that show a narrow range of
grain size after super-solvus solution heat treatment. As
such, alloys need to be designed to produce the required

levels of yield strength from a coarse grain microstruc-
ture. This is possible using models that predict precip-
itation strengthening, i.e., the effects of c¢ composition,
volume fraction and size, and the effects of grain size
and c matrix strength. The process of quenching
forgings from solution heat treatment is also extremely
important in optimizing time-dependent crack growth
behavior, in avoiding quench cracking, and in control-
ling residual stresses in forgings for minimizing distor-
tion during component machining and for optimizing
service life. In addition, a suitable post-solution heat
treatment is necessary for producing the desired dwell
crack growth behavior and for relieving residual stresses
after quenching. Another critical alloy attribute is phase
stability to ensure that detrimental topologically close
packed phases such as r do not precipitate at grain
boundaries during long exposures at high temperatures.
While predictive methods are available, these should be
considered as a starting point for experimental verifica-
tion. As Cr in the c phase is a contributor to r
precipitation, designing a composition with lower levels
of Cr can result in reduced environmental protection,
given that chromia is the protective scale that forms at
temperatures above 650 �C. However, adequate resis-
tance to oxidation and type II hot corrosion can be
realized if the Ti content in the alloy is reduced
sufficiently by replacing it with other c¢ forming elements
such as Ta and Nb. It is recognized that this review has
not discussed other important topics such as the effect of
B, Zr, and C on grain boundary microstructure and
properties.

Fig. 4—Backscattered electron image of Alloy B (Table I) following
isothermal forging at 1090 �C of a powder compact (HIP at 1107
�C). The white lenticular phase is g.

Fig. 5—Graph adapted from Antonov et al.[90] indicating that alloys
that lie below the solid line are likely to precipitate g and or d phase.
The solid line is defined by Al/(Ti+Nb+Ta) ratio of 0.85.
Advanced powder alloys from Table I and Refs. [84] and [91] have
been found to precipitate g.
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II. DESIGN FOR MANUFACTURABILITY
OF ADVANCED CAST AND WROUGHT

SUPERALLOYS

A. Legacy Cast and Wrought Superalloys

Alloy 718 is widely used for disk rotor applications in
the compressor and turbine of aircraft engines. The
success of the alloy lies in the ease and cost of material
manufacture, a low rate of melt anomalies from primary
and remelting practices[92] and the appealing material
properties that result from forging and either conven-
tional heat treatment or from direct age.[93] This is
possible as the alloy composition provides a relatively
low volume fraction (about 22 pct) of both gamma
double prime (c¢¢) and c¢ strengthening precipitates and
thermomechanical processing produces a fine grain
(ASTM 10-13) and small (< 50 nm) c¢¢ and c¢ precip-
itates. However, the temperature capability of the alloy
is limited to about 600 �C to 630 �C as c¢¢ and c¢
precipitates coarsen during prolonged exposure at tem-
peratures above 600 �C, and at higher temperatures (>
700 �C) meta stable c¢¢ precipitates transform to d phase,
further reducing strength. Consequently, there is an
opportunity for advanced cast and wrought alloys to
occupy a design space in temperature capability between
718 and powder alloys.

Waspaloy and Alloy 720Li are potential candidates,
although Wasploy, with about 26 pct c¢ shows lower
yield strength values than 718, particularly when pro-
duced with a coarse grain microstructure. There are also
greater challenges in material and component manufac-
ture, whether in terms of melt anomalies, recrystalliza-
tion, forge cracking, weldability, or twin cracking during
machining. However, Alloy 720 and 720Li with about
44 pct c¢ have been used successfully since the
mid-1990s,[94,95] due to competitive strength levels from
a fine grain microstructure and a temperature capability
of 650 �C to 700 �C. The low interstitial (Li) version
shows improved phase stability compared to the original
720 composition and a reduced propensity to TiN,
TiCN inclusions.[95,96]. The alloy does require additional
controls for successful primary and remelting to mini-
mize inclusion content and multi-step ingot conversion
practice to produce a near fully recrystallized billet
microstructure. It can be forged successfully using either
conventional closed die forging, ring rolling, or low
strain rate isothermal forging, which produces near to
net envelopes that can significantly minimize input
weight.

B. The Need to Consider Manufacturability in Alloy
Design

When designing an alloy for optimum performance in
service, it is equally important to consider the manu-
facturability of the alloy. The ability to manufacture an
alloy at scale using a commercially attractive processing
route often determines the viability of an alloy, the
degree to which the alloy finds insertion in application,
and the longevity of the use of the alloy in design. For
advanced cast-and-wrought alloys, the characteristics

that contribute to improvements in performance in
service typically render alloys more difficult to manu-
facture, i.e., higher refractory element content, higher c¢
content, and stability and size control of multiple
precipitate phases. That contradiction between perfor-
mance and manufacturability makes a system approach
to alloy design important and makes it critical to have
multiple levels of the development and insertion supply
chain engaged from the start of an alloy development
effort. Recent alloy developments for turbine engine
disks and structural components have found success
because of development occurring, in part, across the
supply chain.
Olson has advanced the systems approach of compu-

tational alloy design [97] and with his colleagues has
demonstrated success in using the approach to design
and produce high-performance materials including
steels and titanium alloys. That system design approach
considers the intimate link between manufacturing
process steps and the resulting microstructure, mechan-
ical properties, and performance in service.[98] A system
design considers manufacturability, such as the degree
of segregation expected during vacuum arc remelting
and the effectiveness of homogenizing such a segregated
microstructure, but the significance of manufacturability
at commercial scale has tended to be minimized, perhaps
due to lack of involvement of a metals manufacturer
early in the design process. Continuing advancement in
computational tools described by Olson and use of pilot
scale manufacturing resources[99] provide an alloy devel-
opment team significant capability to design for man-
ufacturability from the start of alloy development.
The manufacturing of advanced cast-and-wrought

superalloys involves many steps, each with challenges
affected by alloy design considerations. In primary melt,
the tolerance for or intentional addition of trace
elements can influence the choice of raw materials and
vacuum induction melting (VIM) parameters such as the
processing time necessary to refine, the amount of
in-process sampling, and when and how to make
add-back additions, and the impact can vary with the
scale of the melting furnace. A VIM casting process
casts electrodes quickly and repeatedly with less consid-
eration of the as-cast electrode structure. However, the
solidification behavior of an alloy and the degree of
segregation can affect the integrity and ductility of the
cast electrode and subsequently impact downstream
remelt processes. The melt rate and the ingot size
achievable during vacuum arc remelting (VAR) without
producing melt segregation defects are strongly affected
by alloy composition. Again, the direction of alloy
design to improve performance of advanced cast-and-
wrought alloys by including more refractory solid
solution strengtheners, higher Nb contents, and more
boride formers move alloy compositions in the direction
of lower manufacturability at scale, especially with
respect to electroslag remelting (ESR) and VAR. Ingot
diameters are often limited due to the need to maintain a
pool shape that avoids formation of melt defects or to
limit interdendritic segregation to a degree that can be
homogenized by downstream heat treatment. Convert-
ing ingots to billet via hot working on an open die press

METALLURGICAL AND MATERIALS TRANSACTIONS A VOLUME 51A, JUNE 2020—2635



is similarly affected by alloy composition. Alloys
designed for manufacturability take into consideration
heating and cooling rates achievable in ingots greater
than 500 mm in diameter, furnace tolerances, and on-die
and transfer times by providing sufficient temperature
windows of phase stability and precipitation rates.

C. Examples

All factors that should be considered in alloy design
that can affect manufacturability are not addressed here,
but rather two recently developed advanced cast-and-
wrought alloys are used as examples that have found
application, in part, because manufacturability factors
were considered during alloy design: ATI 718Plus�
alloy and René 65 alloy (Table II). Both aerospace
alloys faced significant manufacturability challenges
while targeting improvements in performance in service.
The design process for both alloys utilized computa-
tional tools and pilot scale process simulations to arrive
at alloy compositions with both improved performance
and good manufacturability, and both alloys had
involvement of the manufacturing supply chain during
the alloy design stages.[100,101] Imano et al.[102] also
provide a detailed account of applying the system design
approach to successful alloy design for manufacturabil-
ity of an advanced cast-and-wrought Ni-base superalloy
for use as an 800 �C-class steam turbine material.

D. ATI 718Plus Alloy

ATI 718Plus alloy provides 50 �C increase in temper-
ature capability compared to alloy 718 and improved
manufacturability compared to Waspaloy.[103,104] The
alloy design to achieve that performance moved toward
a composition taking advantage of improved thermal
stability of the c¢ precipitation phase over the c¢¢ phase
that is used for strengthening alloy 718. With the change
to increased c¢ phase fraction in the alloy (about 30 pct)
came the need to balance the performance benefit in
service with the decrease in hot workability and weld-
ability associated with c¢ containing cast-and-wrought
alloys such as Waspaloy or René 41.[104]

The hot workability of cast-and-wrought Ni-base
superalloys during conversion from ingot to billet
decreases with increasing c¢ phase fraction.[105] Higher
c¢ fraction comes with faster precipitation of the c¢ phase
upon surface cooling below the solvus during hot
working. The thermal gradients that develop during
ingot-to-billet conversion of commercially relevant ingot
diameters (Figure 6) coupled with precipitation of the
strengthening phase upon cooling in the workpiece
creates a corresponding gradient in flow stress and

ductility that must be managed during conversion.
When radiative and convective cooling occur during
transfer from the furnace to the forging dies and during
the forging process, and from surface chilling due to die
contact, alloys primarily strengthened with the c¢ phase
are subject to severe surface cracking because the surface
cooling rates are not fast enough to bypass the short
time nose in the TTT curve of the c¢ phase. As such, c¢
phase precipitation can occur and is accompanied by
changes in mechanical properties that lead to surface
cracking.
A computational thermodynamic approach was taken

during the alloy composition design of ATI 718Plus in
order to understand the balance between the advantage
of higher c¢ content on thermal stability and the negative
impact of that microstructure change on manufactura-
bility. Alloy 718 has favorable hot workability due to
the relatively slow precipitation kinetics of the c¢¢
phase[106] and relatively low fraction of the c¢ phase,
allowing billet conversion to be performed without
significant c¢¢ precipitation in the cooling regions near
the surface of the billet.
The design philosophy for ATI 718Plus alloy was to

adjust the Al and Ti concentrations in the alloy to
achieve a primarily stable c¢ strengthened alloy with
improved high-temperature performance while main-
taining manufacturability by balancing c¢ content and
precipitation behavior.[107] Further, c¢/ c matrix mis-
match had to be controlled to limit coarsening behavior
of the c¢ phase. The use of computational thermody-

namics software (JMatPro* was utilized to explore the
compositional design space; the Al/Ti ratio and total Al
+ Ti alloy content were identified to achieve a primarily
c¢ phase strengthened alloy [107]. Increasing Al/Ti ratio
and Al + Ti content increased the amount of c¢ in the
alloy. The time to precipitate c¢ as predicted by the
time-temperature-transformation (TTT) curves was sim-
ilarly investigated over the alloy composition space
(Figure 7). The nose of the c¢ TTT curve sits consider-
ably to the left toward shorter times to precipitate the c¢
phase compared to the time to precipitate the c¢¢ phase
in alloy 718 signifying decreasing hot workability
compared to alloy 718. These curves combined with
experimental testing of thermal stability and resistance
to stress-rupture failure after thermal exposure provided
the alloy designer the information necessary to balance
performance and hot workability. An Al/Ti atomic ratio
of 3.4 and Al + Ti content of about 4 were ultimately

Table II. Nominal Composition of ATI 718Plus Alloy and René 65 Alloy (Wt Pct)

Alloy Ni Cr Mo W Co Fe Nb Ti Al Zr B

ATI 718Plus Bal. 18 2.8 1 9 10 5.4 0.7 1.45 – 0.006
René 65 Bal. 16 4 4 13 1 0.7 3.7 2.1 0.05 0.016

*JMatPro� is a registered trademark of Sente Software Ltd., UK.
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identified as the best compromise for improved perfor-
mance and acceptable hot workability.[107]

The Tsolvus of the precipitating phases in an alloy
(carbides, borides, intermetallic phases) is important to
consider with respect to manufacturability of advanced
cast-and-wrought superalloys. These second phases can
be used for controlling grain size during hot working
(for example References 108 and 109) resulting in fine
grain billet microstructures. Fine grain processing in
alloy 718 is performed at temperatures below the d
Tsolvus (~ 1027 �C) and above the c¢¢ Tsolvus (~ 886
�C).[108] That temperature window is an important
measure of hot workability; the 150 �C hot working
range is considerably greater than the typical furnace
operating range and the extent of workpiece cooling
(Figure 6) that is encountered in billet production.

Similar to balancing the performance benefit of higher
c¢ content with the precipitation rate of c¢, the compo-
sition design of ATI 718Plus alloy considered the
temperature range between the c¢ Tsolvus and the d
Tsolvus in order to insure microstructure control during

hot working and heat treatment. Thermodynamic cal-
culation software (JMatPro) coupled with thermal

mechanical processing simulations (DEFORM**) was
used to predict the relative Tsolvus of the c¢ and d phases
and the thermal profile in the work piece during hot
working prior to finalizing the alloy composition in
order to insure sufficient window for hot working and
heat treatment. The d phase Tsolvus in ATI 718Plus is in
the range from 1002 �C to 1013 �C and the c¢ Tsolvus is in
the range from 977 �C to 982 �C. The 30 �C hot
workability range is near the minimum temperature
window suitable for manufacturing without significant
cracking and challenges for microstructure control, and
was deemed an acceptable balance between hot working
window and c¢ phase content. Forging below the d phase
Tsolvus in order to produce fine grain structure requires
tight control of the hot working process and equipment.
An adequate manufacturing window for hot working

and heat treatment must consider real factors in a
commercial production shop such as manufacturing
furnace tolerances and variation, transfer times from
furnace to dies, manipulation of the work piece entering
the press, and cooling when in contact with the forging
dies. Modern manufacturing facilities employ advanced
equipment controls and statistical process control to
limit variation from piece-to-piece. Still, for example,
variations in fixed physical distances from furnace to
press can lead to a predictable variation in transfer time
and consequently the degree of cooling as the piece
moves to the press. Alloy design must consider these
factors when finalizing a composition.

E. René 65

René 65 alloy is a cast-and-wrought derivative of the
powder metallurgy alloy René 88DT that fills the gap
between cast-and-wrought alloys and powder metal-
lurgy alloys for critical rotating parts, and was designed
to be manufacturable into parts via hot die forging and
ring rolling.[110,111] It has a c¢ content of about 38 pct.
When developing a cast-and-wrought version of an

alloy developed originally for powder metallurgy pro-
duction, several aspects of the cast-and-wrought man-
ufacturing process must be considered in the alloy
design, including: solidification segregation, microstruc-
ture development during billet conversion, and hot
workability. Powder metallurgy compositions are typi-
cally highly alloyed and a powder metallurgy production
route has been employed because the composition may
not be considered castable using the cast-and-wrought
route. In the case of René 65 alloy, the René 88DT
composition was proven to deliver desirable perfor-
mance in service.[112] The alloy design for René 65
centered on manufacturability as a cast-and-wrought
alloy while maintaining the desired performance in
service.[110]

Fig. 6—Cross-sectional thermal profile calculated using DEFORM
software during an open die conversion pass for a superalloy ingot
being converted from ingot to billet. The billet diameter is 400 mm.
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Fig. 7—Calculated isothermal Time-Temperature-Transformation
diagram showing the calculated effect of Al/Ti ratio (at. pct) on the
precipitation behavior of the c¢ phase in ATI 718Plus alloy
compared to the precipitation of c¢¢ in alloy 718. Reprinted with
permission from Ref. 107.

**DEFORM� is a registered trademark of Scientific Forming
Technologies Corporation, 2545 Farmers Drive, Suite 200, Columbus,
Ohio 43235
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The composition design of René 88DT took advan-
tage of the high solidification rates achieved during gas
atomization compared to ingot solidification during
VAR. That composition is not robust against solidifi-
cation segregation, suppression of the liquidus temper-
ature, or deleterious inclusions. When adapting that
powder composition for cast-and-wrought processing,
the composition of René 65 had to be adjusted to reduce
the probability of solidification defects such as delete-
rious nitride stringers common in cast-and-wrought
alloys.[110]

The formation of carbonitride stringers are common
in cast-and-wrought superalloys and can negatively
affect the fatigue performance.[113,114] The formation of
some such stringers is unavoidable in a commercially
viable manufacturing process, but the severity of the
stringers can be controlled by tight controls on intersti-
tial content. In the design of alloy René 65, the effect of
interstitial content on the occurrence of stringers was
studied and a low interstitial content composition was
specified.[110]

Another consideration in the alloy design important
for cast-and-wrought alloys is the ability to recycle
machine turnings and solids in the composition. Many
powder metallurgy alloys have narrow composition
ranges or contain highly reactive elements that reduce
the ability to use processed scrap and may limit the
charge make-up to prime raw materials. Thermody-
namic software calculations were used to study the effect
of minor Fe additions on the phase stability in René 65.
A maximum Fe content of 1.3 wt pct was identified as
the limit that the alloy could accommodate and avoid
the formation of deleterious r phase.[110]

F. Control Technology and Computational Tools

Recent advances in process simulationmodeling and in
process control technology have been enabling for design
for manufacturing. Commercial thermodynamic
calculation software tools such as Thermocalc�,

Pandat�, and JMatPro, continue to be improved to be

capable of calculating phase equilibria, materials proper-
ties, and precipitation and coarsening behavior over a
wider range of composition space [for example Refs.
33,115–117]. Commercial and proprietary finite element
codes for heat transfer and deformation processing are
routinely used in process engineering. Vacuum arc
remelting[118] and electroslag remelting[119] process simu-
lations are capable of providing accurate descriptions of
the effect of melt process parameters on pool depth and
pool shape. Remelt control technology has demonstrated

capability to control pool depth and to predict local
solidification rate and resulting secondary dendrite arm
spacing[120]. Such information is vital to developing
manufacturing friendly processes for advanced cast-and--
wrought alloys containing high quantities of segregation
prone elements.
Combining these tools allow the alloy designer to

qualitatively observe how the microstructure evolves
from a casting to hot-worked billet for a set of processing
conditions. While the ability of these tools has not
advanced to the point where accurate, site specific
prediction of cracking or non-uniform microstructure
can be predicted, the use of these computational tools can
increase the speed bywhich alloy designmodifications can
be tested and reduce the number of full-scale production
trials required to achieve an acceptable alloy design or
manufacturing process.

G. Concluding Remarks

Early and intentional consideration of manufactura-
bility has significantly contributed to the successful
insertion of recent advanced cast-and-wrought Ni-base
superalloys. Alloy designers have involved the supply
chain early in the design cycle in order to address
manufacturing challenges in concert with optimizing
alloy performance in service. This collaboration has led
to appropriate trades in alloy design and has reduced the
design cycle time and cost. Continued early considera-
tion of manufacturability and the ability to simulate
manufacturing processes (computationally and in the
pilot plant) can further extend the possibility of devel-
oping commercially viable Ni-base wrought alloys with
yet better performance in service.

III. NICKEL SUPERALLOYS FOR FOSSIL
ENERGY APPLICATIONS

Growing global population has challenged the energy
industry to provide reliable and efficient sources of
energy. Combined with emission and environmental
requirements, the development and use of renewable
energy sources has increased and will continue to do so
in the future.[121] Nevertheless, fossil-based fuels remain
the largest source for electricity generation worldwide in
2018 with 38 pct originating from coal.[122] Countries
including the United States, China, and India have large
coal reserves representing low-cost energy generation.
Furthermore, natural gas reserves in the United States
have motivated a shift from base-load steam turbine
generation to power on demand gas turbines.
In the past 20 years, Advanced-Ultra Supercritical

(AUSC) power plant technology has been under devel-
opment to provide a viable replacement for super and
ultra-supercritical coal-fired power plants[123,124] AUSC
technology can also be utilized to retrofit existing power
plants. By dramatically increasing the steam outlet
temperature and pressure, harmful gas emissions can
be reduced, while the efficiency of the plant as a whole
can increase from approximately 35 pct to near 50
pct.[125] Increasing overall plant efficiency has the added

�Thermo-Calc is the product of Thermo-Calc Software AB,
Råsundavägen 18, SE-169 67 Solna, SWEDEN

�PandatTM is a registered trademark of CompuTherm LLC, 8401
Greenway Blvd Suite 248, Middleton, WI 53562, USA
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benefit of allowing the utility to include advanced
carbon capture and sequestration technologies where
storage is readily available while not adversely impact-
ing prior plant electrical output to the grid. While the
current fleet of coal-fired power plants operate with a
maximum steam temperature at the turbine inlet (i.e.,
high and intermediate pressure turbine) approaching
620 �C, for the most advanced plants, steam tempera-
ture is usually much less for the remaining fleet. The
advent of AUSC technology worldwide targeted steam
temperature between 700 �C and 750 �C with National
Energy Technology Laboratory (NETL)/Department of
Energy (DOE) funding research to develop AUSC
technology in the United States to 760 �C (with research
continuing to push the temperature beyond 800�C). As a
result, advanced high-strength steels and austenitic
stainless steels used in traditional coal-fired power
plants cannot be used in the hottest sections of AUSC
boilers and turbines.

As the various AUSC programs have arisen in the
United States, Europe, Japan, China, and India, explo-
ration in the use of Ni-based superalloy (hereafter
superalloy) has significantly expanded because alloys in
this class have an exceptional combination of high-tem-
perature 0.2 pct yield stress (YS) and ultimate tensile
strength (UTS) and long creep life and superior oxida-
tion capabilities around the targeted operating temper-
atures. These various programs explore the use of
existing superalloys (or existing alloys that have been
modified) to AUSC technologies, including boiler pipes
and tubes that require welding and specialized fabrica-
tion techniques or as large components in the steam
turbine (i.e., rotor, rotor casing, valve, valve casing) and
boiler (e.g., main steam header), where manufactured
sizes can be ‡ 5000 kg.

A. Background Potential for Nickel Superalloys
in Energy Applications

A number of wrought c¢ strengthened superalloys are
available commercially as flat or round products,
typically in the form of cold rolled sheet or bar and/or
hot-rolled plate or round bar. Most of these superalloys,
which include R-41, Waspaloy, 263, and X-750, have
been around for a long time, dating back to between the
1930s and 1960s. Despite their age, these superalloys are
still produced in considerable volume. However, there
are serious limitations, which restrict their use in terms
of both temperature capability and component fabrica-
bility. In short, superalloys with greater strength, such
as the R-41 and Waspaloy, are well known to have
fabricability, machinability, and weldability problems,
especially with regard to thick section welding.[126,127]

Conversely, superalloys with better fabricability, such as
the 263 and X-750, have much lower temperature
capability due to their lower strength.

In the past, designers have worked around these
limitations by restricting either the use temperature or
the size/geometry of their components. However, the
need for an alloy, or alloys, that combine high-temper-
ature strength with excellent fabricability has long been
recognized. To meet this need, alloy development

programs were initiated at Special Metals Corporation
(740/740H) and Haynes International (282[128]) in the
late 1990s. The program objective of the 282 effort, for
example, was to achieve creep strength approaching that
of Waspaloy and R-41 at temperatures around 870 �C,
while having improved fabricability and weldability.
Specifically, this alloy was to have significantly better
resistance to post-weld strain-age cracking.[127] The end
result of this superalloy development program was
HAYNES 282 (282 hereafter). The composition of 282
is shown in Table III along with those of several other
c¢ strengthened superalloys.
Gamma prime strengthened superalloys represent a

significant portion of material selected for use in the
high-temperature regions of modern energy systems.
These superalloys can be loosely grouped according to
their c¢ volume fraction: (1) high c¢ volume fraction
superalloys (i.e.,>50 vol. pct) such as those used in the
gas turbine (GT) compressor, or as GT turbine
blades/vanes, (2) intermediate c¢/c¢¢ volume fraction
superalloys (i.e., between 25 and 50 vol. pct) such as
those used in GT rotating disks/spacers, and (3) lower c¢
volume fraction superalloys (i.e.,<25 vol. pct) used in a
wide variety of structural components suitable for use in
AUSC power plants.[129]

The advantage of superalloys with lower c¢ volume
fraction is fabricability and to some extent weldability.
These superalloys, which include 263, 282, and 740/
740H, can be fabricated using conventional processing
routes, i.e., forging, hot and cold rolling, drawing, to
produce sheet, plate, wire, bar, and billet forms. This
allows for production of both small and large compo-
nents at a cost significantly below that of investment cast
or isothermally forged products. Furthermore, these
superalloys generally can be welded to allow for even
greater flexibility in component design. Typical compo-
nents include rings, seals, transitions, combustors,
nozzles, casings, bolts, and many others.
Of the alloys mentioned previously, wrought c¢

strengthened superalloy 282 has been shown to be the
most flexible in this regard.[130] This superalloy was
initially developed to address two key difficulties with
the previously existing superalloys in its family, i.e.,
greater strength ones. Superalloy R-41 and Waspaloy
are well known to have fabricability problems, especially
with regard to welding thick sections. Conversely,
superalloys with better fabricability, such as 263, are
easily weldable but have much lower creep strength at
AUSC operating temperatures. Superalloy 282 was
developed to possess both excellent fabricability/weld-
ability and good high-temperature strength. Specifically,
282 was designed with creep strength approaching that
of Waspaloy and R-41 for temperatures up to 870 �C. A
traditional two-step aging process was used for the 282
alloy to nucleate and then grow the c¢ precipitates.
However, subsequent work in the AUSC program[129]

showed that in thick sections typical for components in
power plants c¢ precipitates formed at the nano-scale
even in the solution heat-treated condition. Research
had shown that creep life in the solution heat-treated
condition was not affected (as shown in Figure 8) but
the YS of the alloy was lower (as expected from the
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nano-sized c¢ precipitates). As such, work was initiated
to see if the two-step aging condition could be elimi-
nated by either a one-step aging heat-treatment or heat
treatment of the components upon start-up of the power
plant. The idea was to use the temperature ramp up in
the power plant as a ‘‘heat-treatment in place’’ to
coarsen the c¢ precipitates. Application of the one-step
or in place heat treatment would depend on component,
stress state, and design risk.

In addition to having good creep capability (i.e.,>
100,000 hour creep life at 100 MPa at use temperature),
superalloys used in AUSC power plants must also have
good YS (typically>400 MPa minimum but greater for
high stress components such as rotor and airfoils). For
superalloys meeting these minimum requirements, gas
and steam turbine engine components are subjected to
cycling which results in high stresses arising from
thermal expansion effects. This can lead to failure
through a mechanism known as dwell fatigue. In
practice, low cycle fatigue (LCF) resistance is a com-
monly used approximation of dwell fatigue resistance or
specific low cycle fatigue tests with a hold-time inserted
into the cycle can be used. High cycle fatigue (HCF)
resistance for airfoils is also very important. Fatigue
crack growth rate (FCGR) at AUSC temperatures is

also critical for evaluating the potential of superalloys
for energy applications.[131–133]

Several superalloy compositions have been studied
over the years and continue to be investigated for AUSC
applications. However, the main focus has revolved
around the alloys listed in Table IV. These alloys have
been investigated for use as rotors, tubing (such as main
piping, superheater or reheater tubes in steam boilers),
airfoils, and other ancillary components. Alloys 740/
740H, 617/CCA617, and 230 have been considered for
tubing/piping (and certified through ASME for pressure
vessel usage). CCA617 (controlled chemistry version) is
a variant of alloy 617 developed for increased strength
through the precipitation of the c¢ precipitates and
controlled B content as well as grain size.[134] Superalloy
282 has shown great potential as a rotor but is also being
considered for use in boiler components (and is in the
process of having an ASME pressure vessel code case
developed), while 263 has been considered a back-up for
282 in cast form. High-strength alloys that cannot be
welded easily (e.g., 105 and Waspaloy) have been
investigated as airfoils and bolting, among other smaller
components.[127]

The service life of critical components in AUSC
power plants is a major driver for selection, which is
related to the creep-rupture strength. However, other
properties are essential to AUSC component develop-
ment, such as fabricability, weldability, phase stability,
oxidation/corrosion resistance, tensile, and fatigue prop-
erties. Some of the essential factors are discussed in the
following sections.

B. Service Life

The service conditions of the next-generation AUSC
power plants will require main component life ‡ 100,000
hours with temperatures ‡ 750�C and pressures ‡ 35
MPa.[125,129,134,135] As such it is imperative to investigate
failure mechanisms for potential rotor alloys including
under creep and fatigue loading conditions as they
pertain to the power plant cycle. Especially important is
the effect of creep on fatigue crack growth. At high
temperatures (T > 0.3 Tmelt), thermally activated,
time-dependent mechanisms may influence mechanical
behavior. With a melting range around 1300�C for

Table III. Typical Average Chemistry of Main Constituent Elements for AUSC Superalloys (Wt Pct)

Alloy C Ni Cr Mo Co Al Ti Nb Mn Fe Si B

105 0.12 56 15 0 20 4.7 1.2 0 1 1 1 0.007
230 0.10 53 22 2 5 0.3 0 0 0.5 3 0.4 0.015
263 0.06 49 20 6 20 0.6 2.4 0 0.6 0.7 0.4 0
282 0.06 56 19.5 8.5 10 1.5 2.1 0 0.3 1.5 0.15 0.005
617 0.07 54 22 9 12.5 1.2 0.3 0 0 1 0 0
CCA617 0.06 57 21.5 8.6 11.3 1.2 0.4 0.02 0.03 0.07 0.1 0.003
625 0.03 59 21 9 1 0.4 0.4 3.65 0.5 5 0.15 0
740 0.03 48 25 0.5 20 0.9 1.8 2 0.3 0.7 0.5 0
740H 0.03 51 24.5 0.1 20 1.35 1.35 1.5 0.15
Waspaloy 0.08 56 19 4.3 13.5 1.5 3 0.1 2 0.15 0.006
R-41 0.09 50 19 9.75 11 1.5 3.15 0.1 5 0.1 0.007

Fig. 8—Creep rupture tests for alloy 282 with results from
commercial heats, NETL heats (-B and -C), and specimens in the
solution heat-treated condition that contains nano-sized c ¢
precipitates (SA), peak aged (PA), and overaged (OA). Some of the
data shown have been sourced from Refs. 129, 130.
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superalloys targeted for AUSC turbine rotors, service
conditions call for homologous temperatures up to T/
Tmelt � 0.66. In AUSC turbine applications, for exam-
ple, time-dependent, visco-plastic creep damage and
oxidation damage are significant concerns. Long-term
creep may affect the fatigue crack growth mechanism in
three ways: (i) microstructural changes (i.e., precipitate
coarsening, chemical diffusion), (ii) stress relaxation
(i.e., diffusion enhanced dislocation motion), and (iii)
creep crack growth (i.e., nucleation and coalescence of
vacancies ahead of a growing crack). Similarly, oxida-
tion may affect the fatigue crack growth via mechanisms
such as stress-assisted grain boundary oxidation or
embrittlement. Either situation may lead to the local
microstructure ahead of the crack tip evolving during
exposure at AUSC temperatures and pressures, poten-
tially changing the fatigue crack propagation mecha-
nism and altering the crack growth rate.[131–133]

A requirement for AUSC boiler material has been
generally defined as 100,000 hours of life in creep at a
stress level of 100 MPa at the targeted operating
temperature.[138] This has been extended to steam
turbine materials alongside YS requirements. Figure 9
compiles suitable energy alloy classes and specific
superalloys as a function of their 100,000 hour
creep-rupture stress versus operating temperature. Fer-
ritic (9 to 12 pct Cr) steels can operate at temperatures
below 650 �C and are essential in limiting the overall
power plant cost. At higher temperatures and at low
stresses, austenitic steels can be used as they meet
requirements in strength and oxidation/corrosion resis-
tance. However, their operating temperature is less than,
or limited to, 700 �C. In many instances, component
dimension can be adjusted to meet stress and creep life
requirements.

Beyond an operating temperature of ~ 700 �C, it is
necessary to use superalloys particularly when high
stresses are present. Their use is thus limited to the
hottest sections of the boiler and steam turbine to
minimize plant material’s costs. The 100,000 creep life in
hours at 100 MPa is met around 720 �C for 617 and 230
and near 800 �C according to predictions for Waspaloy
and 105.[134] Superalloys 740H and 282 fall in between
with creep temperature capability above 760 �C, the
target operating temperature for AUSC power plants in
the United States.

C. Phase Stability

Extended service life is associated with great phase
stability of the superalloy. For instance, the precipita-
tion of undesirable intermetallic phases, such as TCP
phases that form after extended time at temperature, is
detrimental and known to deprive the matrix of ele-
ments used for solid solution strengthening. TCP phases
can also serve as crack initiation sites. Superalloy 740H
is a perfect example as its chemistry was optimized from
the initial 740 chemistry for application in AUSC power
plants partly to improve its phase stability.[137] Forma-
tion of G phase was eliminated by reducing the Si
concentration. Furthermore, precipitation of the unde-
sirable g-Ni3Ti phase was prevented by decreasing Ti
and increasing Al which stabilized c¢ (Figure 5). As
illustrated in Figures 10(a) and (b), g formation was not
observed after 5000 hours at 750 �C in 740H, while
needle-like g precipitates formed along the grain bound-
aries of 740. Thermo-Calc simulations using the TTNi8
database further illustrate the stability of the c¢ in 740H
(see Figure 10(d)), as opposed to the g phase in 740,
Figure 10(c). Although Shingledecker et al.[140] showed
that the formation of g did not strongly influence the
creep-rupture strength, it has been shown that the

Table IV. List of Candidate Superalloys for AUSC Power Plants

Alloy Component Advantage Disadvantage References

105 blades/bolts creep strength weldability 134, 135
230 tubing/piping welding size limitation 134, 136
263 rotor (low T) weldability, ductility strength 134, 136
282 rotor (high T) strength, fabricability 134, 136
617 tubing/piping creep, oxidation strength 134, 136
CCA617 tubing/piping creep, oxidation strain-age cracking 135
625 rotor (low T) oxidation strength 134
740 tubing/piping corrosion, fabricability, welding phase stability 134, 136, 137
740H tubing/piping strength, corrosion, fabricability, welding 136
Waspaloy/R-41 blades/bolts strength weldability, ductility 134, 136

Fig. 9—100,000 h creep-rupture stress for structural material
candidates for AUSC power plants with target and ongoing research
goals. Adapted from Ref. 134 with (*) data obtained from LMP
correlations and (**) obtained from Ref. 139.
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precipitates degraded impact toughness and thus the
740H variant was more desirable for AUSC
applications.[141]

Another important factor associated with phase
stability is the coarsening of c¢, which affects the
long-term mechanical properties of the alloys, and as
such, service life. Investigations utilizing phase field
modeling examined c¢ coarsening as well as the effect of
c/c¢ lattice misfit in 282.[143–145] Results showed that
misfit and Al/Ti ratio were important considerations
when optimizing 282 chemistry for long-term AUSC
applications. Well investigated alloys, such as 282, have
long-term experimental data available, e.g., Pike[146]

adapted in Figure 11. The alloy was exposed to 649 �C
or 760 �C for times up to 16,000 hours and tensile tested
at the exposure temperature. Very little variation in YS
was observed for exposure/deformation at 649 �C while
the elongation slightly decreased up to 4000 hours
exposure, thereafter remaining relatively constant at
longer times. Results at 760 �C were promising, showing
a slight decrease in YS with the superalloy retaining 86
pct of its original YS after 16,000 hours exposure with
no ductility concerns.

D. Power Plant Component Sizes and Geometries

AUSC power plants require the manufacturing of
Ni-based superalloys in geometries and sizes that are far
larger than those generally used in aircraft-based appli-
cations. Two main categories are described in the
following subsections.

1. Tubing/Piping for AUSC Boilers
One of the major breakthroughs in the development

of alloys for AUSC application is 740H development as
the primary AUSC hot section boiler material for
components. The 740H superalloy possesses excellent
hot corrosion resistance for fireside items as well as very
good oxidation resistance on the steam side use for
main-steam headers, pipes and tubes. With outer diam-
eter up to 760 mm (i.e., steam reheat piping) and wall
thicknesses in excess of 38 mm,[139] the pipe size
challenges fabrication of AUSC components. DeBar-
badillo et al.[137] described the development of 740/740H
for AUSC application with the need for large size ingots
to produce tubing/piping. In 2005, a 500-mm-diameter
VIM and ESR ingot of alloy 740 was made as part of the
COMTES700 project and successfully processed into
tube. Later on, in 2013, a 750 mm VAR ingot was
produced at Special Metals Huntington in West Vir-
ginia. The ingot, with reported weight of 7570 kg, is
represented in Figure 12a. One of the key factors in the
production of large ingots is to avoid segregation
through process control and homogenization
optimization.[147]

Additional challenges need attention from the ingots
to extrusion into tubes which are mostly related to
surface quality and flow stress of the alloy. Alloys 740H,
263, and 617 have been successfully processed into
tubes. Large pipes for headers were extruded at
Wyman-Gordon in Houston Texas measuring 378 mm
in diameter, 88 mm in wall thickness, and 8.9 m
length.[148] Alloy 740H has been most successful in its
extrusion capability as it produced lower flow stresses
during hot working as compared to 263 and 617. Above

Fig. 10—Micrographs after 5000 h exposure at 750 �C in (a) 740
and (b) 740H with respective Thermo-Calc predictions between 600
�C and 1000 �C using the TTNi8 database (c and d). Micrographs
are reprinted with permission from Ref. 142. This chapter is
distributed under the terms of the Creative Commons Attribution
License (http://creativecommons.org/licenses/by/3.0), which permits
unrestricted use, distribution, and reproduction in any medium,
provided the original work is properly cited.

Fig. 11—Tensile YS and elongation to failure for 282 exposed for
times up to 16,000 h at 649�C and 760�C prior to testing. Adapted
from data in Ref. 146.
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the c¢ solvus temperature, refractory elements impart
most of the strength of the alloy from solid solution
strengthening. From Table III, alloy 740H has 1.6 wt
pct (Mo + Nb), while alloys 263 and 617 contain 6 and
9 wt pct Mo, respectively, making them more difficult to
hot work.

The tubes/pipes also need to be bendable. Bending of
small tubes can be performed at room temperature;
however, this has been successful on alloy 740H after
solution anneal and not aged condition, causing issues
with the code cases since the microstructure, and thus
mechanical properties, are affected.[149] Furthermore,
additional solution annealing is required following cold
work past a certain strain range to avoid degradation of
the creep properties.[150] Larger diameter components
such as header and re-heater pipes require hot induction
bending to alleviate the stresses involved during
deformation.

2. Rotors for AUSC Steam Turbines
Rotor forgings are critical parts of steam turbines as

they will be exposed to the 760 �C steam inlet temper-
ature for extended time at pressures up to 35 MPa.
Indeed, the rotor is the largest wrought item in the steam
turbine and typically the most expensive. The high- and
intermediate-temperature cast rotor ingots in steam
turbines can easily be> 35,000 kg (current VIM-VAR-
ESR ingot size is ~ 4500 kg, so any steam turbine rotor
would need to be made of segments much like current
GT rotors). Candidate alloys for rotor forgings include
alloys 105, 263, 282, 625, and 718 depending on the
program. While the fabrication process is similar to

some used in the aerospace industry such as triple
melting, i.e., VIM/ESR/VAR, the size of the component
once again adds challenges. Avoiding segregation in the
ingot, as mentioned in the previous subsection, remains
a key factor to the development of large rotor forgings.
Fabricability is also essential to reduce the risk of
cracking during forging. Alloys 263 and 282 have been
preferred candidates for rotor forgings, particularly 282
which were triple melted into a 600 mm diameter ingot
represented in Figure 12b.
In order to make rational selections of candidate

alloys for a high-pressure steam turbine rotor, some
minimum criteria are needed. In the NETL/DOE AUSC
program, creep rupture life at 760 �C for 100,000 hours,
YS at 760 �C, and room temperature fracture toughness
were selected as critical rotor screening mechanical
properties. Table V contains the target minimum values
for these material property CTQs (critical to
quality).[129]

For most rotor applications, rupture strength of at
least 100 MPa at 100,000 hours is necessary at the
operational temperature. Ideally, rupture strength of
100 MPa at 250,000 hours is desirable. Most nickel
superalloys are not tested to obtain estimates of creep
life at the stresses required for rotors in a steam turbine.
Most precipitate strengthened nickel superalloys can

meet the YS and fracture toughness criteria. For
example, the 105, 282, and 740/740H superalloys meet
these criteria as do many others. When section size,
fabricability, weldability, etc. are considered many of
the other possible alloys, including the 105 alloy, drop
out. Also, many of the high strength c¢¢/c¢ alloys like
901, 706, 718, etc. do not have adequate creep strength
at 760�C to meet, or even come close to, the 100,000
hour creep rupture strength requirement of 100 MPa.
Little mention has been made to the fatigue and creep

fatigue of nickel superalloys for steam power plants. In
general, much has been learned about nickel superalloys
through their incorporation in gas turbine (GT) tech-
nology, both in aero-engines and large land-based
systems. Typically, steam turbines have been considered
as base-load systems, meaning they are meant to operate
for long periods of time between service and inspection.
As such the number of cycles a steam turbine was
expected to see in its lifetime was around 10,000 or so.
With the widespread introduction of renewable energy
sources in the grid, primarily wind and solar, and with
the explosion of land-based and smaller modular GT
systems, steam power plants are now envisioned to cycle
more frequently depending on grid need rather than
providing the base. As such, these plants of the near
future may easily cycle more than 100,000 times in their
life, or to put it another way, the number of cycles a
cycling steam power plant undergoes may now well
define its life.
Figure 13 shows the low cycle fatigue of several c¢

precipitate strengthened nickel superalloys as well as
alloy 617 at 750 �C and 760 �C. Generally speaking,
there is little difference (outside of the usual scatter in
fatigue testing) among these alloys at the AUSC
temperature. The main takeaway is that low cycle
fatigue testing will need to be extended to well beyond

Fig. 12—(a) 750-mm-diameter VAR ingot of alloy 740H at Special
Metals, Huntington WV and (b) 600-mm-diameter triple melted
(VIM/ESR/VAR) ingot of alloy 282. Reprinted with permission
from Ref. 137, 151.
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100,000 cycles to minimize risk. More importantly,
however, dwell or hold-time testing will be needed to
better understand the effect of cycling on the long-term
life of these machines. Some work on the 282 alloy has
been performed but all alloys in the steam power plant
will need to be investigated to see if more frequent
cycling in the presence of the steam environment at
AUSC (and even USC temperatures) affects life in a
detrimental way.[131–133] These hold-time tests are
expensive and time consuming because to do them well,
i.e., to make them reflective of the actual cycling
condition, requires a hold-time commensurate with
service load cycle. In the most simplistic sense, if the
power plant cycles on for 12 hours and then off for 12
hours, the hold-time would be 12 hours. As such, you
have the cycle superposed on a creep test broken up in
12 hour increments. Once a crack is initiated, then the
environment begins to play a factor in the propagation
of the crack. So not only is the hold-time information
important but the crack growth behavior becomes
critical in terms of the hold-time.

E. Weldability

In energy applications, there will almost certainly be
some Ni-alloy components that will need to be welded
such as flanges, valve bodies, and headers.[125,135,137]

According to Andersson,[152] Ni-alloy welding issues can
be broken down into two broad classifications: Geo-
metrical and Metallurgical. The geometrical issues
include the shape of the weld pool (tear drop tending
to be more crack prone), location of the weld (concave

tending to be more crack prone), as well as residual
stress and weld defects.[152] The metallurgical issues
mainly include strain age cracking (SAC) and hot
cracking. Strain age cracking can result from the stresses
induced by thermal expansion/contraction strains and
the quick precipitation kinetics of c¢ in the heat affected
zone and weld pool.[153–157] As such, limitations on the
amount of c¢ by limiting the Al+Ti to less than six
atomic percent have been found to be helpful.[153,158] In
addition, adjusting the Ti/Al ratio to be > 2 (weight
percent basis), or according to the plot of Figure 14,
slows the c¢ kinetics sufficiently to avoid SAC in many
cases.[153] Hot cracking can occur in the weld itself and
can be characterized as a solidification hot tear, which
can be influenced by the alloy, weld contamination, and
weld geometry.[159–172] Nickel alloys tend to have a wide
solidification range and the wider the range, the more
prone the alloy is to hot tear defects. Hot cracking can
also occur in the heat-affected zone (HAZ). Typically,
this can be caused by constitutional liquation of grain
boundary phases or segregated melt point depressants
such as B, C, S, and P.[161,173–187] In both forms, a liquid
is formed on the grain boundary in the HAZ, reducing
the local strength and ductility to zero. By its nature,
liquation cracking is exacerbated by the rapid heating
associated with welding. These concerns combine to
make welding a major issue for the application of
Ni-alloys in energy applications.

Table V. Representative Material Screening Criteria for 760 �C Steam Turbine Rotor

Material Property CTQ Metric Units
Target

Minimum

100,000 h Creep Rupture Strength at Steam Inlet
Temperature

rupture stress at LMP = 25.83 (C = 20) MPa 100

0.2 pct Yield Stress (Body Radial) steam inlet temperature MPa 415
Room Temperature Fracture Toughness body radial Kic MPaÆ�m 55

Fig. 13—Low-cycle fatigue properties for candidate alloys (R = 0
and � 1.0).

Fig. 14—Ti/Al ratio for selected alloys with susceptibility for
strain-age cracking (adapted from Refs. 188, 189 and with added
AUSC candidate alloys).
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F. Oxidation

The environmental challenges facing Ni-alloy compo-
nents in energy applications are quite diverse.[123,188] The
gases involved might include air, steam, or CO2, each of
which might include significant contaminants of SO4

�,
Cl, and others.[125,190] In boiler and gasifier applications,
the components could be exposed to slags of such
diverse and aggressive chemistries as to make Cal-
cium-Magnesium-Aluminosilicate (CMAS) exposure
look inviting.[125,190] Due to some of the welding issues
discussed above, most if not all of the Ni-alloys under
consideration for energy applications have Al contents
too low to be alumina formers under typical power plant
operating conditions. As a result, typical Cr contents are
about 22 wt pct in order to ensure the formation of a
stable chromia scale.

G. Concluding Remarks

It is not possible in an overview of this nature to
address every issue of importance in the field. For
example, thick-wall nickel castings were not discussed.
However, it should be noted that in coal-fired power
plants many components are cast including valve chest
and rotor casings as well as some of the larger thick-wall
boiler components. While the history of nickel castings
is long and rich, thick-wall c¢ precipitate castings have
not been developed to the same extent as other thin-wall
cast items and much work was required in the DOE/
NETL AUSC program to address this issue.

Before the advent of research on AUSC materials for
power plants, nickel superalloys mainly served in
strength-specific roles in supercritical (SC) and ultra
supercritical (USC) steam power plants while providing
much of the hardware in land-based GT power plants.
For example, bolting for items in the steam turbine is
usually handled with alloy 718 (high YS). Valve stems
for certain steam turbine designs have been made from
alloy 901 (superior creep life compared to 9 pct Cr steel).
More recently, airfoil designs have changed for effi-
ciency concerns and as such nickel superalloy is used in
the first row (maybe the first two, depending on steam
inlet design configuration) of the high-pressure steam
turbine (stress relaxation) instead of 9 to 12 pct Cr
steel.[191]

Additionally, discussion on current gas turbine tech-
nology was limited not because it is not important but
because the literature contains copious information on
the evolution of this technology. One point that needs to
be mentioned is why alloys such as 706, 718, and 625+/
725 have not been discussed in terms of AUSC
technology. Part of issue with these alloys is the stability
of c¢¢/c¢ at the temperatures of interest.[192–194] While
these alloys have excellent YS and UTS at temperatures
up to and including 700�C, their creep life at these
temperatures degrades quickly as the microstructure
evolves. With that said, it is a relevant concern and
research continues in stabilizing the c¢¢/c¢ precipitates at
higher temperatures so alloys of this type can be used in
AUSC power plants.

As mentioned in the narrative, the difficulties associ-
ated with machining nickel superalloys as well as
producing thick section welds is key in using these
alloys in steam power plants. As such other technologies
are being explored to understand the limits of the
technology with respect to c¢ strengthened nickel super-
alloys like friction stir processing as a joining/repair
technology for castings and thick-wall items or additive
manufacturing as a processing technology to build up
smaller components (at this time) or possibly offer other
auxiliary manufacturing options like transition sections
between dissimilar alloys.
Nickel superalloys exist that can be used to construct

AUSC power plants, but much work is needed to make
them affordable. For example, associated lower temper-
ature alloys in the boiler and steam turbines need
improvement in terms of their temperature capability so
as to minimize the quantity of nickel superalloy used in
the plant. It is also important to produce a robust supply
chain for these alloys and part of that effort includes
looking at other nickel superalloys and improving their
temperature capability both in the as-cast and cast/
wrought forms so multiple vendors can supply material
for construction.

IV. SUMMARY

This paper reviews the status of technology in design
and manufacture of new wrought polycrystalline
Ni-base superalloys for critical engineering applications.
From the aerospace sector, the development of new
powder metallurgy and ingot metallurgy alloys have
been discussed for disk rotor and static applications.
New compositions for powder metallurgy contain about
50 to 55 pct of gamma prime (c¢) strengthening
precipitates to ensure components operate successfully
at temperatures up to 788 �C (1450 �F). In contrast, new
compositions for ingot metallurgy aim to occupy a
design space in temperature capability between Alloy
718 and current powder alloys that are in-service, and
show levels of c¢ of about 30 to 44 pct. The focus in
developing these alloys was design for manufacturabil-
ity. To complement the aerospace developments, a
review of work to understand the suitability of candi-
date alloys for multiple applications in Advanced-Ultra
Supercritical (AUSC) power plants has been under-
taken. In these power plants, steam temperatures are
required to reach 700 �C to 760 �C. The common thread
is to develop alloys that demonstrate a combination of
high-temperature properties, which are reliant on both
the alloy composition and microstructure and can be
produced readily at the right price. For the AUSC
applications, the emphasis is on high-temperature
strength, long-term creep life, phase stability, oxidation
resistance, and robust welding for fabrications. Whereas
for powder disk rotors in aircraft engines, the priority is
enhanced resistance to time-dependent crack growth,
phase stability, and resistance to environmental damage
while extending the current strength levels, which are
shown by existing alloys, to higher temperatures.
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APPENDIX

Yield Stress Model

It is worth noting that the fast acting Parthasarathy
model[11] is a fit to the parametric studies of discrete
dislocation simulations (DDS) of Rao et al.[15] The
model breaks down the cumulative effect of strengthen-
ing in the structure due to c and c’ grains in order to
cover both cases when the modeled alloy is sub-solvus or
super-solvus solution heat treated. The effect of CRSS is
a combination of friction stress, APB energy, precipitate
size, coherency, and temperature for mixed type
dislocations.

The friction stress (sc¢) takes the following form as
shown in Kozar[12] and by employing the Roth[16] and
Mishima[17] solid solution strengthening coefficients.
The polynomial expression at the end of Eq. [1] allows
the model to capture the anomalous yield behavior of
Ni-superalloys at elevated temperatures (T) due to
dislocation cube slip rather than octahedral.

sc0 ¼ soc0 þ
X

all solutes

ds
	

@Csolute; c0

� �

Csolute c0

" #

þ q1Tþ q2T
2 þ q3T

3 þ q4T
4


 �

½A1�

where soc¢ is the friction stress of pure Ni, Csolute c¢ is
the concentration of solute in c¢, and q1 to q4 are fit-
ting parameters. A similar expression is defined for the
c phase where now the temperature dependence fol-
lows a decaying power law.

sc ¼ soc þ k1=T

� �k2 X

all solutes

ds=@C0:5
solute;c

� �

C0:5
solute;c

" #

½A2�

where k1 and k2 are fitting parameters. The effect of
temperature on APB energy (CAPB) follows an expo-
nential description of the form:

CAPB ¼ Co exp �T=T�ð Þ ½A3�

where Co is the APB energy at absolute zero Kelvin
(T*). It is then employed in the CRSS as one of the
multiplication terms with a linear contribution. Simi-
larly the effect of misfit strain in the CRSS is embed-
ded as a polynomial function of the APB energy. The
0.3 pct misfit strain is taken as a normalization value
from the initial DDS results of Rao[15]

c1 þ c2CAPB � c3C
2
APB � c4C

2
APB

� �

eCOH=0:003ð Þ ½A4�

The effect of volume fraction (of intra-granular
populations) and precipitate size are power-law expres-
sions of the form:

ffiffiffiffiffiffiffi

qfc0
p

½A5�

S1½a f�0:5
c0 � 1

� �

��S2 ½A6�

where fc¢ and q, S1, a, and S2 are fitting parameters.
Finally CRSS is derived as second-order polynomial

expression of the particle friction stress and a power law
of the matrix friction stress multiplied by Eqs. [3–6]. The
results are consistent with the typical strong/weak pair
coupling equations that have been employed by Rep-
pich.[10] Due to the fitting form selected for the
equations, they can be applied robustly in a spreadsheet
as intended by the authors with direct plotting of
alloying and microstructure effects.
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