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ABSTRACT

The structural changes in tempered martensitic 9Cr-2W-3Co(wt%) steel during creep tests at 650 °Cwere
studied. The starting material was a solution treated at 1050°C and subsequently tempered at 750°C.
The tempered martensite substructure consisted of a mixture of crystallites with a lath-type morphology
and equiaxed subgrains. The tempering resulted in the precipitation of numerous second phase particles.
MX-type precipitates were homogeneously distributed within the ferritic matrix, whereas M;; Cs-type
carbides were located on boundaries. Under creep conditions, Laves phase particles also precipitated
at (sub)grain/lath boundaries. Laths and subgrains tended to coarsen during creep. It was shown that
M, Cs-type carbides played a major role in the stabilization of the tempered martensite lath structure
by exerting a large pinning pressure. The transition to tertiary creep correlated with a coarsening of the
carbides and a detachment of lath and subgrain boundaries from the chains of these carbides that led to

Precipitation
Coarsening,

a decreased pinning force from My; G carbides.

1. Introduction

High chromium martensitic steels are advanced engineering
materials used to construct various components in novel fossil
power plants [1,2]. The superior creep resistance of these steels is
attributed to a tempered martensite lath structure (TMLS), which
is stabilized by a dispersion of nanoscale particles [3-7]. MX-type
carbides precipitate homogeneously within a martensitic matrix,
while M34Cs-type carbides precipitate on the boundaries of laths,
blocks, packet and prior austenite grains (PAGs) during temper-
ing. In addition, Laves phase particles precipitate at the boundaries
during creep [7-9]. Lath boundaries have low mability and hin-
der dislocation movement at high temperatures [4]. It was recently
demonstrated [10-12] that a submicrometer-scale lath thickness
and a high dislocation density are key contributors to the high creep
strength of steels with TMLS; carbide and Laves phase particles play
an important role in providing creep resistance. These particles
contribute to the creep strength of steels with TMLS by inter-
rupting knitting reactions between free dislocations and low-angle
grain boundaries [10] and by exerting Zener forces on high-angle
and low-angle boundaries that stabilize the TMLS under creep
conditions. The particles also prevent the occurrence of dynamic
recrystallization and dynamic polygonization. The stability of the

' Corresponding author. Tel.: +7 4722 585417 fax: +7 4722 585417.
E mail address: dudova@bsu.edu.ru (N, Dudova).

TMLS is a key contributing factor to the creep resistance of marten-
sitic steels [5,10,12-17].

The numerous precipitates exert a high Zener pinning pres-
sure on various boundaries 7], providing the stability of the TMLS.
However, at elevated temperatures, the precipitates coarsen with
time by Ostwald ripening that diminishes both the dispersion
strengthening and the Zener pinning pressure. As a result, the
TMLS becomes unstable [4-7,10,12-17]; laths tend to transform
into subgrains, which grow and deteriorate the creep resistance.
In commercial martensitic steels, subgrain coarsening eventually
leads to a degradation of the creep resistance [3-7,12-17], caus-
ing an increase in the creep rate and a transition from steady-state
creep to tertiary creep, thereby limiting the lifetime of these steels
under creep conditions. A high resistance of dispersed particles
against coarsening during prolonged exposure to high tempera-
tures is necessary to achieve high creep strength. However, the
exact role of the aforementioned particles and their contribution
to the creep strength of steels with TMLS are not fully understood
because only a limited number of works [5,10,12-17] have exam-
ined the microstructural evolution.

It was assumed that a dispersion of M(C, N) carbonitrides,
which precipitate mainly within the matrix and less frequently
on lath boundaries, contributes greatly in stabilizing the TMLS
[1,3,18-20]. The high resistance of M(C, N) carbonitrides to coars-
ening during creep is provided by two-phase separation on V-rich
and Nb-rich precipitates [21,22]. This separation is in thermody-
namic equilibrium and strongly hinders the coagulation of M(C, N)



carbonitrides under creep conditions [7,22]. In contrast to MX pre-
cipitates, M3 Cg; carbides are easily susceptible to growth under
creep conditions [12,14,16,18,22,23]. As a result, the contribution
of these carbides to the creep resistance of martensitic steels was
considered to be minor. On the other hand, recent works sug-
gested that M;4Cq carbides play a more important role than MX
precipitates in the control of subgrain coarsening and the conse-
quent long-range creep strength [12,15]. Thus, the primary aim of
the present study was to gain a deeper understanding of the role
of different second phase particles in stabilizing the TMLS during
creep. These data are important in establishing an alloying con-
cept for further improving the creep resistance of high chromium
martensitic steels through the modification of their chemical
composition.

Alloying with cobalt was shown to have a beneficial effect on
the creep properties of martensitic steels [7,22-27]. It is commonly
believed that cobalt slows down diffusion within the ferritic matrix,
leading to a significant decrease in the rate of Ostwald ripening of
M3 Cg carbides and therefore promoting the stability of the TMLS.
However, the structural changes in cobalt containing 9%Cr marten-
sitic steels during creep have not been studied in great detail. Thus,
the second aim of this work was to examine the microstructure
evolution in a 3%Co modified P92-type steel during creep. The
microstructural data obtained in investigations of P92 steels with
and without cobalt [12] are analyzed with respect to cobalt’s role
in enhancing the creep resistance of 9%Cr martensitic steels.

2. Experimental procedure

A Co-modified P92-type steel, Fe-0.1C-0.35i-0.5Mn-9.0Cr—
0.1Ni-0.6Mo-1.8W-0.2V-0.06Nb-0.05N-3.0Co-0.005B  (all in
wt%), was cast and hot forged in the Central Research Institute for
Machine-Building Technology, Moscow, Russia. The steel was solu-
tion treated at 1050°C, cooled by air, and subsequently tempered
at 750-°C for 3 h, Flat specimens with a gauge length of 25 mm and
a cross section of 7mm x 3 mm were subjected to creep tests to
various strains and until rupture to examine the microstructure
evolution. The creep tests were carried out at 650°C under initial
stresses of 140-200 MPa in steps of 20 MPa.

The structural investigations were carried out on the tempered
sample and on the longitudinal section of the crept specimens
using the Z-contrast technique [22,27] with a Quanta 600FEG scan-
ning electron microscope equipped with an electron back scatter
diffraction (EBSD) pattern analyzer incorporating an orientation
imaging microscopy (OIM) system and a JEM-2100 transmission
electron microscope (TEM) with an INCA energy dispersive X-ray
spectroscope. The grip and neck portions of the crept microstruc-
tures in the fractured samples were studied separately. The OIM
images were subjected to a cleanup procedure, setting the mini-
mal confidence index to 0.1. TEM foils were prepared by double jet

electro-polishing using a solution of 10% perchloric acid in glacial
acetic acid. The grain sizes (Dyap) were measured on OIM images
as the average spacing between high-angle boundaries with mis-
orientations above 15°. The lath/subgrain sizes were evaluated
on TEM micrographs by the linear intercept method including all
clearly visible (sub)boundaries. The dislocation densities were esti-
mated by counting the individual dislocations in the grain/subgrain
interiors per unit area on at least six arbitrarily selected typical
TEM images for each data point. The density of particles located
at (sub)grain/lath boundaries was determined as the number of
particles per unit boundary length. The volume fractions of the
precipitated phases were calculated by the Thermo-Calc software
using the TCFE4 database. The coarsening of a M»3Cg particle in
model alloys was calculated using the Dictra software version 26.

3. Results
3.1. Tempered microstructure

Typical images of the TMLS are shown in Fig. 1. The size of
the PAGs is approximately 10 um (Fig. 1a and Table 1). The mean
spacing of high-angle boundaries is 3.4 um (Table 1). The TMLS is
characterized by the presence of two substructural components.
Some portions of the structure are filled with typical martensite
laths [28] with a transverse size of 380 nm, while other portions
are composed of essentially equiaxed subgrains that have an aver-
age size of 500 nm (Fig. 1¢). The TMLS is characterized by a rather
high dislocation density of 2 < 10'* m~?; lattice dislocations were
found within the interiors of both laths and subgrains. It is worth
noting that the formation of equiaxed subgrains under tempering
atarelatively low temperature is rarely observed in high chromium
martensitic heat resistant steels [4]. Nevertheless, this microstruc-
ture is commonly interpreted as a TMLS [28].

The tempering resulted in the formation of numerous M33Cs-
type particles on the boundaries of PAGs, packets, blocks, and
laths/subgrains (Fig. 1b). The mean size of these precipitates is
approximately 90nm, and their volume fraction calculated using
Thermo-Calc software is approximately 0.02. In addition to such
relatively large particles, the TMLS involves fine MX-type carboni-
tridesincluding VCand NbC particles with sizesof 20 nmand 40 nm,
respectively; M(C, N) carbonitrides are homogeneously distributed
within the ferritic matrix (Fig. 1d and e). The two aforementioned
types of carbonitrides can be easily distinguished by their morphol-
ogy because V-rich M(C, N) particles primarily have a “wing" shape
[19].

3.2. Creep behavior

Fig. 2a displays a series of creep rate vs. creep time curves
obtained during tests at 650°C under different nominal stresses.

Table 1
Evolution of structural parameters during creep test,
Strain (%)
0 1 4 55 12
Neck Grip
Time (h) 0 108 1165 1482 1828 1828
Dyas (pom) 34 1.5 3.5 36 1.6 3.4
D lath (pm) 0.38 0,43 0.54 0.75 0,93 0,38
D subgrain (pum) 05 0,55 0.7 1.45 1.45 1.2
Dislocation density (m 7) 2.10M 1.5 101 1.2 - 10M 0.7 - 10" 0.2 10" 1.8 - 10"
Mean size of Ma3Cg* (nm) 90 120 120 150 185 150
Mean size of VX* (nm) 20 50 50 50 55 55
Mean size of NbX* (nm) 40 55 55 60 65 65
Mean size of Laves phase? (nm) - 200 200 200 245 200

* Volume fractions at 650 °C calculated by Thermo-Cale are 0.0194 for My3Cg, 0.00226 for MX, and 0.0186 for Laves phase.



Fig. 1. Microstructure of a normalized steel tempered at 750°C for 3 h: (a) OIM micrograph; (b-¢) TEM micrographs of replica (b, d, and ) and foil (¢). TEM micrographs
(replica) show precipitation at a grain boundary (b and d) and at laths (b and e) and the corresponding electron diffraction patterns.

The minimal creep rate increases from approximately 10 8s !
to 10 ®s ! when the nominal applied stress rises from 140 to
200 MPa. With increasing initial applied stress, the creep rate tends
to increase, and the time to rupture tends to decrease. Three dis-
tinctive creep regimes with different strain dependence of the creep
rate can be recognized in Fig. 2b. The creep rate rapidly decreases
during transient creep, approaching its minimal value that is asso-
ciated with steady state creep behavior, Finally, the creep rate
increases until failure during accelerated (tertiary) creep.

Itis worth noting that the changes in the creep behavior occur at
certain creep strains, which do not depend greatly on the nominal
creep stress, The transient creep corresponding to a decrease in
the creep rate to a minimal value takes place at creep strains below
approximately 1%. Subsequently, secondary creep, i.e., apparent
steady-state flow, occurs at creep strains of up to approximately
4%. The tertiary creep regime leading to failure of the specimen

takes place when the creep strain exceeds 5%. To study the
crept microstructures corresponding to distinctly different creep
regimes, several specimens were tested to different creep strains
under an initial stress of 140 MPa. The creep strains that were
selected for structural analysis are indicated by arrows in Fig. 2b.

3.3. Crept microstructures

The TMLS remains virtually unchanged in the grip portion
of crept specimens during the test (Fig. 3). The transverse
lath/subgrain sizes and the dislocation density within the interi-
ors of laths/subgrains after prolonged aging at 650 C for 1828 h
and for the TMLS after tempering are almost the same (Table 1).
By contrast, significant structural changes occur in the gauge sec-
tion of the specimen. Typical crept microstructures that evolved
at different strains are shown in Fig. 4. In general, microstructural
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Fig. 2. Creep rate vs. time (a) and creep rate vs. strain (b) curves at 650°C and
different stresses of 140- 200 MPa.

Fig. 3. TEM microstructure of steel at the grip portion of specimens after creep tests
at 650°C under a stress of 140 MPa for 1828 h.

evolution during creep is characterized by a gradual transformation
of laths to subgrains and the continuous growth of subgrains/laths.
Upon a creep test for 1828 h, the transverse lath and subgrain sizes
increase to approximately 0.8 and 1.4 um, respectively, which are
2-3 times larger than those in the tempered state (Table 1). Note
here that the fraction of subgrains increases at the expense of the
lath portions. In other words, the TMLS is progressively replaced
by a subgrain structure during creep. The subgrain/lath growth is
accompanied by a release of internal dislocations. The dislocation
density after creep rupture is an order of magnitude lower than that
in the tempered state (Table 1). Notably, grain growth is unimpor-
tant for the evolution of the TMLS; the grain size increases slightly
to 3.6 wm during a creep test for 1828 h (Table 1).

In addition, the coarsening of second phase particles takes place.
It is obvious that the grain/lath/subgrain growth takes place con-
currently with particle coarsening (Table 1). It is observed in Fig. 5
that the size of M,4Cs-type carbides increases by a factor of almost

Fig. 4. TEM microstructure of steel in the gauge section of specimens after creep tests at 650°C under a stress of 140 MPa to different strains: (a) 1%; (b) 4%; (c) 5.5%; (d)

ruptured (12%).
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Fig. 5. TEM micrographs (a and b - foils; ¢ and d - replica) show microstructure and precipitation at lath boundaries and corresponding electron diffraction pattérns in the
gauge sections of steel specimens aflter creep tests at 650°C under a stress of 140 MPa: (a) 1%; (b and ¢) 5.5%, () 12%.

twoup to 180 nm from the start of a creep test to failure. By contrast,
the MX-type particles are relatively stable, The Nb-rich and V-rich
M(C,N) carbonitrides demonstrate slow growth, and their average
size is approximately 65 and 55 nm, respectively, in the neck por-
tion of the fractured specimen (Fig. 5d). It should be noted that the
coarsening of carbides/carbonitrides is accompanied by the appear-
ance of rather large Laves phase particles, which precipitate in a
heterogeneous manner on various boundaries (Fig. 6). Therefore,
the experimental observation of Laves phase precipitation during
creep does not support the hypothesis that at the initial creep stage,
the fine Laves phase precipitates within the ferritic matrix provide
additional precipitation strengthening, resulting in a decrease of
the creep rate in the transient creep region [8]. It is obvious that
Laves phase particles have a significant effect on the stabilization of
the TMLS but their contribution to dispersion strengthening is vir-
tually negligible. The mean size of Laves phase particles is 245 nm
in the neck portion of the crept specimen. Because creep is accom-
panied by subgrain/lath growth, the moving boundaries leave some
large particles in the subgrain/lath interior as clearly revealed by
the Z-contrast technique (Figs. 6a and b).

The effect of creep strain on the size of various structural
elements is quantitatively represented in Fig. 7. The varia-
tions of all structural parameters associated with the growth of
laths/subgrains, the annihilation of interior dislocations, and the
coarsening of second phase particles demonstrate almost the same
strain dependencies. The laths/subgrains gradually grow during
creep to a strain of 4%. On the other hand, the coarsening of M53Cq
and MX particles is characterized by relatively fast kinetics under
transient creep to a strain of 1%, Next, the sizes of the various parti-
cles become strain independent within the secondary creep regime
in the strain range between 1% and 4%. There is evidence for an
increasing growth rate for the subgrain/lath structure during incip-
ient tertiary creep at strains of approximately 4-6% that is accom-
panied by significant coarsening of carbides, especially M, Cs-type
particles. The accelerated creep at strains above 6% is character-
ized by further growth of martensite laths and the coarsening of
all secondary phases. The Laves phase and My3;Cs-type particles

grow faster than the MX-type precipitates, It should be noted that
the growth behavior of laths/subgrains clearly correlates with the
decrease in the dislocation densities in the lath/subgrain interi-
ors. The density of the M,3Cg and Laves phase particles located at

Fig.6. SEM micrographs ofthe microstructure of steel in the gauge sections of spec
imens after creep tests at 650°C under a stress 140 MPa to different strains: {(a) 1%;
(b) 12%,
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Fig.7. Grainsize, subgrain size, width of laths and inverse square root of dislocation
density inside subgrains, mean size of particles and particle density at (sub)grain
boundaries as function of strain in a steel during a creep test at 650 Cunder a stress
of 140 MPa.

(sub)grain/lath boundaries was found to decrease with increasing
creep strain (Fig. 7). This decrease is most pronounced in the strain
range of approximately 4-6% during the transition to tertiary creep
that is associated with an acceleration of subgrain/lath growth and
particle coarsening. The mean values of the structural parameters
for tempered and crept samples are summarized in Table 1.

4. Discussion

The creep behavior of the steel of interest is typical for heat
resistant martensitic steels containing dispersed particles [1-3].
The creep rate decreases rapidly to its minimum at the early creep
stage and then gradually increases with increasing creep strain.
However, the present steel demonstrates improved creep resis-
tance at 650 'C: the minimal creep rate for conventional P92 steel
at 650 °C and 140 MPa was reported to be approximately 10-7s~!
[29], whereas in the current study under the same creep condi-
tions, the minimal creep rate amounts to less than 10 8 s~ ! (Fig. 2).
In addition, the present steel exhibits apparent steady-state flow
in the strain range of 1% to 4%, while the P92 steel has a well-
defined minimal creep rate; after reaching a minimum, the creep
rate progressively increases until fracture [12,29]. This finding sug-
gests that the alloying with Co extends the stage of steady-state
flow in the P92 steel. Correspondingly, the rupture time for the
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Fig. 8. Calculated temporal dependence of size of a My3Gs particle coarsening in
Fe-0.1C-9Cr-1.8W-0.6Mo and Fe-0,1C-9Cr-1.8W-0.6Mo-3Co alloys at 650 C.The
initial particle size was 90 nm.

present steel is approximately an order of magnitude higher than
that for the P92 steel [12,23]. The effect of Co on the creep behavior
may be associated with a stabilization of second phase precipi-
tates [26], which in turn should provide an effective stabilization
of grain/subgrain/lath boundaries and lattice dislocation density,
leading to improved creep resistance. In particular, cobalt signifi-
cantly affects the coarsening of M33Cg carbides during creep. Fig. 8
depicts the calculated results of the coarsening of a M33Cg carbide
particle in the model Fe-0.1C-9Cr-1.8W-0.6Mo (all in wt%) alloys
with and without cobalt at 650 -C. The initial size of the particle was
assumed to be 90 nm. It is apparent that the size of the coarsened
M33Cg particle after 2000 h is remarkably smaller in the alloy with
3wt% Co (d=212 nm) than in the alloy without cobalt (d =240 nm).
The results of the calculations are corroborated by experimental
observations: the size of My3Cs particles in the present steel was
found to be less than that in the P92 steel [12] at all strains.

Let us consider the pinning of grain/subgrain boundaries by
various second phase particles. The randomly distributed particles
cause a so-called Zener pinning pressure Pz on a boundary [30,31]:

_ 3yR
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where y is the boundary surface energy per unit area, and F, and
d are volume fraction (as calculated by Thermo-Calc) and the size
of dispersed particles, respectively. When the particles are located
at the boundaries, the pinning pressure on a boundary Py depends
on the size ratio of particles and (sub)grains/laths [32] and can be
evaluated as:
/| 1]
Py = 10D (2)
where D represents the size of structural elements, i.e. the
grain/subgrain size or lath thickness. The volume fraction F,g of
the particles located at the boundaries can be estimated taking
into account the determined/estimated particle density £ at the
boundaries (Fig. 7). Under the assumption that the (sub)boundaries
form a three-dimensional cubic arrangement with the grain edge
length D, the length of the boundary per cell on the surface is 2D,
and the number of particles per unit boundary area can be written
as
2D-B 28

M= —F

On the other hand, the number of particles intersecting a unit
area of the boundary is [31]
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and hence from Egs. (3) and (4)
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The particle density 4 shown in Fig. 7 is the density of all precip-
itates located at the boundaries, i.e., # = fiu,;c; + Praves. ASSUMINg
that at a strain of 1%, all M23Cg and Laves phase particles are
located at lath and subgrain boundaries, i.e., Fy, . = Figy,, . and
Furuyes = Fubygye.» the density ratio of Ma3Cg and Laves phase particles
on boundaries can be evaluated with their corresponding volume
fractions and sizes dy,,c, and drgyes
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Then, the volume fractions F,s of the M33Cs and Laves phase
particles located at the boundaries at various creep strains can be
calculated from the following relationship

Fyg, Do , d? 7
Fig,  Di fo d2

where Fyg,, Do, flo, and dg are the parameters for the Mz3Cg or/and
Laves phase particles at a 1% strain, and Fg, Dy, £, and d; are the
parameters at different creep strains.

Fig. 9 displays the pinning pressures on subgrain/lath bound-
aries from different types of second phase particles. The pinning
pressures Pz originating from homogeneously distributed parti-
cles on various boundaries were calculated using Eq. (1). Eq. (2)
was used to calculate the pinning pressures Pg exerted by M33Cg
and Laves phase particles, which are located at the boundaries.
At a relatively small strain of 1%, the maximal pinning pres-
sure is provided by M33Cs carbides located at the boundaries.
Then, the pinning pressure Pg exerted by these particles gradu-
ally decreases with increasing creep strain (Fig. 9). Apparently, the
observed gradual increase of the lath/subgrain size during creep
is associated with stress-induced migration of the corresponding
boundaries [33-35], which is accompanied by a detachment of
boundaries from boundary precipitates. Therefore, the degradation
of the pinning force exerted by the M33Cgs-type boundary precip-
itates results from a gradual decrease in the fraction of particles
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Fig.9. Change of pinning pressures from different particles on grainand lath bound-
aries of steel during creep tests at 650 C under a stress of 140 MPa.

located on the boundaries. At strains above 4%, the pinning pres-
sure Pg from the boundary My3Cg-precipitates becomes almost
the same as the pressure Pz that is evaluated under the assump-
tion of a random particle distribution (Eq. (1)). The Laves phase
appears as large particles; the particle size is comparable with
the subgrain size even at a relatively small strain of 1%. Hence,
the pinning pressures Pg and Pz caused by these particles at a
strain of 1% are the same. The decrease in the Laves phase particle
density at the boundaries with increasing creep strain apparently
diminishes the Pg pressure evaluated by Eq. (2), suggesting that
the pinning pressure from Laves phases can be adequately pre-
dicted by Eq. (1). It is worth noting that the pinning pressures
related to the MX-type precipitates are remarkably smaller than
those from Laves phase particles, especially M33Cg-type particles
(Fig. 9).

The obtained results reveal that numerous second phase par-
ticles effectively stabilize the TMLS against static (sub)grain/lath
growth. The TMLS is highly stable during long-term aging (in the
grip portion of the specimens), i.e., the pinning pressure is high
enough to stabilize the TMLS under static conditions. The sub-
grain/lath growth occurs only in the gauge sections of the crept
specimens. Therefore, it can be concluded that this growth and the
decrease of dislocation density are caused by plastic deformation.

An inspection of the pinning pressures shows that the M3 Cg-
type carbides play a major role in the stabilization of the TMLS, and
therefore, an increase of their resistance against Ostwald ripen-
ing is extremely important to increase the creep resistance of high
chromium martensitic steels by additional alloying. The extension
of the secondary creep stage in the present steel may be associ-
ated with an improved stability of M3 Cs-type carbides that seems
to be affected by the addition of Co. Numerous boundary precipi-
tates fix the TMLS under conditions of static aging and remarkably
slow down the microstructure evolution during creep. The degra-
dation of creep resistance and the acceleration of creep rate at
strains of 4-5% are associated with a detachment of boundaries
from pinning particles. Despite constant particle size, the strain
range between 1% and 4% is characterized by a gradual increase
in subgrain size. This increase suggests that the effect of the dis-
persed particles on the motion of lath and subgrain boundaries
during plastic deformation is somewhat different from that consid-
ered under static conditions. The stress/strain-induced migration
of dislocation boundaries leads to a deterioration of the acting
pinning pressure from M,3Cg-type carbides; many of these parti-
cles appear within the interiors of subgrains, losing their efficiency
for boundary pinning. As a result, the pinning pressure exerted
by Mj3Cs-type particles originally located at the boundaries
decreases rapidly at strains above 4% leading to the accelerated
creep.



5. Conclusions

The microstructures of a 3 wt% Co modified P92-type steel tem-
pered and crept at 650 'C were studied. The main results can be
summarized as follows.

1. After tempering at 750°C for 3 h, the steel structure consisted of
two substructural components including martensite laths with
an average thickness of 380 nm and equiaxed subgrains having a
size of approximately 500 nm. Numerous particles precipitated
during the tempering treatment. My3Cy-type particles with an
average size of 90 nm precipitated on various interfaces includ-
ing subgrain and lath boundaries. MX-type particles, i.e., VC and
NbC with sizes of 20 and 40 nm, respectively, precipitated homo-
geneously throughout the martensite matrix.

2. The 3%Co modified P92 steel demonstrated superior creep resis-
tance at 650 °C. The creep behavior of the studied steel was
characterized by a more than tenfold reduced minimal creep
rate and therefore a significantly increased creep rupture time
compared to conventional P92 steel.

3., Thestructural changes during creep were associated withagrad-
ual growth of martensite laths and subgrains. The mean sizes of
laths and subgrains were 0.93 and 1.45 um, respectively, in the
specimen crept to failure, which occurred after 1828 h.,

4, The lath/subgrain growth during creep was accompanied by a
coarsening of M3 Cs and MX-type particles that took place along
with the precipitation of a relatively coarse Laves phase. The
mean precipitate sizes in the neck portion of a specimen crept
for 1828 h were found to be 185nm for M3Cg, 55nm for VX,
65 nm for NbX, and 245 nm for Laves phase particles.

5, The M35 Ci-type carbides played a major role in the stabilization
of the tempered martensite lath structure. The pinning pres-
sure exerted by these particles was approximately two and four
times higher than the pressures from Laves phase and MX-type
particles, respectively, during creep to approximately 4%. The
transition to tertiary creep correlated with a coarsening of the
carbides and a detachment of lath and subgrain boundaries from
chains of M35Cs carbides due to their strain-induced migration
that led to a decreased pinning force from these particles.
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