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ABSTRACT 

The elevated-temperature creep properties of a monotectoid-

compositicm uranium-base alloy have been studied as a function of 

microstructure. The alloy used In this investigation, U-7.5Rb-2.5Zr 

(vv... pet), exists as a single Y phase above 637°C and transforms to 

a two-phase structure (a + Y ) below 637'C. Three areas of investiga

tion were undertaken; (1) theraojaechanical processing techniques to 

achieve a fine-grain equiaxed a +  y microstrueture; (2) creep defor

mation of the fine-grain equiaxed a + Y structure; (3) creep deforma

tion of the coarse-grain y structure. Deformation behavior was studied 

using tension and compression teats performed in the temperature range 

500 - 1000°C on an Instron -machine using an inert atmosphere. 

Deformation-enhanced spheroidization was studied as a technique 

to produce a fine-grain equlaxv'.d microstructure from the lamellar 

a + Y, structure formed by isothermal transformation. The spheroid-

ization kinetics were slower than observed in a eutectoid-composition 

Fe-C allay at the sane homologous temperature and strain rate. 

Although incomplete spneroidization was observed after strains as 

large as  Z  * 1.9, the results were in qualitative agreement with 

spheroidization mechanisms proposed for steels, 

A fine-grain equiaxed  a  +  y structure can be most efficiently 

produced by employing a quench-cold work-anneal treatment before hot 

working. An equiaxed structure with a 0.5 urn grain size was produced 

by gamma quenching, cold working to e = 0,5, annealing at 5S0*C for 

ill 
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Ik h and hot working at 600"C to E « 1,5 (total strain). 

The equiaxed a + Yj structure with a stable 1.7 ua grain diameter 

was superplastic only at temperatures immediately below the monotectold 

temperature. At 635°C, maximum elongations were about 550 pet. Super-

plastic creep was described by a phenomemologlcal equation, 

for which general agreement with data of other superplastic materials 

is reported. In this equation  y is the shear strain rate, k is Boltzmann' 

constant, T is the absolute temperature, D is the grain boundary diffu

sion coefficient, G is the shear modulus, b is Burgers vector, d is the 

grain diameter and T is the shear stress. 

At high stresses where x/G > 10 there was a transition from super

plastic creep to dislocation climb-controlled creep where the stress ex

ponent Is 5. Creep data at 550 - 600"C were in this transition range 

centered at T/G 5 10~ 3, while data at 500 - 525°C exhibited only five-

power creep. 

Because the composition of the Y phase changed significantly in 

the range SOO - 625°C and because the diffusion coefficient is sensitive 

to the Nb and Zr content, the diffusion coefficient in the  y phase was 

strongly temperature-sensitive. An apparent activation energy for 

lattice diffusion at equilibrium Y composition was calculated to be 

130 kcal/mole between 500 and 625°C. This value was in good agreement 

with an average value of 123 kcal/mole calculated from creep data at 

513 - 613°C, Therefore, in the dislocation climb region and the tran

sition region, creep is believed to be controlled by lattice diffusion. 

The creep activation energy at 631"C was about 60 kcal/mole, which was 

iv 



related to grain boundary diffusion and is consistent with superplastic 

creep behavior. 

When annealed to form a single Y phase with a 40  \m grain size, the 

U-7.5Nb-2.5Zr alloy deformed by a viscous glide creep mechanism during 

initial straining (e = 0.01) at 670 - 1000°C. The creep equation was 

found to be; 

D G b V 
L 

where D is the lattice diffusion coefficient. Power law breakdown was 
L 

, - -3 

found to occur at  TIG = 2 x 10 . 

Structural changes occurred during deformation at 670 - 1000°C. 

At stresses less than about 1600 psi, hardening was observed which was 

related to subgrain formation and grain growth. At stresses greater 

than about 1600 psi, softening occurred. The softening was related to 

the formation of small recrystallized grains at grain boundaries, the 

probable mechanism being a grain boundary shear and migration process. 

Subgrains formed during deformation ac all temperatures, especially 

near grain boundaries. 
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CHAPTER I 

INTRODUCTION 

The objective of this investigation was to study the elevated 

temperature creep properties of a monotectold-coaposition uranium-

base alloy as a function of microstrueture. The alloy used in this 

study, U-7.5Nb-2.5Zr (wt. pet), exists as a single y phase above 

*637°C and transforms to a two-phase structure (a + y.) below *637°C. 

Three areas of investigation were undertaken: (1) thermonechanical 

processing techniques, including deformation-enhanced spheroidization 

of the a + Yj lamellar structure and special coldwork-anneal treat

ments, to achieve a fine-grain equiaxed a + y. microstructure; (2) 

creep deformation of the fine-grain equiaxed a + y. structure; (3) 

creep deformation in the single-phase region above *637°C. 

During isothermal annealing below 637"C the U-7.5Nb-2.5Zr alloy 

transforms to a lamellar structure consisting of alternate plates of 

a and y, phases. This dtructure will decompose during prolonged 

annealing to a structure consisting of a continuous y phase matrix 

with spherical y phase particles, the driving force being a reduction 

of interfaclal energy. This spheroldization process is diffusion-

controlled. 

Recently it has been found that the kinetics of spheroidization 

can be greatly increased in the eutectoid steel system by concurrent 

deformation during annealing. In addition, Harrigan and Sherby (1971) 

showed that the particle spacing was a function of strain rate e and 

temperature T of the form e exp (Q/RT). The activation energy for 

deformation,  Q, was found to be about that for grain boundary diffu-

1. 
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sion in iron, suggesting that deformation-enhanced apheroidization is 

controlled by diffusion o£ iron atoms along grain or subgraln boundaries, 

dislocations or along interphase boundaries. 

In the first part of this dissertation, spheroldiaation in the 

U-7.5Kb-2.5Zr alloy is examined as a function of temperature, strain 

and strain rate and compared to the results in steels. Because spher-

oidization rates are relatively slow in the uranium alloy, a quench-cold 

work-anneal treatment was also studied as a technique to use In conjunc

tion with hot working to achieve a spheroidized sicrostructure. 

Fine-grain equiajted microstructures in two-phase materials are 

technologically Important because they axe very weak and ductile at 

high temperatures and vezy strong at room temperature. Superplastic 

deformation, which requires very low stresses for plastic flow, is 

usually observed in metals when the grain size is very fine (<10nni) and 

stable during deformation and when the temperature is greater than 

O.SI , where 1 is the absolute melting temperature. A two-phase micro-
m in 

structure can prevent grain growth during deformation at high temp

eratures. Superplastic flow is observed at lov strain rates and provides 

excellent resistance to localized deformation (necking). A superplastic 

material can be used in intricate forming operations where large tensile 

strains are required. In addition, during hot forming operations where 

the strain rate is high, a fine-grain structure is weaker than a coarse-

grain structure, thereby reducing the energy required for a forming 

operation. 

Fine sphevoidized structures can lead to high strength materials 

at low teaperatures. For example, a pearlitic plain carbon steel has 

2. 
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a yield strength of 55,000 psi, but after rolling at 500°C to produce 

a spheroidized structure with an interparticle spacing of =0.3 un; the 

yield strength is 175,000 psi [ Sherby et al. (1969)]. Although elonga

tion was only 1 pet, 10 pet elongation with a 125,000 psi yield strength can 

be achieved with a low temperature annealing treatment [Bly et al. (1973a)]. 

A spheroidized a + y structure could offer improved strength and ductility 

properties at room temperature for the U-7.5Hb-2.5Zr alloy compared to a 

normally processed gamma-quenched and aged structure. 

In the second and third parts of this dissertation, isothermal creep 

deformation in the U-7.5Nb-2.5Zr alloy is investigated for two structures: 

a two-phase equiaxed structure with a 1 Um grain size and a single-phase 

structure with a 40JMgrain size. The temperature ranges were 0.41T to 

0.56T (a + Y, structure) and 0.58T to 0.79T (y structure). The objec

tive was to understand the mechanisms by which plastic deformation takes 

place. Creep data are related to atom diffusion in the ternary system 

and phenomenological equations are developed to describe the deformation 

in terms of stress, strain rate, temperature, elastic modulus and grain 

size. The creep properties are related to microstructural observations 

and, in the a + Yi region, the influence of fiber texture is discussed. 

Creep deformation of the U-7.5Nb-2.5Zr alloy is discussed in terms of 

Rachinger grain boundary sliding and dislocation climb-controlled creep 

in the a + y region and dislocation glide-ccntrolled creep in the Y 

region. 

In terms of applications, U-7.5Nb-2.5Zr alloy was developed as a 

gamma-stabilized uranium-base alloy with a good combination of room 

temperature strength, ductility and corrosion resistance characteristics 

3. 
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fPeterson and Vandervoort (1964)]. Binary uranium-base alloys which are 

gamma-stabilized do not achieve the combination of desired engineering 

properties found in the U-7.5Nb-2.5Zr ternary alloy: U-Nb alloys have 

low strengths, U-Zr alloys are brittle and U-MJ alloys are subject to 

stress-corrosion cracking in oxygen environments. Isotropic physical 

properties resulting from cubic symmetry in the gamraa phase (bcc crystal 

structure) are desired in nuclear applications. ct-U, which has an ortho -

rhombic crystal structure below 662°C, exhibits anisotropic physical 

properties leading to fabrication problems and dimensional instabilities 

during thermal cycling. The effect of thermal cycling on creep defor

mation in the gamma-quenched lh7.5Nb-2.5Zr alloy is complicated by the 

formation of a metastable Y phase (tetragonal crystal structure) and 

precipitation of an a phase (monoclinic crystal structure) at temp-

eratures T £ 150 C [ Yakel (1969)]. The fine-grain a + Y., structure, 

which is thermodynamically stable, could offer improved creep resistance 

during low-temperature thermal cycling compared to the structure pre

pared by gamma quenching. In non-nuclear applications, the U-7.5Nb-2.5Zr 

alloy is an excellent candidate for a high density material with high 

strength and good ductility characteristics. 
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CHAPTER II 

REVIEW OF SUPERPLASTIC DEFORMATION THEORIES 

This chapter provides an introduction to isothermal superplastic 

deformation characteristics and outlines the main theories proposed for 

superplasti.c creep. For more information, the reader is referred to the 

following recent review papers: Geckinli (1973), Nicholson (1972), Davies 

et al. (1970), Johnson (1970), Burke and Weiss (1970), Bird et al. (1969) 

and Backofen et al. (1968). 

Also included in this chapter is a description of a technique to 

predict grain boundary diffusion coefficients in metals. This method 

is used later in the dissertation to estimate gvain boundary diffusion 

coefficients in the U-7.5Nb-2.5Zr alloy, since these data have not been 

determined experimentally. 

Superplastic Deformation Characteristics 

The term "superplasticity" refers to large neck-free elongations 

obtained during low-stress deformation of certain metal structures. The 

requirements to achieve superplastic flow are a fine equiaxed grain size 

(<10 urO which is stable during deformation and test temperature T such 

that T > 0.5T , where T is the absolute melting temperature. To pre-
— m m 

vent rapid grain growth, a two-phase structure is normally required 

since this structure can only grow in size scale by agglomeration and 

Ostwald ripening. A fine-grain single-phase structure usually exhibits 

relatively rapid grain growth during high temperature deformation. 

Superplastic creep is characterized by the following phenomeno-

logical equation: 
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where  z is the strain rate, A is a constant, D is the diffusion coef

ficient, L is the grain size and 0 is the flow stress. The diffusion 

coefficient is usually reported to be that for grain boundary diffusion, 

although in Ni-Cr-Fe alloys lattice diffusion was found to be controlling 

deformation at temperatures T > 0.65T [ Hayden et al. (1972)]. The stress 

exponent is usually equal to 2, although various investigators have re

ported values within the range 1.3 to 3. The grain size exponent is most 

often given as 2, although values of 3 have been reported ( Alden (1967) 

and Packer and Sherby (1967)]. Superplastic deformation following Eq. (2-1) 

~5 -3 

is observed in the approximate stress range 2 x 10 < o/E < 2 x 10 , where 

E is the elastic modulus, although the limits of this range vary with both 

temperature and grain size  { Vaidya et al. (1972)]. 

The resistance to local deformation in superplastic materials can be 

readily explained by the low stress exponent n compared to coarse-grain 

metals where, typically, n = 5. At constant temperature and grain size, 

steady state creep of metals can be described by the general equation, 

e = ko n 

where k is a constant and n is the stress exponent. In terms of load P 

and area A, 
- JL  *A = k ( P }

n 

A dt k V 

dt ~ ,n-l 

A 

For a given load and n > 1, deformation will be concentrated in the 

region of smallest cross-sectional area. But as n decreases from 5 to 1, 

the rate of local deformation as measured by dA/dt becomes less sensitive 

to the local cross-sectional area. Thus a reduction in n leads to a 

decrease in the rate of local deformation, which in turn gives greater 
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total elongations. At n • 1, deformation is Newtonian viscous and no 

necking occurs. For superplastic deformation where n - 2, total specimen 

elongations are 500 to 1000 pet engineering strain, depending on specimen 

geometry [ Morrison (1968) and Woodford (1969)]. 

Microstructures of materials after superplastic deformation reveal 

that grains remain equiaxed. Grain boundaries are smooth and curved. 

Few dislocations are observed in the grains and no subgrain boundaries 

are formed. Slip lines are not seen on polished surfaces. Large amounts 

of grain boundary sliding and grain rotation are observed indirectly by 

displacements of surface scratches and directly during deformation In the 

scanning electron microscopef Dingley (1970) and Geckinli (1973)]. These 

observations indicate that grain boundary sliding occurs during super

plastic flow and that strains produced by dislocation slip are minimal. 

Diffusion Creep Mechanisms 

In diffusion creep, strain is produced by vacancy diffusion in a 

stress gradient. In a tensile test, vacancies will flow from boundaries 

normal to the tensile axis to boundaries parallel to the tensile axis. 

Atom motion is in the reverse direction, leading to grains elongated in 

the tensile direction. If diffusion takes place within the grains the 

creep equation is [ Nabarro (1948) and Eerring (1950)]: 
A n D T O 

e—v
where A is a constant about equal to 10, fi is the atomic volume and D 

is the lattice diffusion coefficient. If diffusion occurs along grain 

boundaries, the equation is [ Coble (1963)]: 
. A i! J B. O 

k I L J 
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where 6 is the grain boundary width and A * 75. Although strain occurs 

from grain elongation, Stevens (1971) and Cannon (1972) showed that 

about SO pet of the axial strain is due to grain boundary sliding which 

must accompany the grain shape change to prevent void formation. 

The diffusion creep mechanism cannot explain superplastic flow 

because the stress exponent is not correct and grain elongation is not 

observed. Also, the Nabarro-Herring and Coble equations predict creep 

rates much lower than observed during superplastic deformation. 

Dislocation Slip-Climb .Mechanisms 

Ghaudhari (1967) proposed a model for superplaetic creep based on 

the velocity of jogged screw dislocations as the rate-controlling mech

anism. Dislocations are thought to move in an internal stress field 

governed by the dislocation density. 

Packer et al. (1968) proposed a mechanism for superplastic de

formation in which crystallographlc slip occurs, but grains remain 

equiaxed by a continuous grain boundary migration or recrystallization 

process. Their evidence for dislocation slip was that Initially textured 

specimens changed shape during superplastic flow from an originally 

circular cross section to an elliptical cross section. Only dislocation 

slip, or, perhaps; anisotropic grain boundary sliding, could account for 

this shape change. 

Lee and Underwood (1970) postulated that a continuous dynamic 

recovery process operates during superplastic flow. A dislocation net

work is thought to form with well defined subboundaries acting as sources 

and sinks for dislocations. Strain is produced by dislocation slip or 

climb, but, since subboundaries continuously disintegrate and reform, 

dislocation tangles are not formed. 
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Hayden et al. (1972) have proposed a dislocation climb-controlled 

mechanism for supetplastic creep. They assume about one dislocation 

source per grain, the area swept out by a gliding loop to be the cross 

sectional area of a grain, no dislocation pileups at grain boundaries and 

a climb height of 10b (b is Burgers vector) necessary to reduce the back 

stress on the source so that a new loop can be nucleated. At inter

mediate temperatures (0.40T to 0.65T ), dislocation pipe diffusion could 
m m 

control dislocation climb rather than lattice diffusion. Hayden et al. 

suggest that their dislocation slip-climb model may control the accommo

dation process necessary for grain boundary sliding, and therefore control 

the overall deformation process. 

The difficulty with dislocation models for superplastic creep is 

that there is little experimental evidence for dislocation activity during 

deformation that would support their theories. Recent experiments by 

Nicholson (1972) and 3 eckinli (1973) where superplastic creep behavior 

was not altered by the addition of small precipitate particles are strong 

evidence for the minimal contribution of dislocation slip to superplastic 

deformation. Nicholson noted that the distribution of inert markers was 

not disturbed after superplastic flow, except near grain boundaries. 

Grain Boundary Sliding 

There is no doubt that extensive grain boundary sliding occurs in 

superplastic creep, but, to prevent void formation, accommodation at 

grain corners is required. The accommodation mechanism is likely to be 

the rate-controlling step in the deformation process. Two possible 

accommodation mechanisms are dislocation slip and diffuslonal flow. 

Grain deformation and recovery models of accommodation where dis-
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location pileups are expected, such as that of Ball and Hutchison (1969), 

are not consistent with observed dislocation structures. One possible 

mechanism is that involving dislocation climb-glide of a distribution of 

dislocations along the grain boundary. Alden (1969) and Langdon (1970) 

have developed models of the form 
2 

i  a±sL 

for this process, with Alden and Langdon associating the diffusion coef

ficient D with grain boundary and lattice diffusion, respectively. 

The diffusional flow accommodation mechanism is supported by Nich

olson's (1972) marker experiments where denuded zones at randomly 

oriented grain boundaries were observed. M>dels for diffusional flow 

accommodated grain boundary sliding have been formulated by 6ifkins (1967) 

and Geckinli (1973), but a stress exponent of one is predicted in contrast 

to n = 2 for superplastic flow. 

Summary of Superplastic Deformation Theories 

Grain boundary sliding with accommodation at grain corners is the 

mechanism most consistent with experimental observations for superplastic 

flow. The accommodation mechanism is probably largely diffusion controlled 

grain boundary migration, although no theory has been developed for this 

mechanism which agrees with observed creep behavior. Diffusisn creep 

mechanismsdo not predict the observed stress exponent (n = 2) and required 

grain elongation is not observed. Dislocation slip-climb mechanisms are 

possible, especially as related to accommodation processes for grain boun

dary sliding, but there is little experimental evidence of dislocation 

structures to support these models. 
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Prediction of Grain Boundary Diffusion Coefficients in Metals 

The results of a correlation by Bly et al. (1973b) of all available 

grain boundary (D ) and dislocation pipe (D p) diffusion data for pure metals 

is shown in Fig. 2.1. The diffusion data are plotted as a function of 

reciprocal homologous temperature and all data are normalized to a grain 

boundary width 6 of 5 A. For dislocation pipe diffusion in low angle 

tilt boundaries, 6 (6) was assumed to be 10 A sin 8/2; for twist bound-

aries, 6 (6) •= 20 A sin 8/2. For comparison, bands showing the range of 

lattice [Sherby and Simnad (1961)] and liquid [Bly et al. (1973b)] dif

fusion data for pure metals are also shown in Fig. 2.1. 

As plotted in Fig. 2.1, data for grain boundary and dislocation pipe 

diffusion are contained in one general band. Within the band there is no 

apparent difference between p and D p data, or between bee and fee crystal 

structures. There is appreciable scatter in the D„ and D D data, espec-

ially at low temperature, but this is not unexpected considering the 

experimental difficulties in measuring these quantities. 

The best fit line to the D and D p data is: 

D = 1 exp (-11T /T) cm Z/s (2-2) 
is m 

In Eq, (2-1), the pre-exponential coefficient (or frequency factor) is 

2 
1 cm /s which is essentially the same as for lattice diffusion. In 

addition, the activation energy for grain boundary diffusion, Q_ = 11RT , 
a m 

was found to be about 0.65 of that for lattice diffusion, although this 

ratio probably varies with crystal structure. It ts concluded that 

Eq. (2-2) is the best method available for predicting grain boundary 

and dislocation pipe diffusion coefficients In metals. 
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(0 ) diffusion data for pure metals. The blst-fit line used to 
predict grain boundary and dislocation pipe diffusion coefficients 
in metals is shown. 
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CHAPTER III 

EXPERIMENTAL PROCEDURE 

In this chapter details of heat treatment, mechanical testing, 

metallography and fiber texture measurement procedures are presented. 

Information on the preparation and processing of the uranium alloy to 

obtain a microduplex structure is found in Chapter IV. 

Heat Treatment 

The heat treatments for U-7.5Nb-2.5Zr required protection against 

oxidation and the ability to water quench rapidly. Therefore, all 

samples to be heat treated were encapsulated in 19mm diameter quartz 

tubes in a vacuum of £ 5 x 10 mm Hg. Preheated furnaces were employed 

to minimize the time required to reach the desired temperature, and 

rapid water quenching was obtained by quickly removing the capsule from 

the furnace and breaking it underwater. 

Mechanical Testing 

Two experimental set-ups were used to deform samples at 500 - 1000°C 

in an inert atmosphere of 99.999 pet argon (<3 ppm 0,+H.O). The compres

sion apparatus used small samples which maximized the amount of data 

determined from limited quantities of material and eliminated instab

ility problems caused by necking. The tension apparatus produced several 

superplastically extended specimens with total elongations in excess of 

500 pet, but uniform flow stress and strain data were limited to low 

values of strain before local necking occurred. Both the compression 

and the tension apparatus were used on a model TTC-L Instron machine 

with tall frame and push-button crosshead speed controls. With the 

variable speed drive attachment, crosshead speeds ranged from 2 to 
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0.00008 in./min. 

Compression Apparatus 

With the requirements of rigid platen support under high load 

conditions, inert atmosphere, and minimal sample insertion and heating 

tiaes, a "cage" type assembly was constructed. This construction allows 

the lower platen to be supported below the c.rosshead by the cage, with 

the upper platen held by a central push rod which extends through a hole 

in the crosshead to the load cell mounted on top of the Instron frame. 

A furnace or temperature bath can then be raised to cover the specimen 

area. The cage in Fig. 3.1 is a thick-walled tube of In-600 material, 

2 1/2 in. O.D. x 14 in. long, and the push rod is 0.975 in. diameter 

x 23 in. long and of Ha-188 material. The bore of the thick-walled 

tube was increased in diameter along the center 10 in. of length so that 

the rod was supported by two bearing surfaces about 1/2 in. long at the 

top and bottom. The diameter clearance at the bearings was about 

0.010 in. 

0-ring seals were used at the top between the push rod and thick-

walled tube and outside the thick-walled tube near the top t- seal the 

atmosphere cover tube (IN-600 material, 3 in, O.D. x 0.065 in. wall). 

Allignment of the assembly was achieved by adjusting the four bolts 

which hold the unit to the bottom of the crosshead. A one-inch section 

of flat insulation is recommended between the unit and the crossh^ad. 

The bolts were tightened with a torque wrench to 12 ft-lb and the base 

plate of the unit was shimmed if necessary until a minimum friction 

condition was obtained when a 6 lb or less difference in load appeared 

between the crosshead going up and down. 
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Fig. 3.1. The compression cage assembly is shown bolted to the bottom 
of the crosshead on an Tnstron machine. The specimen is inserted 
through the ports near the bottom and two thermocouples are used to 
measure temperature at both specimen-platen surfaces. The top of the 
atmosphere cover tube and furnace are seen below the cage. 
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Tungsten carbide discs were used for platens. They were approx

imately 5/8 in. diameter x 1/8 in. thick and ground parallel to ± 0.0001 

in. with a 4 RMS microinch finish. Two chromel-alumel thermocouples 

touched the platens next to the specimen. 

A resistance tube furnace, 3 1/2 in. I.D. x 12 in. long, was 

mounted on tracks on the Instron frame and counterweighted so that it 

could be preheated at the bottom of the Instron frame and then raised 

over the cage assembly. Maximum heat-up time was 2 h at 1000°C. For 

each test, the furnace was raised or lowered slightly to reduce the 

temperature difference between top and bottom of the specimen to 1°C 

or less. 

Specimen size was 0.300 in. diameter x 0.450 in. long with a 

length/diameter aspect ratio of 1.5. Some transverse specimens were 

tested with dimensions 0.200 in. diameter x 0.300 in. long. Other 

specimens tested early in the program to develop the processing tech

nique to obtain a microduplex structure were 0.250 in. diameter x 0.375 

in. long. 

Several lubricants were tried in the temperature range 500 - 1000oC, 

including graphite, MoS., BN powder, and Coming glass lubricant codes 

8363, 7570 and 8490. In the right temperature range, the glass lubri

cants gave the best results with no barrelling to true strains E = 0.5. 

However, specimens were difficult to remove from the platens and each 

platen required extensive grinding before reuse. The BN powder lubri

cant proved the most effective lubricant at all temperatures 500 - 1000°C 

with little barrelling at £ • 0.4. The flow stress difference between 

a sample deformed using a glass lubricant and BN lubricant could not 

!6. 



be detected. 

In a compression specimen the measured flow stress o will always 

be greater than the uniaxial stress a because a finite coefficient of 

friction p between the specimen ends and the platens causes a triaxial 

stress state in the staple. Assuming no barrelling occurs and that 

sliding between the specimen and platen takes place at all points except 

the geometric center of the cylinder, a and a are related to specimen 

geometry by the following equation [Schroeder and Webster (1949)]: 

0 \ x p (  Y )  i i r  i  (3D 

where  & and d are the length and diameter of the cylinder. Eq. (3-1) 

reduces to o = o in the limit where M + 0. The percentage correction 

to  a to calculate cf is: 

m 
pet correction = — x 100 pet (3-2) 

m 

Eq. (3-2) is evaluated in Table 3.1 as a function of true strain e and 

the coefficient of friction for the case of an aspect ratio of 1.5, i.e., 

I  Id =1.5. The coefficient of friction has been determined experi-o o 

mentally by Cook (1957) and Uvira and Jonas (1968) to be about 0.1 for 

compression tests In which little or no barrelling is observed. Thus, 

the triaxiality correction of the measured flow stress at £ = 0.5 is 

4.65 pet. For the compression tests in thie investigation, no correc

tion was made for the small triaxial stress state. Considering normal 

data scatter between specimens, it was concluded that measured flow 

stresses were accurate for e £ 0.5. 

Tension Apparatus 

The tension apparatus was difficult to design because of the con-
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TABLE 3.1 

CORRECTION FOR TRIAXIAL STRESS STATE* 

• \ 
0.04  0.06  0.08  0.10  0.12  0.14  0.16  0.18 

0.00  0.89  1.33  1.77  2.21  2.65  3.09  3.52  3.96 

0.10  1.03  1.54  2.05  2.57  3.07  3.58  4.09  4.59 

0.20  1.20  1.79  2.39  2.98  3.57  4.16  4.74  5.33 

0.30  1.39  2.08  2.77  3.45  4.14  4.82  5.50  6.17 

0.40  1.61  2.41  3.21  4.01  4.80  5.59  6.37  7.15 

0.50  1.87  2.80  3.73  4.65  5.56  6.48  7.38  8.29 

0.60  2.17  3.25  4.32  5.39  6.45  7.50  8.55  9.59 

0.70  2.52  3.77  5.02  6.25  7.47  8.69  9.90  11.10 

0.80  2.93  4.38  5.81  7.24  8.65  10.06  11.45  12.83 

0.90  3.40  5.08  6.74  8.39  10.02  11.63  13.23  14.82 

1.00  3.94  5.89  7.81  9.71  11.59  13.44  15.28  17.10 

* Given as pet correction = 

a  It = 1.5. 
0 O 

o -o 
m x 100 pet for the case where 
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flicting requirements of oxidation control and frictionless movement 

of the crosshead so that low loads could be measured. The final design 

incorporated a stainless steel bellows whose spring constant was measur

able and reproducible, Fig. 3.2. This allowed the crosshesd to move 

about 6 in. High quality vacuum fittings were used and the final system 

was successfully checked by a helium leak detector sensitive to 10 

atmospheric cc air per second. 

Because it was felt that a threaded specimen might bond or stick 

to threaded grips, a buttonhead tensile specimen was designed, Fig. 3.3. 

The grip assembly, constructed of IN-600 and HA-188 materials, is shown 

in Fig. 3.4. Thermocouples coincide with the specimen shoulders at 

both ends of the specimen. A copper sleeve was used to smooth temp

erature gradients along a 6 in. length, corresponding to an initial 

gage length extended 600 pet. 

A resistance tube furnace,  1 in. I. D. x 18 in. long, was 

mounted on tracks and adjusted to be exactly centered on the tensile 

axis. After extensive shunting of the furnace taps, specimens could 

be extended 500 pet with temperature along the gage length varying 

± 2°C. Typical loads measured with a standard Instron load cell 

located outside the atmosphere tube were <20 lb. 

Data Reduction 

The results from the Instron tests were load-time curves at con

stant crosshead speed. A computer program was developed to reduce the 

raw data to true stress-true strain curves and calculate true strain 

rates at each strain. Details of the use of the program are found in 

Appendix A. 
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Fig. 3.2. Atmosphere control assembly for tension testing is shown 
mounted on Instron frame (furnace removed). High vacuum fittings 
are used exclusively with the stainless steel bellows providing six-
inch movement of the crosshead. The plastic sleeve over the bellows 
prevents the bellows from bowing off axis when it is compressed. High 
purity argon (< 3 ppm CL + H-0) enters at the bottom and exits at the 
top. A mechanical vacuum pump is connected to the valve at bottom to 
evacuate the system prior to argon flow. 
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Fig. 3.4. Grip assembly for buttonhead tensile specimens. Top photo shows the actual testing 
configuration where a loose-fitting copper tube (6 in. long) helps smooth small temperature 
gradients. Grips and universal joints (center photo) are all machined from IN-600 or HA-188 
superalloy material (tungsten is used for the small pins). Thermocouple holee coincide with 
the outer etvd of the shoulder near the buttonhead. Details of the specimen, split collar, grip 
and adapter are shown at the bottom. All photos are actual size. 



The main advantage of the computer program la that It accepts points 

on a machine stiffness curve (e.g. In compression, a load-time curve 

obtained by "compressing" a platen as a dummy sample) and by inter

polation, defines the exact curvilinear stiffness characteristic of the 

machine and apparatus. Calculated values of true plastic strain are 

accurate to ± 0.01 even after deformation at several different crosshead 

speeds on one sample. A correction to the true specimen strain rate 

due to the rate of contraction or elongation of the machine deflection 

is also calculated, but this correction is usually < 3 pet unless the 

load is hardening or softening at a very rapid rate (e.g. during loading 

or unloading a specimen in the elastic portion of the stress-strain curve) 

The program accepts round or rectangular specimen cross-sections, 

tension or compression configurations, and any single or multiple combi

nations of crosshead speeds, chart speeds and full load scales. For 

each strain interval at constant crosshead speed, the flow stress at 

each point is adjusted to the median true strain rate within the strain 

interval using a strain rate sensitivity index m • d In  0/d In £ inputed 

by the user. 

Metallography 

Sections of U-7.5Nb-2.5Zr were mounted in bakelite and wet-ground 

through no. 600 paper. After polishing on 6 and 1 jjm diamond wheels with 

nylon cloth, a final polish was obtained using 1/20 ua AI9O0 i n 5 pet 

chromic acid on microdots. An electrolytic etch using 2 pet oxalic acid 

at 1-2 volts for 1-10 seconds was used. 

Because the two-phase structure was so fine, electron replication 

micrographs were needed to resolve the structure. The polished and 
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etched surface was replicated with acetyl cellulose; the plastic was 

shadowed with chromium at 35° - 45° and backed with a carbon layer; and 

the plastic was dissolved in acetone, leaving the replica on a 200 mesh 

copper grid. A Phillips E.M. 200 electron microscope operating at 80 KV 

was used for examination. The magnification of most photos ( 5 x 5 in.) 

was 5000X. 

Grain size was taken as the mean linear intercept of phase boundaries 

or grain boundaries. Volume fraction measurements used the systematic 

point count method [Underwood (1970 and Hilliard (1968)] with a 1 cm 

square grid. For an a +  y structure, such as shown in Fig. 3.5, volume 

fraction of the  y phase, V , was calculated from V = ?• / P„, where P 

is the number of grid points in Y phase regions and F„ is the total 

number of points. The variance o(V ) was calculated from: 

1 - v 1/2 
<f<V = v Y (~p-^-) 

' ' Y 

Typically, four or five micrographs like in Fig. 3.5 were needed to 

obtain a large enough point count so that a(V )/V was 5 pet or less. 

Fiber Texture 

Quantitative fiber texture measurements were made on swaged U-7.5Nb-

2.5Zr rod material using a General Electric XRD-6 x-ray diffraction 

apparatus. The method used was adapted by McCarthy (1966) from a tech

nique used by Lapata and Kula (1965) and described in detail by Edwards 

(1971). A brief description will be given here. 

The rod material was spark-cut at 45" to the rod axis and electro-

polished for 5 min in a stirred solution  of 15 ml perchloric acid, 150 ml 

methanol and 90 ml butylcellosolve at -20°C and 16 volts. The sample was 
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Fig. 3.5. Typical electron replica micrographs used for volume fraction analysis of the 
a + Yj structure. The gamma phase is the light-colored phase with a smooth surface. The 
left photo shows the equilibrium structure at 500°C where V = 0.40 and the right photo 
shows the structure at 625°C where V = 0.78. Y 



mounted on 3 goniometer with the cut surface inclined 45° to the dif

fraction plane. With the diffractometer set at the desired Bragg angle, 

the sample was rotated about an axis normal to the cut surface, the 

angle ij) of sample rotation is related to the angle <f> between the dif

fraction vector and the rod axis: 

sin I = vTsin I 

From geometrical considerations, the number of poles jf a given crys-

tallographic plane at angle <f> from the rod axis is proportional to I(cf>) 

I sin <j>> where I(<fi) is the measured intensity minus background intensity. 

:, For a randomly textured sample, the number of poles at angle cf> is pro-

i 
i portional to I D sin <i>, where L is a constant. The total number of 

; poles N for d) = 0 to <p = ir/2 is given by 

\ 11/2 
N = k /Q  ZJ($) sin «|> d «j>, 

where k is a proportionality constant. Equating the number of poles 

for the measured sample am. the hypothetical random sample, we then can 

calculate the constant 3_i 

TT/2 

I R - / 0 I(<j>) sin 4. d *. 

The fiber texture can then be quantitatively described by plotting  l($)f 

I va. $. The ratio I(<f>)/I„ gives the relative number of pole -. of the 

specified cry stenographic plane at angle <|> compared to a randomly-tex

tured sample. Because the normalizing function, sin $, used to calculate 

I R converges to zero at <j> •> 0, this method of texture analysis provides 

only limited accuracy at small  values of <f> [Edwards (1971)1. 
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CHAPTER IV 

DEVELOPMENT OF A SUPERPLASTIC STRUCTURE 

In this chapter the effect of thermomechanical processing tech

niques to produce a fine, equiaxed two-phase structure in the U-7.5Nb-

2.5Zr alloy is examined. An introduction to the phase transformations 

in the uranium alloy is given followed by an analysis of the effect of 

deformation-enhanced spheroidization and queuch-cold work-anneal treat

ments on the resultant mlcrostruc.ures and elevated-temperature mech

anical properties. An optimum processing schedule was developed for the 

attainment of the finest equiaxed two-phase structure. 

Results and Discussion 

Phase Transformation in thf. U-7.5Mb-2.5Zr Alloy 

The U-rich region of the U-Nb-Zr ternary diagram has been studied by 

Dwight and Mueller (1957) and time-temperature-transformation character

istics for the U-7.5Nb-2.5Zr alloy have been studied b> Dean (1969). The 

ternary diagram as related to the U-7.5Nb-2.5Zr alloy is summarized in 

Fig. 4.1 from Dwight and Mueller (1957). Both the U-Nb and U-Zr binary 

systems are of the monotectoid type, and each monotectoid point (three-

phase equilibrium) in the binary system becomes a line along a mono

tectoid valley in the ternary diagram, shown in Fig, 4.1. In the ternary 

system at temperatures above the monotectoid temperature (~637°C), the 

single y phasesbcc solid solution stable at high temperatures, sep

arates into  y (U-rich) and  y (Zr-rich) at the U-Zr monotectoid system 

and  y (U-rich) and  y (Nb-rich) at the U-Hb monotectoid system. For 

the U-7.5Nb-2.5Zr alloy the  y phase is never present because the U-Zr 

monotectoid system is eliminated with the addition of >_ 0.8 wt, pet Nb 

[Dv>*ght and Mueller (1957)]. Also eliminated in the 3 phase (nearly 
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20 25 30 

Wt. Pet. Zr 

Fig. 4.1. A ternary diagram [Dwight and Mueller (1957)] shows pro
jections of monotectoid valleys and isothermal lines. The intersec
tion of the line for the weight fraction ratio X w /X W = 3 with an 
Isothermal line determines the composition of the y. phase in tltf twa 
phase region a + yi. At the circled data points, wt. pet Nb + Zr is 
given. Since the tine from the U corner tangent to the projection of 
the monotectoid valley is X w „ / X w =3.3, the diagram predicts a three 
phase region  a + y, + Y 3 only for Illoy compositions where X W

N. /X
w~ > 3.3. 
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pure B-U) with the addition of  >_ 4 wt. pet Nb [Dwight and Mueller 

(1957)]. The y + Y^ monotectoid valley reaches a critical point 

at "622*0, below which temperature the y. + Y, miscibility gap is 

closed. 

According to Fig. 4.1 the U-7.5Nb-2.5Zr alloy composition is near-

monotectoid composition and lies just outside the y, + Y, monotectoid 

valley. Since the solubility of Nb or Zr in the a phase is < 0.5 wt. 

pet for either element [Elliott (1965) and Shunk (1969)], the composition 

of the gamma phase in the two-phase region  a + y can be determined by 

constructing a tie-line from the U corner of the diagram (a phase) 

through the U-7.5Nb-2.5Zr alloy composition point. Some Y phase 

compositions at different temperatures from 600 - 637°C are circled in 

Fig. 4.1 with wt. pet Nb + Zr given at each point. 

It is our convention to write the transformation as  y  •* a  + y. for 

the TJ-7.5Nb-2.5Zr alloy. In the two-phase region the gamma phase is 

termed "y " because the composition is closer to the U-rich end of the 

Yi + Y, monotectoid valley. Dwight and Mueller (1957) used the terms 

" Y l 3 " or "y" below the  y 1  +  y^ critical point (*622°C) and Dean (1969) 

used "y ". In our notation, the symbol "Y" I S retained for the single-

phase region. Thus, in this investigation, the y phase has the composi

tion U-7,5Nb-2.5Zr. 

It can be seen in Fig. 4.1 that the a + y tie-line does not inter

sect the Yj + Y3 monotectoid valley; therefore, a three phase region 

a + Yj + y„, such as shown in Fig. 4.2, is not predicted for the 13-7.5Nb-

2.5Zr alloy. The high temperature phases in the U-7.5Nb-2.5Zr alloy can 

be summarized simply by one phase transformation, y •+ a + y at 637"C. 

The features of the U-Nb-Zr ternary diagram below 637"C relevant to 
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ISOTHERMAL  SECTION 
AT626°C 

5  10  15  20  25  30  35  40  45  50 

Wt.  Pet. Zr 

Fig, 4.2. A typical isothermal section showing a three-ohase 
" + Y 2 + Y 3 fDwight and Mueller (1957)]. P region 
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the lT-7.5Nb-2.5Zr alloy are a line separating the a + y. and Y regions 

and a line at the U comer separating the a and a + y, regions. An 

example is shown in Fig. 4.3 for the 621°C isotherm. The a phase is 

nearly pure a-U with a base-centered orthorhombic crystal structure 

and the y* phase is a Nb-rich bcc solid solution with a composition 

which is strongly temperature-dependent. Dwight and Mueller (1957) did 

not investigate regions of the ternary diagram which would describe y 

phase compositions for the U-7.5Nb-2.5Zr alloy at temperatures below 

600°C. 

A time-temperature-transformation diagram from Dean (1959) is shown 

in Fig. 4.4. From 400 - 637°C a normal "C" curve describes the Y •+ u + Y 

transformation kinetics. During isothermal transformation, the product 

has a lamellar morphology, Fig. 4.5. To insure complete transformation 

we found that 120 h were necessary at 608°C and 24 h were necessary at 

550°C. 

Some additional low-temperature metastable phases are also shown 

in Fig. 4.4. The y phase is the high temperature Y phase retained at 

room temperature by rapid water quenching. Yakel (1969) reported the 

Y phase to be bcc with the body-centered atoms shifted slightly in 

correlated <100> directions. The y phase, with a tetragonal crystal 

structure, is produced by ageing the y s phase. Two transition alpha 

phases are observed [Dean (1969)]: a' has a tetragonal structure and 

a" has a monoclinic structure. These metastable structures are not 

important in our investigation, except in relation to special heat treat

ments. Our objective is to study the mechanical properties in the 

a + Y, region, stable at elevated temperature. 
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Fig. 4.3. The ternary diagram below the critical temperature ^622°C) 
does not contain a three-phase region [Dwight and Kueller (1957)]. The 
composition of the Yj phase is determined by the tie line extending from 
the U corner (a phase) through the alloy composition point (U-7.5Nb-2.^Zr), 
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Methods Used by Other Investigators 

Fine-grain equiaxed microstructures are commonly produced in 

eutectic and eutectoid systems by heavily hot working in the two-phase 

field [see the review papers of Johnson (1970) and Davies et al. (1970)]. 

During hot working at temperatures >_ 0.5T the laaellar structure is 

spheroidized into fine equiaxed phase regions. Typically, the working 

temperature is reduced if coarsening of the nicrostructure occurs, but 

few details of the mechanism of structural refinement are reported- The 

effect of deformation, oa the enhancement of the spheroidization of lamellar 

structures will be considered in the next section. 

Other methods reported for preparing superplastic microstructures 

are packrolling fAvery and Backofen (1965)1, electroplating [Martin and 

Baclofen (1967)], extruding alloy powders [Freche et al. (1970), Reichman 

et al. (1970) and Watts r.nd Stovell (1971)], splat cooling [Beghi et al. 

(1970)J, and special heat treatments. The heat treatment procedures 

include a simple water quench from the siogle-phase field for the Zn-Al 

eutectoid alloy, alternate rapid austenitize-quench cycles for coamercial 

steels [Scbadler (1968)], and a quench-cold work-anneal treatment for 

Cu-Ni-Zn alloys [Ansuinl and Badla (1973)]. Our approach for the 

0-7.5Nb-2.S2r alloy was to first study deformation-enhanced spheroidiza

tion and later explore possible special thermal-mechanical treatment methods. 

Review of Deformation-enhanced Spheroidization Studies 

The mechanism of deformation-enhanced spheroidization has been 

studied extensively for steels, but only reported as the method uued to 

obtain microduplex structures in many superplastic alloys. One other 

relevant observation was made by Butcher et al. (1969) who reported 

3*. 

http://0-7.5Nb-2.S2r


spheroidization due to deformation in a unidirectionally-grown Al-CuAl, 

eutectic at a temperature where the structure is normally thermally 

stable. 

Deformation-enhanced spheroidization of pearlite has been reported 

by Robbins et al. (1964), Irani and Taylor (1968), Chojnowski and Tegart 

(1968), Sherby et al. (1969), Harrigan and Sherby (1971), and Paqueton 

and Pineau (1971). Transmission electroa micrographs revealed a fine 

ferritic subgrain structure produced during deformation [Irani and 

Taylor (1968), Paqueton and Pineau (1971), and Bly et al. (1973a)]. The 

dislocation substructure provides greatly increased numbers of grain 

boundary diffusion paths to accelerate the spheroidization. Harrigan 

and Sherby (1971) determined chat grain boundary diffusion of iron atoms 

was the rate controlling process for both static and dynamic spheroi-

. 9 - 2 
dization. At high strain rates, where e/D>10 cm with D being the 

lattice diffusion coefficient for iron atoms, excess vacancies generated 

during deformation would be expected to further enhance the spheroidiza

tion rate [Armstrong et al. (1973a)]. 

Another mechanism which could account for high diffusion coeffi

cients is strain-enhanced diffusion due to moving dislocations. Cohen 

(1970) empirically expressed the enhancement as 

D'/D. « 1 + e X 6 X 10" 3 exp(11.3 T /T) (4-1) 
" m 

where D' is the strain-enhanced diffusion coefficient, D, is the lattice 

self-diffusion coefficient, e Is strain rate (1/s) and T is the absolute 
m 

melting temperature. Harrigan and Sherby (1971) found that strain-

enhanced diffusion coefficients predicted a greater spheroidization 

enhancement than that observed  at e - 3  x  10~  la and T - 700°C. Using 
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Eq. (4-1), a calculation at e = 1/s and T = 0.5T (632*C for Fe), typical 

values used in the production of very fine spheroidized microstructures 

[Sherby et al, (1969) and Bly et al. (1973a)J, predicts the enhancement 
g 

to be 10 , which is unrealistically high. It should be noted that the 

3 

experimental data used by Cohen (1970) gave a maximum enhancement of 10 , 

so considerable extrapolation was needed for our calculation. 

Better agreement with experiment at low strain rates was obtained 

by Harrigan and Sherby using the Hart (1957) equation in the form 
Def f = V l + V» 

where the effective diffusion coefficient D ,, is determined from the 
err 

relative contribution of lattice and boundary diffusion weighted by the 

atom fraction for each mechanism. The fraction f„ was calculated from 
D 

0 

subgrain size, assuming boundary width to be 5 A. The relative agreement 

of calculated diffusion enhancements D f f / D T and observed spheroldization 

enhancements indicate that subgrain structure is Important in the rapid 

spheroidizatton process. 

Paqueton and Plneau (1971) observed that spheroidization takes place 

preferentially at ferrite subgrain boundary intersections with cementite 

lamellae. Also, dislocations or subgrain boundaries were observed in the 

cementite phase and these locations were associated with rapid morpholog

ical changes. Baranov (1969) also observed spheroidization beginning at 

intersections of ferrite subboundaries and cementite lamellae. These 

observations are direct evidence that diffusion along subboundaries 

enhances the spheroidization rate. In contrast, static spheroidization 

begins at growth faults or lamellae tips [Baranov (1969)]. 
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Deformation-enhanced Spheroidization in U-7.5Mb-2.5Zr 

The initial investigatioi. of deformation-enhanced spheroidization 

in the lT-7.5Nb-2.5Zr alloy consisted of a series of compression tests in 

which the lamellar structure, Fig. 4.5, was deformed at 475 -  625'C and 

• — 4 . * —21 

£  ~  3  x  10  /s to G = 3  x 10 /s. Specimens were deformed to a true 

strain e = 1.0 and the strain rates are average values for this strain 

interval for the constant crosshead speed teste. The stress-strain 

curves are shown in Fig. 4.6 for the coarse lamellar structure (~0.5 ym 

interlamellar spacing). In all curves the flow stress decreases with 

strain to about  £ = 0.6, although softening probably continues at larger 

strains but is masked by significant barrelling of the specimens and 

a large triaxial stress state. The greatest relative decrease in the 

flow stress occurs at the highest temperature (625DC) and lowest strain 

ra-.e (3 x 10~ /s), where at e = 0.6 the flow stress has softened by a 

factor of one-third. 

Photomicrographs show that the reduction in the flow stress is 

accompanied by spheroidization of lamellae and coalescence or growth 

into larger globular regions. Morphological changes occurring during 

deformation of the fine pearlitic structure (-0.1 um interlamellar 

spacing) for the conditions of maximum observed strain softening (625°C 

and e « 3 x  10  fa, Fig. 4.7) are seen in Fig. 4.8. At e « 0.95 the 

equiaxed regions are about 80 pet of the total. Under the same defor

mation conditions the coarse lamellar structure had a smaller fraction 

of spheroidized regions and the equiaxed regions were coarser, Fig. 4.9. 

This observation  is consistent with the greater diffusion distances in 

the coarse lamellar structure compared to the fine lamellar structure. 
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'Sfc 
Fig. 4.5. Lamellar structures formed by isothermal transformation. 
The dark phsse (with a rough surface is the o phase. The coarse 
structure (top, ;0.5 ym interlamellar spacing) was obtained after 
annealing at 608°C for 120 h and the fine structure (bottom, s:0.1 
ym interlamellar spacing) was obtained after 8 h at 550°C. 
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Fig. 4.6. Compression stress-strain curves for rhe coarse lamellar 
structure. Strain softening is associated with s^heroidiaation. 
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Fig. 4.7. Compression stress-strain curve for the fine lamellar 
structure tested at 625°C and E = 3 x l{T*/s. The arrows indicate 
the strain at which deformation on five different specimens was term
inated. Microstructures of these specimens are shown in Fig. 4,8. 
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I 

Fig. 4.8. Microstructures after deformation of the fine lamellar 
structure at 625°C and £ = 3 x 10" vs to strains indicated. Spher-
oidization increases with strain from <10 pet spheroidized at 
e = 0.15 to about 80 pet spheroidized at e = 0.95. 
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Fig. 4.9. Microstructures after deformation of the coars' lamellar 
structure to e = 1.0 for the conditions: 625°C and e = 3 x 10"*/s, 
top photo; and 475°C and £ = 0.03/s, bottom photo. 
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Similar results were observed by faqueton and Pineau (1971) for steels. 

Also shown in Fig. 4.9 is a micrograph after deformation of the coarse 

lamellar structure at the lowest temperature (475°C) and highest .-train 

rate (3  x 10 /s), conditions corresponding to the smallest observed 

strain softening. There is some spheroidization near plate edges, but 

the structure is primarily lamellar, Spheroidization in Figs. 4.8 and 

4.9 is totally a result of enhancement by concurrent straining. Both 

coarse and fine lamellar structures statically annealed at 625*C for 

90 min, equivalent to the time at temperature for specimens deformed at 

e = 3 s 10 /s to £ = 1.0, showed no signs of spheroidization. 

Some minor effects on spheroidization were observed for different 

treatments used to obtain the initial lamellar structure at 5S0°C. Most 

specimens were up-quenched from the room temperature gamma-quenched state 

for the annealing treatment; however, specimens down-quenched from 700°C 

to 550°C were about 10 pet weaker during deformation at 625°C and 

E = 3 x 10 /s than up-quenched specimens, Fig. 4.10. It is believed 

that partial precipitation of metastable phases during the initial 

gamma-quenching or during the heat-up to the annealing temperature 

slightly affected the transformed lamellar structure. Fig. 4.10 also 

shows that a 24 h anneal at 550*C leads to more rapid softening during 

deformation than an 8 h anneal. The  8 h anneal probably does not insure 

100 pet transformation. In another treatment, a specimen was held at 

350*C for 15 min before annealing at 550°C for 8 h. According to Dean's 

(1969) time-temperature-transformation diagram, Fig. 4.3, precipitation 

of metastable phases at 350°C should be complete in 15 min; however, no 

difference In structure or stress-strain curves at 625°C and e » 3 x 10 /s 
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Fig. 4.10. Effect of minor heat treatment variables on the stress-
strain curve at 625°C and e = 3 x 10~3/s for the fine lamellar 
structure. 
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were detected compared to specimens normally annealed at S50°C for 8 h. 

Activation energies for deformation during spheroidization of the 

coarse lamellar structure were calculated from stress-strain data at 

575 and 625°C, assuming the relation 

E = A exp(-Q/RT) (a/E) n (4-2) 

In Eq. (4-2), Q is the creep activation energy, E is the elastic modulus and 

A is a constant. Values of Q were calculated at constant a/E using data 

at e = 0.03 (maximum stress) and at e = 0.6 (after strain softening), 

Fig. 4.11 [modulus data were taken from Bugrov et al. (1972); see Fig. 

5.6, Chapter Vj. The activation energy for data at e £ 0,03 and e = 0.6 

were found to be 58 kcal/mole and 62 kcal/mole, respectively. The 

apparent activation energies for grain boundary and lattice diffusion 

were estimated in Chapter V as 72 kcal/mole and 130 kcal/mole, respec

tively. Thus, spheroidization probably occurs by diffusion along grain or 

subgrain boundaries rather than by lattice diffusion. Activation energies 

calculated using data at 475 and 525°C were considered inaccurate due to 

the large slope of the log e vs. log  a curve (large n value in Eq. 4-1) 

and data scatter. 

Deformatioh^enhanced spheroidization was also investigated ;t high 

strain rates with rotiing experiments. A plate with a coarse lamellar 

structure was rolled at oZO^C at e = 0.25 per pass to a true strain 

e. = 1.92. The rolling was performed at Lawrence Liveimore Laboratory in 

March 1970 with the assistance of N.Nl. Borch. The uranium alloy was 

jacketted in copper for oxidation protectfoa and the plate was reheated 

to 620°C before each pass. The rolls were heated^ to 315°C. The average 

strain rate was about 20/s, calculated by the method^given by Dieter (1961) 

for 6 in. diameter rolls operated at 11 rpm. The structure after rolling 

45. 



10" •I  1  I  '  I 

10"' 

in 
v. 

?  I0"3 

< 

10 

_  SPHEROIDIZATION 

575 °C  6258C 

J  l  L 
7  8  9  io" 3 

cr/E 

Fig. 4.11. Activation energies (in kcal/raole) calculated between 
575 and 625°C for deformation during spheroidization are shown on 
a log £ vs. log cr/E diagram. The data points are for a coarse 
lamellar structure deformed to strains e = 0.03 (maximum stress) 
and E = 0.6. 
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was not completely spheroidized, but the spheroidized regions showed a 

finer opheroidite size than for the coarse lamellar structure deformed 

at 625°C and e = 3 x 10 /e, Figs. 4.12 and 4.13. This observation is 

consistent with results for Fe-C [Chojnowski and Tegart (1968), Sherby 

ec al. (1969), Harrigan and Sherby (1971) and Paqueton and Pineau (1971)] 

in which deformation at a high strain rate and/or a low temperature (a 

high flow stress condition) produces large numbers of dislocation short 

circuit diffusion p3ths associated with a fine subgrain size and a re

sultant fine spheroidized structure. In contrast, a coarse spheroidite 

size is produced during deformation at a high temperature and/or a low 

strain rate (a low flow stress condition) where the dislocation cell 

size is large. 

The primary difference between deformation-enhanced spheroidi2ation 

in the U-7.5Hb-2.5Zr alloy and in the Fe-C system is that the rate of 

spheroidizatioti in the uranium alloy is much slower than in steels. For 

example, at 0.54T (625"C for U-7.5Nb-2.5Zr and 707°C for Fe-C). spheroi-
UL 

-4 
dization in Fe-C is complete at e = 1.0 for deformation rates 3 X 10 

to 3 x 10 Is [Harrigan and Sherby (1971)]. Complete spheroidization 

was not achieved in the U-7.5Nb-2.5Zr alloy, even after deforming to 

e = 1.92 and e = 20/s. This difference in spheroidization rates may be 

due to a difference in grain boundary diffusion coefficients for the two 

alloys at the same homologous temperature. In the grain boundary diffu

sion data correlation in Chapter II, 

D„ = 1 exp (-11T /T) cm2/s, (4-3) 

a m 
the actual range of data at 0.54T is about plus or minus one order 

m 

of magnitude from the best-fit line. Since the grain boundary 
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Fig. 4.12. Hicrostructures obtained by deforming '-he coarse lamellar 
structure at 625°C: (1) at e = 3 x 10"fys to e = 1.0, top, and (2) 
at e = 2G/s during rolling to e = 1.92, bottom. Within, regions which 
have spheroidized, a finer structure is obtained after deformation at 
a high strain rate (high flow stress condition). 
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Fig. 4.13. Detail of a spheroidized region obtained after rolling the 
coarse lamellar structure at 620°C to e = 1.92, This spheroidite size 
is finer than that obtained after deformation at a low strain rate at 
625*C (see Fig. 4.9, top photograph). 
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diffusion coefficient for a-Fe at 0.54T is about one order of magnitude 

greater than the correlation predicts, it is quite possible that the grain 

boundary diffusion coefficient for the  y phase in the U-7.5Nb-2.52r alloy 

is less than that in a-Fe. A difference in the surface energy of the phase 

boundaries could lead to a difference in spheroidization rates in the two 

systems, since the driving force for spheroidization is a reduction in 

interfacial energy. 

The difference in spheroidizatiun rates in the uranium alloy and 

steels is probably not due to a difference in the number of high dif-

fusivity paths available. Subgr&iki size X is usually inversely related 

to the stress ISherby and Young (1972)], 

X = 4 b(f) _ 1 

where b is Burgers vector. Dislocation density p is related to stress 

by [Bird et al. (1969)]: 

a/E = « V p 

where a is a constant about equal to 0.6. If the high dlffusivity paths 

are along dislocations or subgrain boundaries, a/E is a measure of the 

relative number of enhanced diffusion paths present during deformation. 

Comparing <J/E values for U-7.5Nb-2.SZr (fine lamellar structure) and Fe-C 

[Harrigan and Sherby (1971)] at 0.54T , e - 3 x 10 /s and e = 0.6, we 
m 

find values of 7 x 10" and 4 x 10" , respectively. Thus the number of 

possible high diffusivlty paths is not expected to be less for the 

TI-7.5Nb-2.5Zr alloy than for Fe-C. 

The lack of spheroidization  at the lowest temperature, 475°C, can 

be explained qualitatively by noting that because the equilibrium composi

tion of the Y 1 phase changes with temperature (causing the melting temp

erature of the y 7 phase to vary with test temperature), the homologous 

50. 

http://U-7.5Nb-2.52r
http://U-7.5Nb-2.SZr
http://TI-7.5Nb-2.5Zr


temperature decreases rapidly with temperature from 0.54T at 625°C to 
u 

0.39T at 475°C (see Fig. 5.18, Chapter V). Thus, from Eq, (4-3), 
m 

the grain boundary diffusion coefficient also decreases rapidly with 

decreasing temperature. Even though the number of high diffuslvity 

dislocation or subgraln boundary diffusion paths is large at the high 

stress condition at 475°C, the diffusion coefficient is evidently not 

great enough to produce high spheroidization rates. 

Effect of Cold Work before the Phase Transformation 

Deforming the lamellar structure  at 475 - 625°C did not prove ta be 

a very efficient method to produce a fine equiaxed microstructure in the 

U-7.5Nb-2.5Zr alloy. The spberoidization rate was too slow with incom

plete spheroidization resulting even after deformation at 620°C and 

E = 20/s to e = 1.92. A quench-coldwork-anneal treatment was then 

conducted to try to produce a spheroidized structure with a minimum of 

deformation strain. Since the Y phase can be retained at room temper

ature by water quenching, cold work could alter the transformation pro

duct formed during annealing at 400 - 637'C. 

Fig. 4.14 shows the structure produced after gamma-quenching, room, 

temperature deformation to e = 0.283, and annealing at 550°C for 24 h. 

The deformation was introduced by compression of a standard specimen 

cylinder at a strain rate of 3 x 10" 3/s on an Instron machine, using 

teflon tape as a lubricant. The structure is partially spheroidized 

with little evidence of long lamellae. Concurrent precipitation and 

recrystallisation could account for this microstructure as discussed by 

Ansuini and Badia (1973) for Cu-Ni-Zn alloys. However, if tecrystAlliza-

tion occurred before precipitation, the effect of cold work would be lost. 

Another possibility is that the nucleation rate of the <x phase is in-
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Fig. 4.14. Microstructure obtained after gamma-quenching, deforming 
at room temperature to e - 0.2.83, and annealing at 550°C for 24 h. 

52. 



creased bv the introduction of many new favorable nucleation si'uis at 

dislocation tangles. The transformation product could then consist of 

very short platelets which would rs readily spheroidized during annealing 

or hot working. A third possibility is that a or metastable a phases are 

nucleated as a fine precipitate distribution during cold working, which 

upon annealing forms a fine spheroidized structure. This process is 

unlikely, however, because samples aged at 350*C to form an a" precip

itate (monoclinic crystal structure) transformed  to a lamellar structure 

during annealing at 550"C. A structure with precipitates formed during 

cold working would also be expected to transform at 550°C to a lamellar 

structure. 

The effect of the amount of cold work before annealing in shown in 

Fig, 4.15, after deformation at 625°C and  I  = 4 x 10"4/s to e S 0,7. 

Cold deformation to £ = 0.4 is sufficient for complete epheroidization 

under these conditions. 

Optimum Processing 

Using the optimum parameters defined by laboratory heat treatments 

and compression and rolling tests, the 0-7.SNb-2.SZr alloy was prepared 

from raw materials and processed to a fine-grain equiaxed microstrueture 

using swaging operations at the Albany Metallurgy Research Center, U.S. 

Bureau of Mines, Albany, Oregon. The processing was directed by L. E. 

Armantrout and completed in August 1971. The basic processing steps 

performed are outlined below: 

1. An ingot was prepared by double arc melting and then homogenized for 

22 h at 900°C, yielding a cast rod  3 in. in diameter by 7 9/16  in. long. 

All heat treatments were performed in a vacuum of 10 - 20 urn Hg. Alloy 
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Fig. 4.15. The  mount of cold work before transformation co the 
two-phase structure (550*C for 24 h) affects the size and degree 
of spheroidization of the structure after deformation at 625*C and 
c = 3 x 10"*/s. 
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composition and impurity analysis for ths cup, sldewall and bet com of the 

ingot are given in Table 4.1 

TABLE 4.1 

ALLOY COMPOSITION AND IMPURITY CONTENT 

Composition, wc. pet Impurity content.* ppm 

Nfa Zr C Cu Ni Fe 

Top 7.6 2.4 145 5 10 3 

Middle 7.4 2.3 100 5 10 10 

Bottom 7.3 2.S 81 5 10 3 

* Other impurities were below detection limits of the spectrographs 
method used. 

2. The rod was heated to 860*C, press-forged to a 1 3/4 in. hexagonal 

and machined to a 1.44 in. diameter round. 

3. Two 6 in. rods were hot swaged at 9 0 0 T to rods of 0.860 In. diameter, 

held at 850*C for 2 h, furnace-cooled to 700"C in 3 h and water quenched. 

4. The rods were swaged at room teoperature to 0.663 - 0.669 in. diameter 

(true strain e - 0.50). 

5. Each rod was cut into thirds, inserted into a furnace preheated to 

550 ± 5*C and annealed for 24 h to transform to a fine two-phase structure. 

6. Furnace temperature was increased to 600 ± 2°C and the rods were hot-

swaged to 0.40 in. diameter (true strain £ * 1.0, total strain e » 1.5). 

Dies preheated to about 200*C were used. The surface temperature immedi

ately after swaging was 400 - 510°C. The 600°C swaging temperature was 

selected to insure that material would not be heated above the transfor

mation temperature, :637°C. 

Swaging operations were used instead of plate rolling because round 
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cross-section compression and tensile specimens were desired. Thin, 

flat tensile specimens are difficult to test because of the oxidation 

problem. If round samples are needed, it is more efficient to process 

a round bar than a flat plate because for a given ratio of rod diameters 

or plate thicknesses the true deformation strain for the rod Is twice 

that for the plate. 

The purpose of the final hot-swaging operation vac; to Insure a homo

geneous, completely equiaxed microstructure which would be stable during 

elevated temperature deformation. Thie objective wae achieved as shown 

in the microstructure after optimum processing, Fig. 4,16 and in a 

comparison with other structures for stress-strain curves obtained at 

625°C and e =• 3  x 10~  Is, Fig. 4.17. The swaged material has a finer 

grain size U0.5 um) and is more spheroidized than structures obtained 

previously. At 625*C, this structure is stable with strain (no strain 

softening is observed) and considerable weaker than other structures, 

Fig. 4.17. The flow stresses of the individual phases, if tested as 

coarse-grain single-phase structures at 625*C and e •  3 x  10' /s, are 

also shown in Fig. 4.17. The flow stress for a-U was taken from the 

data of Robinson and Sherby (1973). The flow stress for the Y, phase 

wag estimated by extrapolating creep data for the v phase (from Chapter 

VI) from 670°C to 625*C and then correcting for the difference in dif

fusion coefficients at 625°C for the  y and Y, phases (see Fig. 5.16, 

Chapter V). It Is interesting to note that the Initial flow stress of 

the lamellar o +  y . structure is about equal to that for the Y phase 

alone; however, when processed in fine-grain equiaxed form, the a + y. 

structure has a flow stress equal to about one-half that of the a phase 
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Fig. 4.16. Microstructure of U-7.5Nb-2.5Zr alloy rod processed at the Albany Metallurgy 
Research Center for attainment of a fine spheroidized structure. The typical spheroidized 
structure (left) is contrasted with the most atypical structure (right) showing a region of 
incomplete spheroidization. The average structure is more than 90 pet equiaxed. 
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alone. This comparison shows that a large decrease in strength can be 

obtained at high temperatures by production of a stable fine-grain 

equiaxed structure. 

Fig. 4.18 is a comparison of flow stresses at different strain rates 

for five microstructures deformed at 625°C. In structures where strain 

softening was observed, the maximum flow stress was used in Fig. 4.18. 

Both Figs. 4.17 and 4.18 indicate that the coldwork-anneal treatment is 

important for efficiently processing a fine equiaxed microstrupture, 

although hot working alone is sufficient if deformation is taken to very 

large strains (e > 2). 

The effect of two minor process parameters has not been discussed. 

One parameter is the quenching rate before cold working. Some compression 

specimens were water quenched from 700'C and others machined from a 1/2 in. 

thick plate water quenched from 850°C; the hardness values after quenching 

were DPH = 210 and DPH • 265, respectively. After cold working the 

specimens to e = 0.3 and annealing at 550*C for 24 h, the more rapidly 

quenched specimens (low hardness value) had a flow stress about 5 pet less 

than the other specimens during deformation at 625"C and e = 3 x 10~ /s. 

The primary advantage of\a rapid water quench is a reduction in the flow 

stress necessary to cold defttrm the material. The flow stress at room 

temperature at e = 0.4 for material water quenched to a hardness DPH = 210 

is 171,000 psi. \ 

Other minor parameters are the annfcal time and temperature. The 

550°C temperature, at the nose of the "C" dtnrve, was selected to minimize 

the transformation time. Lower transformatlonXtemperatures could lead to 

a finer structure with longer annealing times required for complete 
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Fig. 4.18. The effect of microstructure is shown on a log e vs. 
log  a diagram for deformation at 625°C. In structures where strain 
softening was observed, the maximum flow stress is shown. 
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transformation, but this method was not investigated. After cold work 

to e = 0,3, it was found that 24 h annealing times at 550°C produced 

about a 5 pet reduction in flow stress duriag defonsation at 625°C an*! 

e = 3 x 10 /s cornpived to an 8 h anneal. 

Conclusions 

The lamellar a + y structure (0.1 - 0.5 |M interlamellar spacing) 

formed by isothermal transformation is stable for at least 24 h during 

annealing at temperatures just below the monotectoid temperature (*637°C 

or 0.56T ), Concurrent deformation during annealing greatly enhances the 
m 

rate of spheroidization, but the spheroidization kinetics are slower than 

observed in a eutectoid-composition Fe-C alloy at the same nomo.logous 

temperature and strain rate. This difference is probably due to a dif

ference in grain boundary diffusion coefficients or a difference in 

the surface energy of the phase boundaries for the two materials. 

Although incomplete shperoldization was observed after strains as large 

as e = 1.9, the results are in qualitative agreement with spheroidiaa-

tion mechanisms proposed for steels. The activation energy lor spher

oidization was found to be about that estimated for grain boundary dif

fusion in the Yi phase. A high stress deformation condition led to a 

finer spheroidite size than a low stress condition, consistent with a 

model for deformation-enhanced spheroidization where subgrain boundaries 

act as high diffusivity paths and spheroidite spacing is related to the 

subgrain size. 

A fine-grain equiaxed ot + Y. structure can be most efficiently pro

duced by employing a quench-cold work-anneal treatment before hot working. 

An equiaxed structure with a 0.5 urn grain size was produced by gamma 
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quenching, cold working to £ = 0.5, annealing at 550"C for 24 h and 

hot working at 600°C to e = 1.5 (total strain). 
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CHAPTER V 

DEFORMATION OF THE FINE-GRAIN TWO-PHASE STRUCTURE 

FROM 500 TO 636°C 

In this chapter the results of tension and compression tests for 

elevated temperature deformation of the fine-grain equiaxed structure 

in the two-phase region are reported,  tttr. creep data, and microstruc-

tartl and fiber texture observations, are analyzed in terns of deformation 

mechanisms. Specifically, creep activation energies, stress exponents and 

the transition from a superplastic to a dislocation climb-controlled 

mechanism of creep are discussed. 

Results 

Tension and Compression Tests 

Tension and compression tests on the U-7.5Nb-2.SZr alloy processed 

in the a +  y . region to a fiae-^rain equiaxed microBtructure were con

ducted in the temperature range 500 - 636°C. Prior to testing, samples 

from the swaged rod material were annealed at 625°C for 1 h to 

achieve a stable grain size L of 1.0 Mm. The tests were performed at 

constant crosshead speed with the data within each strain interval at a 

given crosshead speed adjusted to a constant true strain rate using an 

appropriate strain rate sensitivity exponent. In all cases, true stress 

vs. true strain data exhibited a constant flow stress with strain, with 

only a slight tendency for the flov stress to decrease with strain. 

This slight softening was not greater than 5 pet in any strain interval 

and probably occurred because the initial structure was not quite 100 pet 

equiaxed. The constant flow stress with strain is evidence that a steady 

state deformation mechanism exists. The exceptions to the constant flow 
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stress condition were tests at 636 C which were accidentally overheated 

(to, say, 640°C) and tests at 650 and 6?0<>C. Once the phase transformation 

temperature (about 637°C) is exceeded, the transformation a + y •+ y causes 

an increase in flow stress. 

All of the tension and compression data for temperatures 500 - 636°C 

are shown in Fig. 5.1 on a log e vs. log 0 plot. These data are also 

listed in Table 5.1. For comparison, similar data for the coarse lamellar 

structure are shown in Fig. 5.2. In Fig. 5.2 the maximum flow stress is 

plotted. Tensile tests were also performed at 650 and 670°C; these data, 

Fig. 5.3, show an increase In strength with the a + Y-, ->- 7 transformation. 

The a + y, "* Y transformation was apparently more complete in the 670°C 

test, making the material stronger at 670°C than at 650<>C. 

Using a simple creep expression, 

£ = k exp(-Q/RT) (a/E) n (5-1) 

the data can be analyzed for the creep activation energy Q and the stress 

exponent n. In Eq. (5-1) stress is modulus-compensated, where E is the 

elastic modulus. As shown in Fig. 5.1, the stress exponent (measured at 

low stress) decreases from 5.5 at 500°C to 2,0 at 636°C. The stress 

exponent n = 5.5 is typical for metals whose deformation is controlled 

by dislocation climb [Cf. Bird et al. (1969)1 and n = 2 is the value 

normally reported for superplastic flow [Cf. Davies et al. (1970 and 

Johnson (1970)]. The stress exponent n = 2 was also observed at 650 

and 670°C, Fig. 5.3, but the data were taken at low strain values before 

necking and are probably not representative of a constant structure 

(grain growth is expected to occur in the single-phase region). 

Several investigators [Avery and Backofen (1965), Avery and Stuart 
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Fig. 5.1. Creep data for the equiaxed a + Y, structure with a 1.0 wm 
grain size. The stress exponent decreases from 5.5 at 500°C  to 2.0 
at 636°C. 
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TABLE 5.1 

CREEP DATA FOR THE FINE-CRAW EQUIAXED a +  y STRUCTURE 

T, *C Test no. „., q,r. i>*i e. l/s T, *C Test no. <>.. PSi e, l/s 

SCO 108 28900 8.7E-6* 600 T15 2060 1.6E-5 
37700 4.6E~?> 3280 8.0E-5 
49500 2.7E-4 5170 2.9E-4 
61S00 1.20E-3 119 1330 

2240 
3.1E-6 
1.88E-5 

525 107 moo 8.9E-6 4850 2.0E-4 
24800 4.7E-5 11200 2.1E-3 
33600 
43600 

2.7E-4 
1.23E-3 

23700 2.4E-2 

124 15200 3.2S-6 625 T10 2400 1.95E-4 
21500 2.0E-5 Til 1610 8.4B-5 
32000 2.0E-4 101 640 9.1E-6 
46900 2.1E-3 1280 

2740 
5.4E-5 
3.4E-4 

550 T18 6020 3.3E-6 5860 1.S1E-3 
9000 

13300 
l.SOE-5 
6.8E-5 

126 500 3.4E-6 

18000 2.5E-4 636 T12 1020 4.6E-5 
124 6770 3.4E-6 102 1370 9.2E-5 

11200 2.3E-5 2160 2.2E-4 
18700 2.2E-4 3120 5.4E-4 
30000 2.3E-3 4800 1.37E-3 
46300 2.5E-2 105 3670 

7790 
9.0E-4 
4.7E-3 

575 T16 2830 3.5E-6 16000 2.8E-2 
4480 1.53E-5 26000 1.29E-1 
7470 6.7E-5 126 240 3.4E-6 

11900 2.4E-4 450 8.6E-6 
126 6500 1.91E-5 730 2.2E-5 

T13 ill 

1.97E-4 
2.1E-3 

1.81E-5 

1020 4.6E-5 

* 8.7E-6 is a compact notation 

for 8.7 x 10" 6. 
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68. 

http://u-7.5Nb-2.5Zr


(1968), Morrison (1966) and Woodford (1969)] have shown that  t\m total 

tensile elongation during elevated temperature deformation varies oiono-

tonlcally with the strain race sensitivity exponent ra » 1/n. Necking 

resistance increases with increasing ra; for example, total elongations at 

m - 0.5 (n = 2) are much greater than at ra • 0.2 (n • 5). Total tensile 

elongations for the U-7.5Nb-2.5Zr alloy are shown in Fig, 5.4, As ex

pected, elongations increase from 120 pet (engineering strain) at 550"C 

where n • 3.9 to about 550 pet at 636*C where n * 2.0. A specimen de

formed 560 pet at 634*C with an initial strain rate of 1 x 10 /a is 

shown in Fig. 5.5. 

The temperature range 630 - 650*C produced th» greatest elongations, 

400 - 600 pet. At 650°C the phase transformation a + y •* v during defor

mation may offer an additional form of neck resistance. Regions of the 

gage length which are hotter or have a higher flow stress (due to initial 

necking) than other regions could accelerate Che  a + v + y transformation 

and thereby increase the flaw stress and retard localized deformation. 

At 670°C, total elongation dropped Co 270 pet. Transformation to v 

probably occurred more rapidly at this temperature and grain growth in 

the single-phase structure led to a transition from superplastic flow to 

normal coarse-grain behavior. 

Activation energies were calculated for the creep data in Fig. 5.1. 

Since the stress exponent varies with temperature, activation energies 

calculated using £q. (5-1) vary with stress. Therefore, a range of values 

for activation energy can be calculated between different temperatures. 

The method used was to calculate the range of activation energy between 

each pair of adjacent lines. If the mechanism of deformation changes 
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Fig. 3.3. A tensile speclnen deformed 360 pet at 634°C at an 
initial strain rate of 1 x 10"Vs. Deformation was not uniform 
as four individual necks can be seen. 
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with temperature (as indicated by the variation of n with temperature), 

the activation energy calculation at constant n can be approximated by 

using two adjacent curves with near-equal stress exponents. To be con

sistent, in the activation energy calculation the range of stress was 

-5 -3 chosen by using data in the 10 to 10 /s strain rate range. Activation 

energies were calculated from the expression 

Q R  TVT  i<sX d l/i la.e (5-2) 

where the second term is a correction for modulus temperature variation. 

Dynamic modulus data were taken from Bugrov et al. (1972) who measured E 

as a function of temperature for a two-phase alloy of composition close 

to that studied in this investigation (U-6.80Nb-3.33Zr), Fig. 5.6. Thermal 

treatment of the material studied by Bugrov et al. included a final anneal 

at 550°C for 24 h which Insures a fully transformed two-phase structure. 

The room temperature modulus value obtained by Bugrov et al., 20.49 x 10 

psi, agrees well with the 21.7 x 10 psi value obtained by Wood (1972) 

for the U-7.5Nb-2.5Zr alloy. The difference is probably due to the 

higher Nb content in the U-7.5Nb-2.5Zr alloy. In addition, the rate of 

decrease of modulus with temperature, Fig. 5.6, is not as great as for 

oc-U [in which the modulus decreases very rapidly with temperature, 

Armstrong et al. (1973)]. This behavior is reasonable, considering that 

the U-7.5Nb-2.5Zr alloy has an  a  +  y . structure. The modulus correction 

term ln Eq. (5-2) ranged from -9 kcal/mole at 513°C to -6 kcal/mole at 

631°C. 

Calculated activation energies for creep are given in Table 5.2. 

The mean activation energy calculated in the temperature range 513 - 613°C 

is 123 kcal/mole. This value is much greater than the 60 - 80 kcal/inole 
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Fig. 5.6. Dynamic modulus data of Bugrov et al. (1972) for the 
U-6.80Nb-3.33Zr alloy. 
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Table 5.2 

CALCULATED CRKEP ACTIVATION ENERGIES 

Temperature, °C q, kcal/mole 

513 109 - 116 

538 125 - 145 

563 96 - 115 

588 134 - 143 

613 100 - 143 

631 44 - 73 

values reported by Fedorov et al. (1972) for Mb tracer diffusion In the 

Y, phase for a range of y. compositions (Mb is the slowest diffusing 

species in the y. phase). At 631UC, where superplastic deformation is 

observed, the activation energy for creep is much less than at lower 

temperatures. 

Microstructure 

Typical microstructures are shown in Fig. 5.7 for a tensile specimen 

deformed at 624*C and an initial strain rate of 2  x 10~ /s. Annealing 

the processed material (0.5 um grain size) at 624°C produces a 1.0 put 

grain size which is stable during deformation. After extreme local 

strain (2100 pet), the grain size increased to 1.5 Jim. The structure 

remains equiaxed after deformation and the grain boundaries (phase 

boundaries) are curved, not straight. No evidence of cavitation or void 

formation near the point of failure was found. 

Fig. 5.8 shows the microstructure of a compression specimen deformed 

at 500°C at 1 0 - 5 to 10 _ 3/s to e = 0.34. The structure is equiaxed but 

grain boundaries are more jagged than the gently-curved bulbous-like 
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Fig. 5.7. The equiaxed a + Yi structure is shown: (A) as processed 
(L = 0.5 Um); (B) after annealing at 62A°C during a test <grip region, 
L = 0.9 \m); (C) after deformation at 624CC at an initial strain rate 
of 2 x 10 - z7s to e = 0.5 (L = 1.0 ym)j (D) after deformation as in (C) 
to >2000 pet local strain near the point of failure (L - 1.5 lim). 
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Fig. 5.8. Mierostructure of a compression specimen aft 
to £ •» 0.34 at 50Q"C at strain rates of 10 to 10" 3/s, 

after deformation 

Fig. 5.9. Mlcrostructure of a tensile specimen near the point of 
failure after deformation at 652°C at an initial strain rate of 
1 x l0"*/s. The structure is a single y phase with a 5 - 10 ]m 
grain size. Soae a + Y 1 lamellar colonies formed during the furnace 
cool after the test. 
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boundaries in Fig. 5.7. 

A tensile specimen deformed to failure at 590 pet elongation at 

652 CC and an initial strain rate of 1 x 10  Is was examined near the 

region of failure. The structure, Fig. 5.9, is a single Y phase with 

a 5 - 10 ym grain size. The specimen was furnace-cooled and some lamellar 

colonies formed during partial transformation to a + Y-. The Y grain 

boundaries are only seen when delineated by the transformed product. 

Effect of Texture 

Transverse compression specimens machined from the swaged rod 

material exhibited slightly different behavior than the longitudinal 

specimens. Fig. 5.10 shows a shape change during deformation where the 

originally circular cross-section became elliptical. No shape change 

was observed for longitudinal specimens. The greatest shape change for 

transverse specimens occurred at 500°C, with no shape change occurring 

at 636°C. 

Transverse specimens were slightly weaker than longitudinal specimens, 

Figure 5.11, with a trend for the difference between longitudinal and 

transverse creep rates at a given stress to decrease with increasing 

temperature. At 636°C the transverse specimen was stronger than longitu

dinal specimens. The reason is that, probably due to overheating, the 

transverse specimen was more transformed to the y phase than longitudinal 

specimens. Fig. 5.12 shows that the structure of the 636°C transverse 

specimen is nearly a single Y phase. 

Fiber texture plots were determined for the rod material as-swaged 

and after deformation. Relative numbers (compared to a random sample) 

of (110) plane poles in the Y 1 phase and (111) plane poles in the a 

phase are shown in Fig. 5.13 as a function of the angle $ from the rod 
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500 °C 

550 
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636 

5mm 

Fig. 5.10. Macrophotograph of transverse compression specimens 
viewed end-on after deformation to e = 0.6 at strain rates of 
3 x 1 0 - 6 to 4 x l O v s . The shape change to an elliptical cross 
section is most prominent at 500°C; no shape change occurred at 636°C. 
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Fig. 5.11. Transverse specimens were slightly weaker than longitu
dinal specimens. The 636°C transverse specimen was probably over
heated, causing an Increase in strength due to grain growth in the 
single-phase region. 
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Fig. 5.12. Microstrueture of the 636°C transverse specimen after 
deformation showing almost complete transformation to the  y phase. 
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Fig. 5.13. Fiber texture plots showing a decrease in preferred 
orientation in the Yi phase after superplastic deformation. The 
indicated increase in preferred orientation in the a phase after 
deformation at 625"C is probably not significant because the fiber 
texture measurement technique is not accurate at low values of the 
angle <j>. 
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axis. Preferred i rientation decreased in the "y. phase after 17 pet 

strain at 625"C. The (111) plot for the a phase Is less accurate than 

the fiber texture plot for the y phase because of a lower diffraction 

peak intensity. Diffraction peaks for other crystallographic planes in 

the a phase vere not used because of overlap with T n peaks or because of 

lower peak intensity. For the as-swaged structure, the ft phase is less 

textured than the r, phase. An indicated increase in preferred orien

tation in the a phase after deformation at 625°C is probably not signif

icant, especially at low values of the angle <f> where the fiber texture 

measurement technique used is not accurate [Edwards (1971]. 

Discussion 

Activation Energy for Creep 

In order to relate creep activation energies to atom diffusion, 

diffusion coefficients in the alpha and gamma phases were calculated 

from data in the literature. The lattice diffusion coefficient D. in 

the  a phase, taken as pure a-U, was reported by Adda and Kirianenko 

(1962) from 580 to 650°G: 

a-fl D L •> 2 x 10"
3 exp(-40000/RT) aa Z/s 

Grain boundary diffusion in a-U has been reported by Fedorov et al. 

(1966) in the range 835 - 906 K: 

a-U D„ = 320 exp(-4430O/RT) CIH 2/B 
a 

As discussed by Bly et al. (1973b), the accuracy of this grain boundary 

diffusion data is questioned because, in relation to other metals, both 

the T> and Q values appear too high. 

In the gamma phase of the U-Nb-Zr system, diffusion coefficients 

are strong functions of composition [Fedorov et al. (1969,1972)]. Tracer 

diffusion coefficients for U, Mb and Zr sharply decrease with increasing 
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Nb additions to y-U. Zr additions increase the diffusion coefficients. 

Both Y~U and 8-Zr are known to have anomolously high diffusion coeffi

cients characterized by low values of both D and Q [Le Claire (1965)]. 

The only available diffusion data in the ternary system U-Nb-Zr is 

that of Fedorov et al. (1969, 1972). The Fedorov et al. (1972) data in 

the U-fib binary system are in general agreement with that reported by 

Peterson and Ogilvie (1963), so we assume that the one data source used. 

is reasonably accurate. The temperature range studied by Fedorov et al. 

was 800 - 1900°C, with the low end of the temperature range presumably 

used in the U-rich region of the ternary diagram which is of interest 

in the present work. Therefore, considerable extrapolations are needed 

to calculate diffusion coefficients at temperatures as lew as 500°C. 

The diffusion data of Fedorov et al. (1969, 1972) for the U-Nb-Zr 

system can be summarized by plots of constant activation energy lines 

on the ternary diagram, Fig. 5.14, and by the relation 

D = 10" 9 exp(Q/3500) cm 2/s (5-3) 

where Q is expressed In kcal/mole. For a given composition and temper

ature, the tracer diffusion coefficient for, say, Nb is calculated from 

DNb = <VNb ^ - W R T ) 

where Q™ is determined from Fig. 5.14 and (D ) _ Is calculated from 

Eq. (5-3) using Q „ . A relation between D and Q, in the same form as 

Eq. (5-3), was also empirically derived by Fedorov (1967) for diffusion 

in austenitic iron base alloys. 

Because diffusion in the  y phase is strongly a function of com

position, compositions of the y. phase must be known with some accuracy. 

As discussed in Chapter IV, the ternary phase diagram available in the 
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Fig. 5.14. Activation energies (in kcal/mole) for lattice 
diffusion in the tf-Nb-Zr systeiu as determined by Fedorov (1972). 
The diagrams are drawn on an atom-fraction basis. 
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literature is not accurately defined for y compositions below 6GQ°C. 

One method used to determine Y-, compositions was electron microprobe 

analysis. This method, however, proved ineffective as the beam could 

not be focused small enough to sample only the y, phase region in the 

a + Y-i structure. Although some lattice parameter data are available 

for the U-Nb-Zr system [Dwight and Mueller (1957)], the data do not 

specifically cover the composition range of interest. 

The method adopted for measuring Y-i compositions was volume fraction 

analysis using quantitative metallography. Using density data directly 

measured and calculated from estimated lattice parameter data, y. phase 

compositions were calculated from the volume fraction measurements at 

500 and 625°C. The calculation was relatively insensitive to density; 

thus, the accuracy of the calculated y 1 phase compositions is greater 

than the accuracy of the density values used. Density data for the 

Y-, phase, p , are summarised in Fig. 5.15 and density of the a phase 

was taken as 19.07 gm/cm . 

Samples were water-quenched from 500 and 625°C after annealing and 

deforming at temperature to coarsen the microstructure. Volume fraction 

of the Yi phase, V , was measured using electron replica micrographs. 

Calculations are summarized in Table 5.3 with calculated compositions 

given in both wt. fraction (X ) and at, fraction (X). 

Table 5.3 

CALCULATED y, PHASE EQUILIBRIUM COMPOSITIONS 

I, -C V Y p y, gm/cm
3 X j b X» r ^ X Z r 

500 0.40 + .02 13.1 0.239 0.080 0.A10 0.139 

625 0.78 ± .02 15.8 0.1005 0.0335 0.213 0.0722 
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Fig. 5.15. Density of the gamma phase for U-Nb-Zr alloys as a function 
of composition. The curve calculated from lattice parameter data was 
used in the calculation of Y, compositions from volume fraction measure
ments for the U-7.5Nb-2.5Zr alloy. 
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To calculate an average diffusion coefficiert in the gamma phase which 

could be related to creep deformation, an averaging equation, from 

Weertman's 1968 paper was used: 

"\.IVi«iAVrl  (5"4) 

where D. is the diffusion coefficient for the i th atom species and 

X is the atom fraction. In Eq. (5-4) the off-diagonal terms in the 

diffusion coefficient matrix are assumed negligible. For a ternary 

system the average diffusion coefficient D can be calculated from 

A^h  + h + b. 
D W D l D 2 D 3 

Lattice diffusion in the U-7.5Nb-2.5Zr alloy is summarized in Fig. 

5.16 with D plotted for three different gamma compositions and D 

plotted for self-diffusion in a-U. The gamma-phase diffusion data are 

normal in the sense that D values at constant composition are in the 
2 

range 0.02 to 17 cm /s. In terms of activation energies, the values 

in Fig. 5.16 at constant composition are higher than for pure bcc metals 

with K 3 20 in the relation 

Q « K R T (5-5) 
m 

Melting temperatures for the three gamma compositions used in Fig. 5.16 

were determined as the average of solidus and liquidus temperatures re

ported by Badayera and Kuznetson (1971). Most bcc metals have activation 

energies for self-diffusion such that the parameter K in Eq. (5-5) has a 

value of about 17 [Cherby and Simnad (1961)]. 

Fig. 5.16 shows that the diffusion coefficient in the gamma phase 

decreases rapidly as the Nb and Zr content increases. Because the 

equilibrium Y, composition, indicated by solid symbols in Fig. 5.16, 

changes significantly as a function of temperature in the range 500 -
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H g . 5.16. Weertman's (1968) average lattice diffusion coefficient for 
three gamma-phase compositions in the U-7.5Hb-2.5Zr (U-16.60Nb-5.64Zr, 
at. pet) alloy as a function of reciprocal temperature. Equilibrium 
gamma compositions are denoted by solid symbols. In the two-phase 
region  a + Yj , the apparent activation energy at equilibrium composi
tion between 500 and 625°C is 130 kcal/mole. Lattice diffusion data 
for  aV are also plotted. 
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625°C, the apparent or calculated activation energy at equilibrium 

composition is very high. For equilibrium composition, the average 

activation energy calculated between 500 and 625*0 is 130 kcal/mole. 

This value is compared to activation energies determined from creep data 

(Table 5.2) in Fig. 5.17. In the temperature range 510 - 610°C there 

is general agreement between activation energies calculated from creep 

and lattice diffusion data. This correlation suggests that the rate-

controlling mechanism during creep at 510 - 610CC is probably the rate 

of dislocation climb which is governed by lattice diffusion. It should 

be noted that the high calculated activation energy of about 130 kcal/ 

mole is an apparent value due to a change in structure (composition) 

with temperature. For the gamma-phase compositions shown in Fig. 5.16, j 

at constant structure the activation energies for lattice diffusion are 

in the range 60 - 80 kcal/mole. 

The diffusion coefficients at equilibrium composition between 500 

and 625°C were estimated in Fig. 5.16 as a straight-line interpolation 

between the calculated diffusion coefficients at 500 and 625°C (dashed 

line in Fig. 5.16). Considering the uncertainty in the composition 

measurements and in the calculated average diffusion coefficients in 

the ternary system, this linear Interpolation between 500 and 625°C 

is considered as good an estimate as the data warrants. One calcula- <j 

tion was made in which Ueertman's (1968) average diffusion coefficient f! 

was determined as a function of temperature for a composition half-way 

(on an atom fraction basis) between the equilibrium compositions at 500 

and 625°C. This calculation showed that the straight-line interpolation 

in Fig. 5.16 implies that there is a linear variation in equilibrium 
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Fig. 5.17. Comparison of activation energies for creep and diffusion. 
The creep activation energy is about equal to that for lattice diffu
sion at 513 - 613°C and about equal to that for grain boundary diffu
sion at 631°C. 

90. 



composition, of the  y phase with temperature between 500 and 625°C. 

Although the temperature versus equilibrium composition curve on the 

phase diagram is expected to be curved, the curvature is probably very 

slight for the  Y* phase in the U-7.5Nb-2.5Zr alloy because there is a 

large composition change in a relatively small range in temperature. 

The data of Dwight and Mueller (1957) are consistent with this analysis 

in that they reported vertical sections of the U-Nb-Zr ternary phase 

diagram (i.e., temperature versus composition for constant values of 

XI,  , X_ or Xni7X_ ) which showed an essentially linear variation in 

the composition of the  y . phase with temperature. Their data, however, 

were limited to temperatures >600°C. Thus, although the dashed line 

in Fig. 5.16 could be slightly curved, the straight-line interpolation 

is considered a realistic estimate of diffusion coefficients at equil

ibrium concentration between 500 and 625°C. 

Since the activation energy for superplastic deformation is often 

associated with that for grain boundary diffusion [Cf. Davies et al. 

(1970) and Johnson (1970)J, it would be desirable to estimate the act

ivation energy for grain boundary diffusion in the U-7.5Nb-2.52r alloy. 

From the correlation of grain boundary diffusion data for pure metals 

in Chapter II, most metals fit the relation 

D n = 1 exp(-ll T/T) cm2/s 
o m 

2 
where D   1 cm  }s and X = 11 in Eq. (5-5). Even data for  yV, which 

has anomolously low lattice diffusion coefficients, fits Eq. (5-6). 

Using the melting temperatures of the equilibrium y phase compositions 

at 500 and 625°C, Eq. (5-6) gives values of D.. of J.l x 1 0 ~ 1 2 cm 2/s at 

-9 2 
500°C and 1.6 x 10 cm /s at 625"C. For equilibrium  y composition, 
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the average activation energy for grain boundary diffusion between 

500 and 625°C is calculated to be 72 kcal/mole. This value is also 

shown in Fig. 5.17 and compares favorably with the activation energies 

determined from creep data between 625 and 636"C where superplastic flow 

is observed. 

It is apparent that creep of the two-phase structure is not controlled 

by liffusion in the a phase. The observed activation energies are too 

high to relate to diffusion in the  a phase and, as shown in Fig. 5.16, 

for a given temperature the lattice diffusion coefficient in the a phase 

is several orders of magnitude greater than that in the y. phase. Thus, 

creep deformation is not expected to be limited by atom diffusion in the 

a phase. Because of the difference in melting temperatures between the 

a and Y, phases, grain boundary diffusion is also expected to be much 

more rapid in the a phase than the y. phase for a given temperature. 

Homologous temperatures are shown in Fig. 5.18 for the a and y phases 

and for equilibrium concentrations at 500 and 625°C for the Y phase. 

The melting temperature for the  a phase, 1239K, was calculated by 

Ardell (1963) using thermodynamic data. For example, at 625°C the a 

phase is at 0.73T and the y, phase is at 0.54T . From Eq. (5-6) the m i m 
-7 2 -9 2 corresponding D„ values are 3 x 10 en /e and 2 x 10 cm /s for  a and 

a 

Y 1, respectively. 

In Fig. 5.18, homologous temperatures of the y. phase at equilib

rium composition between 500 and 625°C were estimated assuming that the 

melting temperature of the y phase at equilibrium composition varies 

linearly with temperature. This assumption is reasonable because, as 

discussed previously, the composition of the y phase varies approx-

92. 



400 500 600 700 800 900 1000 

TEMPERATURE, °C 

Fig. 5.18. Homologous temperatures for the a,y and  y phases in the 
U-7.5Nb-2.5Zr alloy as a function of temperature. The homologous 
temp&rature of the 7 1 phase decreases rapidly with decreasing temp
erature because the composition (and, therefore, the melting temper
ature) changes with temperature. 

93. 

http://U-7.5Nb-2.5Zr


imately linearly with temperature and because the melting temperature 

variation witii composition is also essentially linear (Badayera and 

Kuanetson (1971)]. It should be pointed out that, assuming Eq. (5-6), 

a constant apparent activation energy for grain boundary diffusion for 

equilibrium composition between 500 and 625°C implies that T varies 
in 

linearly with T. 

Superplastic Creep Theories 

Creep data for different materials can best be compared using a 

diffusion-compensated strain rate and a modulus-compensated stress 

[Cf. Sherby and Burke (1968)]. In this case creep deformation over a 

range of temperature, stress and strain rate for materials deforming 

with the same creep mechanism operative can be described by a single 

equation. Other parameters such as grain size [Cf. Garofalo (1965)], 

subgrain size [Cf. Robinson (1972)] and stacking fault energy [Cf. 

Barrett and Sherby (1965)] may also be important, but all data to date 

for superplastic deformation suggest that only grain size is important 

as an additional parameter. Subgraln size is not important because sub-

grains are not observed in very iitve-grain specimens deformed super-

plastically at a low stress. Sberby and Young (1972) relate subgraiu 

size X to a/E by the equation 

\ = 4 b (ff/E)-1 

where b is Burgers vector. If superplastic deformation is observed at 
-3 

a maximum a/E value of 10 [Bird et al, (1969) and Vaidya et al. (1972)], 

then the finest subgrain size expected is about 1.2 urn. This value is 

about the same as the finest grain size for superplastic structures; 

thus, the implication is that subgrains will not form during superplastic 
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deformation. 

The stacking fault energy parameter primarily affects the rate of 

dislocation climb. This parameter probably has little significance in 

superplastic deformation because there is little evideace for dislocation 

motion during deformation. Small inert precipitate particles introduced 

in superplastic structures did not alter the creep behavior [Nicholson 

(1972) and Gecklnli (1973)]. If dislocation motion were active in 

superplastic deformation, the precipitate dispersion should affect the 

creep deformation. 

The most complete correlation of superplastic creep data to date is 

expressed by the phenomenological equation: 

fc¥b  •
A &  <i>

2

  <
5


7

> 
13 

[Bird et al. (1969) and Vaidya et al. (1972)]. The lefthand term in 

Eq. (5-7) is essentially a diffusion-compensated strain rate with other 

factors added to obtain a dimensionless quantity. In Eq. (5-7), Y is 

the shear strain rate (y = 2e), T is the shear stress (T = o~ /  S),  G 

—8 is the shear modulus (G = 0.4 E), b is Burgers vector (taken as 3 x 10 

cm), d is the grain diameter, D R is the grain boundary diffusion coeffi

cient, k is Boltzmann's constant, T is absolute temperature and A is a 

constant. The characteristic parameters of superplastic creep are a 

stress exponent of about 2, a grain size .power dependence of about -2 

and a value of about 200 for A. 

The change in stress exponent from ti = 2 at 625 - 636°C to E = 5 

at 500 - 525°C suggests that the deformation mechanism changes from a 

superplastic mechanism to a dislocation climb-controlled mechanism as 

the stress increases or the temperature decreases. The change in creep 
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activation energy from about that for grain boundary diffusion at 

=631°C to about that for lattice diffusion at lower temperatures is 

consistent with this interpretation.. 

The creep data in Table 5.1 were analyzed in terms ot two mech

anisms operating independently so that the strain, rates at a given stress 

for the two mechanisms are additive. The superplastic mechanism was 

described by Eq. (5-7) and the dislocation climb controlled mechanism 

was described by: 

where B is a constant and the proper diffusion coefficient is that for 

lattice diffusion. The creep rate for the Sum of both mechanises is 

then given as: 

1 J S X . A. „ B (I) + B D L < I ) (5-9) 

where 

The constants A' and B in Eq. (5-9) were evaluated by a method in which 

the least squares error E pas minimized: 
• 2 5 2 

E -^ {log $££) - log [A1 Dfl (|) + B D t (|) ]} (5-10) 

where i is an index for each data point In Table 5.1. Creep parameters 

used to evaluate E<j. (5-10) are summarized in Table 5.4. Successive 

iterations of Eq. (5-10) were performed with various values of A' and 

B, and it was found that the function E converged to a minimum at the 

following constant values: 

A" * 1.31 x 10~ 5 

B = l.W x 1 0 1 1 
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Table 5.4 

SUMMARY OF CREEP PARAMETERS 

T, °C T , K T/T D n l cm
2/s D T, era /s E, 10 6 psl 

m TB p Li 

500 1863 0.415 3.1E-12* 1.53E-21 15.5 

525 1822 0.438 1.2E-U 2.1E-20 15.0 

550 1780 0.462 4.6E-11 2.6E-19 14.4 

575 1739 0.488 1.62E-10 2.8E-18 13.8 

600 1697 0.514 5.1E-10 2.5E-17 13.1 

625 1656 0.542 1.55E-9 1.96E-16 12.15 

636 1616 0.563 3.2E-9 9.0E-16 11.9 

-12 
* 3.1E-12 is a compact notation for 3.1 x 10 

Thus, the constant A in the superplastic creep expression, Eq. (5-7), 

has the value 485. 

With the constants A' and B determined, Eqe. (5-7) and (5-B) are 

plotted in Fig. 5.19 and compared to the creep data. Since the ordinate 

scale in Fig. 5.19 uses the grain boundary diffusion coefficient, Eq. 

(5-8) was plotted in the form: 

D 5 
? V T =. (B % ft 
D B G b

 l° D B

J V 

Because DT/D varies with temperature, Eq. (5-8) is described by a 
il D 

different line at each temperature in Fig. 5.19. 

For comparison, data of Vaidya et al. (1972) for 2n-22Al and data 

of Avery and Backofen (1965) for Sn-38Pb [analyzed by Bird et al. (1969)] 

are shown as dashed lines in Fig. 5.19. To be consistent, grain size 

was taken as the average grain diameter d, related to the mean linear 

intercept L by d = 1.7 L (Gifkins (1970)]. Data for Zn-22A1 (d = 1.2 

Um) and Sn-38Pb (d * 4.2 um) alloys were chosen for the grain diameter 
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Fig. 5.19. Creep data for the fine-grain equiaxed a + y structure 
are plotted in terms of diffusion-compensated strain rate and modulus-
compensated stress. The solid lines represent the best-fit of the 
data for the case where superplastic and dislocation climb-controlled 
mechanisms operate independently. The creep data for Zn-22A1 and 
Sn-38Pb have been adjusted slightly to a grain diameter of 1.7 w for 
comparison with the U-7.5Nb-2.57.r alloy. 
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nearest the 1.7 pm value used in the U-7.5Nb-2.5Zr alloy and the creep 

rates for the Zn-22A1 and Sn-38Pb alloys were adjusted slightly (assu-

-2 
ming a d grain size dependence) to that expected for a 1.7 urn grain 

diameter. 

The U-7.5Bb-2.5Zr data in the n = 2 region in Fig. 5.19 (especially 

data at 625 and 636°C) are in general agreement with the data for Zn-22Al 

and Sn-38Pb. The constant A = 485 in Eq. (5-7) is reasonable close to 

values of A calculated for other super?iastic systems: A = 115 for a 

Sn-38Pb alloy [Avery and Backofen (1965)]; A «= 53 for a Zn-21*1 alloy 

[Ball and Hutchinson (1969] and A = 302 for a Zn-22A1 alloy [Vaidya 

et al. (1972)]. Values of A were calculated for the data of Avery and 

Backofen (1965) and Ball and Hutchison (1969) by Bird et al. (1969). 

Since a stress exponent of -2 is directly apparent in the superplaetic 

region for the U-7.5Nb-2.5Zr alloy, agreement of the constant A in Eq. 

(5-7) with data for other superplastic materials is indirect evidence 

that the grain size dependence is probably -2 power. 

In Fig. 5.19, a transition from the n • 2 region to the n = 5 region 

-3 -3 
occurs at a T/G value of 10 to 2 x 10 . Very little data for other 

materials are available for stresses high enough to show a transition 

from n « 2 to n = 5 behavior for a structure with a 1.7 ym grain 

diameter. The data of Vaidy« et al. (1972) for Zn-22A1 suggest that 

-3 -3 
the transition occurs at x/G values of 10 to 2 x 10 for tempera
tures 0.5T to 0.6T , which is consistent with our data, 

m m 

In terms of the combined superplastic and dislocation climb-con

trolled creep mechanisms, the creep data for U-7.5Nb-2.5Zr are in .general 

agreement with the n * 2 equation [Eq. (5-7)] at 625 - 636*C and in 
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general agreement with the n = 5 equation [Eq. (5-8)] at 500 - 525"C. 

Creep data, at 550 - 600°C fall in the transition region centered at 

llQ = 10 . Appreciable deviation of the data from the best-fit creep 

equation, Eq. (5-9), indicates that the two creep mechanisms are perhaps 

not completely independent. Eq. (5-9) predicts a much sharper trans

ition from n = 2 to n = 5 behavior than the data show. 

Another region of creep was reported by Vaidya et al. (1972) at 

T/G< 2 x 10 where n = 1 behavior was observed. In this region the 

authors found general agreement with the Coble (1963) creep mechanism. 

In our investigation with the U-7.5Nb-2.SZr alloy, stress levels were 

too high to observe n a 1 behavior. 

There is a large amount of evidence in the literature that the 

dominant mechanism of superplasiic deformation is grain boundary sliding 

and that at higher stresses a transition to a dislocation slip and climb 

mechanism occurs. Grain boundary sliding, so called Rachinger sliding 

[Cannon (1972) and Cannon and Nix (1973)] where grains remain equiaxed 

and change neighbors during deformation, has been observed directly 

during superplaetic flow in the scanning electron microscope by Dingley 

(1970) and Geckinli (1973). No dislocation cell structure or disloca

tion pile-ups are observed after svtperplastic deformation [Hayden et al. 

(1967), Alden (1968), Lee (1969), Ball and Hutchison (1969) and Lee and 

Underwood (1970)J. In addition, few dislocations are observed, even 

when the specimen has been quenched under load [Lee (1969)]. This 

evidence, plus the fact that fine precipitate particles introduced 

within grains do not change the superplastic creep behavior, indicates 

that dislocation slip does not play an important role in superplastic 

deformation. Nicholson (1972) noted that the distribution of inert 
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markers was not disturbed after superplastic flow, except near grain 

boundaries. 

Grain boundary sliding requires accommodation at grain corners to 

prevent void formation during deformation. The accommodation mechanism 

is likely to be the rate-controlling step in determining the specimen 

strain rate. Two possible accommodation mechanises are dislocation slip 

and diffusional flow. Grain deformation and recovery models where dis

location pile-ups are expected, such as that of Ball and Hutchison (1969), 

are not consistent with experimental observations of the absence of 

dislocation activity. However, as discussed by Lee (1969), pile-ups 

at grain boundaries could be largely eliminated because of the disloca

tion attraction and efficient sink characteristics of a sliding boundary. 

Dislocation are probably attracted to a sliding boundary as they are to 

a free surface. Slip generated due to stress concentrations at triple 

points during grain boundary sliding is possible, but, as pointed out 

by Gifkins (1967), boundary migration should rapidly blunt the sharp 

corner and the stress concentration would be greatly reduced. Microstruc-

tural observations do not show sharp triple points in superplastlc grains; 

grain boundaries are curved with rounded corners. In addition, the 

dispersion particles introduced by Nicholson (1972) and Geckinli (1973) 

suggest that slip accommodation, if operative, Bhould be affected, but 

no difference in creep behavior was observed. Also, slip lines are not 

observed during superplastic flow [Ball and Hutchison (1969), Dingley 

(1970) and Geckinli (1973)]. 

One possible sliding mechanism involving crystallographic slip is 

that due to combined slip and climb of grain boundary dislocations 
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[Ishida and Brown (1967), Ashby (1969), Alden (1969), Langdon (1970) 

and McLean (1971)]. These dislocations could be generated within grain 

boundaries or, perhaps more likely, enter the boundary region by slip 

[Lin and McLean (1968)]. This mechanism does not require dislocation 

pile-ups. Alden (1969) and Langdon (1970) have developed models of the 

form 

J « D ° 2 

for climb-glide of a distribution of dislocations along the boundary. 

Alden and Langdon associated the diffusion coefficient D with grain 

boundary diffusion and lattice diffusion, respectively. This equation 

is quite close to the phenomenologlcal equation for superplastic flow, 

Eq. (5-7). 

Accommodation due to grain boundary migration by a diffusional flow 

mechanism and grain rotation is consistent with the experimental observa

tions of the absence of dislocation activity within grains and the curved, 

bulbous grain boundary morphology. Several theories of grain boundary 

shear [Alden (1969) and Raj and Ashby (1971)] suggest that the mech

anism is controlled by the rate of diffusion around bumps or rumples 

in the boundary. For a three-dimensional polycrystal, as pointed out 

oy Gifkins (1967) and Geckinli (1973), diffusion across grain corners 

is expected to be the limiting step in the rate of grain boundary 

sliding accommodated by diffusional flow, the models of Gifkins and 

Geckinli, however, predict a one-power stress exponent in contrast to 

n = 2 observed for sunerplastic flow. Nicholson's (1972) marker ex

periments, where evidence for undeformed grain "coras" and denuded zones 

at randomly oriented boundaries is reported, support the grain boundary 
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sliding accommodated by diffusional flow model. 

Evidence for a stress exponent of 2 has been reported by Ahlquisc 

and Menezes (1971) for sliding in bicrystals and Matlock (1972) estim

ated the stress exponent for grain boundary sliding n , as n -1 where 

n is the stress exponent for creep. These results are not directly 

applicable to fine-grain superplastic structures deforming by Rachinger 

sliding; however, it is conceivable that local stress concentrations 

during grain boundary sliding in superplastic materials could lead to 

the observed stress exponent (n = 2). 

Experimental evidence that a transition from a grain boundary 

sliding mechanism (stress exponent n = 2) to a slip-recovery mechanism 

(n = 5) occurs at high stresses is based on microstructural and texture 

observations. This transition was correlated with dislocation cell 

formation and increased dislocation density by Ball and Hutchison (1969), 

Lee (1969), Alden (1968) and Lee and Underwood (1970). A decrease in 

grain boundary sliding and rotation and elongation of grains was also 

observed [Alden (1967), Holt (1968), Lee (1969, 1970) and Ball and 

Hutchison (1969)]. la addition, sharp boundary contours are observed, 

Fig. 5.8, in contrast to smooth curved boundaries, Fig. 5.7. 

The results of Cliaudhari (1967), Packer et al. (1968), Johnson 

et al. (1968), Naziri and Pearce (1970), Lee (1971), Dunlop and Taplin 

(1971) and Cutler and Edington (1971) agree with the results of the 

present investigation where initially textured material becomes less 

textured (or originally random grain orientations do not become textured) 

during superplastic flow. Grain rotation and minimal slip deformation 

in the superplastic region most likely led to this observation. Lee 
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(1971), Dunlop and Taplln (1971) and Nuttall (1972) also noted that 

preferred orientation developed after deforming at high stresses in the 

non-superplastic region. Packer et al. (1968) and Johnson et al. (1968), 

however, observed a specimen shape change from circular to elliptical 

cross sections during superplastic flov of Zn-22A1 and Zn-5A1 alloys 

prepared by hot working (initially textured material). In agreement with 

Lee (1971), structures with randomly oriented grains prepared by quenching 

to 0"C showed no shape change during superplastic flow. This evidence 

would suggest that dislocation slip does play a role in superplastic 

deformation. Another possibility Is that grain boundary sliding is 

highly anisotropic! in the Zn-Al system. Anisotropic sliding rates were 

observed in Zn bicrystals by Horton and Beevers (1968). Grain boundary 

sliding anisotropy has also been reported recently by Raj and Ashby (1972) 

and predicted by McLean (1971) using a sliding model whereby dislocations 

travel along grain boundaries. 

Conclusions 

The U-7.5Nb-2.5Zr alloy, prepared as an equiaxed two-phase structure 

with stable grain diameter of 1.7 vim, was superplastic only at temper

atures immediately below the ntonotectoid temperature fc637°C or 0.56T ). 
m 

Specimen elongations to about 550 pet were achieved at 635°C and strain 

rates of about 1 x 10~ /s. Superplastic creep (625 - 636°C) was described 

by the phenomenological equation, 

T » = 485 ft* A 2 

for which general agreement with data of other superplastic materials is 

reported. 
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At high stresses where T/G > 10" there was a transition from super-

plastic creep to dislocation climb-controlled crfiep where the stress 

exponent is 5. Creep data at 550 - 600°C were in this transition range 

centered at T/G = 10 , while data at 500 - 525 aC exhibited only five-

power creep. 

Because the composition of the  y phase changed significantly in the 

range 500 - 636°C and because the diffusion coefficient is sensitive to 

the Nb and Zr content, the diffusion coefficient in the 7 phase was 

strongly temperature-sensitive. An apparent activation energy for lattice 

diffusion at equilibrium  y . composition was calculated to be 130 kcal/mole 

between 625 and 500°C. This value compares favorably with an average 

value of 123 kcal/mole calculated from creep data at 513 - 613°C. There

fore, in the dislocation climb region and the transition region, creep 

is believed to be controlled by lattice diffusion. The creep activation 

energy at 631°C was about 60 kcal/mole, Which was related to grain bound

ary diffusion and is consistent with superplastic creep behavior. 

Grain boundary sliding with accommodation at grain corners is the 

mechanism most consistent with experimental observations for superp?.astic 

flow. An observed decrease in fiber texture during superplastic flow is 

most likely due to grain rotation and the relatively minor contribution 

of dislocation slip compared to the slip-recovery or dislocation climb-

controlled creep mechanism. The accommodation mechanism is probably 

largely diffusion-controlled grain boundary migration, although no 

theory has been developed for this mechanism which agrees with observed 

creep behavior. 
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CHAPTER VI 

DEFORMATION IN THE SINGLE-PHASE REGION 

FROM 670 TO 1000'C 

Samples annealed to achieve a 40  pm grain size in the y phase were 

deformed in compression within the temperature range 670 - 1000 6C, Creep 

properties were analyzed at two strains: e = 0.01 and E = 0.20. The creep 

results are correlated with microstructures and discussed in terms of the 

viscous glide creep mechanism, grain boundary sliding and recrystallization 

during creep. 

Results 

Compression Tests 

Prior to testing, each specimen was annealed at 1000°C for 1 h, pro

ducing an equiaxed grain structure with a 40 l̂ i mean linear intercept 

between boundaries. Stress-strain curves shewed a decrease in flow stress 

with strain, except at flow stresses below approximately 1600 psi. The 

results for samples deformed at e = 10"^/s are shown in Fig. 6.1. Strain 

softening Is evident at 670 and 800°C whereas at 900°C the flow stress is 

constant with strain and at 1000"C hardening is observed. At higher 

strain rates (e >_ 10"  Is) specimens at all temperatures showed strain 

softening, but the softening rate was never greater than a 20 pet reduc

tion in flow stress in a strain interval AE = 0.10. The softening rate 

decreased with increasing strain rate. The maximum strain softening 

effect was at 670°C and e  = 10" /s, where the flow stress decreased by 

a factor of one-half in the first 20 pet strain. 

To obtain more Information on the nature of the large strain soft-

tening observed at 670°C and e = 10" 5/s, a test was performed in which 
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Fig. 6.1. Stress-strain curves obtained in compression for the 
U-7.5Nb-2,5Zr alloy previously annealed at 1000°C for 1 h to obtain 
a 40 urn grain size. 

107. 



a sample was strained about 20 pet, unloaded and reannealed at 1000°C 

for 1 h and retested. It was found, Pig. 6.2, that the initial maximum 

stress after reannealing was about the same as that observed in the first 

strain interval and that strain softening occurred again. The flow Btress 

did not decrease as much in the second strain interval as the first. This 

difference could be related to the presence of a triaxial stress state in 

the compression specimen at large strains (e>0.5) which would increase 

the flow stress. A macrophotograph of a longitudinal section of a com

pression cylinder deformed to e = 0.66 at 670°C, Fig. 6.3, shows an 

inhomogeneous structure with what appears as thick and dark grain bound

aries evident in most of the section except in the "dead" zones near the 

top and bottom of the specimen. Structural changes during deformation 

(discussed in the next section) probably accentuate the triaxial stress 

state. After deformation shown In Fig. 6.2, the specimen showed a 

variable grain size ranging from 50  \m at the center to 79 lim at the 

corners of a longitudinal section. 

Because non-steady state defonration behavior was observed, creep 

properties were measured at constant strain for the two values: e = 0.01 

and e - 0.20. These tests consisted of rapid changes in crosshead speed 

at essentially constant strain, starting at £ = 10 /s anc. increasing 

strain rate by a factor of about 10 each time. Ttv? maximum stress at 

each strain rate was recorded and the crosshead speed was changed before 

strain softening occurred. For the data at E = 0.20, the initial 20 pet 

strain was introduced at the lowest rate (c  = 10 /s). 

Because of difficulties in exactly compensating for machine deflec

tion, strain measurements using the Instron machine without an extensometer 
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t'ig. 6.3. Macrophotograph of sectioned compression specimen (the 
compression axis is vertical) deformed to e = 0.66 at 670°C. 
Inhoiiiogeneous structure is apparent with most of the observed 
structural changes which occurred during deformation contained in 
the dark region. The "dead zones" are the light regions at the 
top and bottom of the section. 
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were only accurate to ± 0.01. For creep data obtained during initial 

straining, the maximum strain at each crosshead speed was determined to 

be less than e = 0.013. This value was obtained by measuring the length 

of a specimen deformed at 670°C and £ = 10"5/s to a strain slightly 

greater than that at which softening could be detected. Therefore, it 

is estimated that the plastic strain was about e = 0."T for the creep 

data obtained under initial loading. Since no strain softening occurred 

during deformation at each crosshead speed, the data at E = 0.01 are 

coasidered to represent a constant structure condition. 

All creep data at e = 0.01 and e = 0.20 were determined by the rapid 

change in crosshead speed technique except data for £ = 0.20 at 300, 900 

and 1000°C. For these tests the strain softening rate was not great; 

typically, in a strain interval Ae = 0.07 the flow stress softened about 

5 pet. A correction for softening in previous strain intervals was made 

for these data using a forward extrapolation technique. Ihe criterion 

used was that at each instantaneous crosshead speed change, the ratio 

of flow stresses at the two strain rates at constant strain should equal 

the ratio of corrected flow stresses for the same strain ratea. This 

method assumes that the stress exponent for creep is constant during 

strain softening and that the strain softening rate is independent of 

strain rate. The first assumption is satisfied, as shown later in this 

chapter, and the second is approximately true for the data used where 

softening ratea were not great. Let o and Ad be the initial maximum 

i i 

stress and decrease in stress, respectively, in strain interval i at 

strain rate £,. Then, according to the criterion, the stress corrected 

for strain softening, O , can be calculated using: 
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* 
a a 
i+1 i+1 

"  o*    la 
i i ^ 

If a is the relative softening in strain interval i relative to the 

final (minimum) stress, 

a, = 
6a 

1 
1  a*to 

i 1 

then 

a = a (l + a ) -| 
i+I i+1 i a* 

i 
which is a recursion formula in which the flow stress a . is compensated 

for softening in the previous strain Interval. If i • 1 is the first 

20 pet strain at e = 10"  Is, i • 2 is the next strain interval at 

• -4, 
e = 1 0 /s, etc., then the formulae used are: 
2 

of = a* (1 + a.) (1 + a,) 
4 4 2 J 

a = a <1 + a ) (1 + aj . . . (1 + a ) 
i+1 i 2 3 i 

where, as intended, no correction is made for softening during the first 

20 pet strain (a K 0). 

The strain rate-flow stress data determined at £ = 0.01 and e = 0.20 

are listed in Tables 6.1 and 6.2 and plotted in Figs. 6.4 and 6.5. At 

stresses less than about 10,000 psi, the data at each temperature exhibit 

a stress exponent very near to n = 3. To calculate activation energies 

for creep, Q, the following equation was assumed: 
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TABLE 6.1 

CREEP DATA AT e = 0.01 

T, °C a, psi £. 1/6 

670 5360 2.9E-6* 

9500 7.5E-6 
8900 7.6E-6 
8400 7.5E-6 
8300 7.6E-6 
9790 1.9E-5 

12600 1.9E-5 
15500 1.8E-4 
26200 1.9E-3 

700 6600 7.4E-6 
12400 7.6E-5 
19800 7.6E-4 
27900 7.8E-3 

800 2940 8.4E-6 
5860 8.0E-5 
12800 8.7E-4 
20500 8.7E-3 

900 2200 9.4E-6 
4310 9.5E-5 
7030 9.6E-4 
13500 1.0E-2 

OOO 850 1.0E-5 
2040 1.0E-4 
4420 1.0E-3 
8640 1.0E-2 

* 2.9E-6 is a compact notation for 2.9 x 10~ 6 
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TABLE 6,2 

CREEP DATA AT e = 0.20 

T, "C a, psi e, 1/s 

670 

800 

900 

1000 

* 9.8E-6 

4110 9.8E-6* 
6100 2.5E-5 

14100 2.5E-4 
20100 9.4E-4 
23900 2.5E-3 
27300 4.8E-3 
31900 2.7E-2 
34900 2.8E-2 

2120 8.9E-6 
5310 9.3E-5 
12100 9.9E-4 
22200 1.1E-2 
28800 6.3E-2 

1610 9.1E-6 
3510 9.3E-5 
8300 9.7E-4 
15900 1.0E-2 
23000 5.4E-2 

1070 3.6E-6 
1790 2.3E-5 
3820 2.5E-4 
8310 3.0E-3 
16700 3.2E-2 

notation for 9.8 x 1 0 - 6 
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e = k exp(-Q/RT) (a/E) n 

The data at each temperature were fitted with lines at constant slope 

n = 3 (as shown in Figs. 6.4 and 6.5) and the creep activation energy 

was calculated at constant stress from the slope of a log h vs. 1/T 

plot, Fig, 6.6. Because of lack of data, no correction for the varia

tion of elastic modulus with temperature was made. There are some data 

at 700, 800 and 900°C from Bugrov et al. (1968, 1972), plotted in 

Fig. 5.6 (Chapter V), but the data are not consistent with the recent 

work of Armstrong et al. (1973b). Armstrong et al. found the elastic 

modulus for y-U to be 3.3 x 10 psl, independent of temperature in the 

range 770 - 930°C. The data of Bugrov et al. (1972) show the modulus 

for U-6.80Nb-3.332r decreasing from 9.4 x 10 6 psi at 70G°C to 2.0 x 10 6 

psi at 900°C, which would not be expected if the alloying additions had 

a relatively minor effect. Also, their value at 900°C appears too .low 

compared to data for y~V. A rough estimate of the modulus for U-7.5Nb-

2.5Zr can be obtained by assuming a linear modulus variation with com

position (at. fraction) in the ternary diagram. Using data at 700 -

1000°C for y-U [Armstrong et al. (1973b)], Nb [Armstrong and Brown (1965)] 

and /3-Zr [Armstrong and Brown (1964)], the elastic modulus for U-7.5Nb-

2.5Zr is calculated as 6.2 x 10° psi, independent of temperature ( in 

this temperature range the modulus of Nb and Zr increase and decrease, 

respectively, with increasing temperature). For data correlations pre

sented later in this chapter, the elastic modulus for U-7.5Nb-2.5Zr was 

assumed to be 6 x 10 psi in the 670 - 1000°C temperature range. 

From Fig. 6,6, the activation energy for creep at e = 0.01 is 

51 kcal/mole. This value can be compared with activation energies for 
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lattice diffusion calculated from Weertman's (1968) average diffusion 

coefficient, Fig. 5.17 (Chapter V), which range from 59.7 kcal/mole at 

;685°C to 54.9 kcal/role at ~950°C. It appears that the creep activation 

energy is associated with lattice diffusion for deformation at c = 0.01. 

As discussed later in this Chapter, an activation energy was not calculated 

for the data at e = 0.20 because microstructure changed significantly with 

temperature. 

Hicrostructure 

Compression samples deformed in the y phase region were unloaded 

and water-quenched within 60 s of unloading. During the unloaded period 

before quenching, the specimen remained close to test temperature inside 

the heavy metal compression cage. Quenching was rapid enough to preserve 

the y phase (no transformation to a + y was observed). 

Structural changes occurring during the rapid strain softening at 

670°C &nd £ = 10 /s (Fig. 6.1) are shown in the optical micrographs in 

Figs. 6.7 ami 6.8. In Fig. 6.7, after 1.3 pet plastic strain the orig

inally straight grain boundaries of the annealed material are wavy from 

grain boundary migration, "Ghost" boundaries indicating the original 

boundary position can be seen in Fig. 6.7. After a strain £ = 0.49 sub

structure is well-developed within the grains, Fig. 6.8 (bottom photo). 

In the top photograph in Fig. 6.8 subgrain boundariee are not revealed 

as clearly by the etch as in the bottom photograph. In addition, many 

new small grains about 6 pm in size are present in the region of the 

original grain boundaries (Fig. 6.8, top photo). These small grains 

appear rather blurred (Fig. 6.8, top photo). The probable reason is chat 

extensive grain boundary migration has occurred in these regions. 
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Fig. 6.8. After deformation to e = 0.49 at 670°C and e = 9 x 10" 6/s, 
many new small grains about 6 Urn in size are present in the region of 
the original grain boundaries (especially evident In the top photo) 
and substructure is well-developed (bottom photo). 
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The bottom micrograph in Fig. 6.8 appears to contain about three 

original large grains (40 ]im grain size) with a triple point near the 

center of the photograph. A network of subgrain boundaries is well-

developed within the large grains. At the original grain boundaries, 

small grains fc6 urn grain size) appear to be forming. Subgrain bound

aries are not observed in these new grains and recrystallization during 

creep is thought to be the mechanism by which they were formed. 

-5 

One specimen deformed at 670°C and e = 10 /s to e = 0.5 was main

tained under the final load of testing during the time that the furnace 

and atmosphere cover tube were removed and during the water quench. No 

difference in microstructure from that in Fig. 6.8 was detected. Thus 

the microstruecures in Fig. 6.8 are probably representative of the de

forming structure. 

The formation of recrystixlized grains was also apparent at other 

temperatures and strain rates. Fig. 6.9 shows microstructures at 670, 

800 and 1000°C after deformation at £ = 3 x 10 /s. Under these con

ditions, the recrystalllzed grain size ranged from about 1 urn at 670°C 

to about the original grain size (40 Urn) at 1000°C. Considering the 

structures after deformation at 670°C at E = 10 /s (Fig. 6.8) and 
" - -2 

E - 3 x 10 la (Fig. 6.9), the recrystallized grain size decreases with 

increasing stress. The micrastructures at 80rJ°C and 1000°C are con

sistent with this observation, although temperature may also affect the 

recrystallization mechanism. The grains without substructure at 1000°C, 

Fig. 6.9, could have formed by recovery after unloading and before 

quenching. However, a recrystallization mechanism is preferred because 

recovery would not be expected to occur completely in one grain and very 
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Fig. 6.9. Microstructures of specimens deformed at different 
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little in an adjacent grain. Recrystallization could have occurred 

during the time at temperature after unloading and before quenching. 

Micrographs such as the top photograph in Fig. 6.9 could be inter

preted as evidence for precipitation of a second phase at grain bound

aries. However, an electron microprobe scan across several polished 

(but unetched) sections of samples (such as the top photograph In Fig, 

6.9) did not show any compositional variations. Thus we interpret this 

fine structure as a fine-grain region of the microstrueture. 

The dislocation substructure proved very difficult to reveal, 

Cathodic etching (Duran and Fisher (1971)] as well as various electro

lytic solutions were tried, but the best results were obtained using the 

standard 2 pet oxalic acid electrolyte with an open circuit potential of 

about 1 volt. Attempts to thin foils for transmission electron microscopy 

did not prove successful. 

Discussion 

Viscous Glide Creep 

The creep data obtained at £ - 0.01 show that at stresses less than 

about 10,000 psi the stress exponent is 3 and the activation energy for 

creep is about equal to that for lattice diffusion. This evidence suggests 

that the solid solution alloy is deforming by a viscous glide mechanism. 

Ueertman (1960) has shown that alloy additions to several pure metals 

can lower the stress exponent from about 5 for the pure metal to about 

3 for the solid solution alloy. Heertraan interpreted the three-power 

behavior using a microcreep mechanism (Wcertcian (1937)) where dislocation 

glide is controlled by a Cottrell-Jaswon mechanise. Whereas Wcertman's 

(1960) creep expression for this viscous glide mechanism indicated d 
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strain rate dependence on solute concentration and the fractional 

difference in size between solute and solvent atoms, Bird et al. (1969) 

presented a derivation independent of concentration and atom size dif

ference for the case where all dislocations within a crystal drag Cottrell 

atmospheres. Their equation Is: 

T " I - A (i) 3 (6-1) 

D L G b 

2 
In Eq. (6-1) the constant A represents 2/ct where a Is the constant in 

the expression 

T » aC b /(i (6-2) 

used in Che derivation of Eq. (6-1). In Eq. (6-2), p is the dislocation 

density within a grain or subgrain. Eq. (6-2) has been experimentally 

verified for several metals, with a • 0.6 [Bird et al. (1969)}; there

fore, A = 6. 

Sherby and! Burke (1968) proposed that solid solution alloys de

forming by a viscous glide Bechanisn (n • 3) be called Class I alloys 

and those deforcing by a dislocation climb-controlled mechanist) (n • 5) 

be called Class II alloys. Cannon and Sherby (1970) suggested that 

Class I and Class II alloys could be separated on a diagram based on 

volume size factor ft [King (1966)J and elastic modulus E at temp-
sf 

eratures of creep deformation. Volume size factor is a measure of the 

difference in atom size for solute and solvent atoms and data for many 

binary systems are available In King's (1966) paper. In Pig. 6.10 the 

U-Nb binary system is plotted on the diagram from Cannon and Sherby (1970). 

No volume size factor data is available for the U-Zr binary system, so 

we assume that data for U-Nb approximate that for the U-7.SNb-2.SZr 
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Fig. 6.10. The U-Nb alloy is predicted to be a Class I solid 
solution on the diagram by Cannon and Sherby (1970). The volume 
size factor is from King (1966) and the modulus range is from 
Bugrov et al. (1972). 
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alloy. The modulus range In Fig. 6.10 was taken from Bugrov et al. 

(1972) for the temperature range 700 - 900°C, although as discussed 

earlier in this chapter, the modulus range for 670 - 1000°C is probably 

a smaller range within the range plotted. According to Fig. 6.10, the 

U-7.5Nb-2.5Zr solid solution alloy Is predicted to be a Class I alloy. 

This observation and the observed stress exponent of three strongly 

suggest that the deformation mechanism at e = 0.01 is viscous glide. 

The creep data for £ - 0.01 (Table 6.1) are plotted as y K T/ 

(D, C b) vs. T/G in Fig. 6.11. Creep parameters used to calculate 

points in Fig. 6.11 are summarized in Table 6.3. The stress exponent 

-3 
Is three with power law breakdown occurring at T/G * 2 x 10 . In the 

three-power law region, a best-fit line gives a value of 11 for the 

constant A in Eq. (6-1). This value of A is in excellent agreement with 

the predicted value of 6 in E-q, (6-1). Since the creep properties of 

several Class I alloys have been shown to fit Eq. (6-1) [Bird et al. (1969) 

and Murty et al. (1972)J, the U-7.5Nb-2.5Zr alloy probably deforms by the 

viscous glide mechanism during initial straining (e » 0.01). 

The viscous glide creep equation, Eq, (6-1) with A » 11, is compared 

in Fig. 6.11 with a possible superplastic creep equation for the 40  w 

grain size (68 pra grain diaaeter) structure. The superplastic creep equa

tion, determined in Chapter V, was plotted in Fig. 6.11 In the following 

form: 

i±l    m  <j)2  (X  <t)2  (63) 
o L c b D

L fi 

Because D f l/D L Is temperature dependent, £q. (6-3) is plotted as a dif

ferent line of slope two at each temperature. Only lines for Eq. (6-3) 

at the lowest and highest temperatures are plotted in Fig, 6.11. 
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Fig. 6.11. Creep data obtained a t e » 0.01 are compared with the 
viscous glide creep equation(solid line) determined as a best-fit 
to the data at stresses below power-law breakdown where T/G • 
2 x 10 , A superplastlc creep mechanism is expected to contribute 
negligibly  tr deformation in the stress range of the date. 
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The range of data in Fig. 6.11 clearly is contained within the 

viscous glide creep region, although data for the lowest stress at 

each temperature fall about at the transition point expected between 

superplastic and viscous glide creep mechanisms. Within the range of 

data in Fig. 6.11, the superplastic creep mechanism would be expected 

to contribute negligibly to the total strain rate compared to the 

viscous glide creep mechanism. 

Another possible interpretation of the three power stress expo

nent could be as a transition from superplastic creep (n = 2) to dis

location slip-climb creep (n • 5). However, considering the wide range 

of temperature and stress for which a stress exponent n * 3 in Fig. 6.4, 

this type of analysis does not seem reasonable. 

TABLE 6.3 

SUMMARY OF CREEP PARAMETERS 

Him V cm 2/s 

0.584 6.5E-9 

0.602 1.16E-8 

0.664 6.4E-6 

0.726 2.6E-7 

0.788 8.6E-7 

* 3.0E-1S is a compact notation for 3.0 x 10~ 1 5 

Another possible creep mechanism with a three-power stress depen

dence is that developed by Nabarro (1967) in which strain is produced 

by dislocation climb alone. If this mechanism ia controlling deformation, 

then the creep equation is Eq. (6-1) where the constant A is given by 

T, °C L, cm /s 

670 3.0E-15* 

700 7.9E-15 

800 1.35E-13 

900 1.33E-12 

L000 8.4E-12 
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1 
A = , A G 

I ln( A 

•n  v 

Considering the range in T/G for the data in Fig. 6.4 in the three-

power law region, the Nabarro (1967) creep mechanism predicts the constant 

A to be in the range 0,048 to 0.035. Although the Nabarro (1967) creep 

equation is the same form as that for the viscous glide mechanism, it 

predicts creep rates which are about 200 times slower than observed, 

Weertman (1968) derived a creep equation for Nabarro's model which pre

dicts strain rates about one order of magnitude faster than Nabarro's 

(196V) equation, but this still does not fit the data. 

A final creep mechanism with a three-power stress dependence is 

the Nabarro subgrain model [Weertman (1968)] in which strain is pro

duced by a diffusion creep mechanism within subgraina. The creep 

equation for the Nabarro subgrain model is also given by Eq. (6-1), but 

the constant A is about equal to the A value for the Nabarro (1967) 

climb mechanism [Weertraan (1972) and Murty et al. (1972)]. Therefore, 

the Nabarro subgrain model also predicts strain rates lower than observed 

for the U-7.5Nb-2.5Zr alloy. Clearly, the viscous glide creep model is 

in better agreement than Nabarro's climb a^del or the Nabarro subgrain 

model Tor creep of the U-7.5Nt-2.52r alloy at low strains (e = 0.01), 

The creep data for e = 0.01, Fig, 6,li, show that the strain rate 

is faster than a three-power law creep equation would predict at high 

stresses. Power law breakdown occurs at a stress where T/G = 2 X 10" . 

In terns of strain rate compensated for temperature with the diffusion 

coefficient, c/D, power law breakdown is found to occur at about 

e/D = 10 9. 
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There is a large amount of evidence that deviation at high stresses 

9 
from five-power law behavior for pure metals occurs at e/D = 10 where 

-4 
T/G = 7 x 10 [Sherby ond Burke (1968)!, but to our knowledge the only 

reported data showing power law breakdown at high stresses for materials 

deforming by a viscous glide mechanism are from Weertman (1960). In 

Weertnan's (1960) paper, deviation from a three-power law for In-Pb, 

In-Cd, In-Tl, In-Sn and Pb-Sn alloys occurred at a = 300 psi where the 

In-rich alloys were tested at ^320 K and the Pb-rich alloy at „450 R. 

Estimating the elastic modulus for these alloys at E = 1.5 x 10 psi, the 

data in Weertnian's paper indicate that power law breakdown occurs at 

T/G = 3 X 10~ . Other data in the literature for viscous glide defor

mation at high stresses do not show power law breakdown: Al-5.5Mg tested 

-3 
to T/G = 2 x 10 IHoriuchi et al. (1965)]; N1-54A1 tested to T/G = 2 X 0" 

[Vandervoort et al. (1966)]; Ag Al tested to T/G - 1.3 x 10" 3 [Howard 

et al. (1963)]; Al-3,3Mg tested to T/G = 1 x 10" 3 [Horiuchi et al. (1965);; 
-3 

and Al-3Mg tested to T/G = 1 x 10 [Murty et al. (1972)]. 

Our results and that of Weertman (1960) indicate that power law 

breakdown does occur at high stresses for materials deforming by viscous 

glide; however, our data and other data for Al-Mg, Ni-Al and Ag_Al 

suggest that the stress for power law breakdown is greater for the viscous 

glide creep mechanism than dislocation climb-controlled creep. 

The probable cause of power law breakdown is excess vacancy genera

tion at high stresses leading to enhanced diffusion coefficients [Weertman 

(1957) and Armstrong et al. (1973a)]. Excess vacancies would be expected to 

affect viscous glide creep because dislocation cllrab must still take place, 

even though It is not rate-controlling. Enhanced atom diffusion could 
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also increase the glide race for dislocations dragging Cottrell atmo

sphere . 

Another explanation of power law breakdown in a viscous glide 

creep model is that at high stresses dislocations can be torn from a 

dragging solute atmosphere [Weertman (1968, 1972)]. This analysis 

could account for the varying values of T/G for power law breakdown in 

viscous glide creep, for the power law breakdown stress could then vary 

with the alloy system. 

Deformation Behavior at large Strains 
t 

The log t vs. log a curves obtained at a constant strain e = 0.20 

are shown in Fig. 6.5. At each temperature the test should be repre

sentative of a constant structure condition, with the structure deter

mined by pear steady-state deformation at e 3 10 /s. As shown in Fig. 

6.1, a constant flow stress with strain was observed at 6 = 0.20 for 
* -5 

tests at 800, 900 and 1000°C at £ = 10 Is, indicating steady state 

deformation behavior. The flow stress at 670°C, however, was still 

decreasing at e •= 0.20. 

A comparison of Figs. 6,4 and 6.5 show that (at stress below 

^10,000 psi) the stress exponent is about three in each case. This 

similarity of stress exponents suggests that the viscous glide creep 

mechanism Is probably controlling deformation at constant mlcrostructure 

at e >= 0.20. 

A comparison of Figs. 6.4 and 6.5 also shows that at e = 0.20 the 

material strengthened at 900 and 1000CC and weakened at 670 and 800°C 

compared to data at e = 0.01. These changes are a reflection of the 

behavior occurring during the 20 pet strain interval, Fig. 6.1. The 
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observed strengthening and weakening can be related to microstructural 

changes. 

During deformation at 670°C at e = 10 /s, the micrographs show 

that small grains were formed at grain boundaries. These grains could 

form by a grain boundary migration process [Richardson et al. (1966)], 

subgrain boundary migration and coalesence [Exell and Warrington (1972)] 

or other recrystallization processes. Since the new grains were formed 

at grain boundary locations,sliding at gtaltv boundaries could have in

fluenced the formation of the new grains. The observed wavy grain 

boundaries at e = 0.013, Fig. 6,7, could have formed by the grain 

boundary sliding and migration mechanism suggested by Walter and Cline 

(1968), Fig, 6.12. Once an originally straight grain boundary is per

turbed due to slip in the grains or the formation of a subgrain boundary 

intersecting the grain boundary, sliding causes shear zones to form in 

the adjacent grains because the grain boundary is slightly curved. The 

increased strain energy in the shear zones provides a driving force for 

grain boundary migration. Further sliding with migration leads to a 

rumpled boundary surface. Once bulging of the grain boundary reaches a 

hemispherical shape, continued sliding and migration would produce a new 

grain. The micrographs at 670°C are in general agreement with this model. 

Subgrain boundary structure is most developed near grain boundaries where 

shear zones during sliding would concentrate dislocaticn generation. Also, 

the distance between grain boundary bulges (Fig. 6,7) is approximately 

equal to the size of the nucleated grains (Fig, 6.8). 

-5 
The structure of the specimen deformed at 670°C and c = 10 is to 

e • 0.20 consists of a 40 um grain siae structure wherein the grain 
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Fig. 6.12. The grain boundary sliding and migration process of 
Walter and Cline (1968) causes an originally smooth grain bound
ary to become rumpled. Once a boundary becomes slightly curved, 
shear zones formed during sliding provide a driving force for 
grain boundary migration, leading to a rumpled surface. 
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boundaries are replaced by a thick web of fine-jrain structure. This 

web of fine-grain structure thickens with strain where, at e = 0.49, 

the fine-grain structure constitutes over one-half of the total volume, 

Fig. 6.13. 

A decrease in grain size is probably the cause of strain softening 

at 670°C. No other mechanism could account for the observed softening 

where the flow stress continues to decrease with strain at e » 0.49. 

Material weakening during creep of Class I alloys showing an inverted 

primary only occurs at e<0.05 [Bird et al. (1969) and Horiuchi and 

Otsuka (1972)]. As analyzed by Matlock (1972), a decrease in grain 

size leads to  aa increase in strain rate at constant stress because of 

the increased contribution of grain boundary sliding in the deformation 

process. The compression test at 670°C and e • 10 /s in which annealing 

after strain softening increased the flow stress to its original maximum 

value, Fig, 6.2, is consistent with the grain size increase during 

annealing. 

The heterogeneous grain size distribution at 67Q*C is difficult to 

analyze, but the stress exponent n • 3 at c « 0,20 suggests that a vis

cous glide creep mechanism is controlling the deformation rather than 

Rachip.ger sliding as in a superplastic mechanism (n - 2). The fine-grain 

structure at the grain boundaries of the original homogeneous 40 um grain 

size material is a weak structure compared to the large 30 - 40 Mm 

grains. Specimens weaken with strain because the volume fraction 

of fine-grain structure increases with strain. However, because of the 

presence of the large 30 - 40  \ua grains, deformation of the large grains 

apparently must accompany the Rachinger sliding mechanism expected to 
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Fig. 6.13. A low-iaagnification micrograph after deformation to 
t <= 0.49 at 670*C and e -  9  x 10" 6/a ahowa that the fine-grain 
structure constitutes over one-half of the total volume. 

Fig. 6.14. A region In the "dead zone" at the top or bottom of 
a compression specimen after deformation to E - 0.67 at 1000"C. 
After 20 pet strain at £ * 4 x 10~ 6/s, the strain rate was increased 
in steps to 3 x 10"'/s. This structure with a 54 um grain size and 
almost no evidence of recrystallization is probably representative 
of the structure present after the initial 20 jet strain at e • 
4 x 10" 6/s. 
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occur In the fine-grain regions. Thus, the viscous glide deformation 

mechanism in the large grains would then be rate-controlling because it 

is the slower of the two processes required for deformation. 

Whereas specimens deformed at 670°C and e • 10" /s soften with strain, 

specimens at 1000°C show hardening. According to nicrostruccurol evidence, 

this hardening is probably due to subgrain formation and grain growth. The 

* —2 microstructure at 1000*C after deformation at e - 3 x 10 /a, Fig. 6.9, 

shows some grains containing subgrains and others (which probably formed 

by recrystalllzation) containing no subgrains. In the sane longitudinal 

section, grains in the "dead rones" at the top and bottom of the longit-

tudlnal section (total strain was e • 0.67) were 54  \ius in size and sub-

grains were evident near grain boundaries, Fig. 6.14. Almost no recry-

stallized grains are seen in Fig. 6.14. The 54 um grain size is probably 

representative of che structure present after the initial 20 pet Btrain 

-6 
at C - 4 x 10  Is. The recrystallized grains in Fig. 6.9 are about the 

same size as the original grain size (40  \m) and would not be consistent 

with the observed hardening under initial straining. After the strain 

rate was increased in steps to 3 x 10 /s (where the strain interval was 

Ae =• 0.2), recrystallization probably occurred in the heavily deformed 

regions (  Md not in the "dead zones1' present at large strains) vh«re the 

local flow stress was high. It is not known whether recrystallization 
-2 

occurred during deformation in the strain interval Ae » 0.2 at 3 x 10 /s 

' r after unloading before quenching. 

The raicrostructures indicate tt.ut strain hardening at 1000°C and 

• - -6 
e • 4 x 10 is probably due to an increase in grain size from 40 to 

54 pro and subgrain formation. Hardening due to subgrain formation is 
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simply normal primary creep [Cf. Bird ee al. (1969)]. Class I solid 

solution alloys (n * 3) typically show a small primary or an Invented 

primary during creep at constant stress [Bird et al, (1969)], indicating 

that subgrains may not develop. However, microstruccural evidence that 

subgrains do not form when  a viscous glide creep mechanism is rate-

controlling is found for only two systems: W-25Re [Vandervoort and 

Barmore (1969)]; Al-5.1Mg (at. pet) and Al-6.9Mg (at. pet) [Horiu:hi 

and Otsuka (1972)]. However, in other work on Al-Hg alloys, x-ray 

back reflection photographs indicated that subgrains did form during 

creep of Al-1.62Mg. (at. pet) [Sherby and Dorn (1953)] and Al-2.1Hg 

[Sherby et al. (1956)]. Thus the evidence that subgrains do not form 

in Class I alloys is very weak. 

Micrographs for the U-7.5Nb-2.5Zr alloy show that subgrains do 

form during deformation at all test temperatures (670 - 1000'C). The 

subgrain structure is Initially developed near grain boundaries, probably 

because stress concentrations at sliding boundaries increase dislocation 

generation in these regions. The most developed substructure was formed 

after deformation at 670°C and e - 10 /s to e - 0.49, Fig. 6.8. In 

this sample the final flow stress wes 3800 psi; using the relation 

[Sherby and Young (1972)], 

A = 4 bft" 1 

E 

the subgrain size  X is calculated to be 1.9 urn. For the regions of 

Fig. 6.8 (bottom photo) in which subgrain boundaries are delineated by 

the etch, this calculated value is about equal to the observed subgrain 

size. 

The present investigation suggests that subgrains can develop in 
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alloys deforming by the viscous glide creep mechanisn. This observa

tion indicates that dislocation nobility is great enough Co allow 

formation of a periodic dislocation array with a net decrease in free 

energy [Holt (1970)J. 

Although the creep data in Fig. 6.5 at e - 0.20 was taken at 

constant strain (and, therefore, constant structure), the structure Is 

different at each temperature, the structure at each temperature vaB 

determined after a 20 pet strain Interval at e - 10 /s. The structures 

ranged frcm a heterogeneous grain size distribution involving -6 un 

grains and 30 - 40 urn grains at 670°C to a relatively homogeneous =54  \in 

grain size structure at lOOQ'C. Subgrains were observed at all temperatures, 

except in the recrystallized small grains. Because the structure varies 

with test temperature, it would not be meaningful to calculate an act

ivation energy for the creep data obtained at e - 0.20. 

Conclusions 

When annealed to form a single v phase with a 40 )im grain size, the 

U-7.5Nb-2.5Zr alley deformed by a viscous glide creep mechanism during 

initial straining (e - 0.01) at 670 - 1000°C. The creep equation was 

found to be: 

i LL.«i i  (i)
3 

D L G b V 

The measured creep activation energy was 51 kcal/mole, which is in rea

sonable agreement with the 54.9 to 59.7 fccal/nole range calculated for 

the average lattice diffusion coefficient in the ternary alloy. Power 

-3 law breakdown was found to occur at T/G = 2 x 10 . This stress is 

higher than that for power law breakdown in a dislocation climb-

controlled creep mechanism, but is reasonable in realtion to other 
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viscous glide creep data. 

Structural changes occurred during deformation at 670 - 1000'C. 

At stresses less than about 1600 psi, hardening was observed which 

was related to subgrain formation and grain growth. At stresses 

greater than about 1600 psi, softening occurred. The softening was 

related to the formation of small recrystalllzed grains at grain 

boundaries, the probable mechanism being a grain boundary shear and 

migration process. Subgrains formed during deformation at all 

temperatures, especially near grain boundaries. Constant structure 

tests at e » 0.20 (after an initial 20 pet strain at c * 10~  h) 

showed a three-power stress exponent at all temperatures, indicating 

that the viscous glide creep mechanism was probably operative after 

structural changes occurred. 
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CHAPTER VII 

SUMMARY AND CONCLUSIONS 

The elevated temperature deformation behavior of a monotectoid-

compositlon U-7.5Nb-2,5Zr alloy wan studied in the temperature range 

500 - lOQQ'c as a function of microstructure. The major results and 

conclusions are outlined in the following paragraphs. 

The lamellar  a  +  y , structure (0,1 - 0,5 um interlamellar spacing) 

formed by isothermal transformation was stable for at least 24 h during 

annealing at temperatures just below the monotectold temperature (~637°C 

or 0.56T j. Concurrent deformation during annealing greatly enhanced 

the rate of spheroidlzation, but the spheroldlzation kinetics were slower 

than observed in a eutectold-composition Fe-C alloy at the same homo

logous temperature and strain rate. This difference is probably due to 

a difference in grain boundary diffusion coefficients or a difference in 

the surface energy of the phase boundaries for the two materials. 

Although incomplete spheroidization was observed after strains as large 

as E • 1.9, the results are in qualitative agreement with spheroidization 

mechanisms proposed for steels, The activation energy for spheroidiza

tion was found to be about that estimated for grain boundary diffusion 

in the y phase. A high stress deformation condition led to a finer 

spheroidlte size than a low stress condition, consistent with a model 

for deformation-enhanced spheroidization where subgrain boundaries act 

as high dlffusivity pashs and spheroidite spacing Is related to the 

subgrain size. 

A fine-grain equiaxed a + y. structure can be most efficiently pro

duced by employing a quench-cold work-anneal treatment before hot working. 
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An equlaxed structure with a 0,5 Ura grain size was produced by gaffuaa 

quenching, cold working to e • 0.5, annealing at 550"C for 24 h and 

hot working at 600°C to e • 1.5 (total strain). 

The equiaxed a +  y structure with a stable 1.7 lim grain diataecer 

was superplastic only at temperatures immediately below the monotectoid 

temperature. At 635°C, maximum elongations were about 550 pet. Super-

plastic creep (625 - 636"C) was described by the phenomenological equation, 

i^.485^ 2^ 2 „_„ 
P 

for which general agreement with data of other superplastic materials is 

reported. In Eq. (7-1), y is the shear strain rate, k is Boltzmann's 

constant, T is the absolute temperature, D is the grain boundary 
B 

diffusion coefficient, G is the shear modulus, b is Burgers vector, d 

is the grain diameter and T is the shear stress. 

-3 

At high stresses where T/G > 10 there was a transition from super-

plastic creep to dislocation climb-controlled creep where the stress ex

ponent is 5. Creep data at 550 - 600*C were in this transition range 

-3 

centered at T/G = 10 , while data at 500 - 525°C exhibited only five-

power creep. 

Because the composition of the  y phase changed significantly in the 

range 500 - 625°C and because the diffusion coefficient is sensitive to 

the Nb and Zr content, the diffusion coefficient in the  y phase was 

strongly temperatuie-sensitive. An apparent activation energy for lattice 

diffusion at equilibrium  y composition was calculated to be 130 fccal/aole 

between 500 and 625°C. xhis value compares favorable with an average value 

of 123 kcal/mole calculated from creep data at 513 - 613°C. Therefore, in 

the dislocation climb region and the transition region, creep is believed 

to be controlled by lattice diffusion. The creep activation energy 
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at 631°C was about 60 kcal/mole, which was related to grain boundary 

diffusion and is consistent with superplastic creep behavior. 

Grain boundary sliding with accommodation at grain corners is the 

mechanism most consistent with experimental observations fo;: superplastic 

flow. An observed decrease in fiber texture during superplastic flow is 

most likely due to grain rotation and the relatively minor contribution 

of dislocation slip compared to the slip-recovery or dislocation climb-

controlled creep mechanism. The accommodation mechanism is probably 

largely diffusion-controlled grain boundary migration, although no theory 

has been developed for this mechanism which agrees with observed creep 

behavior. 

When annealed to form a single  y phase with a 40 ym grain size, the 

U~7.5Nb-2.5Zr alloy deformed by a viscous glide creep mechanism during 

initial straining (e = 0.01) at 670 - 1000°C. The creep equation was 

found to be: 

ULL. = n ( l )
3 

D , G b X 1 V 

where D is the lattice diffusion coefficient. The measured creep act

ivation energy was 51 kcal/mole, which is in reasonable agreement with 

the 54,0 to 59.7 kcal/mole range calculated for the average lattice 

diffusion coefficient in the ternary alloy. Power law breakdown was 

foind to occur at x/G = 2 x 10 . This stress is higher than that for 

powtr law breakdown in a dislocation climb-controlled creep mechanism, 

but is reasonable iu relation to other viscous glide creep data. 

Structural changes occurred during deformation at 670 - 1000 C. At 

stresses less than about 1600 psi, hardening was observed which was re

lated to subgrain formation and grain growth. At stresses greater than 
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about 1600 psl, softening occurred. The softening was related to the 

formation of small recrystallized grains -r grain boundaries, the 

probable mechanise being a grain boundary shear and migration process. 

Subgrains formed during deformation at all temperatures, especially 

near grain boundaries. Constant structure tests at e = 0.20 (after an 

Initial 20 pet strain at  t = 10~ /s) showed a three-power stress ex

ponent at all temperatures, indicating that the viscous glide creep 

mechanism was probably operative after structural changes occurred. 

I A comparison of creep data for the fine-grain equiaxed Ct +  y 

I * 

structure at 500 - 6360C with creep data at 670 - 1000°C for the single-

| phase structure with a 40 pm grain size shows the considerable weakening 

effect obtained at high temperature by a grain size refinement. The 

fine-grain structure at 636°C is in fact weaker than the coarse-grain 
- -3 

structure at 1000°C for strain rates 5 10 /s. For the strain rate 

J range 10 to 10"^/s, the fins-grain structure at 550°C has about the 

i same flow stress as the coarse-grain structure at 670*C. At higher 
t 

i strain rates the weakening effect of grain size refinement is slightly 
I less. For example, at a strain rate of 10" /s, the flow stress of the 
j 
j fine-grain structure at 636°C is about the same as the coarse-grain 
J 

I structure at 900°C. 

In terms of hot forming operations, the fine-grain equiaxed  a + y, 

structure allows the forming temperature to be markedly reduced from 

that required for the coares-graln structure at a constant energy input, 

lower forming temperatures could significantly reduce surface oxidation 

for the U-7.5Nb-2.52r alloy. 
In terms of possible engineering applications for the fine-
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grain equiaxed a + Y, structure developed in the U-7.5Nb-2.5Zr alloy 

in this investigation, room temperature stress-strain curves are shown 

in Fig. 7.1 for data obtained by Wood (1972). The yield strength at 

0.2 pet plastic strain is 153,000 psi but rapid strain hardening 

increases the flow stress to 207,000 psi at e = 0.03. Tensile elonga

tion is 10 pet (for a gage length/diameter ratio of four). Compared 

to gamma-quenched and aged treatments producing these strength levels 

[Peterson and Vandervoort (1964) and Jackson and Boland (1971)], the 

fine-grain equiaxed a + Y structure offers improved ductility. One 

sample was deformed to e = 0.59 in compression (Fig. 7.1) with only 

one small surface crack observed. 

Finally, in Fig. 7.2 the flow stress at t = 10"Vs is plotted 

versus temperature from 22 to 1000°C for the fine-grain a + y 

structure and the coarse-grain Y structure. The fine-grain structure 

is strong at room temperature, but weak at high temperature compared 

to the coarse-grain structure. The superplastic range for the fine-

grain structure is also shown in Fig. 7.2. 
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Fig, 7,1. Room temperature true stress-true strain curves for the 
U-7.5Nb-2.5Zr alloy optimally processed to achieve an equiaxed 
a + Yi microstructure with a grain size of 0.5 pm. The yield stress 
at 0.2 pet plastic strain Is 153,000 psl. The material vork hardens 
to 207,000 psl at e = 0.03 before local deformation (as suggested by 
the maximum in the load-extension curve) occurs, although the flow 
stress calculated assuming uniform elongation does not drop below 
205,000 psi until e = 0.08. Total elongation In 1 in. was 10 pet. 
In compression the stress-strain curve is not accurately defined 
except at the end point because of difficulties in compensating for 
deformation of thin teflon sheets used as a lubricant and extensometer 
errors. 
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Fig. 7.2. The flaw stress at e = 10 /s is plotted versus temperature 
for the fine-grain a + Y l structure (L - 1.0 urn) and the coarse-grain 
y structure (L = 40 pm). Room temperature flow stresses [Wood (1972)1 
are taken as the 0.2 pet offset yield strength. The superplastic temp
erature range is indicated. 
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APPENDIX A 

A COMPUTER PROGRAM FOR THE INSTRON MACHINE 

The general features of the computer program which computes true 

stress, true strain and true strain rate from Iiaatron load-tine curves 

are described in Cnapter III. The purpose of this appendix is to 

illustrate how to use the program. 

Language 

The computer program is written in WATFIV, a fast, one-pass FORTRAN 

IV compiler for the IfiM/360. Two subroutines (ATSG and ALI) used for 

interpolation between data points were taken from the IBM System/360 

Scientific Subroutine Package, Version III. Subroutine D.ERIV, used 

to find the derivative of a curve at a point, was written independently. 

The text of the program is shown in Fig. A.l. 

Data Input 

Each line enclosed in parentheses belotf represents one input card 

with WATFIV format-free input (the parentheses are not part of data 

input): 

Machine Stiffness 

(temp, xhdl, chartl, scalel, load2 min, xhd2, chart2, Bcale2) 

(X,Y) Data Set 1 Optional 

(-1,0) End Data Set 1 req'd. 

(X,Y) Data Set 2 req'd. if Data Set 1 is used 

(-1,0) End Data Set 2 req'd. 

Compression 

(test no. > 0, run no., temp, xhd, chart, scale, length, diam) 
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Tension 

(test no, < 0, length, tempt *M, chart, scale, width, thickness) 

or: ..., diam, -1) 

Compression or Tension 

(load mult, factor, load add. term, m « d lna/d lne) 

(X.Y) 

(-2,0) change xhd or chart or 
{ 

(xhd, chart, scale) scale to these new values 

or: (-1,0) end of test 

or: (-9,0) call new machine stiffness data 
or: (-99,0) end of all data 

Notes 

1. The machine stiffness data are divided into two data sets so that 

data at low loads, e.g. ,0 - 10001b, can be accurately specified along 

with high load data, e.g., 1000 - 10000 lb. 

2. "Test no." must be an integer; other numbers are real, but a 

decimal point is not required. 

3. Units are: temp, °C; xhd and chart, in/min; scale and load2 min, 

lb; length, diam, width, thickness—inches. 

4. (X,Y) are successive cards of data pairs where X is the time scale 

value (inches of chart) and Y is the load scale value (inches of chart) 

5. The load multiplication factor and additive term (lb) are used to 

correct for a calibration error in the load cell and an incorrect zero 

setting on the chart paper. 

6. Note that all tension or compression data sets end with a negative 
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value for X, and all endings except (-99,0) require additional data to 

follow. 

7. Several interrupted compression tests on the same sample can be 

run if a "-1" is written for "length" on the second and following tests. 

The final calculated specimen length will be passed as the initial 

length to the following data set. In this case each test will begin 

at zero strain. 

Data Output 

The data output gives one page for each strain interval at con

stant crosshead speed. Typical data output, including stiffness data, 

are shown in Fig. A.2. Most of the output format is self-explanatory, 

and only brief comments will be made. 

The error column ("ERR") is the error code for the interpolation 

subroutine ALI used with the machine stiffness curve: (0) no error; 

(1) the required accuracy could not be reached because of rounding 

errors; (2) the required accuracy could not be reached with the number 

of points used — increase the number of machine stiffness points; (3) 

two points have the same "Y" value. The first "J" column gives the 

number of machine stiffness points used in the interpolation, and the 

last "J" column gives the number of points used to calculate the atraiti 

rate correction in subroutine DERIV. The first stress column is the 

calculated stress at the given strain rate; the second stress column 

is the stress corrected to the median strain rate for that data set. 

The median strain rate is easily identified as the value on the line 

where the two stress values are equal. 
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Fig. A.l, Computer Program Listing 

JKATFIV 
REAL  LO.LOAD.L.I.MACHLHOI.IEND 
INTEGER TEST 
OIMFNSIDN  XI40),Y{40).STRAIN(40),WORKI40I.ARG(40>.VAtl40).STRFSSt4 

COItSTANRT(40l,  TME<40l ,MEfl<M40)f jm40)  ,DYDX(40>,Jt  401 ,NF.W)I5)  ,CH( 
C 5 I , S C ( 5 I , E ( 4 0 I 

2  CALL  ML 
I  ReAD.TEST tRUN,TfcMP,XHEAD,CH(ll,SCUI,LO,00 

REAO.FH.FA.H 
XENO*0. 
0ELT=0. 
I I I W F M P 

IFILO.GT.O.J  GO  TO  5 
LO*l£NO 
nO'OENO 

5  !F (TESTI4 f 4 .3 
3  I1*RUN 

WRITE (6 ,101 ) TEST, CHI  I I .  11  ,SCI 1 M I  I  l.LQ.XHEAO.OO 
101  FORMAT!'1','TFST  NO.  *  ' ,  13.29X,'CHART  SPEED  I  IN/KIN)  =  ' . F 5 . 2 / '  R 

CUN  NO.  =  ' , 1 3 ,  30X,'SCALE  (LBSI  *  ' . F f c . O / '  TECPFPATURF  »  « , I4 ,«C« 
C 2 4 X , '  INITIAL  LENGTH  I I N I  •  ' , F 6 . 4 / «  CROSSHEAT  SPEfD  I IM/MINI  *  • , 
CF8 .5 .8X , ' IN IT IAL  DIAMETER  ( I N )  »  ' . F 6 . 4 J 

A * 3 . 1 4 1 5 9 3 * 0 0 * * 2 / 4 , 

B *  l . 

GO  rn 109 
4  L'RUN 

H>LO 
T=DO 
N R I T E ( 6 , 1 0 S i T E S T l S C ( l ) t I I I I i L , X H E A D > M > r H | l ) t T 

,;5  FORMAT(«l',fTEST  NO.  «  «, I4.28X. 'SCALF  (LBSI  =  ' . F 6 . 0 / '  TEHPFRATUR 
CE  =  ' < 1 3 « a C ' . 2 5 X . ' I N I T I A L  LENGTH  ( I N I  =  ' , F 7 . 4 / '  CPOSSHFAO  SPEED  ( 
CIN/HINI  *  ' , F 8 . 5 , 6 X , «  INITIAL  WtDTH  UN)  =  » , F 6 . 4 / '  CHA8T  SPFED  ( I N 
C/MIN)  =  ' . F S ^ t l S X t ' t N I T I A L  THICKNFSS  ( I N )  =  ' . F o . 4 ) 

I F I T I I O T , 1 0 7 , 1 0 6 
106  A«W*T 

GO  TO  108 
107  A=3.l*1593*W**2/4. 
10B  LO=L 

8 = 1 . 
109  W H I T H b . l 0 4 ) F M , M , M 
104  FORMAT!'  LOAD  CALIBRATION  FACTOR  •  ' . F 5 . 3 .  * !  S F S . 1 .  '  L»  M =  «,F 

• 5 . 3 / ) 
103  N0*1 

DO  22  K = l , 5 
DO  21  N=N0,30 
READ,XIN),Y(N) 
I F ( X ( N I I 2 0 . 2 I , 2 1 

21  CONTINUE 
20  NEND(KI=Nl 

IF (X (N) .NE . 2 )G0  TO  23 
READ,XHOiCH(K»ll,SC(K+l) 
IF(XHD.NE.XHEAO)GO  TO  23 

22  NO=N 

23  N*N1 

WRITE(6,102)N 
102  FORMAT!'  ' , 'STRAIN'.10X. 'STRESS  (PS I ) ' . 4X , 'STRAIN  RATE  I l / S E C I ' . I O 

C X , ' X ' , « X , ' Y ' , 4 X , I 2 / '  ' .TX. 'FRR  J ' . 3 X , ' I H = 0 )  («*(<)•  ,1&X,» (CORRECT 
C I O N I ' . I T X . ' J ' ) 

IS=1 
00  40  KK=1,K 

1 5 1 . 



1ENDNPND1KK1 
DQ  30  I=IS, IEND 

DELTAL=DELT*(X([lXEND)*XHEAD/CH<KKl 
LOAD=YU)*. l*$CUK)*FK+FA 
CALL  MINTRPILOAS.MACHLdl.H^RmilfJNItJI 

42  Fl 11=  IDELTALMACHLIIII /L0*8 

I F U . *  E U I I S 4 f 5 4 , 3 6 
36  STRA|MI )=ALOGU.*E<l ) ) *R 
34  STRESS(n=LOAO/A+(l .*E( I I» 

SJRNRTt11»XHEAD/60. /LC/«l .*E(I ) I 

30  nMEU)=DELTAL*60./XHEAD 
IS*NEND(KK|+1 
DELT=OELTAL 

40  XEND=XUENO) 
35  00  37  1 = 1,N 

NN*N 
CALL ATSGUrMEIf liTIMEiHACHL,WnRKtN«ARGiVALrNM 
CALL OER[VURG,VAL,NN,DYDXtt),JM)l 
OYDXI l)=DYDXt1 l/LO/l l.*E( !M 
STRNRT(l>*STRNRTt!)-OYDXtI> 

37  D Y D m i = D V D X m / I S T f t N R T m * D Y r ) X ( I U * 1 0 0 . 
15=1 
00 45 KK=1,K 
IEND=NEND|KK> 
DO 38 I = IS, rEMf) 
IFIM.ECO.) GO TO 34 
[FtSTRNRTd 1112, 32,33 

32 S=0. 
GO TO 38 

33 S=STRESSIll*tSTRNRTiN/2*ll/STRMRT(l»J**M 
GO TO 38 

39 S=STRESSII) 

38  HRSTEl6r31)STRAINl I ) ,MERl» IU,JNt I l ,STRESSl l l ,S ,Sf f lNf tT in ,DY0Xtn,X 

C ( I ) , Y ( I ) , J ( I ) 
31  FORMAT(»0* .F6 .3 ,Zt3 ,F«} .0 ,F8 .0 > <

: l4 . .9 .Fn.3 ,«  V  ,F8.2  , F 6 . 2 , 1 4 ) 
IFIKK.EQ.KIGO  TO  53 
WRf THbt46)CH(KtUU  ,SC(KK*Yt 

46  FORMATt'O',"CHART  SPFFD  UN/MINI  =  • . F 4 . L 1 6 X ,  "SCALE  <LBS)  =  " , F 6 . 
•01 

45  IS=NEND<KK»+1 
53  LENO=LO*U*E(lEN01t 

OEND=DO*SQRT<LO/LENOI 
54  JFtX(N+l ) .NE. 2 )G0  TO  52 

XHEAO=XHD 
CHU>=CHIK*1I 
SC(1I = SC(K»1J 
WRITE(6.55)XHEAD,TEST,tmK+l) ,SCIKMI 

55  FORMAT!'1','CROSSHEAO  SPEED  (IN/HINJ  =  • iF7.4,27X,"TEST  NU.  '  , 1 4 / 
C«  CHART  SPEED  UN/MIN I  =  \ f 4 . t / "  SCALE  (LBS)  =  ' , F 6 . 0 / / / > 

GO  TO  103 
52  I F I X I N M I . E Q .  9 )  GO  TC  2 

IF IX tN4 l l .NE . 99 I  GO  TO  I 
STOP 
END 

SUBROUTINE  ATSGtX,Z,F.WORK,IROWiAftG,VAl  ,NDIM) 

DIMENSION  Z(30) ,F(30) ,WORK(33) ,ARSI30I ,V«L(30) 

l H I R O w U M M 
1  N=NOIM 

I f t  NlRtlH>3»3 t2 
2  N=IROW 

1 5 2 . 
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NOIM'IROW 
3  B = 0 . 

DO  5  l>l,IROW 
OELT»»  A B S ( Z i n  X ) 

tF«n6LTA~BI5,5t<» 
*  BDELTA 
5  HORKII)*DElTA 

00  10  J« I ,N 
DEITA»B 
00  T  U l . l R O K 
I F ( W O R K ( I »  0 E L T A I 6 , 7 I 7 

6  I W 
QELTA'WORKIM 

7  CONTINUE 
A R G ( J ) = m i l 

9  VAL<J)=F I I I ) 
10  H0RK|I1)=B 
U  RETURN 

ENO 
SUBROUTINE 0ERIVIX,Y,N,0Y0X,J) 
DIMFNSrON X(30>,Y( 30),PER 1301,000) 
1HN.LE..IIG0 TO 31 
IFIX(ll.EQ.X«2)I GU TC 31 
Df ll*V(ll/<X«LI-Xt211 
DI2)=Y<2l/<X(2)-XIl)l 
DER<2t=OU)*0(2) 
rF<N.EQ.2> 60  Xn 32 
0ELT2=0. 
00 10 J»3,N 
0ELTl=0EtT2 
K=J-1 
00 15 1=1,K 
2=X{|)-X(JI 
lFtZ.EQ.O.) GO TO 30 

IS D1I)=0(II*IX(II-X«KH/Z 
2=XtJ)-Xtl> 
IFCZ.EQ.O.I GO TO 30 
DIJ>=V(J)/2 
DO 20 M=2iK 
Z=X<J)-X(M 
IFIZ.EQ.O.) GO TO 30 

20 n(JI=D(JI*(X(l)-X(M)l/Z 
DER(J)=DER{J-1) 
DO 25 1=1,J 

25 DER(JI-OERIJ)+D<I) 
DELT2=ABS10Eft(J)-0ER(J-m 
IF(J-5)10iUill 

11  IF(OELT2DELT1I10,30,30 
10  CONTINUE 

J=N 
DYDX=OER<J) 
RETURN 

30 J=J-1 
DYDX=OERCJ) 
RETURN 

31 DYDX=0. 
J*0 
RETURN 

32  DYDX=DER(2I 
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J=2 
RETURN 
END 
SUBROUTINE  ALHX,ARG,VAL,Y,NDIM,tPS.rER,Ji 
DIMENSION  ARGOOI.VALOOI 
IER=2 
OELT2=0. 
r F ( N 0 [ M  l ) 9 r 7 , I 

1  00  6  J=2,NDIM 
0ELTUDELT2 
IEN0=J1 

DO  2  l=L, 1END 
H=ARG1I)ARGIJ) 
IF IH>2 ,13 ,2 

2  VAL(JI=<VAL<I)* (XAP.GIJI I VALMI*<XAKGUM)/H 
DELT2=  A8SIVALUIVALMEND)) 
tFCJ216,6 ,3 

3  IF<DELT2~EPS>10,10»4 
4  lPtJ 5 )6 , 5 .5 
5  I F ( D F L T 2  D E L T 1 I 6 , U , U 
6  CONTINUE 
?  J=ND1M 

8  Y=VAL(JJ 
9  RETURN 

10  IER=0 
GO  TO  6 

U  IER=l 
12  J=IfND 

GO  TO  8 
13  IER=3 

GO  TO  12 
END 
SUBROUTINE  ML 
REAL  UMAX 
DIMENSION  XXOOI.YKJOt.XiOOI.YiMSOJ.ARGOOJ.VALISOJ.WORKOOl 
INTEGER  TEMPlSCALElt'iCALE2 
READ, TEMP,XHD1,CHART 1 , SCALE I ,  UMAX,XH02,CHART2,SCALF2 
WRITECa.lQITEHPjLlMAX.LlMAXfXHOl.XHDZ.CHARTltCHARTZ,  SCALE 1.SCUE2 

10  FORMAT(' l ' r lOX, 'MACH^E  STIFFNESS  DATA."  TEMPERATURE  =  '»14,«C» 
C / / / '  LOADS  LESS  THAN  ' , F 6 . D , '  LBS', 12X.  'LOADS  GREATER  THAN  S F 6 . 0 , 
C  L B S ' / / '  CRnSSHEAD  SPEEO  UN/MtNi  =  ' . F 7 . 4 ,  4X,'CROSSHEAD  SPEFD  ( 
CIN/MINI  =  ' , F 7 . 4 / «  CHART  SPEED  UN/MINI  =  '  t F 4 . J , UXi'CHART  SPFED 
C H I M I N }  =  N F 4 . 1 / "  SCALf  ILBSI  =  • . I 5 . 1 9 X ,  'SCALE  (LBS)  =  ' , 1 5 / / / ) 

DQ 20  m=l,i(S 
R E A O j X l l N D . V K N l ) 
IF (X1CNI ) .LT .Q. I  GO  TO  30 

20  CONTINUE 
30  00  31  N2=l ,30 

READ,X2(N2) tY2(NZ) 
I F I X Z I N 2 I . L T . 0 . )  GO  TD  40 

31  CONTINUE 
40  WRrTE|6,41) 
41  F Q f t M A T I ' 0 ' , 4 X , ' X ' , 6 X , ' Y > t 3 6 X , ' X » , 6 X , ' Y ' / ) 

DO  42  1=1,30 
T F f I . G T . N I  l l  GO  TO  43 
[ F t I . G T . N 2  U  GO  TO  44 

45  FORMATJ'  ' , 2F7 .2 ,30X,2F7 .2» 
42  WRITE  1 6 , 4 5 ) X I ( ! > , V I ( I I . X 2 I I ) , Y 2 < 1 1 
43  IFU .EQ.N21 )  GO  TO  69 

N=N21 
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(f<N><>9,ti<} t59 
59  DO  60  J= I ,N 
61  FORMAT!'  ' . 4 4 X . 2 F 7 . 2 ) 
60  H1 ITE<6 ,6 i lX2U I ,Y2«J> 

RETURN 
<•*  I F U . E O  N l  n  GO  TO  69 

M = N l  l 
DO  62  J=I»N 

63  FORMATS  ' ,2F7 .2> 
62  HRlTE(6 ,63 )HLtJ I ,YUJ» 
69  RETURN 

ENTRY  HINT«P(ALOAD,AMACMLfMERRtL» 
IFCALOAD.LT.LIMAXI  GO  TO  50 
t F ( N 2  l » 7 0 , 7 0 , 5 1 

51  Y=AL0An/.l/SCALE2 

NN=6 
CALL  ATSG(Y,Y2,X2,U0RK.N21,  ARG.VAL.NNl 
CALL  ALI(Y,ARC,VAL,X,NN..005,IER2.JJ 
L=J 
MFRR=!ER2 
AMACHL=X*XHD2/CHART2 

RETURN 
50  r F ( N l  l ) 7 0 , 7 0 , 5 2 
;i  Y=ALQAI1/.1/SCALE1 

NN=6 
CALL  ATSGIY.YI.X1,MIJRK,N11,  ARG,VAL,NN) 
CALL  ALKY, ARC, VAL.Xt NN, .005,1ER  l i J)  , 
L=J 
MERR'lERl 
AMACHL=X*XHD1/GHARU 
RETURN 

70 AMACHL=0. 
MERR'O 
L=0 
RETURN 
ENO 

*DATA 
DATA 

*STOP 
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MACHINE  STIFFNESS  DATA:  TEMPERATURE    60VC 

LOADS  LESS  THAN  1000.  LBS  LOADS  GREATER  THAN  1000.  LBS 

CROSSHEAO  SPEEO  ( IN/MINI  =»  0.0050  CROSSHEAO  SPEED  ( IN /MINI  »  0.0200 
CHART  SPEEO  ( IN/MINI  *  5 .0  CHART  SPEED  U N / H I N )  *  5 .0 
SCALE  UBS)  *  1000  SCALE  IL8SI  "  10000 

0.00 0.00 
0.30 0.20 
O.60 0.55 
0.90 1.00 
1.20 1.50 
1.60 2.10 
2.00 2.60 
2.55 3.00 
2.T5 3.50 
3.1? 4.00 
3.50 4.39 
3.80 4.70 
4.07 S.OO 
4.30 5.25 
4.60 5.55 
4.90 5.76 
5.30 5.96 
5.63 6.14 
5.74 6.30 
5.66 6.50 
6.10 6.84 
6.40 7.27 
6.94 a.oo 
7.63 9.00 
a. 24 10.00 

2.06 1.00 
2.14 .1.10 
2.30 1.19 
2.40 1.20 
2.50 1.21 
2.63 1.30 
2.80 1.4* 
3.10 1.70 
3.46 2.00 
3.90 2.44 
4.40 3.00 
4.90 3.55 
5.28 4.00 
6.10 5.00 
6.94 6.00 
T.T5 7.00 
8. 55 8.00 
9.36 9.00 
10.16 10.00 

Fig. A.2. Typical Computer Output—Machine Stiffness Data 
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TEST  NO. =  119  CHART  SPEED  I I N / H I N )  =  0 .02 
RUN  NO.  =  1  SCALE  (LBS) =  2 0 0 . 
TEMPERATURE  =  600C  INITIAL  LENGTH  ( IN )  =  0.4503 
CROSSHEAO  SPEED  ( IN /MINI  =  0.00008  INITIAL  DIAMETER  ( I N )  *  0 .2998 
LOAD  CALIBRATION  FACTOR  =  1.060;  O.O  LB  H =  0.390 

TRAIN 
ERR  J 

STRESS 
(H=0) 

IPSO 
IKH) 

STRAIN  RATE  l l / S E C I 
1 CORRECT ION) 

X  r  3 
J 

o.oio  0  3  1303.  1311 .  0.000002902  2 .921  I  1 .30  4 . 3 0  3 

0.011  0  3  1340.  1340.  0.000002947  1.593  t  1.50  4 .43  3 

0 .016  0  3  1334.  1316.  0.000D03056   1 . 5 9 3  X  1.9B  4 .43  3 

CROSSHEAO  SPEED  I I N / H I N )  =  0 .00050 
CHART  SPEEO  I IN /H IN )  =  0 .2 
SCALE  (LBSI  =  200. 

TEST  NO.  U 9 

. S T R A I N 

ERR  J 

0.020  0  3 

0.024  0  3 

0.032  0  3 

0.045  0  3 

0.055  0  3 

0.062  0  3 

STRESS  ( P S I I 
(H=0)  (M=M) 

2160.  2213. 

2240.  <:6Z. 

2220.  2225. 

2253.  2253. 

2259.  2247. 

2240.  2219. 

STRAIN  RATI:  ( i /SECI 
(CORRECTION) 

0.000018092 

0.000018803 

0.003019135 

0.000019262 

C.009019531 

0.000019740 

4.169  X 

PI. 811  « 

0 .136  X 

0.461  X 

0.124  X 

2.36 7.20 

3.60 7.50 

5.00 7.49 

7.20 7.70 

9.00 7.80 

-0*236 ( 10.20 7.79 

6 
J 

6 

6 

6 

4 

4 

4 

Fig. A.2 (cont.) Typical Computer Output—Test Data 
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