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a b s t r a c t

Microstructures, tensile properties and work hardening behavior of double-sided arc welded (DSAWed)

and friction stir welded (FSWed) AZ31B-H24 magnesium alloy sheet were studied at different strain

rates. While the yield strength was higher, both the ultimate tensile strength and ductility were lower in

the FSWed samples than in the DSAWed samples due to welding defects present at the bottom surface

in the FSWed samples. Strain-hardening exponents were evaluated using the Hollomon relationship, the

Ludwik equation and a modified equation. After welding, the strain-hardening exponents were nearly

twice that of the base metal. The DSAWed samples exhibited stronger strain-hardening capacity due to

the larger grain size coupled with the divorced eutectic structure containing �-Mg17Al12 particles in the

fusion zone, compared to the FSWed samples and base metal. Kocks–Mecking type plots were used to

show strain-hardening stages. Stage III hardening occurred after yielding in both the base metal and the

welded samples. At lower strains a higher strain-hardening rate was observed in the base metal, but it

decreased rapidly with increasing net flow stress. At higher strains the strain-hardening rate of the welded

samples became higher, because the recrystallized grains in the FSWed and the larger re-solidified grains

coupled with � particles in the DSAWed provided more space to accommodate dislocation multiplication

during plastic deformation. The strain-rate sensitivity evaluated via Lindholm’s approach was observed

to be higher in the base metal than in the welded samples.

© 2010 Elsevier B.V. All rights reserved.

1. Introduction

Weight reduction in ground vehicles and aircraft is one of the

important measures to improve fuel economy and protect the envi-

ronment [1]. Magnesium alloys, as the lightest metallic structural

alloys, have been and will be increasingly used in the automotive

and aerospace industries due to their low density [1], high strength-

to-weight ratio [1–3], environmental friendliness, recyclability and

castability [2,3]. However, effective joining techniques are required

to further expand the applications of magnesium alloys.Friction stir

welding (FSW), a solid-state joining technique developed by The

Welding Institute of Cambridge, UK, in 1991 [4], has great poten-

tial for joining magnesium alloys, since it can significantly reduce

weld defects normally associated with fusion welding processes

[1,5]. FSW has also been used to refine the grain size via severe

plastic deformation and recrystallization [6–9] so as to improve the

workability of Mg alloys and increase the strength of welded joints.

On the other hand, the weldability of magnesium alloys by some

∗ Corresponding author. Tel.: +1 416 979 5000x6487; fax: +1 416 979 5265.
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arc welding processes such as gas tungsten arc welding (GTAW) is

considered to be excellent as well [10]. In 1999, Zhang and Zhang

[11] developed and patented a novel arc welding process referred

to as double-sided arc welding (DSAW). The DSAW process uses

one welding power supply and two torches; frequently a plasma

arc welding (PAW) and GTAW torch each connected directly to one

of the power supply terminals. The torches are positioned on oppo-

site sides of a work-piece such that the welding current flows from

one torch through the work-piece to the opposite torch. Zhang et

al. [12–15] have examined the feasibility of using the DSAW pro-

cess to make vertical-up, keyhole-mode welds in 6–12 mm thick

plain carbon steel, stainless steel or aluminum alloy plates. More

recently, Weckman and co-workers [16,17] have examined the fea-

sibility of using the DSAW process for conduction-mode welding

of 1.2 mm thick AA5182-O aluminum sheet for tailor welded blank

applications. It was noted that the opposing welding torches and

square-wave AC welding current successfully cleaned the oxide

from both sides of the joint and produced visually acceptable welds

at speeds up to 3.6 m/min. Through-thickness heating was more

uniform with DSAW than with other single-sided welding pro-

cesses allowing symmetric welds to be produced with minimal

angular distortion of the sheets [16,17].
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Mechanical properties such as strength, ductility, strain-

hardening behavior, strain-hardening sensitivity, etc., of all welds

made in magnesium alloy parts used in structural applications must

be evaluated to ensure the integrity and safety of the joint and struc-

ture. While there are numerous investigations on the properties of

magnesium alloys, only a limited number of studies of the prop-

erties of welded magnesium alloy joints are reported. Quan et al.

[18] studied the effects of heat input on microstructure and ten-

sile properties of laser welded AZ31 Mg alloy. Liu and Dong [19]

reported the effect of microstructural changes on the tensile prop-

erties in non-autogenous gas tungsten arc welded AZ31 magnesium

alloy. Zhu et al. [20] presented the effect of welding parameters

on the welding defects and change of microstructure in CO2 and

diode laser welded AZ31 magnesium alloy. Tensile testing has also

been done on friction stir welded AZ31 [1,5,21–24], FSWed wrought

AZ61 [25] and a fine-grained laser welded Mg alloy [26]. Some ear-

lier results on the microstructural changes and strengths of various

FSWed magnesium alloys and other alloys have also been well doc-

umented (e.g., in refs. [27–29]). Takuda et al. [30] performed tensile

tests on a Mg–9Li–1Y alloy at room temperature and observed that

the values of strain-hardening exponents increased with increas-

ing strain rate. Afrin et al. [24] obtained similar results for a FSWed

AZ31B-H24 Mg alloy. Yu et al. [31] evaluated the tensile strength of

FSWed thixomolded AE42 Mg alloy, but no information on strain-

hardening and strain-rate sensitivity was given, while Lee et al.

[32] studied the formability of friction stir welded AZ31 magne-

sium alloy sheet and other alloys experimentally and numerically.

Some authors have studied the strain-hardening behavior of mag-

nesium alloys with emphasis on the relationships between the

grain size strengthening and dislocation strain hardening of the

material [2,24,33–35]. While Shen et al. [36] have evaluated the

formation of macropores in double-sided gas tungsten arc welded

wrought magnesium AZ91D alloy plates made with two separate

passes (i.e., welded with one partial penetration weld on the top

side and then a separate partial penetration weld on the back

side of the plate), the mechanical properties of conduction-mode

double-sided arc welds made in magnesium alloy sheet have not

been examined. It is unknown if this novel arc welding technique

could be used to produce welds in magnesium alloys with accept-

able mechanical properties. The aim of the present investigation,

therefore, was to evaluate and compare the microstructure, tensile

properties, strain-hardening and strain-rate sensitivity of DSAWed

and FSWed AZ31B-H24 Mg alloy sheet.

2. Materials and experimental procedure

In the present study, 2 mm thick AZ31B-H24 Mg alloy sheet

was used. The nominal chemical composition of this alloy was

2.5–3.5 wt% Al, 0.7–1.3 wt% Zn, 0.2–1.0 wt% Mn and balance Mg

[37]. Two different welding methods, DSAW and FSW, were

employed to make autogenous welds between the work-pieces in

the butt joint configuration. Both DSAWed and FSWed joints were

made with the welding direction perpendicular to the rolling direc-

tion of the sheet. In the DSAW process, a PAW torch and a GTAW

torch were used with a square-wave AC welding power supply.

A detailed description of the welding apparatus and other process

parameters used may be found in [16,17]. Prior to DSAW, the work-

pieces were degreased using acetone and then alcohol. The oxide

on the surface of the sheets was then mechanically removed in the

area of the weld using a stainless steel wire brush. The DSAW welds

were made using a welding speed of 25 mm/s and welding power

of 1.4 kW. The FSW welds were made using a welding speed of

10 mm/s and a right-hand threaded pin tool having a pin length of

1.65 mm rotating clockwise at a rate of 2000 rpm. Prior to FSW, sur-

face oxides were removed with a steel brush and then the surface

was cleaned using ethanol as well.

The welded joints perpendicular to the welding direction were

cut and cold mounted in order to examine the microstructure of

the fusion zone (FZ), heat-affected zone (HAZ) and base metal (BM).

The mounted samples were manually ground, polished, and etched

using acetic picral (10 mL acetic acid (99%), 4.2 g picric acid, 10 mL

H2O, 70 mL ethanol (95%)) [38]. The microstructure was observed

with an optical microscope equipped with quantitative image anal-

ysis software. Vickers microhardness tests were conducted with

a computerized Buehler machine across the sectioned weld with

a spacing of 0.5 mm. A load of 100 g and dwell time of 15 s were

applied during the hardness tests. Sub-sized tensile specimens in

accordance with ASTM E8M-08 standard [39] were machined along

the rolling (or longitudinal) direction for both the base metal and

welded joints, where the weld was positioned at the center of the

gauge area. Tensile tests were performed using a computerized ten-

sile testing machine at constant strain rates of 1 × 10−2, 1 × 10−3,

1 × 10−4 and 1 × 10−5 s−1 at room temperature. At least two sam-

ples were tested at each strain rate. The fracture surfaces were

examined using a scanning electron microscope (SEM) equipped

with an energy dispersive X-ray spectroscopy (EDS) system and 3D

fractographic analysis capacity.

3. Results and discussion

3.1. Microstructure

The microstructure of the AZ31B-H24 Mg base metal is shown

in Fig. 1, where elongated and pancake-shaped grains with vary-

ing sizes were observed. The heterogeneity in the grain structure

of the base metal was due to both deformation of the 2 mm thick

sheet by rolling and incomplete dynamic recrystallization (par-

tial annealing) [1]. The average grain size of the base metal was

about 5 �m. The typical macroscopic and microscopic structures of

FSWed AZ31B-H24 Mg alloys are shown in Fig. 2. Fig. 2(a) shows

the top weld bead after FSW and Fig. 2(b) presents a typical cross-

section of the FSWed sample including HAZ, thermomechanically

affected zone (TMAZ) and stir zone (SZ). As seen in Fig. 2(c), both

equiaxed and elongated grains were present in the HAZ. However,

in comparison to the base metal (Fig. 1), far more equiaxed grains

appeared in the HAZ, indicating that partial recrystallization had

also taken place during FSW. The recrystallization temperature of

the alloy was approximately 205 ◦C. Thus, the temperature in part

of the HAZ may have been above this value. This is confirmed by

some large grains observed in the HAZ due to grain growth after

recrystallization [1]. The grain structure in the TMAZ (Fig. 2(d)) in

the present study is basically equiaxed and recrystallized, which

Fig. 1. Typical microstructures of the base metal (BM) of the AZ31-H24 Mg alloy.
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Fig. 2. Typical macroscopic and microscopic structures of a friction stir welded

AZ31-H24 alloy. (a) Top weld bead surface, (b) cross-section of the welded joint,

(c) heat-affected zone (HAZ), (d) thermomechanically affected zone (TMAZ), and (e)

stir zone (SZ).

was similar to the recent results reported by Cao and Jahazi [1]

and Afrin et al. [5,40], while it was different from earlier observa-

tions [41] where the TMAZ was still characterized by deformed and

elongated grains. The grains in the SZ were equiaxed (Fig. 2(e)) and

became noticeably bigger in the center of the stir zone (∼8 �m).

These changes were caused by dynamic recrystallization during

Fig. 3. Typical macroscopic and microscopic structures of a double-sided arc welded

AZ31-H24 alloy. (a) Top weld bead surface, (b) cross-section of the welded joint, (c)

heat-affected zone (HAZ), and (d) fusion zone (FZ).

FSW [42]. A larger grain size in the SZ was also reported by Cao

and Jahazi [1], Afrin et al. [5], Fairman et al. [40], Pareek et al. [43],

and Lim et al. [44].

Fig. 3(a) and (b) shows the top weld bead surface and a cross-

section of the DSAW weld, respectively. It is seen that the top

weld bead quality appeared excellent with complete cleaning of

the oxide. The bottom weld bead surface was similar to the top. As

shown in Fig. 3(b), there was a slight sagging of the weld pool due

to the effects of gravity on the molten pool during welding. Fig. 3(c)

shows an equiaxed microstructure of the HAZ in the DSAWed sam-

ple that was completely recrystallized. The grain size in the HAZ

of DSAWed sample (Fig. 3(c)) was larger than that in the HAZ of
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Fig. 4. EDS line scan showing the compositional variation across the particles in (a) base metal, (b) heat-affected zone (HAZ), (c) and (d) fusion zone (FZ) of a DSAWed joint.

the FSWed sample (Fig. 2(c)). This was attributed to the higher

temperature experienced in the HAZ of the DSAWed sample. The

fusion boundary had a slight hour glass shape (Fig. 3(b)) and the

grain size in the FZ (Fig. 3(d)) became further larger (∼15 �m)

with � (Mg17Al12) phase particles arising from a divorced eutec-

tic that formed in the interdendritic and intergranular regions of

the solidification microstructure in the FZ.

EDS analysis indicated that some Mn–Al containing parti-

cles/inclusions were present in the base material, as shown in

Fig. 4(a). Similar results were observed by Lin and Chen [45].
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Fig. 5. Microhardness profile across a DSAWed sample.

Fig. 4(b) shows a typical particle in the heat-affected zone. Line scan

with EDS analysis signified that these particles were similar to those

Mn–Al containing particle observed in the base metal (Fig. 4(a)), in

spite of the remainder of the material experiencing a transition of

microstructure in the HAZ (Fig. 3(c)). Fig. 4(c) revealed clearly a

divorced eutectic structure in the FZ of the DSAWed sample, with

both � phase particles on the left-hand side and the unmelted

Mn–Al containing particle on the right-hand side along the grain

boundary, although both particles had the same white color on the

image. The eutectic-like structure consisting of alternating eutec-

tic �-Mg and eutectic �-Mg17Al12 along the grain boundary could

be seen in Fig. 4(d). The presence of the eutectic-like structure was

due to the fast non-equilibrium cooling of the weld pool after weld-

ing, since no normal eutectic structure in the form of alternating

layers of � and � would be possible in the AZ31 Mg alloy con-

taining only 3 wt% Al based on the equilibrium phase diagram if

the cooling rate would be infinitely slow (i.e., under equilibrium

cooling). As seen in Fig. 4(c) and (d) and Fig. 3(d) there were also

many �-Mg17Al12 particles within the grains. Liu et al. [46] studied

laser/arc hybrid welding behavior on Mg alloy and reported that

many “spot” precipitates formed within the Mg grain were likely

to be the �-Mg17Al12 phase. Liu et al. [47] also observed Mg–Al

intermetallic brittle phase in the FZ of TIG welded Mg/Al dissimilar

joints. Ben-Hamu et al. [48] studied GTA welded AZ31B Mg alloy

and reported that the fusion zone microstructure consisted of a

cored �-Mg matrix and a divorced eutectic in the interdendritic

regions which were originally Mg17Al12 that subsequently trans-

formed to � phase (Mg32(Al,Zn)49) intermetallics. Electron beam

welding and gas tungsten arc welding had been employed to weld

AZ91 and AZ31B Mg alloys, respectively, by Su et al. [49] and Pad-

manaban et al. [50], and they observed fine equiaxed grains with

intergranular �-Mg17Al12 precipitates as well.

3.2. Microhardness

A typical hardness profile across the DSAWed AZ31B-H24 Mg

alloy is shown in Fig. 5. It is seen that the hardness value decreased

gradually from about HV 70 in the half-hardened H24 temper BM

to approximately HV 50 at the center of the FZ of the welded

joints. This is due to the formation of non-equilibrium cast struc-

tures in the FZ (Fig. 3(d)), in conjunction with a larger grain size

in the FZ in comparison with that in the HAZ (Fig. 3(c)) and in the

BM (Fig. 1). Furthermore, the grain shape had a significant change

from the deformed and elongated (or pancake-shaped) grains in

the half-hardened H24 condition (Fig. 1) to the fully annealed or

recrystallized equiaxed grains in the HAZ (Fig. 3(c)). All of these

factors led to the hardness change shown in Fig. 5. Similar results

Fig. 6. Typical engineering stress versus engineering strain curves of the AZ31B-H24

base alloy, FSWed and DSAWed samples tested at a strain rate of 1 × 10−5 s−1 .

were observed for the FSWed joints, where the lowest hardness

occurred at the center of stir zone as well.

3.3. Tensile properties

Fig. 6 shows typical engineering stress versus engineering strain

curves of the base metal, FSWed and DSAWed AZ31 Mg alloy sheets

tested at a strain rate of 1 × 10−5 s−1. It is seen that after welding,

both the strength and elongation were reduced. While the FSWed

sample had higher yield strength (YS), the DSAWed sample had a

higher ultimate tensile strength (UTS) and elongation. A joint effi-

ciency of about 83% was achieved for the DSAWed joints, but it was

only about 72% for the FSWed joint. Fig. 7 presents the effect of

strain rate on the tensile properties. It was clear that the YS and

UTS increased and ductility (%El) decreased with increasing strain

rate for the base metal, but the effect of strain rate on the YS, UTS

and %El became smaller after both types of welding. Similar effect

of strain rate on the YS and UTS was also reported in Mg–9Li–1Y

[30], AM30 [51], cryo-rolled Cu [52] and AZ31B alloys [2,24,53].

Both the UTS and %El of the DSAWed joints lay in-between those

of the base metal and the FSWed joints. The reason behind this was

the presence of a significant welding defect observed near the bot-

tom surface of FSWed samples using a right-hand threaded pin tool,

as shown in Fig. 8. The welding defect could be better seen from the

SEM images taken from a fracture surface after tensile testing at a

strain rate of 1 × 10−3 s−1 shown in Fig. 9(a) at a lower magnifica-

tion and Fig. 9(b) at a higher magnification. Similar defects were

also observed by Cao and Jahazi [1] who noted that the upward

movement of the material in the stir zone may cause the forma-

tion of subsurface porosity or even root notches near the bottom

surface of the work-piece when the right-hand pin was used. It is

clear that such defects at the bottom surface in the FSWed joints

would lead to a strong notch effect or stress concentration and have

a significant influence on the mechanical properties, causing pre-

mature failure as shown in Fig. 6. As a consequence, both the UTS

and ductility of the FSWed samples were reduced notably (Fig. 7(b)

and (c)), in spite of the slightly higher YS (Fig. 7(a)), in comparison

with those of DSAWed joints.

It has recently been reported that tool profiles and axial force

(downward force) have a significant effect on the defect-free FSWed

joint in an Al alloy and the subsequent tensile properties [54]. To

understand the effect of axial force and tool pin profile, five dif-

ferent tool pin profiles and three different axial force levels to the

butt joint of Al6061 Al alloy were examined. Square pin profiled

tools were observed to produce defect-free, good quality friction

stir regions, regardless of the applied axial force levels. On the other

hand, additional axial force (7 kN) increased heat input and led to

defect-free, good quality friction stir regions as well, irrespective of
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Fig. 7. Effect of strain rate on (a) yield strength (YS), (b) ultimate tensile strength (UTS), and (c) ductility of the base metal, FSWed and DSAWed samples.

tool pin profiles [54]. In the present study, a cylindrical tool with

right-handed threads was used for the FSWed joints. During FSW

operation it was observed that metal flowed up and stuck to the

pin ends due to the use of right-handed threads in the rotating

tool. The subsurface porosity and notch defect at the bottom sur-

face were not observed in the FSW when using left-handed pin tools

in the same clockwise rotation [5]. This suggests that the observed

welding defects at the bottom surface of FSWed joints as shown in

Figs. 8 and 9 were due to the use of a right-hand threaded pin tool

rotated clockwise.

Fig. 8. An OM micrograph of a FSWed sample near the bottom surface at a welding

speed of 10 mm/s and rotational rate of 2000 rpm using a right-hand threaded pin

in the clockwise rotation.

The tensile test data are summarized in Fig. 10, where the

strength was presented as a function of the ratio of the welding

speed (v) to the rotational rate (ω). Despite the presence of the

welding defects at the bottom surface of the FSWed joints, the UTS

was still equivalent to those reported in the literature at various

welding speeds and tool rotational rates [5,43,44]. The YS obtained

in the present study was indeed higher than those reported in the

literature [5,43,44]. The fact that the pores did not have a strong

effect on the YS but the UTS could be reduced was simply due to the

reduced ductility. That is, the sample failed due to strain localiza-

tion around the defects before the UTS was reached. The number

of these defects appeared to have a dominant effect on the true

strain of the welded joint at localization. These voids, which were

internal to the material, resulted in a reduced cross-sectional area

in the gauge area of the material [55]. Some authors also observed

significant interactions between the surface defect and pores that

enhanced the formation of macroscopic shear bands, which pro-

moted the failure [56]. Therefore, to increase the UTS and ductility

it is necessary to minimize or avoid the weld defects during FSW.

3.4. Strain-hardening behavior

The hardening capacity of a material may be considered as a

ratio of the ultimate tensile strength �UTS, to the yield strength

�y [24,57]. Afrin et al. [24] re-defined a normalized parameter of

hardening capacity, Hc, as follows:

Hc =
�UTS − �y

�y
=

�UTS

�y
− 1 (1)

The obtained hardening capacity of the base metal and the

welded samples is listed in Table 1. It is seen that the hardening

capacity was enhanced after FSW, similar to the results reported
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Fig. 9. SEM images of fracture surfaces of a FSWed sample tested at a strain rate

of 1 × 10−3 s−1 . (a) Overall view at a lower magnification, and (b) details of welding

defects at a higher magnification.

by Afrin et al. [24]. The hardening capacity in the DSAWed samples

was further higher than that in the FSWed samples. There was little

effect of the strain rate on the hardening capacity. Based on Eq. (1)

the hardening capacity of a material was related to its yield strength

that was further associated with the microstructure and texture

of the material. An increase in the grain size would decrease the

YS according to the Hall–Petch relationship [58–60] and increase

dislocation storage capacity, leading to the higher hardening capac-

ity. A decrease in the grain size reduced the difference of the flow

resistance between the grain boundary and interior, which in turn

Fig. 10. A comparison of the YS and UTS, as a function of the ratio of the welding

speed (v) to the rotational rate (ω), obtained in the present study with those reported

in the literature.

Table 1

Hardening capacity of the base alloy, FSWed and DSAWed samples tested at different

strain rates.

Specimen Strain rate (s−1) Hardening capacity

Base metal 1 × 10−2 0.37

1 × 10−3 0.36

1 × 10−4 0.36

1 × 10−5 0.41

Friction stir welded sample 1 × 10−2 0.49

1 × 10−3 0.67

1 × 10−4 0.66

1 × 10−5 0.57

Double-sided arc welded sample 1 × 10−2 0.84

1 × 10−3 0.86

1 × 10−4 0.84

1 × 10−5 0.84

reduced the hardening capacity [57]. Since the grain size of the

DSAWed samples was larger than that of FSWed sample, as shown

in Figs. 3(d) and 2(e), respectively, the higher value of hardening

capacity in the DSAWed samples would be anticipated. In addition,

it should be noted that for rolled Mg plates there was usually a

strong texture with the (0 0 0 2) plane perpendicular to the trans-

verse direction (TD) and normal direction (ND) of the plate [61].

However, after FSW and DSAW the texture would be expected to

be weakened. Yang et al. [61] reported that after FSW a significant

change of texture was observed with a high intensity of (0 0 0 2)

diffraction around the TMAZ, and the FSWed joint prone to slip

along the (0 0 0 2) with an orientation of ∼45◦ at a lower critical

resolved shear stress exhibited an approximately one third drop in

the yield strength but only a modest decrease in the ultimate ten-

sile strength. This implied that the hardening capacity after FSW

increased as well, in good agreement with the results observed in

the present study.

To understand strain-hardening behavior it is better to examine

the strain-hardening exponent of different materials. The strain-

hardening exponent is a measure of the ability of a metal to strain

harden; the larger its magnitude, the greater the strain harden-

ing for a given amount of plastic strain [58]. Several researchers

have proposed different equations to evaluate the strain-hardening

exponent. Hollomon [62] gave the following expression:

� = Kεn, (2)

where n is the strain (or work) hardening exponent, K is the strength

coefficient, � is the true stress and ε is the true strain [60,62–64].

To better quantify the strain-hardening response, Chen and Lu [65]

fitted their tensile curves using the Ludwik equation [64,66]:

� = �y + K1εn1 (3)

where n1 is the strain-hardening exponent and K1 is the strength

coefficient which represents the increment in strength due to strain

hardening at ε = 1. Afrin et al. [24] proposed the following equa-

tion using net flow stress and net plastic strain of materials after

yielding:

� = �y + K∗(ε − εy)n∗
(4)

where n*, �, ε, �y and εy are the strain-hardening exponent,

true stress, true strain, yield strength and yield strain of a mate-

rial, respectively. K* is the strength coefficient which reflects the

increment in strength due to strain hardening corresponding to

(ε − εy) = 1. The above three equations could be better illustrated in

Fig. 11. Eq. (2) has the origin positioned at O (including the elas-

tic deformation stage where the Hooke’s law holds true), although

only the data in the uniform deformation stage between the YS and

UTS are used. Eq. (3) corresponds to a shift of the origin from O to O1

in Fig. 11 where the yield stress is excluded, while Eq. (4) proposed



2958 S.M. Chowdhury et al. / Materials Science and Engineering A 527 (2010) 2951–2961

Fig. 11. Schematic illustration of a true stress versus true strain curve.

recently by Afrin et al. [24] represents a further shift of the origin

from O1 to O*. It implies that both the yield stress and yield strain are

precluded. Fig. 12 presents the evaluated strain-hardening expo-

nents (n, n1, n*) as a function of strain rate for the base metal,

FSWed and DSAWed samples. Almost no effect of strain rate on

the strain-hardening exponents was seen in the base metal. But for

the DSAWed and FSWed samples, the strain-hardening exponents

increased with increasing strain rate. The strain-hardening expo-

nents evaluated according to all the above three equations were

obviously higher after welding, and the DSAW resulted in some-

what higher strain-hardening exponents than the FSW, as shown

in Fig. 12. It is also seen that the n values were the smallest and n1

values were the highest with n* lying in-between the two. Similar

results were also reported by Afrin et al. [24].

One of the most important contributions to the strain hardening

is related to the formation and multiplication of dislocations. In the

plastic deformation stage, the net flow stress due to dislocation

density could be expressed as [24,33,34]:

� − �y ∝
√

� (5)

where � is the dislocation density. The net flow stress necessary

to continue deformation of a material is proportional to the square

root of the dislocation density. The dislocation density in a metal

increases with deformation or cold work due to dislocation multi-

plication or the formation of new dislocations which decreases the

spacing among dislocations and their interactions become repul-

sive. The net result would be that the motion of a dislocation is

impeded by other dislocations. As the dislocation density increases,

the resistance to dislocation motion by other dislocations becomes

more pronounced. Thus, a higher stress is necessary to deform a

metal [58].

Fig. 13 shows a typical Kocks–Mecking plot of strain-hardening

rate (� = d�/dε) versus net flow stress (� − �y) at different strain

rates from 1 × 10−2 s−1 to 1 × 10−4 s−1 for the base metal. It is

seen that no stage I hardening (or ‘easy glide’) which depends

strongly on the orientation of the crystal and stage II linear harden-

ing where the strain-hardening rate should be constant occurred.

Srinivasan and Stoebe [67] reported that the presence of stage II

strain hardening could be due to the interactions of the disloca-

tions in the primary slip system with those in an intersecting slip

system. Stage III hardening is characterized by a hardening rate

that decreases monotonically with increasing flow stress leading

to the much repeated term “parabolic hardening” on the stress

strain curve [68]. This stage is very sensitive to the temperature

and rate of deformation [33]. In this present study test temper-

ature remained constant but strain rates were changed. As seen

from Fig. 13, stage III was somewhat strain-rate sensitive, i.e., the

Fig. 12. Effect of strain rate on (a) n-value, (b) n1-value and (c) n*-value in the base metal, FSWed and DSAWed samples.
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Fig. 13. strain-hardening rate (�) versus net flow stress (� − �y) of the base metal

tested at different strain rates.

strain-hardening rate increased with increasing strain rate. Simi-

lar result was observed by Lin and Chen [2] in AZ31B extruded Mg

alloy as well. This could be explained on the basis of the following

equation [2,33]:

� = �0 −
Rd�

ε̇1/q
(6)

where � is the strain-hardening rate in stage III, �0 is a constant,

q is an experimental stress exponent varying with temperatures

and is rather large namely about n = 8 at higher and n = 35 at lower

temperatures, Rd is also a temperature dependent parameter. In

the present experiments Rd and q were constant as temperature

remained constant. It is evident from Eq. (6) that the strain-

hardening rate increased with increasing strain rate at a given

stress.

As stage III approached a saturation level, hardening stage IV

appeared. Due to the low hardening level of stage IV, it is difficult

to track the hardening mechanisms because they must compete

with geometrical and structural instabilities including damage

[33]. However, Pantleon [69] reported that stage III hardening was

extended to stage IV by incorporation of excess dislocations related

to the disorientations. He further stated that in stage IV the work

hardening rate often remains constant. It is seen from Fig. 14 that

stage IV in the base metal remained almost constant with a low

strain-hardening rate.

Fig. 14 shows a typical Kocks–Mecking plot of strain-hardening

rate versus net flow stress in the base metal, FSWed and DSAWed

samples tested at a strain rate of 1 × 10−2 s−1. At lower strains or

net flow stress levels after yielding the strain-hardening rate of

the base metal was higher than that of the welded joints. At higher

strains or net flow stress levels it was reversed. The strain hardening

could be understood on the basis of the grain size strengthening and

Fig. 14. strain-hardening rate (�) versus net flow stress (� − �y) of the base metal,

FSWed and DSAWed samples tested at a strain rate of 1 × 10−2 s−1 .

dislocation strain hardening [24,34,35]:

� = �0 + �HP + �d, (7)

where �0 is the frictional contribution, �HP = kd−1/2 is the

Hall–Petch contribution and �d = M˛Gb�1/2 is the Taylor disloca-

tion contribution (where G is the shear modulus, b is the Burgers

vector, M is the Taylor factor and ˛ is constant). Sinclair et al. [70]

and Kovacs et al. [71] reported that at lower strains the grain size

had a strong contribution to the strain hardening and the influ-

ence of the grain size on the strain hardening vanished at higher

strains due to dislocation screening and dynamic recovery effects at

grain boundaries. Since the base metal had a smaller grain size cou-

pled with its deformed grain structure, the Hall–Petch contribution

(�HP) would be stronger at lower strains, leading to a higher strain-

hardening rate in comparison with the welded joints. On the other

hand, at higher strains or later stage of deformation strain harden-

ing was higher in the welded joints. This could be due to the larger

grain size and the presence of � particles in the fusion zone of the

DSAWed samples. It was stated that the presence of precipitates

increased the dislocation density [72] and larger grain size pro-

vided more space to accommodate dislocations [24]. As the grain

size of the DSAWed samples was larger, a strong strain-hardening

rate was observed after DSAW in comparison with the FSW and the

base metal (Fig. 14). This is also in agreement with other observa-

tions where the hardening rate decreasing with decreasing grain

sizes in AZ31 alloy was presented [24,34,73]. However, due to the

presence of weld defects at the bottom surface, the FSWed sam-

ples failed prematurely, thus the net flow stress up to failure in the

FSWed sample was the lowest (Fig. 14).

Another important parameter involving the deformation behav-

ior of materials was the strain-rate sensitivity (SRS), m. The

Lindholm [74] approach was used to evaluate the SRS based on

the following equation:

� = �0(ε) + �1(ε) log ε̇ (8)

The Lindholm SRS is �1(ε) in the equation commonly termed as

mL. The plot of � versus log ε̇ at 2.5% true strain is shown in Fig. 15,

where Lindholm SRS is represented by the slope, mL. The mL values

for the base metal, DSAWed joins and FSWed joints were 7, 4 and

3.5, respectively. It follows that the SRS became lower after weld-

ing, which would be related to the difference in the microstructure

and flow stress. del Valle and Ruano [35] have recently presented

a relationship between stress, SRS and grain size for the AZ31 alloy

as follows:

∂�

∂ ln ε̇
=

k

2
d−1/2(Mc − 2Mcg) + �Mcg, (9)

Fig. 15. A typical plot used to evaluate the strain-rate sensitivity, mL , at a true strain

value of 2.5% via the Lindholm’s approach for the base metal, DSAWed and FSWed

samples.
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Fig. 16. Typical SEM images showing the fracture surfaces of samples tested at a

strain rate of 1 × 10−3 s−1 . (a) Base metal, (b) FSWed sample, and (c) DSAWed sample.

where k is Boltzmann constant, d is the grain size, � is the flow

stress, Mcg = ∂ ln �cg/∂ ln ε̇ and Mc = ∂ ln �c/∂ ln ε̇. This equation rep-

resents a linear correlation between the SRS, flow stress � and

grain size in the form of d−1/2. It means that the SRS increased

with decreasing grain size. Since the base metal had a smaller grain

size and higher flow stress, its SRS would be higher in comparison

with that of the welded joints. This is in agreement with the results

reported by del Valle and Ruano [35] and Prasad and Armstrong

[75].

3.5. Fractography

Fig. 16 shows typical images of the fracture surfaces of the

base metal, FSWed and DSAWed samples tested at a strain rate of

1 × 10−3 s−1. It is seen from Fig. 16(a) that dimple-like elongated

fracture appeared more apparent. This type of fracture surface

denoted ductile fracture that was characterized by cup-like depres-

sions [59]. Some inclusions were present on the fracture surface

of AZ31B rolled magnesium alloy. Similar fracture surface char-

acteristics were reported in [2,5]. As shown in Fig. 16(b), some

cleavage-like flat facets in conjunction with dimples and river

marking could be seen in the FSWed sample. The river marking was

caused by the crack moving through the grain along a number of

crystallographic planes which formed a series of plateaus and con-

necting ledges [59]. The fractographic observations corresponded

well to the relatively low percentage elongation of ∼4% in the

FSWed samples. While tensile fracture initiation could have started

from the area between the weld nugget and the TMAZ as reported

by Lim et al. [44], the crack initiation occurred from the welding

defect at the bottom surface in the present study (Figs. 8 and 9). In

the DSAWed sample, more dimples together with fewer cleavage-

like facets were observed, as shown in Fig. 16(c). The crack initiated

from the specimen surface or near surface defects in the DSAWed

samples and in the base metal as well.

4. Conclusions

1. The microstructure of the as-received AZ31B-H24 consisted of

small elongated grains with some Mn–Al containing inclusions

which were still present in different zones after welding. The

FSW resulted in recrystallized and relatively small grains in the

SZ and TMAZ, and partially recrystallized grains in the HAZ. After

DSAW, fully recrystallized grains with a relatively large grain

size were observed in the HAZ, and the divorced eutectic struc-

ture containing �-Mg17Al12 particles in the interdendritic and

intergranular regions appeared in the fusion zone.

2. While the YS was higher, the UTS and ductility were lower in the

FSWed samples than in the DSAWed samples. This was due to the

premature fracture caused by the presence of welding defects in

the FSWed samples at the bottom surface. The defects were also

the cause for the small net flow stress from yielding up to the

UTS in the FSWed samples. However, the strength of the FSWed

samples was still similar to or higher than those reported in the

literature due to the smaller grain sizes arising from the high

speed low temperature FSW.

3. The strain-hardening capacity of the DSAWed samples was

observed to be twice that of the base metal, with the strain-

hardening capacity of FSWed samples lying in-between them.

The strain-hardening exponents after both types of welding,

evaluated via three different approaches, were all about two

times higher than those of base metal.

4. A higher strain-hardening rate of the base metal at lower strains

was observed due to smaller and pre-deformed grains where

many dislocations had been generated in the base metal, coupled

with stronger Hall–Petch contribution stemming from smaller

grain sizes. At higher strains, the strain-hardening rate of the

welded samples became higher due to the occurrence of recrys-

tallization in the FSWed samples, and the larger grains together

with � particles in the fusion zone in the DSAWed samples.

5. The YS, UTS, strain-hardening exponent and strain-hardening

rate increased slightly, and ductility decreased with increasing

strain rate. Stronger strain-rate sensitivity was observed in the

base metal due to the smaller grain size and higher flow stress

in comparison with the welded joints.
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