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Abstract 
 

This investigation combines microstructural characterization, 

fracture mechanics analyses, atomistic modeling, and 

experimental crack growth rate data to better elucidate the 

mechanism of stress corrosion cracking of nickel-based alloys 

exposed to high temperature, high purity deaerated water.  

Additionally, this paper develops a mechanistically based 

equation that is suggested to be generally applicable to SCC of 

Alloy 600-type alloys exposed to high purity water.  Results show 

that stress corrosion crack tips are truly intergranular, sharp (~5-

10 nm crack tip openings), and are well described by moving 

crack fracture mechanics.  These findings, combined with the 

clear dependency of the crack growth rate on the electrochemical 

potential and the constancy of the apparent activation energy (see 

Morton’s paper in these proceedings) suggest that the stress 

corrosion crack growth rate in high purity water is governed by 

the supply rate of an embrittling species to the crack tip process 

zone and by the tearing resistance of the material immediately in 

front of the crack tip (i.e. the local J-R curve).  Consideration of 

both hydrogen and oxygen embrittlement show that both 

mechanisms are feasible, although there is somewhat more 

support for a hydrogen mechanism.  An example of the crack 

growth rate model and data fitting procedures are given for Alloy 

600 heat affected zone (HAZ) material.  Results show that the 

fitting procedure can have a large effect on model parameters and 

subsequent extrapolations.  For the data considered, nonlinear 

curve fitting in real space (vice log space) resulted in the most 

accurate fit.  The Alloy 600 HAZ modeling shows that the 

apparent activation energy for crack growth is lower than is 

typically reported (91.2 kJ/mol ± 27.4|95% kJ/mol vice ~130 

kJ/mol), the crack growth rate is weakly dependent on the applied 

stress intensity factor (SCCGR ∝ K1), and the effect of 

electrochemical potential is significant (~3.6X near Ni/NiO). 
 

Introduction 
 

Stress corrosion cracking is often thought of as a periodic process 

in which crack advance occurs discontinuously, after some critical 

event e.g. oxide rupture [1, 2], achievement of a critical hydrogen 

concentration in front of a crack tip [3], or accumulation of a 

critical crack tip strain [4, 5]. However, this view of periodic 

crack growth is at odds with some experimental observations. The 

relatively small stress corrosion crack tip opening displacements 

(CTOD’s) on the order of 10-100 nm that have been reported for 

nickel-based alloys [6, 7], β-titanium alloys [8], and 7XXX series 

aluminum alloys [9, 10] are an order of magnitude or more 

smaller than what static crack fracture mechanics predicts [11].  

This observation suggests the scenario of periodic crack advance 

with periods of crack arrest and damage accumulation does not 

accurately describe stress corrosion in these systems.   Instead, the 

crack front may move continuously, via stable intergranular 

tearing, and moving crack fracture mechanics may be a promising 

basis for developing an equation for predicting stress corrosion 

cracking rates [12]. 
 

The purposes of the present work are to: (1) better understand the 

potential mechanism or mechanisms of crack growth and (2) to 

develop a fundamentally based equation that accurately describes 

experimental crack growth data and can be used to extrapolate 

data with confidence.  Analytical electron microscopy is used to 

characterize nickel base alloy stress corrosion cracks produced in 

high temperature, high purity water.  The experimental data are 

compared to fracture mechanics predictions and novel first-

principles atomistic modeling is used to investigate oxygen 

diffusion in nickel.  These experimental and analytical findings 

are used to assess potential SCC mechanisms and to develop a 

mechanistically based crack growth rate equation. 

 

Experimental and Computational Methods 
 

Crack Growth Rate Testing 

Crack growth rate testing was conducted in high purity, high 

temperature water, consistent with previous studies [13, 14].  

Each crack growth rate reported was from a compact tension-type 

sample, exposed to a single condition (i.e. constant load, 

temperature, and electrochemical potential).  The reported crack 

growth rates were determined by physically measuring the crack 

length and not by correlation with instrumentation. Results are 

given for both X-750 HTH and for Alloy 600 Heat Affected Zone 

(HAZ) material.  The X-750 testing was done to explore the effect 

of a hydrogen isotope on the crack growth rate while the Alloy 

600 HAZ testing was done to develop a crack growth rate model 

as a function of stress intensity factor (K), temperature (T), and 

electrochemical potential (EcP).  Additional details of the Alloy 

600 heat affected zone (HAZ) testing are given in Reference [14]. 
 

The primary sample investigated via electron microscopy was a 

bolt-loaded, fatigue-precracked compact-tension sample of Alloy 

600 in the mill-annealed condition.  After precracking in air, the 

sample was loaded to a stress intensity factor of 27.5 MPa√m and 

then exposed to high purity, hydrogen-deaerated (40 scc H2/kg 

H2O), 360oC water for ~2.4 years.  During SCC testing, the crack 

grew approximately 315 µm to a final stress intensity factor of 

~17.6 MPa√m.  For brevity, the starting crack will be referred to 

as the “fatigue precrack” although it should be highlighted that 

this crack was monotonically loaded to a stress intensity factor of 

27.5 MPa√m and no longer represents purely fatigue loading.  

After SCC testing, the sample was ground to near the mid-plane 

and metallographically polished while bolt-loaded and the SCC 

crack was examined via electron backscatter diffraction (EBSD).  

After the EBSD examinations were complete, TEM foils were 

prepared from the areas previously examined via EBSD. 
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Electron Microscopy 

The instrument used to collect the electron backscattered 

diffraction patterns was a CamScan SC44 SEM, with a tungsten 

filament and a Hamamatsu camera and image processor. The 

samples investigated were metallographically polished to a 0.05 

µm finish.  Samples were tilted approximately 70o from horizontal 

to maximize signal collection. The EBSD pattern was recorded 

with a phosphor-based detector, converted into a digital signal, 

and indexed with commercially available software.  Crack tip 

TEM foils were prepared by mechanical sectioning, mechanical 

grinding, and ion milling, as described previously [6].  The TEM 

foils were examined with a Philips CM 300 instrument, equipped 

with a LaB6 filament operated at 300 keV.   

 

Atomistic Modeling 

First-principles atomistic modeling was used to investigate the 

diffusivity of oxygen in nickel.  All calculations were performed 

by Materials Design Inc, using the Vienna Ab Initio Simulation 

Package (VASP).  The geometry considered was a 2x2x2 

supercell of nickel containing 32 nickel atoms and one oxygen 

atom.  Total energies, forces, and energy profiles are described by 

ab initio quantum mechanics, on the basis of density functional 

theory (DFT) [15, 16] using the generalized gradient 

approximation (GGA) [17, 18].  The Kohn-Sham equations of 

DFT were solved using projector-augmented-wave (PAW) 

potentials and a plane-wave variational basis set [19]. The 

equilibrium and transition state structures were determined by a 

conjugate gradient minimization technique.  In the case of energy 

minima, both the total energies and the forces on the atoms were 

minimized.  Once the equilibrium sites and transition state 

geometries were determined, the temperature dependent 

thermodynamic functions (i.e. entropy, enthalpy, and free energy) 

were determined from phonon calculations using the direct 

approach developed by K. Parlinski [20]. 

 

Results and Discussion 
 

Electron Microscopy 

A backscattered SEM image of the A600 fatigue/SCC region is 

shown in Figure 1.  The red arc in front of the fatigue precrack is 

an estimate of the plane strain plastic zone of the initial crack, as 

calculated from the parameters in Table I.  Note that the SCC 

crack grew ~2X longer than the initial monotonic plastic zone.  

The fatigue precrack is at the top of Figure 1 and the SCC crack 

grew from top to bottom.  The boxes in Figure 1 define the three 

regions investigated via EBSD, which are shown in Figure 2. 

 

Figure 2 compares the grain boundary map (left), the Euler angle 

image (center), and the misorientation maps (right) for the three 

regions defined in Figure 1.  The red lines in the grain boundary 

map show boundaries greater than 1.5o, while a relative measure 

of the strain in the sample is shown in the misorientation map, 

with low strains shown in blue and high strains shown in red, as 

indicated by the key in Figure 3.  Note the large strain region in 

front of the fatigue precrack and the lesser, but significant, strains 

in the plastic zone and intermittently along the stress corrosion 

crack. 

 

The stress corrosion crack tip strain distribution is compared with 

a region away from the crack tip but within the initial plastic zone 

in Figure 4.  Notably, there is no apparent increase in strain along 

the SCC crack or ahead of the crack tip relative to the rest of the 

plastic zone.  While SCC may favor cracking along grain 

boundaries with accumulated plastic strain (i.e. boundaries with 

that are shaded green in Figure 2), there is no apparent increased 

strain along the crack wake or in front of the SCC crack.  The 

EBSD data are in agreement with the extensive TEM work of 

Lewis et al., which also show that, while the plastic zones of SCC 

crack tips contain significant strain, there is no consistent 

increased dislocation density in the SCC wake or ahead of the 

crack tip (see Figures 5 and 6) [6, 7, 21].  These findings indicate 

that SCC does not require an increased strain (beyond what is 

already present in the plastic zone) for crack advance to occur.  

The implication of this statement is that environmental variables 

may have a stronger influence on stress corrosion crack growth 

rates than mechanical variables and that environmental variables 

such as embrittler supply rate may, in fact, be rate limiting. 
 

Table I.  Parameters used to estimate the plastic zone size in the 

A600 SCC sample 

Parameters 

(Mill Annealed A600) 

Constant Load 

Plane Strain 

True σYS = 2.55x108 Pa 

True σUTS =7.53 x 108 Pa 

True σ0 =5.04 x 108 Pa 

KI  = 27.5 MPa√m 

2

6

1

⎟
⎟
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flow

I
p
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r

σπ
 

Plastic zone radius 152 µm 

Extent of SCC  315 µm 

Extent of SCC / Plastic Zone Radius ~2X 
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Figure 1.  Electron backscatter SEM image of the plane of the 

SCC crack that was investigated.  The white squares outline the 

regions investigated via EBSD (Figure 2). 
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Figure 2.  Comparison of the A600 grain boundary maps (left), 

Euler angle images (center), and misorientation maps (right) for 

the three regions investigated.  Note the distinct difference in 

strain between the fatigue crack tip and the SCC tip regions. 

 

Figure 4.  Comparison of the A600 grain boundary maps for 

a region in the original plastic zone but away from the SCC 

crack (left) and the SCC crack tip region (right).  Note that 

the degree of plastic strain is similar between the two. 

Figure 3.  Relative intragranular misorientation, illustrating 

the degree of plastic strain in the metal from low (blue) to 

high (red).   

a.) 

b.) c.) 

Secondary

Crack 

Tip 

Secondary

Crack 

Tip 

Primary

Crack 

Tip 

Figure 5. TEM of A600 SCC crack tip regions.  Figures a.) and 

b.) are secondary cracks, in the wake of the main crack.  Figure 

c.) is from the tip of the primary crack.  Note the variation in 

dislocation density along the crack wakes, consistent with the 

misorientation maps shown in Figure 2.  Additionally, there is no 

increased strain gradient in front of the SCC crack tips. 

 
100 nm 

 
100 nm 

a.) 
b.) 

Crack

Tip 

Crack 

Tip 

Figure 6.  Comparison of crack tip geometry of the same heat of 

X-750 AH. a.) stress corrosion cracking (338oC, 50 scc/kg H2, 

K=27.5 MPa√m and b.) stress corrosion cracking (338oC, 50 

scc/kg H2, K=49 MPa√m). 
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The Analysis of Wilkening 

In describing a fracture process such as stress corrosion cracking, 

Wilkening first differentiates between stable and unstable 

fracture.  Noting that electron microscopy reveals very sharp 

crack tips – on the order of 1-10 nm (see Figures 5 and 6, which 

show typical SCC crack tips for X-750 in the AH heat treatment 

and Alloy 600 in the mill annealed condition), he surmised that 

cracking occurs stably and continuously on a scale that controls 

the crack tip morphology.  Furthermore, he asserted that moving 

crack fracture mechanics and the concept of a J-R curve local to 

the crack tip process zone could be used to develop a crack 

growth rate equation to fit and predict SCC rates. 

 

As a test of this hypothesis, the analysis of Rice, Drugan, and 

Sham (RDS) [12] was used to predict the CTOD of a moving 

crack in an elastic perfectly-plastic material.  While nickel-based 

alloys are far from perfectly-plastic when tested in inert 

environments, an embrittling species such as hydrogen or oxygen 

could act to embrittle the fracture process zone and make the RDS 

analysis applicable.  Starting with the Rice-Drugan-Sham 

expression for crack tip opening displacement rate, δ& : 

and noting that J = f(a, t), it follows that: 

Combining Equations (1) and (2) produces the following 

expression: 

Integration of Equation (1), combined with Equation (2), and 

noting that da = dr, yields the following expression for the crack 

tip opening displacement: 

 

Equation (4) was used in conjunction with the parameters given in 

Table II to predict the crack tip opening displacement for both 

mill annealed Alloy 600 and for X-750 in the AH heat treatment.  

Experimentally, the analytical electron microscopy work of Lewis 

was used to determine the actual CTOD’s [7, 21].  The 

experimental CTOD’s, moving crack predictions, and static crack 

predictions (as per Shih [11]) are compared in Figure 7.  Note that 

(1) the initial fatigue precrack is well predicted by the static crack 

CTOD, but that both the Alloy 600 and X-750 stress corrosion 

cracks are much better predicted by a moving crack in an elastic 

perfectly plastic material. 

 

Similar to what is shown here for nickel-based alloy stress 

corrosion crack tips, relatively sharp (10-100 nm) crack tip 

opening displacements of stress corrosion cracks have also been 

observed for β-titanium alloys [8], and 7XXX series aluminum 

alloys [9, 10].  In each of these cases, the stress corrosion cracking 

mechanism is consistent with intergranular embrittlement (likely 

by corrosion generated hydrogen) [8, 10, 22].  This similarity 

suggests that SCC of nickel based alloys exposed to high purity 

water may also occur via intergranular embrittlement.  Selected  

mechanisms of embrittlement are discussed in the following 

section. 

 

 

Table II.  Summary of the Parameters Used in Calculating the 

Crack Tip Opening Displacements 

 

Mill Annealed A600 

Stress Corrosion 

Cracking 

T=680oF (360oC) 

X-750 AH 

Stress Corrosion 

Cracking 

T=640oF (338oC) 

n (0.05-0.2) 0.2 

α 

(static crack, plane strain) 

(static crack, perfectly plastic) 

 

0.25 

0.75 

 

0.25 

0.75 

β 5.083 5.083 

λ 0.1 0.1 

True σYS (Pa) (2.55x108) 7.20x108 

True σUTS (Pa) (7.53x108) 1.34x109 

True σ0 (Pa) (5.04x108) 1.03x109 

E (Pa) (1.97x1011) 1.98x1011 

σ0/E (2.56x10-3) 5.20x10-3 

δ=(dn⋅J/σ0) 
2.0x10-6 m 

K= 27 MPa√m 

(1-13)x10-6 m for 

K 25-80 MPa√m 

Typical CGR (m/s) 
8.8x10-11 

(0.3 mils/day) 

2.3 x 10-10 

(1 mil/day) 

CTOD, measured 10 nm 

behind crack tip 
5-7 x 10-9 7 x 10-9 

CTOD predicted (Equation 4), 

dJ/da = 10, r=10 nm behind 

tip, K = 27 MPa√m 

4.0x10-9 (7.5-8.0)x10-9 

CTOA (measured) 

(radians) 
~(0.05-0.17) ~(0.10-0.20) 
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Figure 7. Comparison of predicted and measured crack tip opening 

displacements for static and moving cracks.  This initial fatigue 

precrack is blunted, consistent with static crack predictions, but 

both Alloy 600 and X-750 SCC crack are sharp, consistent with a 

moving crack in an elastic perfectly-plastic material. 
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Mechanisms of SCC 

Corrosion 

While corrosion is a necessary component of stress corrosion 

cracking, available data (albeit limited) indicate that the 

temperature dependence of corrosion of nickel based alloys 

exposed to high purity water is too low to be the rate controlling 

process for crack growth.  The temperature dependence for crack 

growth is often shown to be ~130 kJ/mol [23, 24], although the 

present study suggests a value ~91.2 kJ/mol ± 27.4 kJ/mol is more 

appropriate (see the section Application of the Model – SCC of an 

Alloy 600 HAZ).  The data of Rosecrans and Duquette report a 

temperature dependence of corrosion ~37.3 kJ/mol [24], while the 

data of Brucelle et al. on Inconel 718 suggest a slightly higher 

temperature dependence of ~67.0 kJ/mol [25].  The various 

reported temperature dependencies of corrosion of nickel and 

nickel-based alloys are summarized in Table III. 

Table III.  Summary of Activation Energies for Selected 

Processes in Nickel and Nickel Alloys 

Process 

Activation 

Energy 

(kJ/mol) 

Notes 

Corrosion  
37.3 

67.0 

Alloy 600 Bulk Film [24]  

Inconel 718 [25] 

Hydrogen 

Uptake 
15.8-21.0  

For Ni-base alloys exposed to 

hydrogen gas [26, 27] 

Hydrogen 

Diffusion 

39.3 

42.4-49.8  

53.0 

Nickel  [28] 

A600 [26, 29] 

X-750 [26] 

 

Hydrogen Embrittlement 

It is notable that several researchers have reported increased 

hydrogen concentrations near stress corrosion cracks of nickel-

based alloys [30-32] and stainless steels [30] exposed to high 

purity water.  However, these experiments lack the spatial 

resolution to determine if hydrogen actually collects in front of a 

stress corrosion crack tip and causes stress corrosion or if it is 

simply the result of the reduction of water (in the crack wake) 

balancing the oxidation of the alloy (at the crack tip). 

 

In a attempt to assess if hydrogen embrittlement plays a causal 

role in nickel alloy SCC in high purity water, the Authors have 

conducted SCC testing on a single heat of X-750 in the HTH heat 

treatment in both light and heavy water at constant temperature, 

stress intensity factor, and hydrogen concentration.  The purpose 

behind these tests was to assess if the mass isotope effect for 

hydrogen diffusion would influence the crack growth rate.  As 

shown in Figure 8, the test conducted in deuterated water was 

~1.6X slower than the average crack growth rate from tests 

conducted in light water, which is in good agreement with the 

expected 1.4X (i.e. √2) decrease in rate.  While this observation is 

consistent with a hydrogen embrittlement based mechanism of 

SCC, corrosion studies on stainless steels in deuterated water have 

shown [33] more protective oxide films form in heavy water than 

in light water, which confounds any definitive conclusion on 

mechanism. 
 

Another important discriminator for a hydrogen embrittlement 

based mechanism of cracking is the apparent temperature 

dependence.  Similar to corrosion, the temperature dependencies 

of hydrogen uptake (~15.8-21.0 kJ/mol) or diffusion (42.4-49.0 

kJ/mol for Alloy 600) are too low to account for the observed 

activation energy of high temperature SCC (again, often reported 

to be ~130 kJ/mol, but shown here to be 91.2 kJ/mol ± 27.4 

kJ/mol). 
 

One way of rationalizing a larger temperature dependence is if 

hydrogen affects some other process, such as creep.  Hall and 

Symons have constructed a detailed model of stress corrosion 

cracking based on hydrogen assisted creep fracture [4, 5, 34].  

However, experimental support for hydrogen assisted creep 

fracture is limited and is inconsistent with some of the present 

findings.  As shown by extensive crack tip TEM in this study and 

in others [6, 7, 21], the stress corrosion crack path of nickel-based 

alloys exposed to high purity water is truly intergranular along the 

crystallographic grain boundary and not along a slip plane in the 

vicinity of the grain boundary [6, 7, 35, 36].  The implication of 

the intergranular crack path is that decohesion, not enhanced 

plasticity is likely responsible for crack extension [37-39].  

Additionally, neither crack tip TEM nor EBSD reveal an 

increased strain gradient (i.e. a creep fracture zone) ahead of 

stress corrosion crack tips, which is further indication that 

cracking occurs in a relatively brittle fashion.  Lastly, as discussed 

by Morton in these proceedings, the apparent activation energy 

for crack growth is relatively constant and insensitive to changes 

in applied stress intensity factor, yield strength, or carbon level – 

all of which are at odds with the present formulation of the HACF 

model [4, 40].  These observations indicate that intergranular 

decohesion is the likely mechanism of stress corrosion cracking of 

nickel alloys exposed to high temperature, high purity water [39]. 
 

Another way to explain the temperature dependence of a 

hydrogen-based mechanism is if the rate controlling process is not 

simply mass transport, but is the combined process of the 

hydrogen supply rate (i.e. the effective permeability, where 

Qeffective = Qcorrosion + Qsolution + Qdiffusion).  Taking average values 

for Alloy 600 from Table III yields an effective activation energy 

of ~102 kJ/mol, which is in good agreement with the 91.2 kJ/mol 

± 27.4 kJ/mol determined in the present study.  The concept of 

embrittler supply rate limited fracture is further developed into a 

mechanistically based equation. 

Figure 8.  Comparison of SCC tests conducted on a single heat of 

X-750 in the HTH heat treatment in light water (filled square) and 

in heavy water (D2O).  The test in D2O displayed a 1.6X slower 

crack growth rate than the average of tests conducted in light 

water, consistent with the mass isotope effect on hydrogen 

diffusion (1.4X). 
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Oxygen Embrittlement 

Scott et al., have done the most extensive work on assessing the 

feasibility of an internal oxidation or oxygen embrittlement based 

mechanism of stress corrosion cracking [41-46].  In contrast to 

corrosion and hydrogen embrittlement, it has been argued that the 

temperature dependence of oxygen diffusion is too high for 

oxygen embrittlement to be a viable mechanism for SCC in high 

temperature water [42, 47].  While there is large scatter in the 

reported activation energies for oxygen diffusion in nickel, which 

range between 160-410 kJ/mol, these values are well above the 

~130 kJ/mol typically reported for stress corrosion cracking [42, 

47-55] and the 91.2 kJ/mol ± 27.4 kJ/mol determined in the 

present study. However, experimental determination of oxygen 

diffusion in nickel is extremely difficult and is complicated by the 

relatively low solubility, the potential presence of oxide films, 

complications due to chemical reaction, and by microstrucutural 

trapping.  For these reasons a first-principles atomistic study of 

oxygen diffusion in nickel was performed. 
 

While diffusion studies via first principles are relatively new, 

recent work has shown excellent agreement with experimental 

studies [56-58].  The good agreement between an experimental 

best fit (solid line) [28] and the first principles modeling 

prediction (dashed line) is shown in Figure 9.  Hydrogen diffusion 

in nickel was chosen as a test case since there are excellent 

agreement among experimental data [28].  The energetics of 

oxygen transport in nickel from the first-principles modeling is 

shown in Figure 10.  Taking oxygen substituted on the nickel 

lattice as a reference, it takes 145.9 kJ/mol to move into an 

adjacent octahedral site, 96.2 kJ/mol to move into a tetrahedral 

interstice (196.1-99.9 kJ/mol), and 56.1 kJ/mol to move back into 

an octahedral interstice far from a vacancy (196.1-140 kJ/mol). 
 

Comparisons of the experimental activation energies for oxygen 

diffusion in nickel (blue lines) and two diffusion mechanisms 

from the atomistic modeling study (red lines) are given in Figure 

11.  The upper red line illustrates the activation energy to move 

oxygen from a vacancy across the octahedral/tetrahedral transition 

state (196.1 kJ/mol).  These results lend some support to the low 

temperature Zholobov data [53] and the Park and Alstetter data 

[54] if excess vacancies are present (as expected near corroded 

surfaces).  However, these activation energies are still  

significantly higher than the 91.2 kJ/mol found in the present 

study (or the ~130 kJ/mol typically reported for SCC [23, 24]).  

Given that interstitial occupancy and diffusion are unlikely in the 

~530 K - 630 K range of interest, these findings suggest that if 

oxygen embrittlement is a feasible mechanism of SCC, grain 

boundary diffusion is the most likely transport mechanism. 
 

Development of a Crack Growth Rate Equation 

Regardless of whether a hydrogen based or oxygen based 

mechanism is operative, available evidence indicates that the SCC 

of Alloy 600-type nickel alloys exposed to high purity water is 

consistent with intergranular decohesion, where the crack growth 

rate is limited by the embrittler supply rate.  Crack advance occurs 

because the toughness of the metal in front of the crack tip is 

degraded after exposure to an aggressive environment (i.e. when 

Japplied = JIC).  The observed SCC rate is a balance between the 

mechanical driving forces for crack advance (i.e. the applied J), 

the resistance of the material to crack extension, Tmat, and the rate 

of environmental damage.  This hypothesis is discussed relative to 

experimental observations of  SCC of A600-type alloys in Table 

IV and developed into a crack growth rate equation. 

Interstitial diffusion

Substitutional+interstitial. diffusion

Figure 9.  Comparison of first-principles modeling predictions 

(dashed line) and experimental data (solid lines) for hydrogen 

diffusion in nickel, showing good agreement between the two. 

Figure 10.  Energetics of oxygen transport in nickel as 

determined from first-principles modeling. 

Figure 11.  Comparison of first-principles modeling predictions 

(red lines) and experimental data (blue lines) for oxygen diffusion 

in nickel.  The modeling results are in good agreement with the 

experimental data of Zholobov and Park and Alstetter. 
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Table IV.  Key Observations of SCC of A600-type Alloys and 

Their Implications 

Observation Implication 

Crack tips are sharp, 

consistent with embrittlement 

and moving crack fracture 

mechanics predictions for 

elastic-perfect plasticity  

SCC occurs continuously via 

stable intergranular tearing 

and not by a discontinuous 

(crack-arrest-accumulate 

damage) process  

Cracking is truly intergranular 

not along slip planes 

Decohesion, not enhanced 

plasticity is responsible for 

crack growth 

The crack growth rate shows a 

clear dependence with 

electrochemical potential 

around Ni/NiO 

The crack growth rate of 

Alloy 600-type alloys is 

relatively insensitive to the 

applied stress intensity factor 

The apparent activation 

energy for steady state SCC is 

~91.2 ±27.4 kJ/mol (this 

study), and is insensitive to 

changes in σYS or applied KI 

(see Morton’s paper these 

proceedings) 

Crack growth rate is 

controlled by environmental 

processes (e.g. embrittler 

production, entry, and 

transport to the fracture 

process zone), not by 

mechanical variables.  For 

hydrogen, the peak in rate 

near Ni/NiO may be a 

competition between H 

production via corrosion and 

H entry through an oxide 

film.  For oxygen, the CGR 

likely decreases with 

increasing Ni stability, but it 

is unclear if the decrease in 

rate with increased NiO 

stability can be explained. 

For a given A600–type alloy, 

precipitation of chromium 

rich carbides (Cr7C3 or 

Cr23C6) produces slower crack 

growth rates 

1.Cr depletion lowers the 

fugacity of H2 produced via 

(Ni,Cr,Fe)O 

2.Cr-rich carbides form 

protective Cr2O3 films, which 

lowers the amount of H2 

production 

3.  Cr2O3 sets a lower oxygen 

potential relative to NiO-type 

oxides and decreases oxygen 

uptake [47]. 

Over a wide stress intensity 

factor range, the crack growth 

rate is directly proportional to 

the applied stress intensity 

factor 

1
appliedIKa ,∝& small sample 

sizes or incomplete 

engagement bias apparent K 

dependence high (see 

Morton’s paper these 

proceedings) 

Factors that degrade the 

toughness of the starting 

material (e.g. plastic strain) 

increase the crack growth rate 

,/ ICKa 1∝& plastic strain, 

… 

 

The schematic of an embrittled zone in front of a crack tip shown 

in Figure 12 is used to help illustrate the development of a crack 

growth rate equation.  The crack growth rate, a& , is believed to be  

directly proportional to the embrittler supply rate (dC/dt), and 

dependent upon how the materials fracture toughness changes 

with concentration of the embrittling species (dJIC/dC).  How JIC 

varies with concentration is, of course, related to the concentration 

profile ahead of the crack tip and influences the tearing resistance 

(dJR/da) in a region very local to the crack tip. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Crack advance occurs when the concentration of the embrittling 

species, C, lowers JIC to the applied J.  In this view of stress 

corrosion, the rate of crack advance is likely limited by the supply 

rate of the embrittling species since embrittler production and 

uptake are local to the crack tip region.  Cracking occurs 

continuously (at constant applied J and constant environmental 

conditions) as the profile shown in Figure 12 is established and 

moves with the crack front.  In other words: 

The supply rate of the embrittling species is dependent on the 

strength of the source, the solubility, diffusivity, and how JIC 

varies with embrittler concentration, i.e. 

Noting that: 

We can use (7) and (8) to write a steady state crack growth rate 

equation that describes the key parameters, i.e. the mechanical 

driving force (Japplied), corrosion (fcorrosion), material toughness 

(JIC), and a temperature dependence (Q) that is relatively constant 

for A600-type alloys and independent of the Japplied and JIC. 

For engineering utility we: (1) convert from J to K, (2) allow an 

empirically determined K-dependence, Kn, (3) employ the effect 

of electrochemical potential for the fugacity dependence [13], and 

(4) utilize the activation energy determined from crack growth 

rate testing (QEffective): 
 

Equation (9) is the general form that describes crack growth of 

A600-type alloys exposed to high temperature, high purity water.  

The effect of material toughness (KIC) may be alternately 

described by a dependence on plastic strain or on yield strength, 

i.e. KIC ∝ (εplastic)
-1 or ∝ (σYS)

-1 as others have shown [4, 59, 60].
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→
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(9) 

Figure 12.  Schematic illustration of an embrittled zone in 

front of an SCC crack tip, the local J-R curve (right) and the 

embrittler concentration profile (bottom). 
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Application of the Model – SCC of an Alloy 600 HAZ 

A summary of the data used to fit to Equation 9 is given in Table 

V.  The reported average crack growth rates were corrected to 

100% crack front engagement and for out-of-plane growth.  Since 

there were insufficient data to fit every parameter in the model 

independently, the data at 640oF (338oC) were used to determine 

the constant, b=3.604, and then the entire model and dataset were 

fit to both crack growth rate (i.e. linear space) and log crack 

growth rate (i.e. log space).  Physically, b is the magnitude of the 

effect of the electrochemical potential.  The parameters from each 

fitting method are given in Table VI, the fits are compared in 

Figure 13, and the linear space fit shown is shown in Figure 14. 
 

Table V.  Summary of Alloy 600 HAZ Crack Growth Rate Data 

Temperature 

(oF) 

Average 

KI 

(ksi√in) 

∆EcP from 

Ni/NiO (mV) 

Average Crack Growth 

Rate (mils/day) 

550 36.40 28.20 0.086 

550 36.60 28.20 0.099 

600 41.00 8.90 0.573 

600 41.10 8.90 0.509 

640 40.10 -44.50 1.491 

640 15.70 11.20 0.677 

640 15.50 11.20 0.643 

640 26.23 11.20 1.007 

640 35.20 8.40 1.387 

640 38.80 11.20 1.976 

640 43.40 11.20 2.160 

640 43.00 11.20 1.894 

640 42.40 61.10 0.683 

680 43.40 61.10 3.127 

680 43.80 4.90 3.636 
 

It is notable that fitting in linear space and log space produce very 

different values of the apparent activation energy for crack 

growth.  Fitting in log space gives Q=136 kJ/mol, which is 

comparable to that reported in many other studies using a similar 

methodology (i.e. determining Q from the slope of a log(crack 

growth rate) vs. 1/T plot [61, 62].  However, fitting the data in 

linear space gives a significantly different Q of 91.2 kJ/mol.  

Understanding of the true activation energy for crack growth is 

important because: (1) is has a strong effect on extrapolated crack 

growth rates (2) it lends insight into the physical processes that 

are involved in stress corrosion cracking and (3) it gives insight 

into mechanistically based equation forms used to predict crack 

growth rates.  The linear space fit is more applicable than the log 

space fit because: (1) it minimizes the error in the response that is 

physically significant, (2) it better predicts the 680oF (360oC) data 

where there is high confidence in the crack growth rate (Fig. 13) 

and (3) the Authors expect that both the 550oF (288oC) and 600oF 

(316oC) data may be biased low, since those cracks did not grow 

long enough to encounter the most susceptible microstructure in 

the HAZ.  If the 550oF (288oC) and 600oF (316oC) data were 

shifted to the right, they would fall on the linear space fit but be 

over-predicted by the log space fit. 
 

Table VI.  Fitted Parameters for the Alloy 600 HAZ Data 

 ln (A0) n b 
x0 

(mV) 

c 

(mV) 

Q 

(kJ/mol) 

 Fitting in Linear Space 

Best 

Estimate 
13.334 0.995 3.604 -11.33 43.36 91.2 

95% 

Confidence 
± 6.434 ± 0.614 --- ± 19.84 ± 28.41 

 

±27.4 

 Fitting in Log Space 

Best 

Estimate 
22.607 0.869 3.604 -15.61 42.79 136.0 

95% 

Confidence 
±3.729 ±0.349 --- ±20.71 ±19.25 ±18.2 
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Figure 13.  Comparison of predicted vs. observed fits for crack 

growth (i.e. linear space fit – top) and log (crack growth) (i.e. 

the log space fit – bottom).  Note the linear space fit is 

preferred as discussed in the text. 

Figure 14.  Illustration of the predicted crack growth rates for 

Alloy 600 HAZ material as a function of potential, stress 

intensity factor, and temperature.  Note 1 mil/day is ~1.0x10-6 

m/hr or ~2.9x10-10 m/s. 
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Conclusions 
 

• Consistent with previous findings, analytical electron 

microscopy characterization of primary water crack tips shows 

that crack tips are sharp, truly intergranular, and there is no 

evidence of an increased dislocation density (i.e. a  plastic 

strain gradient) in front of SCC crack tips.  The implication of 

these findings is that embrittlement and decohesion, not 

enhanced plasticity is responsible for crack growth. 

• Moving crack fracture mechanics of a crack growing through 

an elastic-perfectly plastic material accurately describe the 

experimentally observed crack tip opening displacements, 

giving credence to the notion that SCC is accurately described 

as stable intergranular tearing. 

• Assessment of selected crack growth rate mechanisms suggests 

that SCC of nickel based alloys may occur via hydrogen 

embrittlement and be limited by the supply rate of hydrogen to 

the crack tip process zone. 

• The concept of embrittler supply rate limited cracking is used 

to develop a mechanistically based equation of the form: 
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 This equation is suggested as being generally applicable to 

describe the SCC of A600-type metals exposed to high purity 

high temperature deaerated water. 

• An example illustrating the use of the crack growth rate 

equation for Alloy 600 heat affected zone material shows a 

good to fit the data.  However, it is notable that the choice of 

fitting in log space (as is commonly done) vice linear space 

yields very different apparent activation energies for crack 

growth.  The linear space fit, which yields a Q of 91.2 kJ/mol ± 

27.4 kJ/mol, preferred for the reasons discussed in the paper.  
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