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Very High Cycle Fatigue of Ni-Based Single-Crystal
Superalloys at High Temperature

A. CERVELLON, J. CORMIER, F. MAUGET, Z. HERVIER, and Y. NADOT

Very high cycle fatigue (VHCF) properties at high temperature of Ni-based single-crystal (SX)
superalloys and of a directionally solidified (DS) superalloy have been investigated at 20 kHz
and a temperature of 1000 �C. Under fully reversed conditions (R = � 1), no noticeable
difference in VHCF lifetimes between all investigated alloys has been observed. Internal casting
pores size is the main VHCF lifetime-controlling factor whatever the chemical composition of
the alloys. Other types of microstructural defects (eutectics, carbides), if present, may act as
stress concentration sites when the number of cycles exceed 109 cycles or when porosity is absent
by applying a prior hot isostatic pressing treatment. For longer tests (> 30 hours), oxidation
also controls the main crack initiation sites leading to a mode I crack initiation from oxidized
layer. Under such conditions, alloy’s resistance to oxidation has a prominent role in controlling
the VHCF. When creep damage is present at high ratios (R ‡ 0.8), creep resistance of SX/DS
alloys governs VHCF lifetime. Under such high mean stress conditions, SX alloys developed to
retard the initiation and creep propagation of mode I micro-cracks from pores have better
VHCF lifetimes.
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I. INTRODUCTION

NICKEL-BASED single-crystal (SX) superalloys are
a class of material used for the design of high-pressure
turbine blades due to their excellent mechanical prop-
erties at high temperature. During service, profiles of
uncooled blades are mainly exposed to creep and low
cycle fatigue damages.[1] Damage mechanisms under
such loading conditions have been well studied in the
literature for Ni-based SX superalloys.[2,3]

However, other kinds of damaging loading conditions
such as very high cycle fatigue (VHCF) can occur along
the blade profile.[4] The conventional blade’s design is
focused on 107 cycles in this type of fatigue but few
literature has focused on the VHCF regime at high
temperature.[5] Literature is even more restricted for
fatigue lives greater than 108 cycles, which require the
use of an ultrasonic fatigue machine.[6-8] It is then
essential to improve VHCF database for this class of

material and our knowledge on VHCF failure mecha-
nisms at high temperatures.
A previous work from the authors[9] has shown that

under fully reversed conditions (R = � 1), casting pores
are the main crack initiation sites in VHCF at 1000 �C in
CMSX-4 alloy cast using a standard Bridgman solidifica-
tion process. Microstructure degradation (c¢ coarsening or
N-type c¢ pre-rafting) has a minor impact on the VHCF life
and rupture mechanisms. However, with the addition of a
high mean stress, creep damage is the main factor limiting
VHCF life at high temperature. In this configuration,
microstructure degradation reduces VHCF life as creep
damage is known to be dependent to themorphology of the
c/c¢microstructure.[10-12]Therefore twomainquestions arise
from these observations. Do other metallurgical defects
(carbides, eutectics) impact the fracture mechanisms in
VHCF, and, if so, how? Do the chemical composition and
the resultant creep properties of Ni-based SX superalloys
have an impact on the VHCF lifetime? The aim of the
present study is to give answers to these two questions.

II. MATERIALS AND EXPERIMENTAL
PROCEDURE

A. Materials

1. Microstructure and elaboration processes
CMSX-4 Ni-based SX superalloy has been taken

during this study as a reference. CMSX-4 bars have been
cast along the h001i crystallographic orientation and
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solidified using a standard Bridgman process. Bars were
solution heat treated step by step with a final treatment
at 1321 �C/2 hours followed by a gas fan cooling. They
were then heat treated at 1100 �C/4 hours and 870 �C/
20 hours to optimize the microstructure and resultant
mechanical properties. Figure 1 shows the typical
microstructure of CMSX-4 after such heat treatments.

Seven other Ni-based SX alloys have been tested in
this study (see Table I). All SX bars have been solidified
and heat treated with conditions similar to CMSX-4
ones. AM1 hot isostatic pressing (HIP), MCNG HIP,
and AM1 liquid metal cooling (LMC) are the three
exceptions. HIP materials have been solidified by the
Bridgman process and received a subsequent HIP
treatment. HIP treatment consisted of an additional
heat treatment at 1310 �C/2 hours under argon at a
pressure of 1000 bar before solutionning. AM1 LMC
was solidified by the LMC process.[13]

Finally, a directionally solidified (DS) Ni-based
superalloy (DS200+Hf) has also been used in this
study. In this case, specimens were machined from
DS200+Hf plates cast in the h001i direction. Specimens
were machined parallel to the solidification direction in
areas of the plate where the grain size in a plane
perpendicular to the solidification direction is greater
than 1 mm. More information about the elaboration
process and heat treatments can be found elsewhere.[14]

One has to notice that MAR-M200+Hf SX alloy,
which has been tested, is the single crystalline version of
this DS alloy. The last column of Table I summarizes
the main purpose of each alloy in this study to better
understand the factors controlling the VHCF life at high
temperature.

2. Chemical compositions
Chemical composition of each Ni-based superalloy

tested can be found in Table II. AM1 HIP has a slightly
different chemical compositions in comparison with the
standard AM1 one used in this study. Unlike AM1 and
AM1 LMC, AM1 HIP is not a super low-sulfur SX

superalloy which indicates that it could have a lower
oxidation resistance.[15]

MAR-M200+Hf bars and DS200+Hf plates were
cast using ingots from the same master heat,[14] which
induces that these two alloys have the same chemical
composition.

3. Casting defects and chemical heterogeneities
Processing of Ni-based SX and DS superalloys

induces casting pores that can limit mechanical proper-
ties, especially fatigue ones.[18-21] One aim of this study
was to investigate the impact of the pore size on the
VHCF properties using three AM1 and two MCNG
materials processed differently. Table I presents the size
range of the casting pores that acted as crack initiation
sites for these alloys, and also for the other ones. Pore
size is defined by the surrounding diameter method[21]

and was directly measured on the fracture surfaces.
Moreover, chemical composition of the superalloys,

as well as the prior solution heat treatments, can leave
the alloys with potential defects as eutectics and
carbides.[22] First results in VHCF at high temperature
on Ni-based SX alloys have shown the predominant role
of pores,[9] and also carbides[7] and eutectics on crack
initiation for lifetimes in excess of 109 cycles.[9] However,
no material containing both defects have been studied,
and the role of eutectics is still not clearly understood.
To better understand the role of these inclusions, two
sub-groups of SX alloys have been tested to investigate
the impact of eutectics and carbides on the VHCF life.
Eutectics have been studied via the AM1, CMSX-4, and
CMSX-4 plus materials [see Figure 2(a)]. Area fraction
values of eutectics for each SX superalloy are, respec-
tively,< 0.5,< 0.4, and ~ 1.6 pct. The area fraction has
been determined by means of area fraction measure-
ments using four scanning electron microscope (SEM)
pictures taken at a 100 times magnification. The impact
of carbides has been studied by testing MAR-M200+Hf
and DS200+Hf. Both alloys present carbides enriched
in hafnium, niobium, and titanium (see Figure 2(b)).[23]

They also present eutectics but their role has been
considered negligible in comparison with carbides and
pores.
Table I summarizes for each Ni-based superalloy

tested the initiation pore size range, others defects, the
testing ratio, and finally, the purpose of their use in this
study. In this table, eutectics are considered as ‘‘resid-
ual’’ when their area fraction does not exceed 0.4 pct in
the material.

B. Pre-oxidized Specimens

Three CMSX-4 specimens were pre-oxidized to study
the impact of the oxide layer on the crack initiation
mechanisms and VHCF lifetime. Specimens were
machined from CMSX-4 bars and polished up to a
mirror finish to prevent undesirable recrystallization
from machining during the thermal exposure. Then,
pre-oxidation was done in a Nabertherm furnace at
1000 �C with a ± 2 �C temperature accuracy during 15,
50 and 100 hours. All pre-oxidized specimens have been
tested under the same condition (R = � 1,

1 µm

Fig. 1—CMSX-4 microstructure after solution, homogenization, and
aging heat treatments (c¢ precipitates have been etched to reveal the
microstructure).
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ra = 160 MPa) and have been compared with a refer-
ence CMSX-4 specimen.

C. Fatigue Tests

VHCF tests have been carried out using an ultrasonic
fatigue machine working in the 20 ± 0.5 kHz frequency
range. All tests have been performed in air at a

temperature of 1000 �C. The machine working principle
can be found in the literature.[24-27] A detailed descrip-
tion of the experimental procedure used during this
study can be found in a previous work from the
authors.[9] Briefly, a continuous excitation is applied
on the specimen to solicit at a strain ratio of R = � 1.
Over self-heating of the specimen is avoided using a
closed-loop control of the specimen’s temperature in the

Table I. Summary of SX and DS Ni-Based Superalloys Investigated During This Study

Ni-Based Superalloy
Size of Pores Acting as Crack

Initiation Site (lm) Other Defects Stress Ratio Aim Study

CMSX-4 50 to 150 eutectics (residual) R = � 1, 0.8 defect nature
creep damage

CMSX-4 plus 60 to 100 eutectics R = � 1, 0.8 defect nature
creep damage

AM1 50 to 300 eutectics R = � 1 defect size
AM1 LMC 20 to 40 eutectics R = � 1 defect size
AM1 HIP — eutectics R = � 1 defect size
MCNG 50 to 150 eutectics (residual) R = � 1 defect size
MCNG HIP — eutectics (residual) R = � 1 defect size
MAR-M200+Hf 60 to 90 eutectics+ carbides R = � 1 defect nature
DS200+Hf 60 to 90 eutectics+ carbides ‘‘grain boundaries’’ R = � 1, 0.8 defect nature

creep damage

Table II. Chemical Composition of SX and DS Superalloys Tested in Wt Pct, Bal. Ni

Alloys Cr Co Mo W Al Ti Ta Re Ru Nb Hf B Fe C Zr

AM1 7.5 6.6 2 5.5 5.2 1.2 7.9 0.04
AM1 (HIP) 7.3 6.4 2 5.5 5.4 1.2 7.7 0.01
CMSX-4 6.5 9.6 0.6 0.4 5.5 1.0 6.4 2.9 0.1*
CMSX-4 plus[16] 3.5 10 0.6 6.0 5.7 0.85 8.0 4.8 0.1
MCNG[17] 4.0 1.0 5.0 6.0 0.5 5.0 4.0 4.0 0.1
MAR-M200+Hf[14] 8.6 9.5 11.8 4.9 1.87 0.86 1.58 0.015 0.02 0.13 0.01
DS200+Hf[14] 8.6 9.5 11.8 4.9 1.87 0.86 1.58 0.015 0.02 0.13 0.01

*In ppm.

(a) (b)

10 µm

Fig. 2—Eutectics pools in CMSX-4 plus SX alloy (a). Carbides in MAR-M200+Hf and DS200+Hf alloys. These carbides are enriched in Hf,
Nb, and Ti (BSE mode) (b).
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middle of its gage length. To carry out tests with an
additional mean stress (R> 0), a constant load is
applied on a displacement node with a pneumatic
device.

Specimens have been designed so that their first
tension mode frequency is of 20 ± 0.5 kHz. Specimen
dimensions have been determined previously[9] for tests
done using CMSX-4 material at 1000 �C. Since at this
temperature, the Young’s modulus between different
h001i SX and DS superalloys is similar according to
literature,[28-33] a same geometry of specimen has been
used during this study, whatever the alloy.

D. Post-mortem Observations

Fractographic observations (crack initiation sites and
rupture modes) have been performed for each specimen
failed using a JEOL JSM 6400 SEM. Secondary (SEI)
and backscattered (BSE) electron imaging modes were
used.

Longitudinal sections have also been performed on
some specimens to analyze damage mechanisms and c/c¢
microstructure evolutions. After sectioning, these spec-
imens have been mechanically polished up to a mirror
finish until intercepting the main crack initiation site.
Then, they were etched using a solution made of 1/3
HNO3 and 2/3 HCl (vol pct). Observations were per-
formed using a JEOL JSM 7000F field emission
gun-SEM in both modes (SEI and BSE). All observa-
tions have been performed using an acceleration voltage
of 25 kV.

III. RESULTS

A. VHCF Lifetime at Ratio of R = � 1 and Resultant
Rupture Modes

Figure 3 presents VHCF lifetimes for each alloy
tested at R = � 1, 1000 �C, and 20 kHz. Considering
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Fig. 3—S–N diagrams at 20 kHz, 1000 �C, and R = � 1: data from Bridgman materials only (a); data from AM1 and MCNG elaborated with
different processes (b) (Color figure online).
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the important volume of information, it has been
decided to divide the data into two S–N diagrams. The
first one, shown in Figure 3(a), considers only the SX
and DS alloys that have been elaborated by the
Bridgman process. The second one, shown in
Figure 3(b), plots the SX that have been elaborated
with different processes (Bridgman, LMC, and HIP),
i.e., MCNG and AM1 materials. For each diagram, the
alternating stress ra (Dr/2) is plotted as a function of the
number of cycles until failure Nf. Different colors have
been used to identify each material and different symbol
shapes have been used to account for the nature of the
crack initiation site.

According to Figure 3(a), no relevant difference in
VHCF lifetimes under these conditions is observed
between SX and DS alloys, except for LMC- and
HIP-processed materials [see Figure 3(b)]. VHCF life is
similar between all Bridgman cast alloys, whereas AM1
LMC and HIPped AM1 as well as HIPped MCNG
show increased fatigue life by a factor 10 and 20,
respectively.

When casting pores are present, crack initiation
always occurs from a single and internal pore in the
lifetime range of 106 to 109 cycles [see rectangles in
Figure 3(a)]. These results are in agreement with previ-
ous results from the authors using the same experimen-
tal conditions on CMSX-4 material.[9] In the specific
case of MAR-M200+Hf and DS200+Hf alloys, small
cracked carbides are present inside casting pores serving
as crack initiation sites. Dimension ranges of casting
pores that acted as crack initiation site can be found in
Table I. Pore dimension ranges are similar in Bridgman
SX and DS alloys [see example of pore in Figure 4(a)].
In AM1 LMC, however, crack initiation pores have a
smaller size [see Table I and example in Figure 4(b)].
When no porosity is present, initiation comes from
internal sites thought to be remaining eutectics in the
lifetime range of 106 to 109 cycles. Figure 4(c) shows an
example of this type of crack initiation site, which is
difficult to analyze due to surface roughness in compar-
ison with observations from past literature at 593 �C
and 20 Hz.[34] This rough area, also visible in
Figure 4(a) and less obviously in Figure 4(b), could be
assimilated to the fine granular area (FGA, also called

optical dark area) observed during VHCF tests at
R = � 1 that exceed 107 cycles on high-strength
steels[35,36] and a titanium alloy.[37] In polycrystalline
alloys, the FGA is generally defined by a rough area
with a grain refinement. In this study, a rough area
around the internal crack initiation site has been
observed for all SX and DS alloys between 107 and
~ 109 cycles. The characterization of the assimilated
FGA and her formation is not the aim of this paper, and
will be presented in a forthcoming paper.
When failure exceeds 109 cycles, casting pores do not

act anymore as concentration sites and crack initiation
switches to other metallurgical defects [see Figure 3(a)].
Initiation from a eutectic has been observed in CMSX-4,
AM1, and CMSX-4 plus specimens. For MAR200+Hf
alloy, no transition from pores to another defect has
been noticed, whereas DS200+Hf initiated in one case
from a cluster of carbides. When failure occurs after 109

cycles in the DS200+Hf alloy (26 hours of test), rupture
comes from a crack that propagated in mode I from the
oxide layer and intercepted a grain boundary. This type
of crack initiation from the oxide layer has also been
observed in AM1 HIP [see Figures 5(a) and (b)] and
MCNG HIP for longer tests (at least 70 and 41 hours,
respectively). Longitudinal cut has been realized on
AM1 HIP specimen that has been tested at
ra = 178 MPa and failed after 41 hours of test. Several
mode I cracks that have propagated from the oxide layer
(~ 10 lm depth) are observed with a length that can
approach 120 lm [see Figures 5(b) and (c)]. At a
blunted crack tip due to oxidation, a newly formed very
small crack propagating in the matrix can be observed
[see Figures 5(c) and (d)]. This very short crack is also
characterized by the presence of slip bands ahead of the
crack tip [see arrows in Figure 5(d)], indicating that a
highly localized deformation is happening.
Previous work have shown that in CMSX-4 alloy,

initiation occurs at internal defects for VHCF lives up to
109 cycles, whereas mode I cracks whose propagation is
assisted by oxidation with a length similar to pore size
are present.[9] At long lifetimes, a competition appears
between internal and surface initiations. Pre-exposed
CMSX-4 specimens were used to exacerbate the impact
of oxidation and accelerate mode I crack initiation from

(a) (c)

50 µm

(b)

Fig. 4—Main crack initiation sites in: AM1 Bridgman (pore) tested at ra = 178 MPa and failed at Nf = 2.04 9 108 cycles (a); AM1 LMC
(pore) tested at ra = 240 MPa and failed at Nf = 7.9 9 107 cycles (b); and AM1 HIP (eutectic) tested at ra = 255 MPa and failed at
Nf = 1.3 9 108 (c).
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the surface. Results from pre-oxidized CMSX-4 speci-
mens are shown in Table III. The oxide layer depth and
the maximal length of cracks starting from the surface
have been measured on longitudinal cuts done on each
specimen after testing.

100 Hours of pre-exposition have not been sufficient
to switch from an internal to a surface crack initiation
mode. Initiation on each pre-oxidized specimen comes
from a large casting pore, explaining the reduced VHCF
lifetimes in comparison with the reference specimen that
initiated from a eutectic.

Surprisingly, the oxide layer depth and oxidation
cracks lengths are smaller than in the reference speci-
men. The number of cracks observed that have initiated
from the surface are also lower in the pre-oxidized
specimens. These observations will be further discussed
in the Section IV.

Considering the final rupture and crack propagation
modes, all tested alloys propagate in a crystallographic
mode [see example of CMSX-4 plus and
MAR-M200+Hf in Figures 6(a) and (b)] as it was
already observed using SX alloys at 20 kHz at 593 and
1000 �C.[6,7,9] Two exceptions have been noticed. The
first one is obtained for specimens developing crack
initiation from the oxide layer [see right triangles on
Figures 3(a) and (b)]. Both rupture modes (mode I and
crystallographic) are observed in that case on the failure
surfaces, as it is presented in Figure 5(a) on AM1 HIP.

The second exception appears in MAR-M200+Hf
and its DS version for fatigue lives in excess of 108

cycles. Figure 6(c) shows that at the beginning of the
propagation phase, the principal crack follows crystal-
lographic plans before switching to mode I when the
crack reach the surface.

B. VHCF Lifetime at R = 0.8 and Rupture Mode

Figure 7 presents lifetimes for CMSX-4, CMSX-4
plus, and DS200+Hf alloys tested at R = 0.8, 1000 �C,
and 20 kHz. The maximum stress rmax is plotted as a
function of the number of cycles until failure Nf.
At R = 0.8, CMSX-4 plus has increased lifetimes

in comparison to CMSX-4 and DS200+Hf. With
the addition of a high mean stress, the cause of
failure originates from creep damage for all mate-
rials tested. In CMSX-4 and CMSX-4 plus speci-
mens, fracture surfaces are similar with several
pores that have micro-propagated in mode I,[9]

typical of creep damage [see Figures 8(a) and (b)].
Final failure is caused by a principal crack that
propagates following octahedral plans from these
mode I micro-cracks.
In DS200+Hf, which has the lowest VHCF life under

R = 0.8, micro-cracks nucleate from cluster of cracked
carbides [see Figures 8(c) and (d)]. Less frequently, some
micro-cracked pores are also visible.

(d)(c)

(b)(a)

1 mm

1 µm

10 µm

1 µm

Fig. 5—Rupture surface of AM1 HIP specimen tested at ra = 190 MPa and failed at Nf = 5.3 9 109 cycles (a). Longitudinal section of AM1
HIP specimen shown in (a); propagation of mode I crack from the oxide layer (b); magnification of the crack tip (BSE mode) (c); observation of
slip bands at the crack tip (BSE mode) (d).
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IV. DISCUSSION

Results of the previous section show that, depending
on the dominant crack initiation and first stages of
propagation mechanisms (pure fatigue, creep, and
oxidation), Ni-based SX/DS superalloys do not have
the same behavior or fatigue lifetimes. The first part of
the Section IV will be focused on the impact of the

casting process and prior heat treatments on the
lifetimes during pure fatigue. These sections consider
the pore size dependence and the impact of other
microstructural features. Then, oxidation damage dur-
ing gigacycle fatigue regime will be discussed. Finally,
the consequences of creep damage in VHCF lifetime are
presented.

A. Pore Size Dependence at R = � 1

Results presented in Section III–A have shown the
predominant role of the solidification process on the
VHCF lifetime at R = � 1, 20 kHz and temperature
of 1000 �C. In the lifetime range of 106 to 109 cycles
and for all SX and DS alloys tested (except HIP ones),
fatal cracks initiate from a casting pore. This is in
agreement with VHCF results obtained at room
temperature on SX[38] and DS alloys.[39] It appears
that the smaller the pore size is, the higher the VHCF
life [see Figure 3(b) focused on AM1 and MCNG
alloys], which is in agreement with previous studies
done in the LCF[18,20,21] and HCF[18,19] regimes when
environment has (almost) no impact. Since the casting
pore size in the specimen volume (and more specifi-
cally, the tail of the pore size distribution toward larger
sizes) is directly connected to the solidification pro-
cess,[22] then the LMC solidification process shows a
high improvement in the VHCF life in comparison to
the Bridgman one.

Table III. VHCF Results on CMSX-4 Pre-oxidized Specimens Tested at ra = 160 MPa

Exposure at
1000 �C (h)

Oxide Layer
Depth (lm)

Maximal Depth of
Surface Cracks (lm)

Number of Cycles
Until Failure

Initiation
Site

Pore
Size
(lm)

Distance of Crack Initiation
Site from Surface (lm)

0 5 to 15 80 2.54 9 109 eutectic X 190 to 330
15 5 X 1.40 9 109 pore 84 140
50 3 X 1.72 9 109 pore 97 980
100 5 X 1.15 9 109 pore 116 230

(a) (b) (c)

1 mm

Fig. 6—Fractographic observations showing crystallographic rupture surface of CMSX-4 plus specimen tested at ra = 180 MPa and failed at
Nf = 1.72 9 108 cycles (a); crystallographic rupture surface of MAR-M200+Hf specimen tested at ra = 190 MPa and failed at Nf = 6 9 107

cycles (b); crystallographic+mode I rupture for MAR-M200+Hf specimen tested at ra = 180 MPa and failed at Nf = 3.5 9 108 cycles (c).
Note that the first steps of crack propagation in (c) are in the crystallographic mode, and then switch to mode I.
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When porosity is closed by the addition, before and/
or in the meantime of solutionning, of a HIP treatment,
VHCF lifetime is highly improved, at least by a factor of
ten [see Figure 3(b)]. These observations were already
done in the VHCF regime at ambient temperature[39]

and the LCF regime at 750 �C, where it is thought that
HIP treatment reduces plastic deformation.[40] Then,
other metallurgical defects act as stress concentration
sites and will be presented in the next section.

When environment has no strong impact, it is possible
to predict VHCF life at R = � 1 using a crack
initiation model.[9,21] This model adapts the fatigue
indicator parameter (FIP)[41] that considered the stress
intensity factor close to the crack initiation site:

FIP ¼
lDr

E
1þ k

DK

DKthreshold

� �

: ½1�

In Eq. [1], l is the Schmid factor equal to 0.408 for
octahedral slip with an applied stress along the [001]
direction. Dr is the applied positive stress range and E
the Young’s modulus. Parameter k is taken equal to 1,
and DKthreshold is taken equal to 10 MPa m0.5, which is
the threshold stress intensity factor of AM1 at 950 �C in
air for long crack propagation.[42] The initial stress
intensity factor KI around the critical pore is calculated
with the following equation:

KI ¼ Yr

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi

p

ffiffiffiffiffiffiffiffiffiffiffiffiffi

Adefect

p

q

: ½2�

Y is equal to 0.5 for internal and to 0.65 for
sub-surface initiations.[43] r is the applied positive stress
and Adefect the area of the pore measured on the fracture
surface from the equivalent diameter method.[21] The
FIP has been calculated for all tested materials and for
each specimen exhibiting a single internal crack initia-
tion from a pore. The Young’s modulus and the highest
Schmid factor used to calculate the FIP take into
consideration the primary misorientation of each spec-
imen. At 1000 �C, the Young’s modulus has been
considered equal for all SX and DS alloys
investigated.[28-33]

Figure 9 presents the FIP calculated as a function of
the number of cycles until failure. LCF results from
Steuer et al. study on AM1 (Bridgman and LMC) at
750 �C[21] have been added in the graph, as well as
VHCF results from Nie et al. on the DS DZ4 alloy at
room temperature.[39] This diagram shows that the FIP
values fall onto one single power-law master curve
whatever the alloy, temperature, and fatigue regime (i.e.,
LCF vs VHCF). This power–law relationship is
described in Eq. [3]:

Nf ¼ 7:12� 10�10 ðFIPÞ�5:67
: ½3�

100 µm

100 µm

1 mm

(a) (b)

(c) (d)

Fig. 8—Rupture surface of CMSX-4 plus specimen tested at R = 0.8, rmax = 530 MPa, and failed at Nf = 1.1 9 109 cycles (a); magnification
of mode I micro-propagation around pores (b); rupture surface of DS200+Hf specimen tested at R = 0.8, rmax = 670 MPa, and failed at
Nf = 7.9 9 107 cycles (c); magnification of the principal initiation site, constituted of a cluster of carbides (BSE mode) (d).
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Lifetime estimations using this approach show good
results as 58 pct of the model estimations is within a
factor of two scatter band and 85 pct of the results within
a factor of three scatter band. These results on all SX and
DS alloys tested (except HIP ones) demonstrate another
time that, provided that the temperature dependence of
the Young’smodulus is taken into account as in Figure 9,
the pore size is the dominant factor controlling lifetime
between 106 and 109 cycles. In such conditions, chemical
composition or presence of other metallurgical defects
have a secondary influence of the fatigue life. Crack
initiation (and life) under these fatigue conditions are
mainly dependent on the local stress concentration close
to the pores and hence, mainly process dependent.[19,20]

B. Impact of Defect Nature at R = � 1

Both eutectics and carbides are defects that do not
present a prominent role on the VHCF life in compar-
ison with pores. Area fraction of eutectics and presence
of carbides have not significantly impacted the VHCF
lifetime between 106 and 109 cycles. In addition, it
appears that their presence and volume fraction hardly
impact the nature and localization of the crack initiation
sites in this lifetime range.

It is even more obvious when MAR-M200+Hf and
DS200+Hf alloys are considered. Both alloys present
crack initiation from pores full of small cracked carbides
at 20 kHz, 1000 �C, and R = � 1, similar to studies
done on René N5 in the LCF regime at 538 �C[20] and
PWA1484 in the HCF regime at 800 �C.[19] However,
MAR-M200+Hf is a SX alloy containing much more
carbides than these two alloys. At 650 �C in the LCF
regime, crack initiation mainly originates from internal
clusters of carbides that can reach a size of up to
200 lm.[23] At 900 �C, cracks initiate from sub-surface
carbides. Indeed, elevated temperature is sufficient to
crack carbides in 5 minutes[44] which then become
preferential sites for initiating oxidation-assisted dam-
age. In this study, ultrasonic tests require a 40 minutes

stabilization at 1000 �C before initiating the mechanical
solicitation.[9] Then, surface-cracked carbides are
expected right from the beginning of the test. Neverthe-
less, it seems that pores are still more detrimental in
terms of crack initiation and have a higher stress
concentration potential in this configuration.
When fatigue life exceeds 109 cycles, pores are no

more the main crack initiation sites. Other metallurgical
defects such as eutectics and carbides then might become
critical for all SX and DS alloys investigated, leading to
a ‘‘FGA’’ crack initiation process as observed in
Figure 4(c). These observations are also true for HIPped
materials in which pores have been closed. According to
past studies, carbides could also be preferential crack
initiation sites in HCF[5] and VHCF regimes[6,7] even if
crack initiation from eutectics is possible.[5,45] In our
study, HIPped materials do not contain carbides, and
then eutectics become the preferential sites.
Moreover, at elevated number of cycles, it seems that

crack initiation mechanisms are promoted by the
precipitation of intermetallic particles. Figures 10(a)
and (b) show SEM observations in BSE observing
mode done on a CMSX-4 fracture surface specimen
failed at 2.5 9 109 cycles from a eutectic.[9] In the rough
area, small bright particles can be observed and are
thought to be TCP phases according to previous
articles.[46,47] After careful polishing of the fracture
surface, particles are found lying along slip bands [see
Figures 10(c) and (d)]. Similar observations have
already been done after thermal–mechanical fatigue of
CMSX-4 by Moverare et al.,[48] who observed precip-
itation of l-phase, rich in W, Ta, and Re, in bands of
localized deformation, or after pre-straining at room
temperature of CMSX-4 specimens in compression and
subsequent annealing at 950 �C.[49]

The precipitation kinetics and nature of TCP particles
strongly depend on the chemical composition of the
alloy,[50] and also on the local chemical composition.
Indeed, Kontis et al. have recently shown segregations
of chromium and cobalt at dislocations in two super-
alloys submitted to different mechanical and thermal
tests.[51] They argue that a high dislocation density could
partially or completely dissolve c¢ precipitates. In our
case, it is suspected that the formation of slip bands in
the rough area could locally modify the chemical
composition of the alloy, and then promote the precip-
itation of TCP phases due to such preferential segrega-
tion of chromium and other elements. Hence, VHCF
lives superior to 109 cycles might be dependent on the
chemical composition of the alloy and on the
microstructural features other than pores, increasing
fatigue variability.[25,34] However, the nature of these
particles need to be checked by EDS and EBSD
measurements to know if they are TCP phases. More-
over, crack initiation mechanisms and the rough area
formation during VHCF tests need to be clarified. Both
aspects will be studied in-depth in a forthcoming paper.

C. Impact of Oxidation at R = � 1

Crack initiation from the surface has not been
observed for all SX and DS alloys failed between 106
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Fig. 9—FIP parameter is plotted as a function of the number of
cycles until failure. Results from the literature have been added[21,39]

(Color figure online).
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and 109 cycles. Oxidation processes, which are mainly
time dependent,[52] have no significant impact before 109

cycles (i.e., 14 hours of thermal exposure) in the
conditions studied in the VHCF regime. When 14 hours
of exposure are exceeded, transition from internal to
surface crack initiation has been observed firstly on a
DS200+Hf specimen which is well known for its poor
oxidation resistance[14,53] (see Figures 11(a) and 6(c),
where several cracks initiated from the surface are
visible).

For longer times of exposure, failures caused by mode
I cracks propagating from the surface have been
observed in HIPped materials (MCNG and AM1, see
Figure 5). It seems that a stress concentration compe-
tition between internal metallurgical inclusions and
mode I cracks from the oxide layer appears during long
duration tests. At that level of alternating stress, internal
defects have a too low stress concentration to allow
faster crack initiation compared to the crack initiation
and first stages of propagation from the oxide layer.
When these cracks are long enough, they become stress
concentration sites and localized deformation at the
crack tip in the form of slips bands happens [see
Figure 5(d)]. These changes are firstly seen on HIPped
materials that do not contain large stress concentration
sites as pores. The rate at which mode I cracks
propagate as well as the nature of the oxide scale and
oxidation kinetics should have an important influence
on this transition.

Pre-oxidized CMSX-4 specimens were then used to
investigate the competition between stress concentration
around defects and the propagation of cracks from the
oxide layer. Previous literature[54] have shown that a
thermal pre-exposure at 982 �C during 100 hours on a
DS superalloy reduces considerably the LCF lifetimes
due to oxide spallation and change of damage initiation
sites from the specimen bulk to the surface. In the
VHCF regime and in the conditions studied, it appears
that 100 hours of pre-oxidation at 1000 �C is not
sufficient to affect VHCF lifetimes and to induce a
change from internal to surface crack initiation. More-
over, oxidation damage is less pronounced (number of
crack from the surface and oxide layer depth) on
pre-oxidized specimens. Figures 11(b) and (c) compare
the gage length of reference and pre-exposed (100 hours)
specimens after test. In both cases, internal fatal crack
initiation is obtained but it is noticed that the pre-ex-
posed specimen presents less cracks at the surface
compared to the reference one. It seems that static
oxidation (i.e., thermal pre-exposition at 1000 �C during
100 hours) has formed a non-porous and adherent oxide
layer of Al2O3

[55,56] that is more difficult to crack. Oxide
layer in the reference specimen is formed in the
meantime of the VHCF solicitation. It is possible that
the alternating stress affects the formation of a dense
oxide scale, inducing easier oxide spallation and crack
initiation from the oxide layer. More tests at lower
stresses (ra = 145 to 150 MPa) should be done in order

100 µm 10 µm

10 µm 1 µm

FGA

(a)

(c)

(b)

(d)

Fig. 10—FGA in fracture surface of a CMSX-4 specimen tested at ra = 160 MPa and failed at Nf = 2.54 9 109 cycles from a eutectic. Note
that the specimen has been oriented to have a flat fracture surface (a); magnification of the rough area (FGA) (b); magnification of the rough
area after polishing of the fracture surface (c); magnification of the precipitation of intermetallic particles on slip bands (d). Note that all pictures
are in BSE mode.
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to exacerbate oxidation damage and enable to observe
different rupture modes. Thermal pre-exposition on SX
alloys that do not form adherent oxide scales (i.e.,
MAR-M200+Hf,[57] RR3000[56]) could also help to
observe the competition between internal and surface
initiations.

Finally, oxidizing environment also affects crack
propagation path. The impact has been noticed on
specimens that developed cracks from the surface (HIP
AM1 and MCNG) and on alloys that are very sensitive
to oxidation (MAR-M200+Hf and DS200+Hf). In
both cases, their mixed modes fracture surfaces [crys-
tallographic and mode I, see Figures 5(a) and 6(c)] are
contrasting with the highly crystallographic fracture
surfaces [see Figure 6(a)] commonly observed at 20 kHz
on Ni-based SX superalloys.[6,7,9] For SX alloys that
develop crack initiation from the surface, Figure 5(d)
illustrates well the rupture mechanisms that are acti-
vated. When the final failure occurs after such duration
test (~ 70 hours), mode I cracks are well developed all
around the specimen section. Macroscopic crack follows
then crystallographic plans, where a crack tip has
localized deformation, but is also deviated by several

mode I oxidized cracks. In the case of high oxidation
sensitive SX alloys, oxidized mode I cracks also affect
final crack path even when crack initiation comes from
an internal defect.

D. Impact of Creep Damage at R = 0.8

Contrary to what is found at R = � 1, results at
R = 0.8 show different VHCF lifetimes for a same
casting process. Previous work from the authors have
shown the prominent role of creep damage on the
VHCF lifetime, and then a microstructural sensitivity of
the VHCF life when a positive mean stress is superim-
posed. An impact of the chemical composition was also
expected, which is confirmed in Figure 7.
CMSX-4 plus alloy has been developed to improve

creep properties over CMSX-4 and first-generation
Ni-based SX alloys.[16] Figure 7 shows that CMSX-4
plus has better VHCF life for the same conditions in
comparison with CMSX-4 and DS200+Hf. Conversely,
DS200+Hf alloy has the lowest VHCF durability due
to two main reasons. Firstly, it is known that SX alloys
have better creep properties than DS alloys with the
same chemical composition.[22] Moreover, the SX ver-
sion MAR-M200+Hf is a first-generation Ni-based SX
superalloy without rhenium (Re, see Table II) which is
an element known to improve creep properties by
retarding c¢ rafting and strengthening the matrix.[58,59]

Creep damage in the fracture surfaces of VHCF
specimens is characterized by the occurrence of mode I
cracks that have initiated and propagated from pores for
all materials tested. For DS200+Hf alloy, mode I
cracks have also initiated from internal clusters of
carbides [see Figure 8(b)] and at the sub-surface of the
specimens. It is interesting to note that with the addition
of a high mean stress, carbides play a role on the failure
mechanisms, as it is usually found during LCF and
creep tests at high temperature.[23] Bathias and Paris[25]

had already noted the prominent role of pores at R
ratios close to � 1 that could hide the role of inclusions.
When R ratios is close to 1, inclusions then become the
main VHCF life-controlling parameters.
Finally, if creep is considered as the main damage

mechanism involved during VHCF at R = 0.8 and

500 µm

(a)

100 µm

500 µm50 µm 500 µm20 µm

(b) (c)

Fig. 11—Cracks initiating from the surface on the gage length of specimens: DS200+Hf alloy tested at ra = 145 MPa and failed at
Nf = 1.88 9 109 cycles. Carbides highlighted in white are visible between crack lips (BSE mode) (a); CMSX-4 tested at ra = 160 MPa and
failed at Nf = 2.54 9 109 cycles (b); pre-oxidized CMSX-4 at 1000 �C during 100 h, tested at ra = 160 MPa and failed at Nf = 1.15 9 109

cycles (c). One has to notice that the magnifications have not the same scale.
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1000 �C, VHCF lifetimes are more related to a time to
rupture than to a number of cycles to failure. Figure 12
points out the time dependence of VHCF lifetimes at
R = 0.8 due to creep damage. In this plot, VHCF
lifetimes of CMSX-4 and CMSX-4 plus are compared
with predicted lifetimes computed from time to rupture
creep laws. Using a Rabotnov–Kachanov law, time to
rupture has been determined according to Eq. [4]:

tr ¼
1

rþ 1

r0

A0

� ��r

; ½4�

where tr is the time to rupture in hours and r0 the mean
stress (rm) applied during the VHCF test. A0 and r are
material constants characterized at 1000 �C by Safran
Helicopter Engines for CMSX-4, and Safran Tech for
CMSX-4 plus.

Figure 12 shows that for a number of cycles close to
109 cycles (14 hours), a time to rupture creep law
enables to predict VHCF lifetime at R = 0.8 and
1000 �C with quite a good precision (predictions within
a factor 1.3). However, at higher mean stresses (duration
tests< 30 minutes), VHCF lifetime predictions are
over-estimated in both materials. Indeed, materials
constant (A0 and r) of the Rabotnov–Kachanov law
are not characterized for so short-duration tests and
high stresses. Three isothermal creep tests at 1000 �C
have been performed at the mean stress of short VHCF
duration tests to compare lifetimes with VHCF tests and
predicted results. Times to failure, represented by
crosses in Figure 12, are in agreement with short-dura-
tion VHCF tests. Hence, VHCF lifetimes at such high
mean stresses cannot be predicted in a satisfying way
from a Rabotnov–Kachanov law (Eq. [4]) whose mate-
rials parameters (r and A0) have been identified from a
set of creep tests performed at low applied stresses, even
if creep is the main damage. A change in the creep life
sensitivity to the applied stress probably exists at high
applied stresses, resulting from, e.g., a change in
rate-controlling deformation mechanisms, as suggested
recently in the case of creep properties of AD730 alloy at
700 �C.[60]

V. CONCLUSIONS

VHCF properties at high temperature (1000 �C) of
Ni-based SX and DS superalloys have been investigated
using an ultrasonic fatigue machine (20 kHz). The roles
of the pore size, presence of microstructural features
(eutectics, carbides), and oxidation on the VHCF
lifetime and failure modes have been studied under fully
reversed conditions. By adding a high mean stress
(R = 0.8), the impact of the creep behavior of three
alloys (two SX and one DS alloys) has been investigated.
From this work, the main conclusions are:

– Casting pore size is the main factor controlling
VHCF lifetime at R = � 1, 20 kHz, and 1000 �C,
whatever the volume fraction of others defects.
Reduction of pore size or porosity closure by HIP
treatment can increase up to a factor 20 VHCF

lifetimes. The elaboration processes (solidification
and prior HIP treatment) have then a prominent
contribution to the VHCF life compared to the
chemical composition. In these conditions, VHCF
lifetimes can be estimated for all SX/DS alloys using
a crack initiation model that uses the pore size.

– For lifetimes approaching 109 cycles or when poros-
ity is absent, nature of the initiation site switches to
other microstructural features (in this study, eutec-
tics). The formation of intermetallic particles along
slip bands, thought to be TCP phases, has been
observed around the internal crack initiation site and
need complementary characterizations to conclude
on their impact on crack initiation mechanisms. This
will be discussed in a forthcoming paper that will be
focused on crack initiation mechanisms and the
formation of the rough area (assimilated to the FGA
observed during VHCF tests on high-strength steels)
around the main crack initiation site.

– At longer duration tests, oxidation damage affects
the crack initiation stage by concentrating stress at
mode I cracks tips. Transition from internal to
surface initiation site depends on the ability of each
SX alloy to form a continuous and adherent oxide
scale.

– When creep damage is the factor controlling lifetime
(R ‡ 0.8), SX alloys developed to have better creep
properties have the best VHCF lifetimes. In this case,
VHCF lifetimes can be estimated using a time to
rupture creep law specifically identified for each SX
alloy.
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